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Um die Komplexitit und Multifunktionalitit von Halbleiterbauelementen weiterentwickeln zu
konnen, lag das Augenmerk auch im vergangenen Jahrzehnt auf einer fortschreitenden
Miniaturisierung der zugrunde liegenden Strukturen. Die Realisierung von Bauelementen im
Mikro-, Submikro- und Nanobereich erfordert eine Dickenreduzierung der eingesetzten diinnen
Filme, wobei Grofieneffekte bei solchen Systemen an Bedeutung gewinnen. Fiir die Entwicklung
und Integration geeigneter und zuverlassiger diinner Schichten ist ein umfassendes Verstiandnis
der Materialeigenschaften notwendig. Diese hidngen von unterschiedlichen Faktoren wie
Abscheidebedingungen, Filmdicke und Temperaturbehandlungsprozessen ab. Die Existenz von
Grofdeneffekten aufgrund von reduzierten Schichtdicken und geometrischen Beschrankungen
sowie deren Auswirkung auf das plastische Verformungsverhalten macht eine grundlegende

Erforschung dieser Effekte erforderlich.

Eine wesentliche Voraussetzung fiir die Untersuchung der mechanischen Eigenschaften in
diinnen  Schichten ist eine geeignete Messanordnung zur Bestimmung der
temperaturabhidngigen mechanischen Filmspannungen. Im Rahmen dieser Arbeit wurde deshalb
ein modernes und innovatives Messgerat zur Filmspannungsmessung entwickelt. Ein Multi-
Laser-System zur Erfassung der Substratkrimmung wurde mit einer
Temperaturbehandlungskammer  kombiniert, in der schnelle und kontrollierte
Temperaturdnderungen auf der untersuchten Probe ermoglicht wurden. Damit konnte die
Entwicklung der mechanischen Spannungen in metallischen Diinnschichtsystemen als Funktion

von Temperatur und Zeit bestimmt werden.

In dieser Doktorarbeit wurde das mechanische und thermo-mechanische Verhalten von elektro-
chemisch abgeschiedenen Kupferschichten erforscht, wobei die Schwerpunkte auf den Aspekten
Mikrostruktur, Filmdicke und Temperaturbehandlung lagen. Die Verdnderungen der
mechanischen Spannungen bei Schichtdicken von 1,5um bis 20pm wurden mit Hilfe der
Messung der Substratkrimmung systematisch untersucht. Die Kupferschichten zeigten nach der
elektro-chemischen Abscheidung und Lagerung bei Zimmertemperatur ein auffilliges ,self-
annealing” Verhalten. Dabei wurden signifikante Anderungen der Mikrostruktur und des
elektrischen Schichtwiderstands beobachtet. Zum ersten Mal konnten eindeutig verschiedene
Tendenzen bei diinnen und dicken Kupferschichten hinsichtlich der mechanischen
Spannungsentwicklung nachgewiesen werden. Dieser Grofleneffekt im Verhalten der
mechanischen Spannungen konnte durch die konkurrierenden Mechanismen von
Kornwachstum und Versetzungsplastizitat erklart werden. Die experimentellen Messwerte und

die im Rahmen dieser Arbeit entwickelten analytischen Modelle wiesen dabei eine gute



Kurzfassung

Ubereinstimmung auf. Des Weiteren wurden die thermisch induzierten Spannungsanderungen
in elektro-chemisch abgeschiedenen Kupferschichten im Temperaturbereich zwischen
Raumtemperatur und 600°C untersucht. Die nach den Temperaturzyklen auf verschiedene
Anlasstemperaturen gemessenen Spannungswerte konnen nicht mit der erwarteten klassischen
Hall-Petch-Beziehung beschrieben werden. Kornwachstum, Versetzungsplastizitit oder sogar
Diffusionskriechen beeinflussen abwechselnd die Entwicklung der mechanischen Spannung
wahrend des Temperprozesses, was dazu fithrt, dass die Hall-Petch-Beziehung aufier Kraft

gesetzt wird.
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Over the past decade, there has been a great deal of motivation to produce semiconductor devices
in a smaller scale in order to accomplish the enhanced complexity in multi-functions. The
fabrication of devices in the micro, sub-micron or even nanometre scale requires manufacturers to
reduce the thickness of thin films, which raises the issue of the size effect of thin films. The successful
development of a thin film system relies on a thorough understanding of the material’s properties.
The quality and mechanical response of thin films depends on many factors, such as deposition
conditions, thermal treatment, and film thickness. The existence of size effects in thin films due to
film thickness and geometrical constraints, particularly on plasticity, leads to the necessity of

exploring the fundamentals of thin films.

A prerequisite for the study of the mechanical properties of thin films is an appropriate
measurement setup that is capable of accurately acquiring the film stress data. Therefore an
innovated and advanced apparatus which integrates a multiple laser beam technique with a rapid
thermal processing (RTP) chamber has been developed in this work and established in order to

characterise the stress evolution of metal thin films.

In this work, mechanical and thermo-mechanical behaviours of electroplated copper films are
studied, with an emphasis on the aspects of microstructure, film thickness, and annealing
temperature. The stress evolution of electroplated copper films with the thickness range of 1.5um
to 20um was systematically investigated by wafer curvature measurements. Copper thin films, after
electroplating deposition and aging at room temperature, show a noticeable self-annealing
phenomenon. Microstructure and sheet resistance changes were also observed. A clear disparate
tendency of stress evolution in thin and thick copper films was observed for the first time. This
strong size effect of stress evolution can be explained by competing mechanisms between grain
growth and dislocation plasticity. Furthermore, the results of the analytical modelling also show
good agreement with the experimental data. In addition, the thermal stress evolution in
electroplated Cu films was investigated from room temperature up to 600°C. However, the residual
stresses, after thermal cycles up to different annealing temperatures, do not follow the classical
Hall-Petch law as expected. Grain growth, dislocation plasticity, or even diffusional creep
alternatively control the stress evolution during the thermal annealing process and thus induce the

breakdown of the Hall-Petch law of residual stress.
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Chapter 1 — Introduction

1 Introduction

Nowadays, a variety of electronic and information technologies have become essential parts of
modern daily life. All these technologies are based on integrated circuits (IC). The development
of integrated circuits over the past decades is one of the most amazing achievements in the
history of technology. Due to the application requirements of constantly reducing IC size and its
enhanced complexity, most materials used in advanced microelectronic devices are in the form
of thin films [1]. Most of components in devices are fabricated in the micro-scale from thin films
integrated together by using numerous techniques in semiconductor industry [2]. For instance,
smart power technology provides on-chip integration of power and logic devices, which leads to
a particular challenge in process integration. Metallisation, especially when involved in the

power devices, has a critical impact on the performance and reliability of the entire device.

Thin films are chosen in semiconductor industry primarily because of their unique electronic
and thermal properties. Mechanical characteristics of thin films, however, are indeed very
important because they are frequently subjected to large mechanical stresses during the

manufacturing processes, reliability tests and by the electronic end-uses.

In general, mechanical stress in thin films can be divided into two types: intrinsic and extrinsic
stresses [3-6]. Intrinsic stress is developed during film deposition and growth, or storage.
Extrinsic stress is induced by external processing effects, such as thermal annealing or pulsed
electrical cycling. Large mechanical stresses are unfavourable in semiconductor devices as they
cause material degradation, that is, voids, cracks or delaminations which may lead to the failure
of the final product. Thus, it is extremely important to fabricate robust thin films in devices
which can tolerate the large mechanical stresses. The achievement of gaining this fundamental
understanding will benefit industrial manufacturing and testing from paving the way forward
for the engineering design rules of semiconductor devices. For example, for power devices used
in automobiles, thicker metallisation can tolerate a larger power density. As a drawback, thicker
metallisation usually has a lower yield stress due to its coarse microstructure. This study helps
to determine the suitable film thickness and grain structure for the designed metallisation.
Regarding the electroplating itself, different electrolytes contain different organic and inorganic
components that involve different sorts of impurities, which play an important role in
determining the subsequent stress evolution. Therefore, it is vital to choose the proper
electrolyte for electroplating. Furthermore, during the thermal annealing process of thin films,
different annealing temperatures result in different microstructures which represent its

maximum bearable stress status. With the investigation of thermal annealing, the optimal
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annealing temperature can be advised for the post-processing after film deposition. Therefore,
understanding and controlling the mechanical properties of thin films is of paramount
importance to improving the reliability and lifetime of devices which is the ultimate target for

quality management.

In addition to these tremendous technological incentives, there is also a strong academic
motivation to study the mechanical properties of thin films, which are generally very different
from those of bulk materials. This phenomenon is usually referred to as the size effect and
reflects the scaling laws of physical properties [7-9]. Generally, the size effect can be attributed
to dimensional and microstructural constraints on dislocation activity in thin films [10, 11].
Dimensional constraints are imposed by the film surface and interfaces. It is important to
explore how the grain structure of metallic films, seen in cross-section view as well as from a top
view, evolves during both deposition and post-deposition processing. The issues raised here are
applicable to all polycrystalline metallic thin films, irrespective of application. However, our
major interest in grain microstructure stems largely from reliability concerns about
metallisation and metal films, and this is an important issue in microelectronics. These concerns
have created the incentive to study the contact and interconnect metal microstructure, both in

blanket films and in films confined to line, fill trenches and via holes.

Copper has frequently been used to replace aluminium for interconnect applications in
semiconductor devices. This is because it has higher electrical conductivity, increased electro-
migration resistance and better thermal conductivity [12-21]. Electroplating of copper has been
demonstrated to be one of the best methods both for high-performance logic devices using dual

damascene technology and for power devices using pattern plating technology [22-25].

The objective of the current work is to extend the fundamental understanding of the mechanical
mechanisms which control the elastic-plastic properties of thin metal films, particularly, in this
case, of Cu films. The preparation of blanket Cu samples has been specially established. A
prototype measurement setup has been developed to characterise the stress evolution of Cu
films. The stress has been measured at room temperature after the Cu film deposition and at
elevated temperatures during thermal cycles. The mechanical properties have then been
correlated with the microstructure of Cu films. Experimental results have also been compared

with existing theoretical models, and show a quantitatively good agreement.
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2 Fundamentals of material mechanics

In both front-end and back-end processes of the semiconductor industry, mechanical issues
always arise and subsequently reflect on reliability qualifications. The fabrication of a wafer that
contains thousands of chips is a typical example of a composite structure that undergoes thermal
loading. It is composed of different sorts of conducting and insulating layers and evolves non-
homogeneous thermal distributions. Because of the geometry of its construction, the material
composition, and the thermal expansion mismatch of different layers, stress is generated inside
the wafer/chip system while it is being manufactured, assembled in an electronic package and

then used. The complexity of a chip layer structure is shown in Figure 2.1.

Pd/Au
300nm/50nm

NiP
1-2pm

AlSiCu
Tpm

Figure 2.1: Cross-section of the SMART technology chip

The root cause of most failure modes of a package, either induced by thermal or electrical loads,
can be attributed to mechanical phenomena. Stress and strain are the most common parameters
used to describe the mechanical properties of materials. Unfortunately it is not a simple and
straightforward task to determine stress in a complex multiple layer system. Some compromise
solutions can only be derived for a very simple chip structure. Therefore, the finite element
method (FEM) has become one of the best alternatives for obtaining numerical results for stress
and strain. However, the successful execution of the FEM can be realized only when the material
properties of each material used in a chip system have been correctly obtained and a

fundamental understanding of material mechanics has been gained.

In this chapter, the fundamentals of material mechanics needed for mechanical analysis are
introduced. The chapter begins with an analysis of stress and strain, and follows with a

discussion of the relationship between them. The dislocation theory is then presented in Section
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2.2. Last but not least, the plasticity of metals will be emphasized by means of strengthening

mechanisms in metals.

2.1 Stress and strain relationship

The strength of a material is the key to its ability of withstanding an applied stress, which is the
relation between internal forces, deformation, and external loads. Applied external loads
generate internal stresses which cause deformations of the material. Mechanical properties of
metals usually refer to stress and strain. The plasticity theory and all of the models are based on

the formulation of the stress and strain relationship.

2.1.1  Stress and strain analysis

If a force is applied along the direction of elongation, this will induce a normal stress. Normal
stress can be categorised according to the direction of the applied force. If the applied force
reduces the length of the material in the direction of the applied force, it is compressive stress.
The forces pushing in opposite directions can create uniaxial compression which leads to
compressive stress of the material in the direction of the applied forces. Conversely, if the
applied forces have the effect of elongating the material along the axis of the applied forces by
pulling, this generates tensile stress in the material. By contrast, shear stress is caused by a pair
of opposing forces acting along two opposite surfaces of the material. The resultant shear stress

is generated by the faces of the material sliding relative to each other.
Uniaixial stress is expressed by the equation:
F
g = Z (2.1)
where F is the force acting on the cross-section area A.

Strain is a mathematical term, which is used to describe the deformation percentage. For
uniaxial loading, strain ¢ can be expressed as the displacement AL to the original length L of the

material.

£E=— (2.2)

In general, a force will not be uniformly distributed over any cross section of a body [26] as

illustrated in Figure 2.2.
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Figure 2.2: Resolution of total stress into its components [26]

Instead, it usually acts over an area with some arbitrary angle. Nevertheless, this total stress can
be split into two components as mentioned above: a normal stress; and a shear stress. The force
Fisinclined at an angle 8 with the normal z to the plane of the area A. Additionally, an additional
plane containing the normal z and F intersects the plane A that makes an angle @ with the y axis.
The normal stress can be calculated by the following formula:

_F
o= AcosH (2.3)

The shear stress in the plane A can be expressed as:

_F
T= Asme (2.4)

The shear stress can be further decomposed into components parallel to the x and y axes.

T, = %sinGsinQ) (2.5)

F .
T, = ZschosQ) (2.6)

In conclusion, a given plane has one normal stress and two shear stresses being applied to it.

We can further extend the stress analysis to a three-dimensional case [27]. The general
condition of the constraints of a cubic element is shown in Figure 2.3. For normal stress, only
one index is needed which identifies the direction of the stress. For shear stress, the first index
denotes the normal direction of the plane on which the stress is being applied and the second

index indicates the direction of the stress.
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Figure 2.3: Stress components on a cubic element [27]

The general three-dimensional state of stress consists of three unequal principal stresses. All the

components of the stress can be expressed as a second-rank tensor.

Oy Txy Txz 011 012 013
o = Tyx Oy Tyz| =021 022 023 (2.7)
Tyx sz Oy 031 032 033

The stress tensor is symmetric due to the fact that z,, = 7,,, Ty, = 7, and 7,, = 7,,.

Similarly to the stress analysis, the strain can also be divided into normal strain and shear strain.

As shown in Figure 2.4(a), the elongation of a cubic element per unit of length refers to normal
. AL . : :

strain g, = —. The angle change y due to the distortion of the cubic element can be represented

by shear straine,, =g, =y, as shown in Figure 2.4(b). Similarly to stress, strain is a

symmetric second order tensor which can be expressed as:

(2.8)

-

Figure 2.4: Representation of principal deformations of a cubic element [27]. The dotted lines show the
structure of the original shape before deformation. The grey areas refer to the deformed shape: a) normal
strain; b) shear strain.
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The strain tensor is also symmetric, because &y, = &, &;, = &, and &,,, = €,,. The strain-

displacement relations have six equations for three unknown displacement component

functions u, v, and w:

g =2t (2.9)
g = :—'y’ (2.10)
g, = ‘;—”Z” (2.11)
ey =3(242) -
&, =5 (2 z—vyv) (2.13)
tx =5 (5 +3) (2.14)

Our attention will be focused on thin films whose thicknesses are much less than their lateral
dimensions. There is no stress acting perpendicular to the surface of the thin film. Thus, the

stress system contains only two normal stresses, g, and o, , and a shear stress, 7,,, which are

xy
also called in-plane stresses. In the case of a thin film, the strain system can be also simplified
into two normal strains, &, and ¢, and one shear strain, ¢,,,. This thesis focuses particularly on a
thin film/substrate system. The films deposited on such substrates are much thinner than the
thickness of the substrates. Therefore, simple bending mechanics can be adopted to analyze the
mechanical properties of such thin film/substrate systems. If the thin film and substrate are
isotropic materials, and the external loading is uniform, the bending of the system will be biaxial,
which will result in biaxial normal stress and strain in the system: o, = 0, and &, = ¢,,. It must
also be noted that the thin film/substrate system is subjected to pure bending. This means that

the shear force is zero, and that no torsional or axial loading are present. All stress and strain

components which are related to the shear force will not be considered in this study.

2.1.2 Stress-strain curve

The stress-strain curve is the most important means of visually representing the relationship
between stress and strain [28]. Figure 2.5 shows a typical stress-strain curve measured by
pulling tensile testing. The stress value can be obtained by measuring the applied force and the
area of cross section. The strain value can be calculated based on the dimension deformation of

the material.
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Figure 2.5: An ideal uniaxial stress-strain curve showing elastic and plastic deformation regimes [28]

In Figure 2.5, the first linear region represents the elastic behaviour of a material. The material
can recover its initial shape after the loading has been removed. In terms of elasticity, the

relation between stress and strain is linear and can be described by the following equation:

o =Ee (2.15)

The slope E is commonly known as the elastic modulus or Young’s modulus. This relation is also
known as Hooke’s law. The elastic limit is the maximum stress which will not result in
permanent deformation. The stress at yield point is the yield stress for the material. Plasticity or
plastic deformation is the further region beyond the yield point. The plastic strain is not
recoverable even if the loading is removed. The plastic deformation or plasticity will be
described in more detail in section 2.3. The ultimate strength refers to the point on the stress-

strain curve corresponding to the stress that generates fracture.

Based on Hooke’s law, the stress-strain relation can be extended to the three dimensional case in
the Cartesian coordinate system for isotropic materials that have equal elastic properties in all
directions [29]. When a tensile stress in x direction o, for example, produces an extension &,
along the axis, it also produces a contraction, ¢, and ¢, , in the transverse y and z directions,
respectively. The transverse strain can be determined as a constant fraction of the strain in the

longitudinal direction. This is known as Poisson’s ratio, denoted by the symbol v.
£, = = (2.16)
(2.17)

If we consider a cubic element subjected to normal stresses o,, ay,

g, and shear stresses ,,,, 7,,,,
T, as in Figure 2.3, we can apply the principle of superposition to determine the strain
produced by more than one stress component. The stress components are directly proportional

to the strain components in accordance with the physics of elastic interaction as follows:
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E = %(O‘x —vo, — vaz) (2.18)
& = %(—vax +o, — vaz) (2.19)
& = %(—vax —vo, + O'Z) (2.20)

The shear stresses acting on the cubic element produce shear strain as below:

Tx
T (2.21)
Tyz
&y, = % (2.22)
€0 = TZ—G (2.23)

where G represents the shear modulus that is usually determined from a torsion test. However,

shear stresses are not the focus of this thesis.

Table 2.1 summarizes typical elastic properties of various isotropic materials [26, 30]. Young’s

modulus E, shear modulus G, and Poisson’s ration v are correlated by the equation:

=% = = (2.24)
Elastic modulus Shear Modulus Poisson’s ratio
Materials
E (GPa) G (GPa) v
Al 70 25 0.33
Cu 120 45 0.36
Ti 117 44.8 0.31
w 400 157 0.27
Fe 150 53 0.28
Al,0; 300 160 0.20
SiC 475 123 0.28
SizN4 310 123 0.28

Table 2-1: Typical elastic properties for isotropic materials at room temperature
In the case of plane stress (o, = 0), like that which occurs in a thin plate, the stress can be
calculated by the following equations:
O, = 1_157 (ex + vsy) (2.25)
oy = % (sy + vsx) (2.26)
Thus, in a thin film/substrate system, biaxial stress (o, = 0, and &, = ¢,) can be derived as

follows:

o=——¢g (2.27)
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This approach to calculating the stress resulting from elastic strain is usually applied in the
mechanical study of a thin film/substrate system. One must keep in mind that this calculation
involves several assumptions. Firstly, it is usually valid only in a thin film/substrate system
where the film thickness is much less than that of the substrate, and both the thicknesses of the
film and substrate are much less than their lateral dimensions. Secondly, materials must be in-
plane isotropic. Moreover, only small elastic strains accumulate in the system and therefore no

coupling between normal and shear stress occurs.

2.1.3  Yielding criteria for metals

It is crucial to define yielding criteria so that the failure of a material can be predicted. The factor
which causes a ductile material (e.g. metals) to yield is quite different from that which causes a
brittle material (e.g. ceramics) to yield. Since this thesis only focuses on the mechanical

behaviour of metals, this section will be mainly concerned with the yielding criteria for metals.

In uniaxial loading, for instance in a tensile pulling testing, plastic deformation starts at the point
of yield stress. In a complex three-dimensional stress state, it is expected that yielding will be
related to some particular combination of principal stresses. Unfortunately there is no
theoretical method available for calculating the stress components that correlate yielding for a
three dimensional state of stress (multiaxial loading) with one-dimensional yield stress (uniaxial
loading) from a tension test. The yielding criteria are empirical relationships. At present there
are two commonly used yielding criteria for predicting the onset of yielding in ductile metals:

the von Mises and the Tresca criteria [31].

The von Mises criterion assumes that yielding will occur when the second invariant J, of the

stress deviator exceeds a critical value k2.

], = k? (2.28)
where J, = l[(01 —03)? + (0, — 03)? + (05 — 07)?], and k is the yield stress in pure shear
6

=%
(k=)
Substituting /. in terms of the principal stresses gives us the von Mises criterion equation:

[(01 — 02)* + (02 — 63)* + (05 — 61)*] = 207 (2.29)

This equation defines the yield surface as a circular cylinder, as shown in Figure 2.6. The yield

curve with the deviator plane is a circle.

-10 -



Chapter 2 — Fundamentals of material mechanics

Tresca hexagon ' Von Mises ellipse

L1

Figure 2.6: Von Mises and Tresca criteria for plane stress condition [31]

In the case of plane stress (g3 = 0), the von Mises criterion becomes:

012 — 010, + 022 = 0}3 (2.30)

This equation represents an ellipse, as shown in Figure 2.6. Originally, the von Mises criterion
was proposed because of its mathematical simplicity. Nevertheless, some scientists have
attempted to give it physical interpretations. It was suggested by Hencky [32] that yielding
starts when the distortion energy reaches a critical value. By contrast, Nadai [33] claimed that

yielding begins when the octahedral shear stress reaches a critical value.

The second generally accepted criterion, the Tresca criterion, assumes that yielding occurs when

the maximum shear stress reaches the value of the shear stress in the uniaxial tension test.

__ 01703

Tmax = 5 (2:31)

where gy is the algebraically largest and o3 is the algebraically smallest principal stress.

For uniaxial tension, the shear yield stress is equal to %y Therefore, the Tresca criterion can be

given by:

0y — 03 =0y (2.32)

As shown in Figure 2.6, the Tresca’s yield surface is circumscribed by von Mises’ criterion.
Therefore, it predicts plastic yielding for stress states that are still elastic, according to the von
Mises criterion. As a model for plastic material behaviour, the Tresca criterion is therefore more
conservative. Moreover, the Tresca criterion does not take into account the intermediate
principal stress. It is necessary to know in advance which are the maximum and minimum

principal stresses.
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2.2 Dislocation

The dislocation theory plays an important role in the analysis of plastic deformation. Before
introducing the subject of plasticity mechanisms, it is necessary to gain some qualitative

understanding about dislocation.

2.2.1 Crystalline structure of metals

The atoms in metallic solids are spatially arranged in a regularly repeated order of a three-
dimensional pattern. In a crystalline structure, the atoms can be represented by points in space.
The pattern around which the points are arranged is called a lattice. The periodic pattern of a
crystal lattice can be described by its smallest crystal unit which is known as a unit cell. The unit

cells stacked in three-dimensional space show the atomic arrangement of metals.

Figure 2.7: Unit cells of: a) FCC; b) BCC; c) HCP lattices [34]

There are three common lattice types: face-centered-cubic (FCC); body-centered-cubic (BCC);
and hexagonal closed-packed (HCP) lattices [34]. Many of the common metals have either a BCC
or an FCC crystal structure. The unit cell of the FCC lattice depicted in Figure 2.7(a) has one atom
at each corner and one atom at the centre of each cubic face. The lengths of the edges of the unit
cell are equal and are denoted by a. Since each corner atom is shared by eight adjacent unit cells
and each surface atom belongs to two unit cells, there are four atoms per unit cell for the FCC
lattice. Many metals crystallize in an FCC lattice structure, such as aluminum, copper, gold, silver,
lead and nickel. In Figure 2.7(b), a BCC lattice with one atom at each corner and another atom at
the body centre is shown. Therefore, there are two atoms per unit cell. The edge lengths are

again equal. Typical metals which have a BCC lattice structure include iron, columbium,
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tantalum, chromium, molybdenum, niobium and tungsten. The unit cell of an HCP lattice is
shown in Figure 2.7(c). The upper and lower planes are regular hexagons with an edge length g,
while the distance between both planes is given by c. Zinc, cadmium, titanium and magnesium
are the common HCP metals. The FCC and HCP lattice structures are both close-packed

structures.

2.2.2 Dislocations in crystals

Defects are imperfections which deviate from an orderly arranged lattice structure. If defects
occur only at or around a single lattice point, they are known as point defects. The three main
types of point defects are: vacancy; interstitial; and impurity atoms. If point defects propagate as
lines in the crystal, they become line defects. Dislocations are typical line defects which can be
divided into two basic types: edge; and screw dislocations [35]. If line defects cluster into a

plane, then they become plane defects. Grain boundaries are surface defects.

The presence of dislocations strongly influences the mechanical properties of materials. As has
been discussed in section 2.1.3, metals can deform plastically due to dislocation glide. As the
dislocation moves, slip occurs in the area over which it moves. If there is no obstacle to prevent
it, a dislocation can move easily under an applied small force. In general, dislocations are
intimately connected to nearly all other mechanical phenomena such as strain, hardening,

yielding, creep, fatigue, and brittle fracture.

Dislocations that exist in real materials are typically mixed, which means they are characterised
by both edge and screw dislocations. The edge dislocation was first highlighted by Orowan,
Polanyi, and Taylor [31]. A schematic drawing is shown in Figure 2.8(a), illustrating a typical
edge dislocation AB, which is located as the boundary between the slipped part on the right and
the part on the left that has not yet slipped. Dislocation glide occurs in the direction of the slip
vector and proceeds towards the left unslipped region. Additionally, a Burgers vector b is
introduced to describe the magnitude and direction of displacement to the lattice, as shown in
Figure 2.8(b). In an edge dislocation, the Burgers vector is always perpendicular to the
dislocation line. When the dislocation moves, the atoms along the dislocation line slip over by
the distance between adjacent atoms. The shaded area in Figure 2.8(a), which represents the slip
plane, gradually extends towards the left side as the dislocation line passes through the whole
plane. In addition to dislocation glide/slip, there is another type of dislocation motion called
climb, which allows an edge dislocation to move out of its slip plane. The driving force for

dislocation climb is the movement of vacancies through a crystal lattice. As illustrated in Figure
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2.9, if a vacancy moves next to an edge dislocation, the atom that belongs to the edge dislocation
can jump and fill the vacancy. This atom shift is the essential precondition that causes the climb
of the dislocation. Since dislocation climb is diffusion controlled, it occurs much more rapidly at
high temperatures than at low temperatures. Diffusion of atoms or vacancies can take place at an
appreciable rate at high temperatures. Thus, the climb of an edge dislocation normal to its slip
plane is easily possible at elevated temperatures by means of atom self-diffusion, during which
the atoms along the dislocation line transfer to other lattice vacancies. On the other hand,
dislocation glide is much slower and less likely to occur at low temperatures. In perfect single
crystalline materials, dislocation motion terminates when dislocations reach a free surface. In

polycrystals, it stops when dislocations arrive at grain boundaries.

Slip vector

Figure 2.8: a) edge dislocation with the dislocation line AB and slip plane on the shaded area; b) distorted
lattice plane normal to an edge dislocation [31]. Grey circles represent atoms.

a) b)

climb

vacancy

Figure 2.9: Climb of an edge dislocation [31]: a) diffusion of vacancy and atom; b) dislocation line moves
upwards.

The second basic type of dislocation is the screw dislocation. Figure 2.10 shows a schematic
drawing of a screw dislocation. The upper part of the crystal has moved towards the left side
relative to the lower part. The dislocation line CD is parallel to the Burgers vector b. Unlike edge

dislocation, screw dislocation has no particular slip plane. Therefore, the motion of a screw
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dislocation is less restricted. The screw dislocation is able to glide on different planes that
contain the dislocation line, which results in a cross slip. A standoff dislocation climb is not

possible with a screw dislocation.

—

Slip vector

Figure 2.10: Screw dislocation lies along the line CD, parallel to the slip direction y [31].

As mentioned previously, in reality, for imperfect crystals dislocations exist not only in straight
configurations, such as edge or screw dislocations, but also in the form of dislocation loops
which are mixtures consisting of both edge and screw characters [26]. As shown in Figure 2.11,
the dislocation line is a closed loop which represents the boundary between the slipped and
unslipped region on the slip plane. Each point on the dislocation line can be decomposed into
edge and screw components by resolving the Burgers vector b into two mutually orthogonal

components represented by the equation:

(2.33)

where |b1|=|b| siné and |b1| =|b|c059. 51 and I;Z are perpendicular and parallel to the tangential

line of the point on the dislocation loop. The angle between the dislocation line and its Burgers

vector is denoted by 6.

Dislocations can move in crystals under stress. One of the most prevalent movements of
dislocations is glide. Dislocation glide is confined to the slip planes of the crystals and is
considered to be the most important mechanism responsible for plastic deformation.
Additionally, dislocation climb also plays a role at elevated temperatures. Since the Burgers
vector for edge dislocations is perpendicular to the dislocation line, the slip plane can be
uniquely defined. There is only one slip plane whose normal direction is conformal to the
direction of the Burgers vector. The glide of edge dislocation can occur on this slip plane. For

screw dislocation, the glide is more complex. Since its Burgers vector is parallel to the
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dislocation line, the slip plane can be easily defined. The screw dislocation is able to glide on

different planes that contain the dislocation line, which results in a cross-slip.

b
Slipped region < > Dislocation loop b1f !
Unslipped region < #
= Slip plane 1/ b
Dislocation line

Figure 2.11: Decomposition of a dislocation loop [26].

2.2.3 Stress field and its impact on dislocations

As explained in the previous chapter, a dislocation is a defect in a crystal which causes a
disturbance among the regularly arranged atoms. This disordered atomic arrangement leads to
elastic distortion around the dislocation line. Thus, the local stress field induced by a dislocation
can be described by linear elasticity theory, as described in section 2.1.2. Associated with the
stress field around a dislocation, there is also elastic energy stored in the region.
Understandably, when dislocations are located very close together, they will interact with each

other which results in a reduction in the total stored strain energy.

One of the most important concepts in dislocation theory, which is related to the local stress
field, is dislocation pile-up [36]. In polycrystalline materials such as copper, grain boundaries act
as the main obstacles to dislocation glide. If dislocations generated from a source reach a grain
boundary, they will pile up against this obstacle, as illustrated in Figure 2.12. The dislocations
near the grain boundary will be more closely packed, while those further from the grain
boundary will be more widely spaced. The total number of dislocations which can be
constrained by a grain boundary depends on the type of grain boundary (high angle or low
angle), the angle between the slip plane and the grain boundary, the material and the
temperature. The breakthrough of dislocation to a grain boundary can occur by slippage on a
new plane, by dislocation climb around the grain boundary, or by the generation of sufficiently

high tensile stresses to produce a crack.
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Figure 2.12: Dislocation pile-ups against a grain boundary and breakthrough to the adjacent grain [36].
The hexagons represent the grains.

The dislocation pile-up produces a back stress which acts to oppose the motion of additional
dislocations along the slip plane in the slip direction. In a state of equilibrium, the dislocations
hindered by the grain boundary exert a force on the grain boundary while the grain boundary
exerts a force of the same magnitude back onto the dislocations. Consequently, an internal stress
field is generated by the force coming back from the grain boundary, which causes hardening
effects in materials. For instance, strain hardening can be attributed to the dislocation pile up. All
the hardening mechanisms which are relevant to plastic deformation in metals will be discussed
in more detail in section 2.3. In addition, the stress field built up by dislocation pile-up can also
initiate plastic deformation in the neighbouring grain by activating dislocation glide, which is

generally ruled out as a Hall-Petch relation [37, 38].

Dislocation pile-up which affects the strength of the material is a very important concept for
understanding the Hall-Petch law [37, 38] which will be discussed in more detail in section 3.3.2.
A material with a larger grain size is able to contain more dislocation pile-up, which generates a
larger back stress field on the dislocation. As a result, less force is needed in order to move a

dislocation. In other words, materials with a larger grain size exhibit lower yield stress.

So far we have discussed the internal local stress field in relation to dislocation and dislocation
motion in microscopic scope [31]. However, external global stress also plays an important role
in the effect of dislocation motion, which must be taken into account. When a sufficiently high
stress, which is beyond yield stress, is applied to a crystalline material, the dislocations inside
can move, leading to plastic deformation. The effect of applying a stress is equal to applying a
force onto the dislocation line. To consider a rectangular slip plane with a width /; and length I,

the total force on the plane can be calculated as:

T = Tlllz (234)

where 7 is the shear stress acting on the plane. If a dislocation line with a length of /; and Burgers

vector b then moves all the way along from one end of the slip plane to the other, the total
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movement is ;. The displacement of the atoms is equivalent to b. Thus, the work done by the

shear stress during this process can be expressed as:

W, =d,1,b (2.35)

On the other hand, an external force F can also contribute to the movement of the dislocation.

Therefore, the work done by the force can be calculated as:

W, =Fl, (2.36)
As both correspond to the same dislocation movement, the above two equations should be
equal. Consequently, we can obtain the force required to cause dislocation glide as follows:

F= (2.37)

7
11
In conclusion, the shear stress, Burgers vector and the length of a dislocation determine the

minimum external force needed in order to activate dislocation glide.

2.3 Plasticity

The irreversible deformation in shape of a material without any increase in loads or stresses can
be described as plasticity. As discussed in section 2.1.2, Hooke’s law can be used to formulate
elastic deformation. For plastic deformation, the mathematical description is much more
complicated. This section will be devoted to discussing plasticity models and strengthening

mechanisms.

2.3.1 Plasticity models

For many years, researchers have created different sorts of numerical or analytical models to
describe the plasticity of metals. Those plasticity models can be practically used for the
prediction of mechanical behaviours of metals under plastic deformation. Usually, plasticity
models refer to the mathematical relationships between stress and strain, or between stress and

temperature for plastically deformed materials.

Numerical plasticity models which are composed of constitutive equations can calculate stress

(force) and strain (displacement) which are widely used in finite element method (FEM)
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simulation. The first attempt to formulate the stress-strain relationship for plastic deformation
was made by Saint-Venant (1870). Since then, many researchers have continued to develop
plasticity models. The most predominant plasticity models are known as isotropic work
hardening (Drucker, 1951) and kinematic hardening (Prager, 1955), which describe the
changing of the yield surface with progressive yielding, so that the conditions, such as stress
states, for subsequent yielding can be established [31]. In isotropic work hardening, the yield
surface remains centred at its initial centre point and expands in size as the plastic strains
develop. By contrast, kinematic hardening assumes that the yield surface remains constant in

size and the surface translates into stress space with progressive yielding.

The classical isotropic hardening and kinematic hardening models can be used to satisfactorily
interpret the plasticity properties of metals in the case of proportional loading where the load is
increasing monotonically and no unloading occurs. However, when metals undergo a cyclic
loading, their mechanical responses are much more complicated. Within the last half-century
some models have been proposed to meet this challenge. Various models have been used to
represent the different characteristics of plastic deformation [31]. The multisurface model was
developed by Mroz [39], the two-surface model by Dafalias and Popov [40-42], the nonlinear
kinematic hardening model was initiated by Armstrong and Frederick [43, 44], and further
developed by Chaboche [45], while endochronic theory was proposed by Valanis [46] and later
further developed by Watanabe and Atluri [47, 48]. The aforementioned models all have

advantages as well as disadvantages in the ways that they reflect plasticity theory.

Nevertheless, plasticity models which represent the relationship between stress and strain are
not the focus of this study. Instead, models that can illuminate the relationship between stress
and temperature are more relevant [49]. Flinn [50] first proposed a model designed to describe
stress-temperature curves of aluminum films with the thermally activated dislocation glide as
the dominant deformation mechanism. Thouless [51] created a model for passivated noble metal
films with the same mechanism. Thermally activated dislocation glide in the presence of

rectangular obstacles was expressed by Frost and Ashby [52, 53] as:

E
£=¢, exp[— k';" [1 — S;- ﬂ (2.38)

where ¢,is a strain constant dependent on dislocation density, E is the activation energy, k is

Bolzmann'’s constant, 7 is a critical stress and s is the Schmid factor. The activation energy is a

measure of how much energy a dislocation needs in order to overcome an obstacle.
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For a thin film/substrate system which undergoes a thermal cycle, thermal strain must be
included in the model in order to predict the stress evolution during the thermal cycle. Thermal
strain results from the mismatch in the coefficients of thermal expansion (CTE), between the

film and substrate material, which can be mathematically derived by:

Epemar =17 [0, (T) = &, (T)HT (2:39)

where «,and « are the CTEs of the film and substrate, respectively. T; is the temperature at the

stress free state, which is usually the deposition temperature.

For films with a stabilized microstructure, thermal strain must be accommodated by elastic and
plastic strain. In other words, the total strain of the system must be zero all the time during

thermal cycles.

gtherma[ = _(gelastic + gplastic ) (240)
As discussed in section 2.1.2, in a thin film/substrate system, film stress o and elastic film strain

are related by the biaxial film modulus My( M, = £ )
o1y

o=M .¢

f © elastic

(2.41)

Due to the fact that a thin film is constrained in the direction parallel to the film plane, it is only
necessary to focus on the biaxial stress in plane stress if the film is isotropic. A thin film is free to

relax in the direction normal to the film plane. Thus, the out-of-plane stress can be neglected.

Finally, a model of stress evolution during the thermal cycle can be derived by taking the
derivative of the film strain balance with respect to temperature instead of time in a

combination of (2.39)-(2.41) as follows:

do

1 E, so
d_T = _Mf {Aa —FEO eXp|:— KT (1— »f ):|} (24‘2)

The CTE difference between the film and substrate is defined as da =«a, —a and T is the

temperature ramp rate.

Weiss (2000) used this model to simulate stress evolution during a thermal cycle [49]. The
resulting stress-temperature curves calculated conform well to experimental results.

Nevertheless, it is worth noting some limitations and assumptions associated with this model.
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Firstly, the obstacles which are taken into account in the plasticity model are point defects such
as vacancies, interstitials and impurities. The effect of grain boundary restraining dislocation
glide, which is predominant in polycrystalline metals, is not reflected in this model. Secondly,
intrinsic strain, which can be induced by the development of film microstructure during
deposition or annealing, is not included. The model assumes that there is good adhesion

between the thin film and substrate.

2.3.2 Strengthening mechanisms of metals

Plastic deformation happens due to the movement and multiplication of a large number of
dislocations. In other words, it is dislocation which allows plasticity. In order to strengthen
metals, thereby increasing the yield stress, the key concept is to introduce some kind of
interfering medium to prohibit the mobility of dislocations. Although the physical mechanisms
that influence plastic deformation can vary widely, the primary difference of strengthening
mechanisms is the obstacles which are able to oppose dislocation motion. These obstacles are all
defects. Nevertheless, they can be point defects (impurity atoms), line defects (dislocations) or
plane defects (grain boundaries). Based on the type of defects, there are four main strengthening

mechanisms for metals [36, 54].

The most common mechanism is called work hardening, also known as strain hardening. The
primary species responsible for work hardening is dislocations. A stress field is generated by the
interaction of dislocations against each other. Therefore, the movement and propagation of
dislocations can be impeded by repulsive interactions between stress fields. Additionally,
dislocation motion can also be opposed by a dislocation jog which is formed when two
dislocations cross each other and dislocation line entanglement occurs. The jogs and
entanglements then act as pinning points. In work hardening, dislocation density determines the
yield stress because dislocation interactions are more likely to occur when more dislocations are

involved in metals.

The second strengthening mechanism is solid solution hardening. In this case, solute atoms such
as impurities are added to the body material which results in either substitutional or interstitial
point defects in metals. The solute atoms cause lattice distortion which generates a stress field
and consequently hinders the motion of dislocations. The strengthening effect depends on the

concentration and the size of solute atoms.
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The next type of strengthening mechanism is precipitation hardening. The second phase can be
created by mechanical or thermal treatment in a binary material system. The precipitate
particles of the second phase act as pinning points for dislocations in a similar manner to
solutes. If the particles are small, dislocations can cut through them, while if the particles are
large, dislocations will readily bow and loop to overcome the obstacle. Thus, the strengthening

effect depends on the concentration and the size of precipitate particles.

The last but also one of the most important strengthening mechanisms is grain boundary
hardening. In polycrystalline metals, grain structure has a tremendous influence on the
mechanical properties. Grain boundaries act as an impediment to dislocation motion. Therefore,
grain size and grain boundary density play a role in the determination of yield stress in this case.
The stress generated from dislocation pile-up has been discussed in Section 2.2.3, which
contributes to the activation of dislocation motion from one grain to another. The plastic
deformation occurs in dependence of grain size. The number of dislocations which can be
involved in one grain is limited by the grain size. Smaller grains can contain fewer dislocations
which results in a lower stress field build up at grain boundaries. This means that dislocations
need greater external stress in order to overcome the grain boundary and move into the
adjacent grain. The grain boundary hardening mechanism can be also described as a Hall-Petch
relationship which will be discussed in more physical and mathematical detail in the Section

3.3.2.
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3 Mechanical properties of electroplated Cu films

Investigations concerning the mechanical behaviour of thin films were initiated as a result of the
technological challenges and there is continuing motivation in this field as microelectronics
adopts new material systems and as the dimensions of devices continue to shrink. The unusual
material behaviour observed in thin films with very small scales is encouraging further academic
interest. This presents a unique opportunity to extend the fundamental understanding of
material properties to multiple film thickness scales. Moreover, the intensive research on thin

films has been initiated due to its broad usage in various engineering applications.

Thin film behaviour has been intensively studied over the past few decades and the deviations
from bulk material properties have been analysed [55]. Compared to their bulk counterparts,
thin metal films exhibit remarkably high flow stresses [56, 57]. This chapter presents a summary
of a number of attempts that have been made to enrich our knowledge of thin films, especially
Cu films. As a review, the typical deposition technique, mechanical measurement test, as well as
the main experimental and theoretical advances regarding thermo-mechanical properties of Cu

thin films will be addressed.

3.1 Electroplating of Cu films

Since the mechanical properties are sensitively dependent on the thin film fabrication process, it
is crucial to have some knowledge of typical film deposition techniques for Cu films. Usually,
methods such as drawing, casting, rolling, or moulding are used to manufacture bulk materials.
Thin films are produced utilising other techniques. The most common methods for thin film
deposition can be divided into physical deposition and chemical deposition. The physical
deposition uses mechanical or thermodynamic methods to produce a thin film. Typical physical
deposition includes evaporation, sputtering and pulsed laser deposition. The target material is
usually placed in an energetic, entropic environment so that particles of the target material can
escape from its surface. Meanwhile, the target material faces towards a cooler surface which
hosts for the arrival particles, allowing them to form a solid layer. The whole system is facilitated
in a vacuum chamber. Since particles tend to travel along a straight path from the target material
to the free surface, film deposited by physical methods is commonly directional, which means
the texture of the film will be strong. In chemical deposition, a fluid precursor undergoes a
chemical reaction at a solid surface, forming a solid layer. It includes electroplating, chemical

vapour deposition and chemical solution deposition. As the deposition substrate is usually
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surrounded by the reaction fluid, deposition occurs everywhere on the surface. Thus, thin films
produced by chemical deposition are commonly not directional but rather conformal and

therefore their texture is relatively weak.

Electroplating, which is also called electrochemical deposition, is a process that uses electrical
current to reduce the cations of a desired material from a solution and deposit a thin layer onto a
conductive surface [58]. During the plating, the surface to be coated is immersed into a solution
called an electrolyte, containing one or more dissolved metal salts as well as other ions that
permit the flow of electricity. The surface needs to be conductive and acts as the cathode of the
electrical circuit. The anode is made of the metal to be plated. A power supply provides either a
direct current (DC), an alternating current (AC), or an AC-DC combination, to the anode,
oxidising the metal atoms that comprise it and stimulating them to dissolve in the solution. At
the cathode, the dissolved metal ions in the electrolyte solution are reduced at the interface
between the solution and the cathode, such that they "plate out" onto the cathode. The rate at
which the anode is dissolved is equal to the rate at which the cathode is plated. In this manner,
the ions in the electrolyte bath are continuously replenished by the anode. Electroplating is a
simple and economical way to deposit uniform coatings, and it has been used across a wide

range of industries.

Electroplating is now frequently introduced for Cu film deposition in power metallisation plating
and dual damascene of advanced integrated circuits. Compared with other deposition methods,
electroplating has its particular advantages, for example, low cost, low deposition temperature,
and high gap-filling capability. However, there are also some drawbacks involved with
electroplating. For instance, it cannot be applied for the deposition of alloys and non-metallic
films. Because of the room temperature deposition, the resulting defect density in the film may
be very high. Due to the exposure of the film growth to the electrolyte, impurities may be
introduced. A seed Cu layer is necessary to be sputtered prior to the plating process because a

conductive surface is required as a cathode for the electro-deposition.

3.2 Mechanical measurements for thin films on a substrate

In order to gain a good understanding of the mechanical behaviour of thin films, it is essential to
acquire accurate values which describe various mechanical properties. The traditional
mechanical testing methods used for bulk materials cannot be applied directly to the study of
thin films, because thin films simply have a significantly different dimension scale from bulk
materials. Several specialised techniques have been developed over the past few decades to

measure the mechanical response of thin films [59, 60]. One of the most widely used and
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commercialised techniques to test thin films on substrate is the substrate curvature technique

[7,9, 61-63].

The substrate curvature is induced during film deposition or post-processing due to the atomic
mismatch between the film and the substrate. It provides valuable insight into the mechanical
properties of thin films and the relevant mechanisms which drive the stress development. The
stress in the film is caused by the bending of the film/substrate system and can be related to the

substrate curvature through Stoney’s equation [64-67]:

EW?
T (1-v)6t (R___1) (3-1)

where ¢ is the film stress, E corresponds to the elastic modulus of the substrate, v denotes the
Poisson’s ratio of the substrate, h and t are the thickness of the substrate and film, R; and R; are
the measured radii of curvature before and after the electroplating deposition of Cu films,

respectively.

The methods to measure the substrate curvature in a film/substrate system can be classified
into several types: the mechanical method, capacitance method, X-ray diffraction method, and
the optical method. Except for the X-ray diffraction method, which directly measures the elastic
strains, other methods have the common feature that they measure the out-of-plane deflection
of the film/substrate system. The mechanical method usually uses a stylus which touches the
surface and scans along the radial direction of the film. The capacitance method involves non-
contact probes, which record the change in capacitance between the film surface and the probes.
Although the mechanical and capacitance methods provide accurate measurements of substrate
curvature, they are not suitable to be incorporated into a furnace or deposition chamber for an
in-situ stress measurement during a thermal annealing process or deposition process. The x-ray
diffraction method estimates substrate curvature by determining the Bragg angle. However, the
limitation of the X-ray method is that care must be taken to ensure that the substrate is
crystalline in order to create Bragg diffraction. Compared to other methods, optical methods can
overcome the drawbacks mentioned above and offer more convenient, accurate and flexible
measurement possibilities for probing the curvature of the film/substrate system. Different
kinds of techniques can be employed for the optical methods, such as single laser scanning,
multiple laser beam optics, grid reflection and a coherent gradient sensor. With the technique of
single laser scanning, an incident laser beam scans across the wafer surface. The reflection angle
and the relative position of the reflected laser beam back on a position-sensitive detector are
used for the calculation of wafer curvature. With multiple laser beam optics, there is no need to
scan the laser beams on the wafer surface. Instead, wafer curvature can be captured
instantaneously by the illumination of multiple laser beams on a single spot of the wafer surface.
The wafer curvature is determined from the relative distance of the adjacent beams. The grid
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reflection method can provide a full-field reflection of a grid or grating from the surface of a
curved substrate. Based on the distortion of a periodic pattern, which is imaged by a CCD
camera, the entire wafer curvature can be obtained. The coherent gradient sensor method is a
full-field interferometric technique that produces fringe patterns by laterally shearing an
incident wavefront. A great variety of equipment based on the above methods has been
developed and continues to evolve, implementing different sample geometries and novel

instrumental technologies.

3.3 Plasticity of Cu films

The perfect crystalline copper has a face-centred cubic (FCC) structure in crystallography. Each
unit cell contains 4 Cu atoms. The lattice parameter of Cu is equal to 0.361nm and its density
8.92g/cm3 [38]. However, Cu thin films which are deposited for the application of metallisation
in semiconductor devices usually contain various Kkinds of defects, such as vacancies,
interstitials, impurities, dislocations and grain boundaries. The presence of defects plays an
extremely important role in determining the electrical and mechanical properties of Cu thin

films.

For polycrystalline Cu films, material properties can be isotropic or anisotropic which is
determined by the directional probability of individual Cu crystallites whether they are oriented
through the film equally or not. In this way, the texture of a film can be defined as the preferred
crystallographic orientation of individual crystallites. The revealed effective values of
macroscopic properties can be calculated by averaging the directional values over all
orientations in a film. Therefore, the texture affects material properties. For instance, the
correlation of stress and sheet resistivity evolution at room temperature with film texture has
been reported. Some reviews also discussed the observed texture of Cu films in relation to film
thickness [68-73]. The (111) oriented grains should be more favourable in thinner films, based
on surface energy considerations. This is a result of the fact that thinner films have a larger

surface-film thickness ratio.

One of the promising techniques that can be used to examine the stress state in microscopic
features is the finite element method (FEM). By the implementation of material models
containing the elastic modulus, Poisson’s ratio and coefficient of thermal expansion in FEM,
stress information can be obtained in any geometrical shape. However, one must note that it is
not possible to simulate a detailed layer structure of an entire chip which would require
unrealistic calculation times. Thus, certain reasonable assumptions that can simplify the target

geometry are necessary.
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Below yield stress, polycrystalline films deform elastically and elastic stress is linearly related to
strain. Based on the elastic modulus and Hooke’s law, film stress in elasticity can be easily
calculated. In contrast to this, plastic flow is a kinetic process. In general, film stress in plasticity
not only depends on strain but also on the strain rate. The kinetics of plasticity processes on the
atomic scale determines the strain rate; for example, the coupled dislocation glide and climb, the

atomic diffusion, the grain boundary sliding and so on [9, 14, 50, 51, 74-76].

Dislocation motion is believed to be one of the major mechanisms responsible for the plasticity
in thin films [77, 78]. Theoretic models based on dislocation motion barriers, such as discrete

obstacles or grain boundaries, have been developed.

3.3.1 Plasticity limited by discrete obstacles
Dislocation motion is a kinetic process [79-81]. Therefore the plastic deformation rate £ (strain

rate) is related to the density of mobile dislocations p,, and the average velocity of dislocation
motion v as follows,

E=p,bv (3.2)
where b is the Burgers vector of the dislocation.
The dislocation density depends on stress and temperature evolved in the material system at a

steady state. Argon [82] has proposed a simple function which is consistent with both the theory

and experiment:

o, ’
e

where « is a constant of order unity which leads to values between 0.05 and 0.1 depending on

the crystal structure, o, is the shear stress, and u is the shear modulus.

The velocity of dislocation movement in a polycrystalline film is actually determined by the
waiting time of dislocations at obstacles. This means that if dislocations can easily cut or bypass
an obstacle in a short time, dislocation motion is fast. The mean velocity of a dislocation motion

can be given by:

v = by exp(— %} (3.4)

where AG is the Gibbs energy of activation for overcoming an obstacle, f3 is a dimensionless

constant, and v is a frequency.

The Gibbs energy can be calculated by
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A

AG:AF(I— "Sj (3.5)
T

where AF is the activation energy required to overcome an obstacle, and 7 is the shear stress in

the absence of thermal energy (at 0K).

If we combine (4.2)-(4.4), the strain rate equation for discrete-obstacle controlled plasticity can

be obtained as follows [51, 61, 83]:
.. AF o
E=g, exp| ——| 1--— 3.6
0 P{ T ( 2 ﬂ (3.6

. o .
where ¢, =aﬁv( 2 j If AF islarge, €, can be considered constant.

Dislocations which are either already existent after deposition or are simply generated by
polycrystalline plastic deformation certainly strengthen the film. However, due to the mobility of
dislocation, they cannot prevalently situate near grain boundaries. Therefore, they are not as

effective strengthening agents as grain boundaries.

3.3.2 Plasticity limited by grain boundaries

Grain boundaries also act as obstacles and are particularly effective against dislocation motion
[2, 8, 14, 84]. Due to crystallographic factors, a dislocation cannot move from one grain to an
adjacent one through a grain boundary. Based on geometrical considerations, grain boundaries
are expected to be stronger obstacles than discrete obstacles (line defects or point defects). The
intersection of a planar defect (a grain boundary) with a moving dislocation is a line, while the
intersection of a dislocation or a point defect with another dislocation is only a point. Thus, grain
boundaries provide a larger resistance than discrete obstacles. It should be noted that if the

grain size is large, dislocation motion occurs more easily, which results in a lower yield stress.

The Hall-Petch law [26, 85, 86], which predicts that the yield stress of a polycrystal will be
proportional to the inverse square root of the grain size, has been substantiated in a number of

metallic materials. Yield stress increases with decreasing grain size following the relationship:
-1
o,=0,+tk,d % (3.7)
where o, is the yield stress, g, is the intrinsic stress induced by the crystal lattice to resist

dislocation motion and k,, is the Hall-Petch coefficient representing the resistance of grain

boundaries to dislocation penetration. The Hall-Petch coefficient is related to the crystal

structure and can be experimentally determined. A higher value of the Hall-Petch coefficient
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reflects a greater resistance of grain boundaries. Likewise, a higher magnitude of k,, is

correlated with increasing inherent strength.

Although grain boundaries are remarkably effective barriers to dislocation motion, twin
boundaries are considerably different from grain boundaries in terms of mechanical properties.
Twin boundaries are not completely impenetrable to dislocations. The resistance of twin
boundaries to dislocations is therefore much less than that of normal grain boundaries. If a film

has a high density of twin boundaries, the overall k,, will be dramatically reduced, which is

typically 1/2 to 1/5 of the usual constant k,, .

3.4 Microstructure of Cu films

The microstructure of thin films is sensitively dependent on the deposition processes and
fabrication conditions [87-89]. Also, the microstructure of thin films can strongly influence
material properties such as strength, toughness, hardness, ductility, and high/low temperature
behaviour, which in turn govern the application of these thin films in industrial practice [90-93].
Thus, a thorough characterisation of the thin film microstructure is essential in order to
complete the investigation of material properties of thin films. Microstructure is a
comprehensive description of the arrangement of crystallites and defects in a thin film. Some of
the most important characteristics include the shape, size and orientation of the crystallites and
their distributions, the density and distribution of defects such as impurities, vacancies,
interstitials, dislocations, and grain boundaries, as well as the surface and interface

morphologies.

The microstructural characteristics of metal films can be influenced by many factors such as film
deposition methods, film thickness, post-processing such as heat treatment, and the surface
properties of the substrate [89, 94-96]. In the early stage of film growth, the first few atomic
layers usually nucleate as islands at many sites on the substrate surface (Volmer-Weber
growth). The individual crystallites continue to grow until they impinge upon one another.
Subsequently, the impinged crystallites coalesce and, furthermore, the grains coarsen during the
thickening of the film. A classic structure-zone model for metal films has been developed by
Thornton [97]. There are two main parameters which control the process of microstructure
evolution, the ratio of growth temperature T to melting temperature Ty, of the thin film material
and the system energy. In the zone I regime (T/T»<0.3), a fine-grained structure evolves as a
result of shadowing effects. In zone II (0.3< T/T»<0.5), the structure is characterised by coarse
grains which appear by surface-diffusion controlled growth. Finally, in zone Il (T/T»>0.5),

lattice and grain boundary diffusion dominates the growth process which produces large grains
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with low defect density and grooved grain boundaries. Electroplating is a room-temperature
deposition. The melting temperature of Cu metal is about 1356K. Hence, an as-deposited

electroplated Cu film is supposed to have a zone I microstructure of T/T, ~ 0.23.

Fine-grained film can undergo further grain coarsening upon post-deposition treatment, for
example, room temperature storage or thermal annealing. The driving force of grain growth is
the minimisation of total film energy. Various mechanisms of energy release can alter the
microstructure in thin films, such as grain boundary energy, surface energy, interface energy,
strain energy and stack fault energy. Normal grain growth is the grain growth with monomodal
grain size distribution, which happens usually in bulk materials. For bulk materials, grain
growth occurs at the expense of fine grains via the motion of grain boundaries, which is mainly
driven by the reduction of grain boundary energy. In thin films, due to the high surface/film-
thickness ratio, film surface and interfaces also play a crucial role in grain growth. Furthermore,
mismatch strain between film and substrate develops during and after film deposition, which
leads to higher strain energy in thin films. Thus, grain growth and crystallographic texture
development in thin films are driven by the reduction of grain boundary energy, surface and
interface energy, and strain energy. Normal grain growth is not expected in thin films. Instead,
abnormal grain growth, or so-called secondary grain growth, is predicted. During abnormal
grain growth, a few grains grow into a matrix of small stagnant grains. This is often manifested
by a bimodal grain size distribution which follows with a monomodal distribution of very large
grains towards the end of this process. For films deposited at room temperature, grain growth
and texture development are often retarded due to the lack of thermal activation, which results
in a meta-stable structure with very fine grains. At elevated temperatures, the additional
thermal energy serves to activate a thermal kinetic process that encourages further
microstructural evolution. The rate of grain growth and texture development is determined by

the annealing temperature.

When grain size is comparable to film thickness, grain boundaries intersect the film surface and
form grooves which suppress further grain growth. Thus, grain growth in thin films stagnates if
the forces that act on grain boundaries establish equilibrium conditions. Apart from the forces
generated by grain boundary energy, surface and interface energy - the grooving force due to
the pinning at grain grooves - is also one of the main physical origins restraining the grain
boundary motion [98-103]. A grain boundary intersecting the surface is trapped to its surface
groove because it would increase grain length upon moving out of the groove. This is only
feasible for large grains as they have a small in-plane and out-of-plane curvature. Small grains
with a large intersecting angle between grain boundaries and surface can escape from grooves. If
the film contains a high density of impurities, precipitates or second-phase particles, the solute

atoms exert a drag force to impede grain growth when they segregate at mobile grain
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boundaries. When the driving force for grain growth is counterbalanced by restraining forces,
the condition required for stable grain structure is fulfilled. It has been reported that various
conditions that result in grain stagnation can arise, depending on the magnitude of the force
terms discussed above. Usually microstructural evolution of thin films terminates if the median
grain size is several times the film thickness. At the end, a columnar grain structure with grain

boundaries traversing the whole film thickness is formed.

In electroplating, the microstructure of thin films is also affected by the chemical additions in the
plating electrolyte. These organic components are known as carriers, brighteners or levellers.
The structure of electroplated Cu films using the commercial deposition process consists of very
fine grains and is very unstable. An interesting example of abnormal grain growth in 1pm thick
electroplated Cu films has been reported by Harper [104]. Original grains of 0.05-0.1pm in size
grew to several micrometres within 9 hours at room temperature. Meanwhile, a reduction of
sheet resistivity and compressive stress in the films were observed. The films often have a high
incidence of twins. It was suggested that the minimisation of boundary energy coupled with
elimination of boundary pinning sites may be the cause of microstructural evolution at room

temperature [105-107].
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4 Experimental methods and developments

This chapter describes the standard techniques and apparatus employed to characterise and
mechanically test thin films. Though various test techniques have been specifically designed for
this purpose, the development of a novel apparatus for measuring the film stress in this work
has enhanced the accuracy of data acquisition and extended previous measurement capabilities.
This chapter also describes the procedure for sample preparation and the methods used to
characterise the microstructure of film. Typical experimental procedures and data analyses are

demonstrated for Cu thin films.

4.1 Sample preparation

All investigated Cu films were prepared by electroplating deposition on 8-inch (approximately
200mm) blanket wafers. Prior to electroplating, a 100nm thick thermal oxide was deposited as
an isolation layer by chemical vapour deposition (CVD) on the wafers. Subsequently, a 50nm
thick Ti film was deposited as an adhesion layer and diffusion barrier, followed by a 150nm thick
Cu sputter deposited seedlayer. The barrier and seedlayer were deposited in the same sputter
tool without breaking the vacuum. The plating process was performed with a commercial
fountain plating system. The electrolyte solution was mainly composed of Cu,SO04, H2S04, HC],
and two organic additives: an accelerator and a suppressor with levelling components. An AC-DC
current combination was applied. The whole electroplating process consecutively undergoes a
pre-wet in methane sulphonic acid (MSA), Cu electroplating and a water rinse followed by a
spin-dry process. The plating rate was kept constant for all Cu thicknesses in order to avoid the
impact of deposition speed on film properties. Finally, a wide-split plan of electroplated Cu

thickness was applied from 1.5-20um.

4.2 Stress measurement

In order to gain a fundamental understanding of the deformation mechanisms in thin films and
to develop adequate models to describe them, it is necessary to have an extensive and accurate
measurement setup to detect their mechanical and thermo-mechanical response. This part of the
chapter will be dedicated mainly to the development of a novel stress measurement apparatus.

The accuracy and repeatability of the stress measurement will be examined and evaluated.
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4.2.1 Global stress measurement

Due to the elastic mismatch between the film and the substrate, a biaxial stress evolves in the
film after deposition, which in turn induces a change in the wafer curvature (wafer bow). Since
the substrate is much thicker than the film and deforms elastically, the film stress can be
calculated from the substrate curvature using Stoney’s equation. The film stress at room
temperature was measured as a function of time by an Eichhorn and Hausmann capacitance
probe setup [108]. The geometry gauges are based on two heavy plates mounted parallel to each
other. Embedded in the plate are a set of capacitive distance sensors. All wafer geometry
characteristics are based on distance measurements performed by multiple capacitive sensors.
The wafer surface was positioned at the air gap between the two plates. As a result, wafer

curvature can be acquired mathematically by the topography of the wafer.

4.2.2 Development of wafer curvature system for local stress measurement

Thermally induced stress in thin films is one of the major critical factors that can lead to cracks,
voids, delamination, or other failures in semiconductor devices [65, 66, 109]. The stress
evolution during temperature cycling characterises film properties, such as elastic modulus,
coefficient of thermal expansion (CTE) and temperature-dependent yield stress. Moreover,
plastic deformation mechanisms such as dislocation glide/climb and diffusion can be
investigated by stress measurement during temperature cycling. Creep behaviour of thin films
can also be studied by recording stress relaxation at stabilised temperatures. Therefore, the
fundamental understanding of thin films in terms of thermally induced stress and rate-
dependent stress changes is of great importance when attempting to enhance the reliability and

stability of semiconductor devices.

There is a variety of methods to determine the stress in thin films. X-ray diffraction is one of the
most informative ways [65, 110-114], as it permits the local measurement of all the components
of stress in the film. However, it is limited to crystalline films due to its diffraction-based
technique. With the grid reflection method [115, 116], for example, with a Moiré pattern, stress
measurements can be extended to non-crystalline films such as passivation glasses or
amorphous oxides. However, this full-field measurement requires a large surface area in order
to capture a decent pattern and consequently the local stress in the thin film is difficult to assess.
The wafer curvature technique is one of the most common methods. However, traditional single
laser beam scanning cannot detect the wafer curvature directly. Instead, it measures the tilt and
calculates the differential bow height from point to point. For small deformations, the bow

height is related to the curvature through the follow equation:
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%z i—f (4.1)
where R is the radii of curvature, B is the measured bow height, and x is the scan step size. The
measurement accuracy is highly dependent on the scan length and the number of measurement
points. Usually, only the global average stress in the film can be assessed. Furthermore, this
technique is also dependent on and thus limited by the time span of the laser scanning. In the
case of a fast temperature ramping rate, for example, > 0.5°C/s, the scanning is much too time
consuming to acquire enough data and therefore the accuracy is questionable. By measuring the

curvature change of a wafer substrate before and after film deposition, the stress involved in the

film can be calculated by using Stoney’s equation, if the film is much thinner than the substrate.

The apparatus developed for this work can directly provide curvature data without the need to
measure bow height. For stress measurements during rapid thermal processing (RTP) curvature
data can be acquired within 30ms or even less. Thus, the study of the time-dependent material
properties of metallic thin films in the plastic deformation regime shall particularly benefit from
this apparatus. Additionally, the scanning mode of the multiple laser beams allows a global study
of the wafer curvature along the diameter of the wafer at each stabilised temperature.
Eventually, the wafer bow data can be obtained from the extrapolation of the curvature data.
The RTP chamber is capable of creating a thermal environment from -65°C up to 650°C, which
extends the temperature range of most of the other tests [117-119] which are limited to a
temperature range between room temperature and 500°C. As a result, the mechanical behaviour
of thin films can be studied at high temperatures and, also, under cryo-conditions. Furthermore,
an in-situ formic acid treatment is also available for surface cleaning, which prevents the impact

of unwanted oxidations and contaminations on the investigated thin films.

4.2.2.1  Apparatus construction

The schematic diagram of the apparatus is shown in Figure 4.1. The apparatus is comprised of
two main parts: a laser optics unit and an RTP chamber. The laser unit generates a multiple laser
beam array which can either be scanned along the diameter of a wafer or used in a single
position mode measuring a 1x1cm? area at the centre of the wafer. The RTP chamber provides a
thermal environment which is necessary for the investigation of thermal stress in thin films. The
whole apparatus is fully controlled by the operational computer and software in the RTP heating

module.
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Laser Optics Unit

45° folder mirror beam splitter etalon
focusing objectivs

i\a
S T

(I CCD
detector

RTP Chamber Unit Y

glass view port ‘

quartz lid

sample
water cooled ‘
chamber wall quartz room

lamp heater

protective . vaccum
cooling gas
gas pump

formic acid exhaust

Figure 4.1: Scheme of the apparatus for film stress measurements with multiple laser beams integrated
with an RTP chamber. The paths of the multiple laser beams for the wafer curvature detection are
indicated.

A. Multiple laser optics

The laser beam array is created using a fibre-coupled laser diode (approximately 25mW output,
660nm wavelength) and a pair of etalon optics. The first etalon generates a linear array in the
horizontal direction and the second etalon produces a two-dimensional array from the linear
array. A beam splitter and a 45° folder mirror send the array of parallel laser beams through a
view port into the RTP chamber at normal incidence. The beams reflect off the wafer and back to
the folder mirror, the beam splitter and a servo-controlled steering mirror. The servo mirror
keeps the array centred onto a CCD camera. The wafer curvature is detected by the position of
the multiple laser spots on the CCD detector. Since the data acquisition rate is rapid
(approximately 0.07 second per data point), multiple measurements can be acquired so that the

signal can be averaged to improve the accuracy. In general, by averaging N points the noise is

reduced by a factor of /N . So, averaging 25 points, for instance, reduces the error on the average

value of the beam spacing by a factor of 5. The laser beam array provides two advantages:

(i) Wafer curvature can be measured instantly at any position of the wafer diameter,

which guarantees the data accuracy for high ramp rates, for example, 60°C/min;

(i) Vibrational noise can be effectively reduced by the subtraction of individual spot

positions in the multi-beam array [120, 121].
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B. RTP heating module

The RTP chamber equipped with multi-laser optics, as mentioned above, hosts the measurement
of wafer curvature. It has a front-mounted slide door sealed by an O-ring. A 10mm x 200mm slit
flange viewport is provided on the top of the chamber to facilitate laser scanning and irradiation.
The RTP chamber is an integrated system with a water-cooled aluminium main chamber,
vacuum-compatible quartz-lined sample compartment and a 3-point 200mm quartz sample
mount with an integrated thermocouple (type K) in contact with the sample surface. To maintain
the chamber wall at relatively low temperatures, the chamber is surrounded by a highly
polished and highly reflective water-cooled aluminium jacket. A diaphragm pump is used to
provide a base pressure of approximately 10mbar for the chamber. Heating is performed with a
sealed 12x12 crossed quartz lamp array, which can heat non-transparent samples up to 650°C in
a vacuum or gas environment of Nz or forming gas (5% or 10% H: in Nz). The RTP chamber is
also equipped with a liquid nitrogen heat exchanger, providing cold N, gas for active cooling.
Consequently, it is capable of cooling from high temperatures down to -65°C with a relatively
high cooling rate (approximately 30°C/min). Moreover, the system is equipped with a formic
acid module which provides effective surface cleaning for wafer samples prior to the

measurements being taken.

4.2.2.2 Apparatus performance

It is vital to evaluate the performance of the apparatus in order to verify the accuracy of the
acquisition of the local stress. There are three main issues to consider with respect to the
performance, the resolution and the repeatability of the laser measurement and the temperature
uniformity provided by the chamber, which will be discussed in detail in this chapter.
Additionally the principal of measuring the curvature and the temperature of a wafer will be

presented as well, as they are the basics and associated with the performance of the apparatus.

A. The principle of obtaining the wafer curvature

Stress in a thin film is related to the curvature of the substrate according to Stoney’s equation.
Thus, the key for accurate stress measurement relies on the precise measurement of the
curvature. During measurements, the sample is illuminated by an array of parallel laser beams.
The spacing of the reflected beams from the sample surface is determined by a CCD camera. The
equation of curvature in relation to the spacing of the beams can be derived as follows. Assume a

wafer with convex curvature with bending that occurs around the centre “0”, symmetric with

two parallel incident beams as shown in Figure 4.2 [122]. The true beam spacing is given by d;
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is the angle of incidence, R is the radius of the sample and ¢ is the angle of the normal to the

surface at the reflection point of the laser beams.
The distailce between point “A” and “B” in Figure 4.2 is given by

AB = d (4.2)
cosa

and the angle ¢is given by the following relation:

singozﬁzL (4.3)
2R  ZRcosa

Note that simple reflection requires that the angle between the two reflected beams is 4 ¢.

Figure 4.2: Two parallel laser beams strike on and reflect off a curved surface [122].

For complete generality, it is assumed that the substrate has an initial radius of curvature R.
This is the case in which the initial curvature of the wafer is used as a reference for all the
subsequent curvature measurements. This initial curvature will cause the parallel laser beams to
deflect with an angular deviation 4 ¢; and the resulting change in beam spacing at the detector

will be given by

d,

Ad, = Ltan(4¢, )= Ltan| 4 sin™"| ———— (4.4)
2R, cosa

where L is the distance from the sample to the detector. As shown in Figure 4.3, the reference

spacing Dy is now d; + Ad;. Any subsequent changes in curvature will be in addition to the initial

substrate curvature and the total change in beam separation at the detector will be given by
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d
Ad. + Ad, =Ltanl4¢, )=Ltan| 4sin”"| ———— 4.5
: / ( (pf) [ (ZRf cosaJJ (45)

Ady can be found by subtracting equation (4.5) from (4.4). For approximation we can evaluate

d,
the product ZR—I for the case of a maximum beam spacing of 8mm and a small radius of
cosa

d.
curvature, such as 4m. In this case, R—' is about 0.001. Even for o about 60 degrees, the
cosa

approximation still holds for sinx ~xand tan4x ~4x with the deviation of 2ppm and 5ppm.
Therefore we can write from (4.5)

_2Ld,. 1 _
cosa Rf

Ad

1
; E) (4.6)

Finally the equation (4.7) is derived which relates the change in laser-spot spacing with the

change in curvature of the sample.

Ad 2L 1 1
- (—-—) (4.7)
d, cosa R, ,

1

SAMPLE SURFACE DETECTOR
- L e
A
d;
\ Dg
4 adiy oy
Adg AD

Figure 4.3: Reflected laser beams from sample surface are detected by a CCD camera [122].

B. Measurement and resolution of beam spacing

The CCD detector used in the optics head is an 8-bit analog detector manufactured by Hitachi,
model KP-M1AN. The detector uses a 2/3-inch format CCD with 768x474 active pixels with a
pixel pitch of 11.64(H) x 13.5(V) um. The output of the camera is the standard EIA video format
with 30 frames per second. The detector has a built-in electronic shutter that has been set to
1/250 sec to minimise the smear of the laser spots from sample vibration. The analog signal is
digitised to the resolution of 640x484 pixels using a PCI bus analog frame grabber, model
PXR800 from CyberOptics Semiconductor.

The number of spots and the spacing between spots in the laser array can be configured by the

rotation of the etalon optics. This system is configured with a 4x3 laser array which works well
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with the 4 /3 aspect ratio of the 640x484 digitised image. The full width half maximum of a single

laser beam within the array is typically around 13 pixels, or approximately 180um.

The resolution of the system depends on how accurately the position of each laser spot can be
determined. To determine the position a centroid calculation is used which is similar to a “centre
of mass” calculation but which uses intensity instead of mass. This provides a floating-point
position for each laser spot and is reproducible to 0.01 pixel if the system is isolated from
vibration and the temperature is stabilised. Of course, in most measurement applications there
are instabilities, such as the sample vibration caused by vacuum pumps and gas flow, as well as
temperature non-uniformities that all affect the beam positions and thus reduce the
reproducibility of the individual beam centroids. The advantage of the multiple beam array
technique is that it does not depend on the absolute position of a single beam. In optical
techniques that use a single beam rastered across the surface, the measured position of the
beam changes due to vibration of the sample and this noise can significantly decrease the
resolution of the curvature measurement. By using multiple parallel beam illumination, all the
beams strike the surface at the same time. The differential beam spacing (that is, the difference
in the positions of adjacent beams that is used to calculate the curvature) is much less sensitive
to the sample vibration than the absolute position of the beam. For example, the data in Figure
4.4 shows a case in which two individual beams oscillate in position due to a vibration of the
sample. The change in position of each individual beam centroid is quite large and oscillates at a
constant frequency. The standard deviation of 100 data points of single laser beam is
approximately 0.07. When the two individual beam positions are subtracted the oscillation is
effectively removed and the variability in the measurement is greatly reduced. The standard
deviation of 100 data points of two parallel laser beams is reduced to approximately 0.009,
which is almost 8 times better than if could be provided by a single laser beam. The methods
used in other instruments, including single beam scanning and Shack-Hartmann sensors [123],
rely on measuring single beam positions. Although the Shack-Hartmann technique creates a
multiple-spot array by focusing local wavefronts to individual spots, the curvature calculation is
based on the change in position of each individual spot. The technique is still very susceptible to

vibration.
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Figure 4.4: The reduction in vibrational noise by detecting the spacing change between parallel laser
beams instead of the position change of single laser beam. a, b) The position of two individual single laser
beams; c) The spacing between those two individual single laser beam which is the difference of the
absolute positions of two single beams.

-40 -



Chapter 4 — Experimental methods and developments

C. Repeatability of single position and scanning measurements on 200mm wafers

The repeatability of single-point measurements was tested at room temperature with an
approximately 723um thick bare silicon wafer of about 200mm in diameter, polished on both
sides. The curvature variation measured at wafer centre over a 60-second period is shown in
Figure 4.5. The corresponding theoretical stress changes for a 723um thick Si wafer deposited
with a hypothetical film of 20pum thickness is also presented. The plot reveals a background
noise of +0.25MPa.

0.00
0674

-.. .. P LX) .....Q.. s ....0.‘.... [ 1Y
335 % ee e "o e 0 0 e 0 e

-4.02

theoretical stress (MPa)

-4.69 -
-5.36
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Figure 4.5: Repeatability of the irradiation of multiple laser beams at room temperature, tested with an 8-
inch blank Si wafer (approximately 723pum). The theoretical stress is calculated according to the
mentioned silicon wafer deposited with a hypothetical film with 20um thickness.

The repeatability of the laser array scanning was then tested using a step size of 5mm by
repeating the scan 10 times along the wafer diameter. The two-dimensional wafer profile,
according to a horizontal reference plane, is displayed in Figure 4.6 to verify the signal
repeatability of the scanning mode. The graph indicates that the ten wafer height curves overlap

each other and can barely be distinguished. The maximum deviation is in the order of +0.10um.

D. Temperature measurement

The measurement accuracy during a thermal cycle is not only determined by the curvature
measurement but also by the accuracy of the temperature measurement with a thermocouple in
contact with the wafer surface. The calibration of the temperature measurement was performed
in the temperature range between -65°C and 650°C with two wafers instrumented with

thermocouples, a blank Si wafer and an equivalent Si wafer deposited with a 20pum Cu film. The

-41-



Chapter 4 — Experimental methods and developments

blank Si wafer was approximately 200mm in diameter with a thickness of about 723um,
polished on both sides. Near the centre of the wafers, the system thermocouple (type K) was
placed with slight pressure contact to the surface. Another thermocouple was also bonded by a
laser-welding technique near the system thermocouple. Due to the better contact between the
bonded thermocouple and wafer surface, it is believed that the bonded thermocouple provides a
more accurate measure of the sample temperature than the system thermocouple. The wafer is
placed on the support pins in the quartz chamber in such a way that both bonded and system

thermocouples are on the top side of the wafer, facing away from the heater lamps.

wafer height (um)

X-position (mm)

Figure 4.6. Repeatability of the multiple laser beam scanning at room temperature, tested with an 8 inch
blank silicon wafer (approximately 723um) for ten times. The wafer height according to a horizontal
reference (y=0) is calculated based on the measured curvature data.

The results of the temperature measurement shown in Figure 4.7 are quite different between
the bare Si wafer and Cu film-coated wafer. For the bare silicon wafer (see Figure 4.7a), the
measured temperature from the system thermocouple is always higher than the actual wafer
temperature which is determined by the bonded thermocouple during the entire cycle. The
maximum temperature deviation occurs at about 100°C during heating. Subsequently, the
deviation reduces with increasing temperature. During cooling, the temperature deviation stays
nearly constant until about 100°C, at which point the temperature deviation becomes smaller
due to the significantly slower cooling rate. In comparison, the deviation between measured and
actual wafer temperature is considerably reduced for the Cu film coated wafer for the entire
cycle (see Figure 4.7b). Only when heated above 250°C, the measured temperature is a bit lower

than the actual one.
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As the temperature of the silicon wafer increases, the band gap decreases and the wafer
increasingly absorbs infrared radiation from the lamp heater [124, 125]. Consequently the
thermocouple wires behind the silicon wafer absorb less infrared radiation and more accurately
track the true wafer temperature. This leads to the observation that the measured temperature
is remarkably higher than the actual wafer temperature for the bare Si wafer at low
temperatures and during rapid temperature ramping. On the other hand, if a Cu film is deposited
on the Si wafer, the infrared radiation is effectively blocked from the thermocouple wires and
most of the infrared is absorbed by the Cu film. Therefore, in practical terms, the temperature
deviation can be reduced by the Cu film. This substantiates the finding that temperature
calibrations based on a bare Si wafer for thermal stress measurements of metallic films could be
a)
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Figure 4.7: The actual temperature in comparison with the measured temperature during a thermal cycle
from room temperature up to 650°C with a ramp rate of 30°C/min, then down to -65°C. a) Blank Si wafer;
b) Si wafer deposited with a 20pm thick Cu film.
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E. Temperature uniformity of RTP chamber

The temperature uniformity on a sample wafer is of great importance, especially when the
ramping rate is high, because the temperature non-uniformity will lead to an unwanted
thermally-induced wafer curvature. Therefore, the same type of blank Si wafer as mentioned
above was equipped with seven temperature sensors (see Figure 4.8a), which are bonded at the
centre (position 1), at approximately 75mm away from the centre (position 2, 3) and at
approximately 100mm away from the centre (position 4-7) respectively, and these are used to
measure the temperatures at different locations on the wafer surface. The sensor bonding

method is the same as mentioned before.
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Figure 4.8: Thermal uniformity on a blank Si wafer with a thickness of 723pum during a thermal cycle with
a ramp rate of 30°C/min. a) Thermal profiles of seven temperature sensors at different positions of the
sample surface. b) Evolution of the theoretical stress during the thermal cycle.
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The temperature profiles of each temperature sensor during a thermal cycle (-65°C to 650°C)
are plotted in Figure 4.8a, which indicates temperature uniformity is scathed above 500°C
during heating and below 500°C during cooling. This observation corresponds well to the
calculated theoretical stress based on the wafer curvature recorded during the thermal cycle,
which is shown in Figure 4.8b. The theoretical stress refers to the biaxial stress of a hypothetical
film with the 20pm thickness deposited on a 723pm thick Si wafer. The relatively good
temperature uniformity that occurs until approximately 500°C leads to a plateau of the
theoretical stress. Explicitly, no distinct curvature is generated by the thermal non-uniformity at
this phase. However, the theoretical stress starts to change above 500°C, which is in agreement
with the disparate tendency of the temperature profiles of seven sensors. In order to keep a high
cooling rate, the cold N, gas purges into the chamber below 500°C with a massive flow.
Understandably, the theoretical stress curve during active cooling diverges from the one during
heating because of the disturbed temperature uniformity. Below 100°C, the stress curve
converges during heating because of the improved temperature uniformity caused by a

relatively slower cooling rate.

There are two facts of which one must be aware. First of all, the significant change of theoretical
stress above 500°C may not only originate from the reduced temperature uniformity, but also be
induced by the thermal gradient from the lamp-heated side of the sample to the unheated side
[121]. Unfortunately, due to the fact that the temperature difference between two wafer sides is
unknown, it is difficult to estimate the magnitude of the effect from the thermal gradient.
Secondly, a Si wafer coated with a Cu film should achieve better thermal uniformity due to

higher heat conductivity.

4.2.2.3 Testresults on copper samples

Electroplated Cu film becomes easily oxidised in the ambient atmosphere. Depending on the
exposure time and temperature, the thickness of the native oxide layer on Cu films can be up to
several tenths of a nanometre [126, 127]. The cleaning treatment to remove the native oxide
influences the thermo-mechanical behaviour of the Cu film, especially at high temperatures,
because the oxide layer may act as a passivation layer for the Cu film. The stress hysteresis of a
20um thick Cu film with and without formic acid cleaning is shown in Figure 4.9. The
measurement noise below approximately 500°C during cooling is induced by the large volume of
cold N, gas flow. The disparate tendency of two stress hysteresis curves is caused by the
removal of native oxide on the Cu film with the application of a formic acid treatment at 200°C
for 10 minutes. A significant difference in the film stress evolution is observed between the
sample treated with an in-situ formic acid cleaning at 200°C and the one that has no cleaning

treatment. Meanwhile, it is observed in Figure 4.10 that more grain grooves, boundaries and
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twins can be seen on the surface of the Cu film after formic acid treatment. It is believed that in-
situ acid treatment helps to remove the native oxide, thus the diffusion path via grain
boundaries to the free surface is not blocked anymore. Therefore, a reduced compressive stress
is expected at high temperature ranges as a strong stress relaxation mechanism such as diffusion

is effectively activated, as shown in Figure 4.9.
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Figure 4.9: Stress hysteresis of 20pm thick Cu film during a thermal cycle between room temperature and
600°C with a ramp rate of 30°C/min.

Figure 4.10: Optical microscopic images of the surface of 20pm thick Cu films. a) without formic acid
treatment; b) with formic acid treatment at 200°C for 10min.
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4.3 Characterisations

The other standard characterisation methods which are used in this work will be reviewed in
this part of the chapter, includeing brief descriptions of how to analyse the electrical property,

microstructure, grain size, and surface of thin films.

4.3.1 Sheet resistance measurement
Electrical resistance of a film, which normally refers to sheet resistance R, was measured with a

4-point probe [128]. The sheet resistance is defined as

R =X (4.8)
tf

where p is the specific resistivity of the film and ¢, is the thickness of the film. A 4-point probe

consists of 4 equidistant metal pins which are placed on the film. Current I flowing through the
two outer pins produces a voltage drop V between the two inner pins. If the film diameter is

larger compared to the dimension of the 4-point probe, the sheet resistance is obtained as [97]
R =—K;4.53% (4.9)

A commercial instrument (Omnimap) was used for sheet-resistance measurement. The applied
current was 200mA. The samples were 8-inch Cu-plated wafers. The measurements were
performed at 49 points evenly distributed over the wafer surface for each sample. At the end, the

average value and standard deviation of sheet resistance can be obtained for each sample.

4.3.2 Microscopic techniques

For the characterization of the microstructure and texture of Cu films, two different microscopic

techniques were used in this study, which will be presented in this chapter.

A. Focused ion beam (FIB) microscope

The FIB technique is usually used for such tasks as site-specific cross-sectioning for interfacial
microstructure studies, preferential removal of certain metals or oxides, semiconductor device

editing or modifications, site-specific TEM sample preparation, and grain imaging.

In this study, a FIB system (Micrion 9500, 30kev) was used. It uses a Ga+ ion beam to raster over

the surface of a sample. The generated secondary electrons are collected to form an image of the
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surface of the sample. The number of secondary electrons reaching the detector depends on the
channelling probability of the gallium ions in the grains, which results in a strong grain
orientation contrast. Grains with an open crystallographic orientation with respect to the
incident ion beam appear darker in the image. As a result, grain morphology can be readily
imaged without resorting to chemical etching. The grain boundary contrast can also be

enhanced through careful selection of imaging parameters.

The ion beam allows the milling of small holes in the sample at well localised sites, so that cross-
sectional images of any layered structure can be obtained. Ions can cut away (mill) material from
a defined area with dimensions typically in square microns. Milling is achieved by accelerating
concentrated gallium ions to a specific site, which etches off any exposed material, leaving a very
clean hole or surface. In this study, cross-sectional images were also made by sputter-etching a

hole into the film with 9pA ion beam where the tilting angle of specimens is 45°.

In this study, FIB is also used to prepare samples for transmission electron microscope (TEM).
The TEM requires very thin samples, typically of about 100 nanometres. Other techniques, such
as ion milling or electro-polishing can be used to prepare such thin samples. However, the
nanometre-scale resolution of the FIB allows the exact thin region to be chosen. This is vital, for
example, in integrated circuit failure analysis. If a particular transistor out of several million on a
chip is bad, the only tool capable of preparing an electron microscope sample of that single

transistor is the FIB.

B. Electron backscatter diffraction (EBSD)

EBSD is a microstructural technique used to examine the crystallographic orientation of
materials, which can be used to elucidate texture or preferred orientation of any crystalline or
polycrystalline materials. It is mainly applied to crystal orientation mapping, phase
identification, and grain boundary studies. Generally EBSD is conducted using a Scanning
Electron Microscope (SEM) equipped with a phosphor screen, compact lens and low light CCD
camera. All samples were investigated using a “XL30”-SEM from FEI (oil-free system), and the

“Channel 5” equipment and software from HKL (Oxford Instruments).

4.3.3 Quantitative microstructural analysis

Copper grain size and grain size distribution were determined with a computer program for
quantitative microstructure analysis (analySIS, Soft Imaging System GmbH) using digitised FIB
images. For grain size analysis, a series of FIB images with the respective tilt angles of 0°C and

45°C were taken of both a surface and cross-section area, respectively. Afterwards, the linear
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Chapter 4 — Experimental methods and developments

intercept method was adopted to acquire the value of the grain size and grain size distribution.
In this approach, a test pattern of lines of known length is randomly laid over a plane section,
and the individual intercept lengths across features of interest are measured. The data is ranked,

and then grouped into an arbitrarily determined number of size bins of set size increment.

4.3.4 Surface analysis

Surface roughness reflects the microstructure of the film in terms of grain size. The surface
roughness measurement was done with a digital holography microscope (DHM 1000 family,
from Lyncée Tec). Two inherent beams with slightly different propagation directions interfere
with each other and then form a hologram. The subsequent reconstruction of intensity and

phase with the use of Koala software gives the topography (3D) of the sample.
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5 Experimental results

The stress evolution of electroplated Cu films in the thickness range of 1.5um to 20pm measured
by the wafer curvature technique is presented in this chapter. The first part shows the stress
evolution at room temperature along with the change in microstructure and sheet resistance.
The second part shows the stress evolution at elevated temperatures, development of
microstructure, grain size, and surface roughness as a function of different annealing

temperatures.

5.1 Self-annealing of electroplated Cu films at room temperature

Recrystallisation of electroplated Cu films at room temperature, which is termed self-annealing,
is a very distinct phenomenon [104, 107, 129-131]. Microstructure evolution occurs during a
transient period of hours following deposition and includes an increase in grain size, change in
film stress and decrease in sheet resistance. The self-annealing process impacts upon
subsequent processing steps which may require expensive post-deposition treatments and
cause reliability impairment. A fundamental understanding of the self-annealing phenomenon is
of great scientific and technological importance in order to ensure the stability of

electrodeposited Cu metallisation.

So far, most research efforts have been devoted to electroplated Cu films with thicknesses
ranging from several hundred nanometres up to about 2um [129, 130, 132-141], but was
recently extended to studies on 70um thick electroplated Cu films [142, 143]. In these studies,
grain growth was observed during room-temperature annealing, accompanied by a continuous
relaxation of film stress and sheet resistance [129, 136, 140, 141]. The grain growth is believed
to be either induced by the initial high dislocation density triggering recrystallisation or by
surface segregation of impurities releasing the pinned grain boundaries [134-136, 144]. If the
stress is initially compressive [136, 145], grain growth and annealing of defects will cause stress
reduction. However, for films which are initially under tensile stress after deposition [129, 133,
140, 141], grain growth would increase the tensile stress and therefore cannot explain a stress

decrease. In such cases other mechanisms must be active, as discussed in this chapter.

In the present study [ focused my attention on the onset of stress relaxation for the film
thickness range 1.5pm to 20pm which, to the best of our knowledge, has not yet been
investigated. In this thickness regime, the grain size should span from approximately 50nm
directly after deposition to the dimensions which are finally comparable to the film thickness

after the grain growth. For this change in grain size a strong size effect in plasticity should exist,

-50-



Chapter 5 — Experimental results

which might shed new insights into the self-annealing phenomenon of electroplated Cu films. In
addition, the investigated thickness range of the electroplated Cu films covers the relevant
thickness as used in power devices with their high demand on current capacity and heat

dissipation [146].

5.1.1 Stress evolution

In order to determine the film stress evolution of electroplated Cu films at room temperature,
the wafer curvature was monitored using a capacitance method, starting from 30 minutes after
film deposition to about 100 hours. The stress curves of electroplated Cu films with different

thicknesses are presented as a function of time.
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Figure 5.1: Film stress of 1.5um thick Cu film decreases constantly during room-temperature
annealing, while the film stress of the 3 and 5um thick Cu films decreases within ~50hr and
subsequently saturates after ~70hr, where the measurement was terminated.

The evolution of the film stress for1.5-5um Cu films is summarised in Figure 5.1. The average
film stress was determined by the wafer curvature measurement based on the capacitance
method. Each stress measurement was repeated 5 times and the average value is plotted. The
error bar of film stress is determined by the deviation percentage of each measurement value to
the average value. Initially, all films exhibit a tensile stress. The initial stress differs largely from
~37MPa to ~95MPa, depending on the film thickness. The thinner film shows a higher initial
stress. As time elapses, stress continuously decreases in all the films. At the end of this
experiment, the stress value of 3pm and 5um thick Cu films is almost equal with respect to the
residual stress, while the film stress of 1.5um thick Cu films still has relatively much higher

residual stress value after a measurement time of about 73 hours. The total reduction of the film
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stress of each film during measurement is also film thickness-dependent. The thinnest film
(1.5pum) shows the maximum stress relaxation, while the 5pm thick Cu film shows a relatively

flat tendency of stress relaxation.
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Figure 5.2: Film stress of 8-20um thick Cu film increases until about 12 hours after deposition and
then decreases or stagnates.

The evolution of the film stress for 8-20um thick Cu films is summarised in Figure 5.2.
Surprisingly, their tendency of film stress evolution is quite different compared with thinner
films. Initially, all films exhibit a tensile stress. The initial stress differs from ~7MPa to ~22MPa
depending on the film thickness. The thinner film shows a higher initial stress. After some time
has elapsed, the stress in all the films first shows an increase and subsequently decreases
considerably or stagnates, depending on the film thickness. The peak value of stress for all the
Cu films occurs at ~700min after measurement starts. After ~1500min, the stress value of 8-
15um thick films begin to stagnate, while for the 20pum thick Cu film the stress stagnates as soon
as it reaches the peak value and no remarkable decrease of the stress is observed. At the end of
this experiment, the film stress of all Cu films has an almost equal residual stress value.

Nevertheless, the final residual stress still shows an inverse relation to film thickness.

The above results clearly show an influence of the film thickness on the stress evolution. This
becomes even more evident when comparing the stress-time evolution of all the films in the
total designed thickness range from 1.5 to 20um (Figure 5.3). All films are under tensile stress.
Thin Cu films (1.5-5um) have relatively high initial stress (>~35MPa) compared to thick Cu
films (8-20um, <~21MPa). The evolution of the film stress with time shows a disparate tendency

between these two groups:

-52 -



Chapter 5 — Experimental results

i) “thin” films with the thickness of 5pum and below;

ii) “thick” films with the thickness of 8um to 20pum.
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Figure 5.3: The film stress evolution of electroplated Cu films (1.5-20pum).

The tensile stress of thin films continues to decrease with time, while for thick Cu films the stress
first increases and subsequently, after ~700min, begins to decrease or stagnate, depending on
the maximum stress value. It is also worth noting that within the first ~200min, 8-20um thick
Cu films exhibit an incubation period, where the stress remains rather constant, while this is not
observed for thin Cu films. The film stress has been re-measured after ~4 months to detect the
saturation. Finally, the tensile stress values of all Cu films stagnate at a certain stress value,
which is determined by the film thickness (grain size). Thicker films reveal a lower final residual
stress than thinner films. Interestingly, the initial film stress also shows an inverse relationship

to film thickness.

The initial and final residual stress was extracted for each film thickness and is plotted as a
function of the inversed film thickness in Figure 5.4. This indicates clearly the linear dependence

of initial and final residual stress on the inverse film thickness.
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Figure 5.4: The initial stress and final residual stress vs. the inverse film thickness. A quasi-linear
dependence is observed for both stresses.
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Figure 5.5: Stress change is plotted vs. film thickness, which shows an exponential tendency.

Depending on the film thickness, the stress change which is defined as the value of final residual
stress deducted from initial stress differs. In order to show it more clearly, the stress change is
plotted as a function of film thickness in Figure 5.5. The amount of stress change decreases
exponentially according to the increasing film thickness. The significant stress change occurs
only in thinner films (1.5-5um). For thicker films (8-15um), the amount of stress change
fluctuates near zero, though we observed that the stress evolution shows a stress peak. For
20pm thick Cu film, the amount of stress change is slightly raised, though it nearly enters into

the saturation phase.
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5.1.2 Sheet resistance evolution

For the sheet resistance change with time, three regions are observed as presented in Figure 5.6.

I) Within the first ~500min, all Cu films, irrespective of their thickness, exhibit a period of
weakly decreasing sheet resistance, which in the literature is often referred to as an
incubation period [135, 136, 147]. A small drop (<1%) of the sheet resistance for all Cu

films can be observed.

1) A noticeable decrease of sheet resistance occurs, which is termed the transient region.
The transient time depends on the film thickness. For the 1.5pm thick Cu film, no

stabilisation is achieved within 4500min.;

I1I) The sheet resistance has been measured again after 4 months, indicating a stagnation of

the normalised sheet resistance.

—v—15um
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normalized sheet resistivity (Rs/R0)
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Figure 5.6: Sheet resistance evolution of electroplated Cu films (1.5-20um). The dash-pointed line for the
1.5um thick Cu film connects the data points of ~4500min and ~4 months. I) incubation phase; II)
transient phase; III) stagnation phase.
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This general behaviour leads to converging of normalised sheet resistance vs. time curves for
film thicknesses of 5um and larger, which results in a decay of ~20%. In contrast to that, region I

and II are smoother for the 1.5pum and 3um thick film compared to 5pm and thicker films.
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Figure 5.7: Transient time is plotted vs. film thickness. Transient time is defined as the time period of the

sheet resistivity decrease as shown in the region Il in Figure 5.6..

[ ]

o

<D 2

%)

=

I

e}

]

(@)

[

©

S

- [ ]

2! N

=

ﬁ [ )

2 .

— \.

8 \o
= T e

0 T T T T T
0 5 10 15 20

film thickness (um)

Figure 5.8: Sheet resistance change is plotted vs. film thickness.

The transient phase represents the kinetics of the self-annealing of Cu films. Therefore, it is

meaningful to plot the transient time as a function of film thickness explicitly, as done in Figure
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5.7. The transient time is defined as the time period of sheet resistivity decrease which is
illustrated in the region Il for the various films shown in Figure 5.6. For the Cu films below a film
thickness of 5um, the transient time strongly depends on film thickness. The transient time
dramatically increases in relation to the decrease in film thickness. As one can see in Figure 5.7,
the 1.5pum thick Cu film needs a significantly longer transient time before the sheet resistance
reaches saturation. For Cu films above a film thickness of 5um, the transient time is fairly

similar.

The overall change of the sheet resistance is also plotted as a function of film thickness in Figure
5.8. The sheet resistance change is film thickness-dependent, too. The sheet resistance change

decreases with increasing film thickness and reaches stagnation above the film thickness of 8um.

5.1.3 Microstructure characterisation

In order to correlate microstructure changes with the evolution of the sheet resistance and film
stress, FIB images have been taken and are shown in Figure 5.9. The first FIB image taken 2
hours after deposition reveals a fine globular grain structure with an average grain size of
105nm. A cross-section has been cut in the film which is imaged at a tilt angle of 45° in order to
resolve the surface and cross-section. Note that the coarse grains which have formed at the
intersection of the film surface and cross-section are due to the FIB ion bombardment, which
provides local energy for grain growth. These grains were neglected when calculating the mean
grain size. After 20 hours, a significant change in grain size has occurred. The grains which
frequently contain twins now have a bimodal grain size distribution with average grain sizes of
either ~190nm or ~1000nm. Note that at the Cu/substrate interface, a ~300nm thick region of
fine grains (~105nm in size) still exists. After 44 hours, all fine grains have been consumed by
large grains. Some of the grains (columnar grains) extend through the complete thickness but
contain twins. The coexistence of columnar grains and twins again leads to a bimodal grain size

distribution of ~220nm and ~1300nm, exceeding the bimodal grain sizes after 20 hours.
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Figure 5.9: Microstructure evolution of a 3um thick Cu film, imaged with FIB using secondary electrons.
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Figure 5.10: Microstructure evolution of an 8um thick Cu film.

Twin grains
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Figure 5.11: Microstructure evolution of a 20um thick Cu film.

FIB images of the 8um (Figure 5.10) and 20pum thick Cu films indicate, as in the case of the 3um
thick film (Figure 5.9), that coarse grains form at the surface and then proceed towards the
film/substrate interface, with large grains growing at the expense of smaller grains. The grains
with the long and narrow strip shape embedded in the large grains are called twins. Twin grains
are oriented in a definite, symmetrical way such as a mirror image of the parent crystal. In
Figure 5.9-5.11, annealing twins are very noticeable. The energy of annealing twin boundaries is
about 5% of the average grain boundary energy [148]. Most FCC metals such as copper form

annealing twins.

In Figure 5.12, grain size distribution for 3pum electroplated Cu films is plotted. The data is
deduced from the FIB images in Figure 5.9 with the linear intercept method which is well known
and widely used to determine grain size in a microstructure by measuring the number of grains
per unit length intersected by a number of randomly placed straight lines. The grain size is then
equivalent to the mean lineal intercept length. Before grain growth begins, most grains are fine
grains which are smaller than 200nm. As soon as grain growth begins, a bimodal grain size
distribution is observed which is clearly shown from the grain counts of 20hr and 44hr images.
There are small grains (<500nm) as well as large grains (>500nm) coexisting in the Cu film.
Based on the linear intercept method, the average grain size at each stage for different Cu films

can be obtained and plotted, as in Figure 5.13.
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Figure 5.12: Grain size distribution of a 3um electroplated Cu film during grain growth.
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Figure 5.13: Average grain size of 3, 8 and 20um electroplated Cu films at 2hr, 20hr and 44hr after
deposition.

5.2 Thermo-mechanical response of electroplated Cu films at elevated
temperatures

Thermo-mechanical properties of materials are known to be highly influenced by
microstructure, in particular by the grain size. Earlier studies usually examined electroplated Cu
films that were thinner than 2um [140, 149-154]. Our study therefore aims to extend this
knowledge to thicker films up to 20um. In this thickness regime, where microstructure differs
according to various annealing temperatures, different deformation mechanisms are expected

and need to be investigated [65, 143].
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This study was conducted with electroplated Cu films with the thickness of 1.5-20um. The
electroplating deposition was applied at room temperature and none of the films had any
thermal treatment after deposition, but were simply stored at room temperature for more than
2 months. The stress data is acquired by using Stoney’s equation based on the measured wafer
curvature data. The curvature data is captured at the centre of the wafer within an approximate
lcm x 1lcm area, simultaneously during temperature cycles. The multiple laser technique is
applied. The concrete measurement approach has been discussed in Chapter 3.3.2. In this way,
this real-time measurement ensures that the obtained stress value corresponds to the real
temperature. A precise comparison of the stress evolution of all these films with different
annealing temperatures will shed new light on the deformation mechanisms and size effects in

thin films.

The chapter will be divided into three sections. In the first part, the stress-temperature curves
are presented. The second part will be dedicated to the microstructure analysis of all films using
the FIB technique. Finally, surface roughness will be described in order to provide a greater

insight.

5.2.1 Stress hysteresis during thermal annealing

In this section, stress-temperature curves of electroplated Cu films with different thicknesses at

different maximum annealing temperatures will be presented.

In Figure 5.14, stress hysteresis of 20pm thick Cu films is shown. Each annealing cycle with a
specific maximum annealing temperature was carried out with a 20um thick Cu film which was
stored for more than 2 months at room temperature after film deposition. The temperature
ramp rate of all annealing cycles is 30°C/min. At the onset of the experiment, all films exhibit a
tensile initial stress. The stress decreases linearly with a slope of 2.0MPa/K upon heating. In this
segment, thermal strain is accommodated predominantly by elastic deformation. The apparent
non-linearity of the curve which starts to depart from that of the thermo-elastic line at about
100°C indicates plastic yielding. It finally reaches a maximum compressive stress of 115MPa at
about 150°C. Similarly, the thermo-elastic segment is observed at the beginning of cooling.
However, the length of the thermo-elastic line decreases by increasing the maximum annealing

temperature. During cooling, plastic deformation happens in the tensile stress region.
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Figure 5.14: Stress hysteresis curves of 20um Cu films with various maximum annealing temperatures.

The curves of 20pm thick Cu films in Figure 5.14 exhibit several characteristic features:

I

il.

iil.

iv.

during heating from 150°C to 425°C, a significant stress decrease of about 85MPa is

observed;
the discontinuity of the curves (inflexion point) occurs around 425°C;
the stress reaches a plateau of about -30MPa after the inflexion temperature point;

the residual stress differs according to the different maximum annealing

temperature.

For 1.5pm thick electroplated Cu films, the same annealing experiments have been carried out

and the results are shown in Figure 5.15. A thermo-elastic segment is also observed at the

beginning of the heating regime. The film stress decreases linearly with a slope of 2.5MPa/K,

which is slightly larger than that of 20um thick Cu films. The onset of plastic yielding occurs at

approximately 100°C and the maximum compressive stress reaches 200MPa at 175°C. With

further heating, a continuous and large stress decrease of 150MPa is also noticeable. There is no

stress plateau observed at a high temperature regime. The inflexion temperature point occurs at

approximately 270°C, much lower than that of 20um Cu films. Again, large residual stress
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variations among the different maximum annealing temperatures are observed at room

temperature after each thermal annealing cycle.
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Figure 5.15: Stress hysteresis curves of 1.5um Cu films with various maximum annealing temperatures.

When comparing stress-temperature curves for different Cu film thicknesses samples in Figures
5.14-5.20, a strong film-thickness effect is observed on the strength of the films as well as on the
shape of the stress-temperature curves. The initial stress at the onset of heating increases in
relation to a decrease in film thickness. However, this size effect is not observed for the stress
upon yielding and the stress at 600°C. Upon heating, stress curves exhibit a plateau above 450°C
and 400°C in Cu films with the thickness of 15pm and 20um, respectively. In contrast, there is no
stress plateau observed in the thinner Cu films. Apparently, the discontinuity of the stress curves
(inflexion point) occurs at approximately 270°C and 340°C in 1.5pm and 3um Cu films,
respectively. Similarly, the inflexion point appears at approximately 450°C and 400°C in 15um
and 20um Cu films before the stress curves enter into the plateau region. Surprisingly, for other

Cu films (5pum-10pum), there is no inflexion point observed during the heating period.
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Figure 5.16: Stress hysteresis curves of 3um Cu films with various maximum annealing temperatures.
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Figure 5.17: Stress hysteresis curves of 5um Cu films with various maximum annealing temperatures.
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Figure 5.18: Stress hysteresis curves of 8um Cu films with various maximum annealing temperatures.
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Figure 5.19: Stress hysteresis curves of 10um Cu films with various maximum annealing temperatures.
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Figure 5.20: Stress hysteresis curves of 15um Cu films with various maximum annealing temperatures.

5.2.2 Microstructural evolution

The grain structure of Cu films was characterised using the FIB technique. In the FIB
micrographs, grains are identified by different grey scales due to the different crystallographic

orientation towards the primary ion beam of the FIB.

The grain structures of a cross-section of 20um thick electroplated Cu films with different
maximum annealing temperatures are shown in Figure 5.21. As is evident from these FIB
images, there is a significant grain growth from 25°C to 600°C. In Figure 5.21(a), the whole film
is occupied by coarse grains in which twins are embedded. In Figure 5.21(f)-Figure 5.21(h), it is
interesting to note that 2-3 grains align along the film in a vertical direction. Until 500°C, large
columnar grains penetrate through the whole film thickness with few twins embedded, as

shown in Figure 5.21(i).
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f) 400°C T

Figure 5.21: FIB micrographs showing the grain structure of the cross-section of 20pm electroplated
Cu films at room temperature (a) and after annealing cycles up to 200°C-400°C (b-f). The tilt angle of
the sample is 45°. The silicon substrate appears black.
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Figure 5.21: FIB micrographs showing the grain structure of the cross-section of 20pm electroplated Cu

films after annealing cycles up to 415°C-600°C (g-j).
substrate appears black.

The tilt angle of the sample is 45°. The silicon

The topography of the films was also studied using the FIB technique. The FIB images in Figure

5.22 show the grain structure at the surface of 20um electroplated Cu films annealed at different

temperatures. In Figure 5.22(a), the Cu film shows a very high incidence of twinning. Grain

growth is visible from 200°C up to 600°C. Twins exist during the whole temperature range.

Grooves are also visible at some grain boundaries. Annealing hillocks are not observed.
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Figure 5.22: FIB micrographs showing the grain structure of the surface of 20pum electroplated Cu
films after annealing cycles up to 200°C-415°C (a-f). The sample tilt is 0°.
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Figure 5.22: FIB micrographs showing the grain structure of the surface of 20um electroplated Cu films
after annealing cycles up to 450°C-600°C (g-i). The sample tilt is 0°.

Similarly, microstructure characterisation of 1.5 and 5um thick Cu films has been done by FIB
technique. The surface and cross-section images can be found in Figure 5.23-5.26. Significant
grain growth with increasing annealing temperatures is also observed in both of these films.
Interestingly, columnar grains have already penetrated through the whole thickness of 1.5um Cu
films at a low annealing temperature of 200°C. In contrast to that, 5um thick Cu films have
columnar grains dominant in the film until annealed at 500°C. In both films with the annealing
temperature above 500°C, a dense oxide, which appears dark at some grain boundaries (mostly
at grain grooves), as well as a few faceted protrusions can be seen in these FIB images. It appears
that the thinner film has the more severe oxidation at high temperatures as the oxidation region

is larger and more obvious.
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Figure 5.23: FIB micrographs showing the grain structure of the cross-section of 1.5um electroplated
Cu films after deposition at room temperature (a) and after annealing cycles up to 200°C-400°C (b-f).
The tilt angle of the sample is 45°. The silicon substrate appears black.
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Figure 5.23: FIB micrographs showing the grain structure of the cross-section of 1.5um electroplated Cu
films after annealing cycles up to 500°C (g) and 600°C (h). The tilt angle of the sample is 45°. The silicon
substrate appears black.

Figure 5.24: FIB micrographs showing the grain structure of the surface of 1.5um electroplated Cu
films after deposition at room temperature (a) and after annealing cycles up to 200°C-300°C (b-d).
The sample tilt is 0°.
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Figure 5.24: FIB micrographs showing the grain structure of the surface of 1.5pm electroplated Cu films
after annealing cycles up to 350°C-600°C (e-h). The sample tilt is 0°.

b)

Figure 5.25: FIB micrographs showing the grain structure of the cross-section of 5um electroplated Cu

films after deposition at room temperature (a) and after annealing cycle up to 200°C (b). The tilt angle
of the sample is 45°.
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Figure 5.25: FIB micrographs showing the grain structure of the cross-section of 5pm electroplated Cu
films after annealing cycles up to 300°C-600°C (c-f). The tilt angle of the sample is 45°.

Figure 5.26: FIB micrographs showing the grain structure of the surface of 5um electroplated Cu films
after deposition at room temperature (a) and after annealing cycle up to 200°C (b). The sample tilt is
0°.
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Figure 5.26: FIB micrographs showing the grain structure of the surface of 5um electroplated Cu films
after annealing cycles up to 300°C-600°C (c-f). The sample tilt is 0°.

Based on the FIB images of the film surface in Figure 5.22, 5.24 and 5.26, the average grain size
of the 1.5, 5 and 20pm Cu films at each annealing temperature can be calculated with the linear
intercept method. Twins are counted as grains. The average grain size of 1.5, 5 and 20pum Cu
films is summarised in Table 5-1 to Table 5-3 and plotted in Figure 5.27. The initial grain sizes in
these films at room temperature are quite similar, which is about 400nm. Increase in
temperature increases the average grain size. Below 400°C, the grain sizes among these three Cu
films are quite similar. Starting from 400°C, the divergence of grain size development appears.
The average grain size increases much faster in 20pm thick Cu films than in 1.5um thick Cu films.
At 600°C, 20pm thick Cu films end up with an average grain size of about 13um, while 1.5pm
thick Cu films have a final grain size of about 1.4pum. It must be noted that the actual grain size at
each temperature should differ from the ones measured in the FIB images, because the FIB is
done after each annealing cycle. Therefore, the measured grain size is larger than the actual

grain size due to the longer tempering time in the chamber.
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Table 5-1: Grain size in 1.5pm Cu films

Temperature (°C) 25 200 250 300 350 400 500 600
Average grain size (um) 0.44 0.44 0.50 0.66 066 0.78 097 1.4
Number of accounted grains 468 579 774 595 546 502 405 583
Table 5-2: Grain size in 5pm Cu films
Temperature (°C) 25 200 300 400 600
Average grain size (um) 0.57 0.58 0.8 1.6 2.9
Number of accounted grains 473 460 338 493 228
Table 5-3: Grain size in 20um Cu films
Temperature (°C) 200 250 300 350 400 415 450 500 600
Average grain size (um) 039 048 053 064 13 1.1 4.8 7.1 12.7
Number of accounted grains 124 185 147 122 95 111 126 211 119
14 +
.
12 A
\Eg 10 A
o ¢ 20um ®m5um A 1.5um
‘» 8 A
= 4
< .
(o))
5 )
CREP “
L N N A
L g o U o A
0 100 200 300 400 500 600 700

temperature (°C)

Figure 5.27: Average grain size of electroplated Cu films with the thicknesses of 1.5, 5, and 20um after

annealing cycles.
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5.2.3 Surface roughness evolution

Typically, surface roughness represents the topography of a surface. It is usually quantified by
the vertical deviations of a real surface from its ideal flat form. If these deviations are small, the
surface is smooth, and vice versa. Since surface roughness reflects film microstructure, it is
therefore closely related to the grain size of a film. Literally, grain size increases alongside the
increasing surface roughness. In our measurement, a 0.5mm x 0.5mm area on the Cu film surface
is selected for an analysis of roughness using a digital holography microscope. Each data point
presented is the average value of 15 individual measurements taken over the same selected
area. Finally, the surface roughness of 5, 15 and 20um thick electroplated Cu films under
different annealing temperatures is determined. There are many different roughness
parameters in use [36]. Here, the maximum height of the surface (St) is used to represent
surface roughness, as shown in Figure 5.28. The other common parameters of surface
roughness, the average of absolute values (Sa) and the root mean squared values (Sq), are

plotted in Figure 5.29 and Figure 5.30.
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Figure 5.28: Surface roughness St of 5, 15, and 20um thick electroplated Cu films with different
annealing temperatures.
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Figure 5.29: Surface roughness Sa of 5, 15, and 20pum thick electroplated Cu films with different
annealing temperatures.
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Figure 5.30: Surface roughness Sq of 5, 15, and 20um thick electroplated Cu films with different
annealing temperatures.

In the above figures, it is observed that the surface roughness remains constant and almost equal

for all the films until 300°C. Afterwards, surface roughness increases dramatically up to 400°C.

Towards the end, surface roughness slightly shows a plateau. The whole tendency of surface

roughness development is consistent with the evolution of the grain size in Figure 5.27.

-77 -



Chapter 6 — Discussion

6 Discussion

The dominant mechanisms which are responsible for the stress evolution of electroplated Cu
films at room temperature are discussed in this chapter. Furthermore, in order to verify the
proposed competing mechanisms, existing models have been implemented and improved for the
simulation. The analytical modelling results agree well to experimental data. In the second part
of this chapter, the mechanical properties of Cu films at elevated temperatures have been

analysed and the possible mechanisms which may drive this stress evolution are described.

6.1 Stress evolution of electroplated Cu films at room temperature

Two different film thickness regimes are identified from the stress-time curves in Figure 5.3.
Therefore, both regimes will be discussed and possible mechanisms for the different behaviours
will be proposed.

The continuous decrease of stress in thin Cu films (1.5pm-5pm) in Figure cannot be directly
explained by grain growth. It is speculated that dislocation plasticity causes stress reduction, as
outlined below. As the initial stress is relatively high for thin Cu films, dislocation glide can be
activated immediately after deposition and becomes increasingly easier due to grain growth.
Stress decrease terminates when the flow stress of the final microstructure, which is film-
thickness dependent, has been reached. The stress evolution of thick Cu films (8um-20um) is
more complex, as shown in Figure 5.2. As the initial stress is relatively low and the grain size is
small, dislocation glide cannot be activated immediately after deposition. This correlates well
with FIB images (Figure 5.11), which implies that there are no distinct microstructure changes
during the first 120 minutes after deposition. Then grain growth starts causing a stress increase
after about 200 minutes’ incubation phase for the 8um-20um thick electroplated Cu films. Grain
growth leads to an annihilation of excess volume by reducing the amount of grain boundaries
and this induces film shrinkage. This gives rise to tensile stress if the film remains bonded to the
substrate. As shown in Figure 5.9-5.11, grain growth clearly occurs during self-annealing. The
coarsening starts with the growth of a few grains which consume the surrounding fine-grained
matrix until the large grains meet and the fine-grained matrix is completely consumed. Along
with grain growth, the tensile film stress increases until it becomes high enough to activate
plasticity yielding. As a consequence, both grain growth and plasticity superimpose during stress
evolution. The global stress decreases when the effect of dislocation plasticity becomes more

prominent than that of grain growth. This is the case for 8um and 10um thick Cu films. For 15
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and 20um thick films the peak stresses are so low that dislocation glide and grain growth
counterbalance each other. One should be aware that grain growth also happens for the 1.5-5um
Cu films. However, no stress increase is observed during room-temperature annealing since the
initial stress is so high that relaxation by dislocation plasticity is more prominent than the stress

increase induced by grain growth.

a)

Figure 6.1: Illustration of the microstructure evolution. Dashed lines indicate twins. a) Only fine grains
exist in the film after deposition, coupled with a high density of impurities and dislocations. Impurities pin
at the grain boundaries; b) Impurities segregate to the film surface and/or film/substrate interface, thus
releasing the grain boundaries. Grain growth starts and finally reaches the film/substrate interface region.
Meanwhile, dislocation glide can be activated; c) Grain growth terminates. Dislocation density is reduced
because dislocations glide across the grains and are incorporated into the grain boundaries.

Figure 6.1 illustrates these processes. The as-deposited films are defect rich as a result of the low
deposition temperature process and Cl, S and C impurities [135] coming from the electrolyte
bath. The incubation time may be caused by the segregation of impurities via the grain
boundaries to the film surface and/or film/substrate interface as sketched in Figure 6.1a and
Figure 6.1b. Then, Ostwald ripening [104, 147] can set in, with grain growth starting at grains

where grain boundaries are released first by surface and interface segregation of impurities
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(Figure 6.1a-Figure 6.1c). It implies that the stress itself is not the only driving force for self-
annealing. Otherwise the thicker film would not anneal so rapidly. The driving force for room-
temperature grain growth originates from the minimisation of the total energy of the system. In
the existing literature, a large variety of energies, such as strain energy, grain boundary energy,
surface/interface energy, dislocation energy and stacking faults energy are assumed to be
involved in this process [104, 132, 134, 140, 144, 147]. For example, Harper [104] presented a
model which is based on grain boundary energy in the fine-grained as-deposited films providing
the underlying energy density which drives abnormal grain growth. Weihnacht [132] calculated
the energy gain per unit volume due to the annihilation of lattice defects such as grain
boundaries, dislocations, and vacancies in Cu metal and identified the ground boundary energy
as the decisive driving force of self-annealing. Lee [144] also demonstrated that electroplating
produces a large amount of intrinsic stress induced by the formation of dislocation loops and
increases the total energy stored in Cu films. Detavernier [147] suggested that apart from the
grain boundary energy, other possible effects related to the surface energy, strain energy, and
especially dislocation energy also contribute to the driving mechanism of self-annealing The
existence of a high density of defects, mostly impurities, dislocations and grain boundaries
introduced by room-temperature electroplating, are considered to be the main sources for large
amounts of energy stored in the as-deposited fine grains of electroplated Cu films [132, 140,

144].

It is believed that, due to the shorter total deposition time, a higher defect density for thinner
films evolves, leading to the higher initial stress when compared to thicker films where some of
the defects are already annihilated during the longer deposition time. This could explain why the
initial stress decreases with increasing film thickness, i.e. the deposition time. Moreover, the
“zipping” process which refers to the coalescence of grain boundaries could also be responsible
for the film thickness dependence of the initial stress. It can be speculated that the grain size
increases slightly with deposition thickness, leading to lower initial film stresses by grain
boundary “stretching” for thicker films. However, due to the resolution limit of FIB imaging
(~50nm in our case), possible grain size difference for different film thicknesses could not be
resolved. The grain size evolution starts with a small fraction of grains which grow with time,

while other grains start to grow at a later stage, leading to a bimodal grain size distribution.

The sheet resistance is determined by electron scattering at defects in the film such as
impurities, dislocations and grain boundaries. The annihilation of defects reduces the sheet
resistance. Similar to stress evolution, different regimes are observed and can be explained by
the same mechanisms. During the first ~400min, the sheet resistance decreases slightly (<1%),
because impurity scattering is reduced by diffusion and coalescence of impurities at grain

boundaries (see Figure 6.1a). Segregation of impurities to the surface and interface unpins the
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grain boundaries leading to grain growth (see Figure 6.1b), which correlates well to the regime
Il in Figure 5.6 that shows a dramatic decrease of normalised sheet resistance caused by the loss
of electron scattering sources (i.e. grain boundaries). During this transient regime a size effect is
observed. The transient time depends on the film thickness and increases in time for thinner
films. This becomes especially obvious for the 1.5um and 3um thick Cu films, while for the 5-
20pm thick Cu films the transient time is rather constant. Comparing the evolution of sheet
resistance in Figure 5.6 with film stress evolution in Figure 5.3 and the microstructure
investigations in Figure 5.9-5.11, it can be concluded that regime II depends on grain growth
(annihilation of grain boundaries) and dislocation plasticity (decreasing dislocation density due
to the stress evolution and stress relaxation). It is well known that electroplated Cu films can
initially have a high dislocation density (1012-103cm-2) [147], which will decrease with their
annihilation at grain boundaries during yielding and grain growth. Finally, the sheet resistance
stagnates in regime III where grain growth and stress relaxation have terminated. This
demonstrates that grain growth and dislocation glide not only affect the stress evolution during

room-temperature annealing but are also reflected in the sheet resistance evolution.

6.2 Modelling of stress evolution at room temperature

To date, most of the research regarding the self-annealing of electroplated Cu films has been
devoted to the analysis of mechanisms and kinetics [130, 132-134, 137, 138, 142-144]. Very few
publications can be found which present modelling results regarding the self-annealing effect.
For example, Stagl [155] developed a phenomenological model to predict the self-annealing
kinetics for electroplated Cu thin films with respect to sheet resistivity evolution. It was assumed
that recrystallization plays a key role in microstructure evolution. The model can be used to
describe the recrystallization fraction of Cu films with a thickness of 0.75-2um and predict how
long it will take to reach recrystallization saturation. However this model does not give any
further insights in terms of mechanical aspects of Cu films due to self-annealing. Alternatively,
Harper [104] and Lee [156] proposed a model based on Chaudhari’s theory which explains the
stress evolution due to grain growth, assuming a grain boundary density less than that of a
perfect lattice and calculating the strain accumulated in the film by estimating the change in
volume associated with the loss of grain boundaries. Using this model, the tensile stress increase
can be calculated for electroplated Cu films with a thickness of 1um, and the results correlate
well with experimental observations to a certain extent, which exhibit a continuous increase of
biaxial stress in tension and no stress relaxation during self-annealing. However, it was observed
in my study that the stress evolution not only shows an increase in tensile direction but also in

stress relaxation. Therefore, the proposed grain growth model [104, 156] alone is no longer
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sufficient to accurately calculate stress evolution. The stress prediction model needs to be
extended, by incorporating a dislocation plasticity model which additionally induces a stress
relaxation mechanism. In addition, it is also necessary to incorporate a grain growth rate model
in order to directly trace stress evolution over time. The purpose of the following work is to
develop a comprehensive numerical model which combines the mechanisms of stress increase
and decrease of electroplated Cu films with the stress development rate, paving the way to

predict complex stress evolution in a time domain at room temperature.

6.2.1 Tensile stress increase due to the loss of grain boundary volume

The evolution of biaxial stress in the film is associated with microstructure development in the
self-annealing. The loss of grain boundary volume during grain growth induces shrinkage of the
film volume. If the film remains constrained to the substrate, it causes an increase in tensile
stress. Grains can grow against the development of tensile stress during self-annealing because
the reduction of grain boundary energy is large enough to overcome the increase in strain
energy during grain growth. Harper [104] observed stress evolution of 1um Cu film, initially
starting from -45MPa (compressive stress) and stagnating at near zero, which shows stress
increase of 45MPa in tensile direction. Similarly, Lee [144, 156] also investigated the stress
evolution of 1um Cu films but developed this further with respect to electroplating of various
current densities. It was found that the initial stress after deposition is ~-40MPa and the overall
stress increase in tensile direction ranges from 40-120MPa, depending on the current density of
the electroplating. Both Harper and Lee used Chaudhari’s theory to model the tensile tress

increase of electroplated Cu films during self-annealing.

Chaudhari presented a model which explains the stress development due to grain growth [157].
It calculates the strain in the film by estimating the change in volume associated with the
coalescence of grain boundaries. Usually atoms in a crystal lattice are more intensely packed
than in grain boundaries. Therefore, the atomic density of a film is increased by the absence of
grain boundaries. The shrinkage or densification of the film by elimination of the grain
boundaries generates stress in the film. In other words, grain growth is a process of atomic
rearrangement which leads to the development of biaxial stress in a film. This stress always
develops in the tensile direction. The density of a region containing a grain boundary is usually
lower than that of a region containing no boundary. Assuming a grain boundary parameter o
(0< a <1), the boundary region has the same density as the grain ifa =0, and a monolayer of

atoms is missing in the boundary if @ =1. Hereby the grain boundary parameter & can be
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. w-—a
defined as o =

in terms of the grain boundary width w and the atomic diameter a. When
a

grain growth begins, two boundaries coalesce to generate a single boundary. Thus, the elastic

distortion in the film due to grain growth can be given by 2w —-(w+a)=w-a=caa.

Considering a thin film that has an average grain size Ly in the as-deposited condition, and
assuming the grains grow to final grain size L, the total elastic strain associated with grain

growth is:

aal 1 1
Aggg 27(7—zj (61)
0

Then the total change of biaxial stress associated with grain growth is given by

to, =E pp - E caf 1 1 (6.2)
“ o 1-v ¥ (1-v) 2\L, L

where 4o, is the stress increase induced by grain growth, E is the elastic modulus of the film, v

is the Poisson’s ratio of the film, and a is the bulk atom layer spacing (0.36148nm) [157].

If it is assumed that original and final grain size are 135 and 370nm, respectively, the total stress
increase calculated is about 25MPa which is plotted in Figure 6.2. It must be pointed out that the
value of the grain boundary parameter « can vary with the deposition conditions, such as
electrolyte composition or current density [156]. Moreover, grain growth and coalescence of
grain boundaries are not homogeneous over the film, as seen in Figure 5.9-5.11. Based on the
actual local values over the film, it is very difficult to set the global & value accurately. In our
model, it is assumed that ¢ is the average over transformed and untransformed grains and is
estimated as 0.12 based on the best fitting, which is very close to the value of 0.15 found by
Cabral [154]. In comparison, Lee [156] and Jiang [158] used 0.55 and 0.68 respectively as the

values of the grain boundary parameter.
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Figure 6.2: Stress increase due to grain growth, calculated by Chaudhari’s model. Original grain size is
135nm. (E=121GPa, v=0.33)

6.2.2 Grain growth rate

As Chaudhari’s model describes stress evolution as a function of the grain size, it also needs an
intermediate model which introduces the grain size development as a function of time elapsed
so that the stress evolution can be correlated with time. Doerner and Nix (1988) have

successfully developed such a grain growth model to describe the rate of grain size development

[64].

There are two major contributions to the total energy Eowi of a film during grain growth. One is
the grain boundary energy Eg, and another is the elastic strain energy We;. Therefore, Etmican

be written as follows:

Epu =E, +W, (6.3)

total

As grain growth proceeds, the grain boundary energy reduces due to the decrease in grain
boundary area, whereas elastic strain increases because of accumulated stress and strain in the

film.

The grain boundary energy is given by [64, 157]:
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E = — .
=7 (64)

where y is the grain boundary energy per unit area, L is the average grain size, and S is the

geometrical factor determined by the shape of the grains. £ has a value of 2 if grains have a

square cross-section, a value of 3 for grains with a circular cross-section and amounts to 4/ V3

for grains with a hexagonal cross-section [64, 157, 159].

The strain energy, which is associated with stress, is given by [64]

w =la £ +la £ (6.5)

el 2 xx < xx 2 wew

Using Hooke'’s law, this becomes

) (2
1-v 1-v) 4 (L, L

Therefore,

1-v) 4 (L, L

E Vaf (1 1Y
Etaml :ﬁyq—(_jﬂ(___J (6-7)
L
An infinitesimal amount of grain growth dL produces an energy change given by

dg =2 dL—( E )(‘m)z (l— ! JdL (6.8)

3 1-v) 2 \L L,

This energy variation is equal to that generated by the migration of grain boundaries in response

to a driving pressure difference AP .

dE = —AP%% (6.9)

Combining (5.8) and (5.9) results in,

APZQ{ E j(a")z (l_i] (6.10)

L \1-v) pL \L L,
According to Shewmon (1969) [160] and Smith (1980) [161], the rate of grain growth as a
velocity is given by

dL _D'Q

—_—=— 6.11
dt kTS (6-H1)

where D* is the diffusivity given by D, exp(— E,/ kT), D, is the pre-exponential factor for grain

boundary diffusion, E, is the activation energy of grain boundary diffusion, Q is the atomic
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volume, ¢ is the average jump distance in the grain boundary, k is the Boltzmann constant, and

T is the absolute temperature.

Finally, the kinetics of grain growth can be derived by combining (6.10) and (6.11).

. 2

sl (S)e(ly) e
Equation (6.12) can be solved by using the commercial software Mathematica. In our case,
equation (6.12) is a nonlinear ordinary differential equation which can be numerically solved by
Mathematica using the command NDSolve, as included in Appendix I. The default method for
NDSolve is explicit Runge-Kutta with adaptive step control. As mentioned, grain size can be
determined by using a linear intercept method. Based on the FIB images of 3pm and 8pum thick
Cu films which were taken at 2hrs, 20hrs and 44hrs, the grain sizes are extracted and plotted as
the dots in Figure 6.3. It exhibits that both films undergo a continuous increase in grain size
during the whole measurement period. Meanwhile, the simulated curves of 3um and 8um thick
Cu films are also plotted in Figure 6.3 by the equation (6.12). The grain sizes of 105nn and
135nm obtained from FIB images of 3um and 8um thick Cu films are applied as original grain
size Lo in the simulation. As a consequence, the simulated curves converge with the experimental
data very well. The following material properties are used in the simulation [54, 104, 157, 162]:

E,=1.46x107"/,Dy=3.04x10°m2/s, Q =1.182x10*° m3, y =0.625 J/m2, § =0.40486nm, g =2.
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Figure 6.3: Grain size development of 3um and 8um thick electroplated Cu films at room temperature.
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Figure 6.4: Stress increase of 3um and 8um electroplated Cu films as a function of time induced by grain
boundary loss due to grain growth.

In the experimental investigation of the microstructure evolution of electroplated Cu films,
Vas’ko [145] reported that (111) orientated grains can increase their size from 0.1pm after
electrodeposition to about 0.25pum after 10 days and to approximately 0.5um after 25 days. For
(200) orientated grains, the size increase is much faster, growing from 0.05pm to about 0.75um
after 10 days and to approximately 2pm after 25 days. Furthermore, Lee [144] found that
electroplating conditions play an important role in grain size development. Below the direct
current (DC) plating density 20mA/cm?, grain size is highly influenced by the current density.
The original grain size can increase from 0.1ym to a minimum of 0.2pm and a maximum of
1.4um within 10 days. Irrespective of current density, when it is above 20mA/cm?, the grain size
increases from 0.1ym to 1pm in 1 day and to 1.4pm in 10 days. Both grain growth studies above
have been done only experimentally and there are no further modeling study about the rate of
grain growth. In literatures, there are many two dimensional or three dimensional grain growth
models based on the statistical mean field theory, which focus on an interaction between the
topological problem of space filling and the surface tension equilibrium [163, 164]. In this case,
the Monte Carlo simulation is usually applied to the study of the kinetics of grain growth[165].
However, for the modeling of self-annealing phenomenon the rate equation of grain growth in
one dimension is required. Some models proposed by Hillert and Thompson [94, 166] consider
the nuclei rate as well as the surface energy and grain boundary energy as the driving force of
the mass transport from smaller grains to larger ones especially in the situation of normal grain
growth. Differently, self-annealing is an abnormal grain growth or so called secondary grain

growth [94]. As discussed in Section 6.1, strain energy in addition to grain boundary/surface
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energy must be taken into account. Thus, the rate equation of grain growth proposed by Nix [64]
is most suitable model to be implemented for the self-annealing study. To my best knowledge,
no other studies of grain size prediction have used theoretical models for the study of the self-

annealing of electroplated Cu film except the modelling results which are reported in this thesis.

By the incorporation of the grain growth rate model (6.12) into the grain growth model (6.2), we
obtain the direct relationship between the stress increase due to grain growth and time. Thus,
stress increase as a function of time can be plotted as in Figure 6.4. The modelled stress curves
display for both films the stagnation after ~1500min, though the grain size still continuously
dramatically increases, as shown in Figure 6.3. This indicates that the grain growth from fine
grains to moderate grains plays the major role in the stress increase. Later on, the grain growth
from moderate grains to coarse grains only plays a minor role in stress increase. As a result, it
shows clearly that stress increase due to grain growth is film thickness/grain size-dependent.
3um thick Cu films have a stress increase of ~27MPa compared to ~18MPa in 8um thick films.
This is due to the fact that original grain size is smaller in thinner films. As the amount of stress
increase is mainly determined by fine grains, a smaller original grain size will result in a larger

stress increase.

6.2.3 Grain boundary strengthening due to dislocation plasticity

The initial stress of electroplated Cu films observed by experiments after deposition can be
positive or negative, which refers to tensile or compressive stress, respectively. It is reasonable
to assume that initial stress is determined by the deposition method, current density, substrate
condition and electrolyte composition. Thus, initial stress after deposition can vary between
tensile and compressive stress. It was observed by Harper and Lee [104, 156] that for 1um Cu
film, only compressive stress is initiated and stress continuously increases. In contrast, it was
found from Brongersma, Lagrange and Teh’s study [140, 141] that, for 0.5-3pm Cu films, the
initial stress was tensile, and stress evolution exhibits a continuous decrease. In the study by
Harper and Lee, the mechanisms which are responsible for stress decrease can be shielded by
the effect of grain growth. This explains why there are neither experimental observations nor
numerical models of stress decrease. It appears that, if stress relaxation is considered, stress
evolution cannot be solely linked to microstructural change and the grain growth model alone,
which means that the model presented in section 6.2.1 is no longer sufficient to explain stress
decrease. As proposed by Lagrange [140] stress relaxation might be intimately correlated with
chemical desorption (organic additives) from the film. Similarly, Teh [141] also demonstrated

that impurity redistribution could play an important role in stress relaxation of Cu films. To
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summarise, based on previous research, the stress decrease observed in the self-annealing of Cu
films can be induced by defect release/redistribution mechanisms. Unfortunately, no numerical
models have been proposed by any researchers to interpret the stress decrease in the self-
annealing phenomenon until now. This chapter will contribute to addressing this omission by
introducing dislocation plasticity theory as one of the defect release/redistribution mechanisms,
and implementing the Hall-Petch law into grain size related stress calculations in order to

describe and model stress relaxation numerically.

At room temperature, grain boundaries as well as dislocations act as obstacles to dislocation
motion. Impeding the dislocation motion will hinder the onset of plasticity and hence increase
the yield strength of the film. The dislocation pile-up which determines the stress concentration
in grains, relates to the grain diameter and dislocation density. If the grain size is large and
dislocation density is high, a greater stress concentration is developed in the grains, and thus the
applied stress needed to activate plastic flow in the grains is relatively low, and vice versa. The
Hall-Petch law well represents the grain boundary barrier to dislocation motion as a function of
grain size [7, 9, 54, 104]. According to the modified Hall-Petch equation the stress decrease due

to dislocation motion can be calculated:

Ao, =0,-0, (6.13)

1 1
~K(-=-——])

i
where Ao, is the stress change due to dislocation glide, o, and o, are the flow stress of the

film in the case of the grain size of L and Ly, respectively, and K is the Hall-Petch coefficient.

If the grain growth rate model (6.12) is incorporated into the Hall-Petch equation (6.13), the
direct relationship between stress decrease by dislocation glide and time is obtained, as shown
in Figure 6.5. As discussed, in thick Cu films (8-20pum) dislocation plasticity can only be
activated if a certain value of the threshold stress is reached. Therefore, according to the
experimental data in Figure 5.3, it is assumed that dislocation plasticity in 8um thick Cu films is
activated when grain growth reaches the grain size of ~190nm after 820min. Similar to the
stress increase by grain growth, the stress decrease due to dislocation plasticity is film
thickness/grain size-dependent as well. It indicates that thicker films end up with less stress
relaxation, which explains why stress decrease becomes less prominent with the increase in film
thickness. The stress decrease tendency is even not visible in 20pm thick Cu film, because

dislocation plasticity is so marginal that it is easily compensated by grain growth.
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Figure 6.5: Stress decrease of 3um and 8um electroplated Cu films induced by grain boundary
strengthened dislocation plasticity. Note that for thick Cu films, e.g. 8um, dislocation motion doesn’t start
immediately after deposition, but only at 820min after deposition.

The Hall-Petch coefficient K reflects the resistance of grain boundaries to dislocation motion.
Typically, a lower value of K refers to less resistance of dislocation motion, and vice versa. In
Figure 6.5, the modelled curves are calculated with the K value of 0.0448 MN/m3/2, which is
~40% of the well-known Hall-Petch constant 0.112 MN/m3/2for face-centred cubic (FCC) copper
[54]. During the abnormal grain growth, subgrains with low angle grain boundaries (<15°) may
be strongly involved in the coarse-grained structure, which weakens the blocking of dislocations
compared to high-angle grain boundaries (>15°C) [167-169]. Consequently, the Hall-Petch
coefficient related to subgrains is typically 1/2 to 1/5 of the well-known value [54]. In order to
capture the process of subgrain coarsening, in-situ electron backscatter diffraction (EBSD) or

transmission electron microscopy (TEM) during grain growth would be required.

6.2.4 Stress evolution model with competing mechanisms

As aforementioned, the individual mechanism of grain growth or dislocation plasticity does not
enable us to interpret the complex stress evolution of electroplated Cu films. Instead, a
competing model combining the above two mechanisms, as shown in (6.14), needs to be applied

in combination with grain growth rate model (6.12).
c=0,+40,+40,, (6.14)
where o is the film stress, o, is the as-deposited stress, Ao, and Ao, is the stress change due

to grain growth and dislocation glide, respectively.
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Figure 6.6 shows the results of two representative numerical calculations in comparison with

the corresponding experimental data labelled as dots. The as-deposited stress o, is 60MPa and

23MPa for 3um and 8um thick Cu films, respectively. In Figure 6.6, both calculated curves are
qualitatively similar to the measured stress plots. As dislocation glide is prominent in the Cu
films (1.5-5um), continuous decrease of stress, which is fully represented by the calculated
curve of 3um thick Cu films, can be obtained by the described model with competing
mechanisms. Meanwhile, the curve of 8um thick Cu films represents well thicker films (8-

20um), which conforms to grain growth and successive dislocation glide mechanisms.

Using the competing model proposed above, stress evolution of thinKGum) and thick (>5um)

electroplated Cu films can be predicted. For thin Cu films, Teh [141] reported a continuous
stress decrease in 1-3um Cu films which is quantitatively close to the findings observed in this
study. So far, no other researcher has investigated thick Cu films, and therefore stress evolution
always shows a tendency to either increase or decrease. Because of the specially defined film
thickness, this study allows us to observe the complex stress evolution of the combined increase
and decrease tendency. Stress evolution is film thickness dependent. The initiation of self-
annealing is faster and it shows an accelerated transformation when the film thickness

increases. The stress fluctuation is lessened when the film thickness decreases.
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Figure 6.6: Experimental and modelled stress evolution of 3um and 8um electroplated Cu films at room
temperature.

However, there is a notable limitation of the model which concerns the incubation of grain
growth. As observed, particularly in the stress evolution curves of thick Cu films (8-20um),
stress increase does not start immediately after deposition but at ~200min after the deposition.
This implies that the onset of grain growth is retarded and all fine grains remain as-deposited

undergoing an incubation phase. The incubation of grain growth is not considered in the present
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model. Thus, the simulated results only emphasise the stress evolution after the commencement
of grain growth, but neglect the stress stabilisation during incubation. Nevertheless, compared

to the total evolution time, the incubation time is relatively short.

6.3 Stress evolution and grain size development of electroplated Cu films
at elevated temperatures

The stress and microstrcutural evolution of electroplated Cu films becomes more complex at
elevated temperatures. The additionally stress contribution from CTE mismatch between Cu
films and Si substrate must be considered. At high temperatures, other mechanisms beside
dislocation glide might be triggered for stress relaxation. In this chapter, the mechanisms which
are responsible for stress evolution in associate with the microstructural development will be

analyzed.

6.3.1 Elastic properties of electroplated Cu films

As shown in Figure 5.14, the Cu films are initially in biaxial tension at room temperature. As the
wafers are being heated, a linear decrease of tensile stress or an increase of compressive stress
is observed. In this linear region, the films deform elastically. The film stress in an elastically

deformed thin film can be given by Hooke’s law:
E
o, :(E)fgel =M, e, (6.15)

where o, is the film stress, E'is Young's modulus of the film, v is the Poisson ratio of the film, ¢,

is the elastic strain, and M, is the biaxial modulus of the film.

During a thermal cycle, the elastic strain corresponds to the thermal strain which is applied in
the elastic regime due to the difference in thermal expansion between the film and substrate.

Hereby, the thermal strain ¢ can be given by the following expression:

thermal

8thermal = (af - as ]AT = AaAT (616)

where «,and a, are the thermal coefficients of the film and the substrate, respectively, and AT

is the temperature difference between the ramp temperature and room temperature.

By combining (6.15) and (6.16), the slope of the initial portion of the heating curves can be

calculated as:
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A
A—?:Man (6.17)

If the thermal expansion coefficients of thin film and substrate and the biaxial modulus of the
film are known, the theoretic slope of the linear elastic region of the heating curves can be
calculated by (6.17). In the case of an isotropic Cu film, where Cu grains are randomly orientated
and distributed, the biaxial Young’'s modulus is about 194GPa, taking the elastic modulus and

Poisson ratio as 128GPa and 0.34, respectively. With the difference of thermal coefficients of Cu

and silicon, ap—a, = 1.4x107° K™, the theoretical elastic slope is then calculated to be equal to

2.6MPa/K. In contrast, the elastic slopes observed from experiments fall into the range of 2.0-
2.5MPa/K, as shown in Figure 5.14-Figure 5.20. In this way, the theoretical elastic slope is
slightly larger than the experimental ones obtained. This effect has been studied by some other
researchers and several mechanisms have been proposed [170-173]. First of all, the defects in
the films such as voids, microcracks, or more complicated grain boundaries, or small-scale
inelasticity, will influence the elasticity of the films. Moreover, the inelastic relaxation process
induced by grain boundary sliding is also believed to be responsible for the reduced elastic slope

value of thin polycrystalline films.

A1) R—

Figure 6.7: Pole figures of electroplated Cu films as-deposited. a) 3um thick Cu film; b) 8um Cu film; c)
20um Cu film.
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Furthermore, it is worth noticing that in Figure 5.14-5.20 the experimental elastic slope
increases from 2.0 to 2.5MPa/K with the decreasing film thickness from 20 to 1.5um
accordingly. Therefore, it indicates that the thicker film has a slightly lower elastic slope. This
behaviour could be attributed to the different presence of enhanced (100) or (111) oriented

grains in films.

a)

b)

#0

o1
c)

101

Figure 6.8: Reverse pole figures of electroplated Cu films as-deposited. a) 3um Cu film; b) 8um Cu film; c)
20um Cu film.

A pole figure is normally used to display crystallographic texture. It is a stereographic projection
that represents the orientation distribution of crystallographic lattice planes. The pole figures of
all three Cu films show no strong texture, as shown in Figure 5.7. Each sample has been scanned
in a 10x10pm area. In Figure 6.8, the reverse pole figures of electroplated Cu films as-deposited
with the thickness of 3, 8 and 20pm are shown. While the pole figure shows how the specified
crystallographic direction of grains are distributed in the sample reference frame, the inverse

pole figure shows how the selected direction in the sample reference frame is distributed in the
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reference frame of the crystal. The 3um thick Cu film shows very weak texture in (111)
direction, while 20pm thick Cu film shows very weak texture in (100) direction. In the case of
(111) textured Cu film, the value of the biaxial modulus (about 261GPa) is considered to be
much higher than in the non-textured Cu film, which results in an elastic slope of about
3.7MPa/K. This explains the higher elastic slope observed in more (111) textured Cu film, such
as the 1.5pm thick Cu film [156, 174-176]. However, one must note that the texture difference in
all electroplated Cu films in this study is trivial. For this reason the elastic slope observed from

these experiments is not noticeably different.

6.3.2 Grain growth during thermal annealing

In the elastic region, due to the different CTE between Cu film and Si substrate, an elastic strain
(stress) is induced in the film by mechanical bending of the film/substrate system. Film stress
acts as the interface counterbalancing force. However, film stress is not only created by elastic
deformation. As observed in Figure 5.27, grain growth exists during the whole heating period,
though the magnitude of the increase of grain size in the low-temperature region (elastic region)
is much smaller than that in the high-temperature region (plastic region). Grain growth
increases film stress in tension. Thus, film stress in the elastic region is determined by both grain
growth in Cu film and the CTE difference of film and substrate. Nevertheless, the contribution of

CTE difference to film stress is the major factor, or even dominant.

After a linear region of elastic deformation, electroplated Cu films behave plastically with further
heating above 150°C. There is a significant decrease in compressive stress for all Cu films. Most
of the films (1.5-10um) have such a decreasing tendency continuously until 600°C and show an
overall stress decrease of 150-200MPa. On the contrary, Cu films with thicknesses of 15 and
20pm show an overall stress decrease of about 100MPa until 500°C and 400°C, respectively.
Afterwards, they exhibit a stress plateau for both films. As clearly seen from FIB analysis, grains
grow continuously during the whole heating process. Meanwhile, dislocations which were
constrained by fine grains can now slide through coarse grains much more easily. This
dislocation plasticity also induces a stress relaxation by dislocation glide. Therefore, these two

mechanisms work together on the stress evolution.

As discussed in Chapter 5.2.1, the grain growth model from Chaudhari can well present the
stress increase due to the grain boundary loss. By using the data, grain size development
obtained by the experiment in Figure 5.27, the stress increase of 1.5 and 20pm electroplated Cu
films induced by grain growth can be plotted, as in Figure 6.9 and Figure 6.10. The grain
boundary parameter «used is here 0.68, which is larger than that used for self-annealing

investigation [104]. It must be noted that, since the grain growth and coalescence is not
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homogeneous, the « values will differ if local stress values are used or if the actual grain
morphology is included [156]. In the study of thermal annealing, local stress is measured by
multiple laser beam technique. In contrast, the global average stress is measured by a capacitive
sensor technique in the study of self-annealing. Moreover, the grain size is much larger and Cu
films are much more compressively bent, which may also create less density in the grain

boundaries and lead to a larger grain boundary parameter.

Other studies about thermal annealing of electroplated Cu films mostly focus on the
investigations of mechanisms of plasticity [14, 50, 156, 177-180]. Usually Cu films have been
pre-annealled, which totally excludes the microstructure influence on plasticity mechanisms and
stress evolution during thermal cycling. Nevertheless, some other researchers who have studied
the self-annealing phenomenon of Cu films at room temperature applied Chaudhari’s theory to
model the tensile stress increase due to grain growth. For instance, Harper [104] observed
stress evolution of 1um Cu film, initially starting from -45MPa (compressive stress) and
stagnating at near zero, which shows stress increase of 45MPa in tensile direction. Similarly, Lee
[144, 156] also investigated the stress evolution of 1um Cu films but developed this further with
respect to electroplating of various current densities. It was found that the initial stress after
deposition is ~-40MPa and the overall stress increase in tensile direction ranges from 40-
120MPa, depending on the current density of the electroplating. Different from the other studies,
microstructure evolution which is significant for an unannealled Cu film during thermal cycling

will be considered and discussed in the following section about plasticity mechanisms.
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Figure 6.9: Stress increase in tensile direction of 1.5um electroplated Cu films due to grain boundary loss
during grain growth by thermal annealing. Chaudhari’s model is applied for the stress calculation. The
original and final grain sizes are set to 350nm and 1.5pm based on the experimental data. (E=121GPa,
v=0.33,a=0.36148nm)
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Figure 6.10. Stress increase in tension of 20um electroplated Cu films due to grain boundary loss by
thermal annealing. The original and final grain sizes are set to 450nm and 13um based on the
experimental data.

Another part of compressive stress decrease during heating is caused by dislocation plasticity

and can be calculated using the Hall-Petch law, which is plotted in Figure 6.11 and Figure 6.12.
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Figure 6.11. Compressive stress relaxation of 1.5um electroplated Cu films due to dislocation plasticity
during grain growth by thermal annealing. The Hall-Petch law is applied for the stress calculation. The
original and final grain sizes are set to 350nm and 1.5pm based on the experimental data. (K= 0.0448
MN/m3/2)
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Figure 6.12. Compressive stress relaxation of 20pum electroplated Cu films due to dislocation plasticity
during grain growth by thermal annealing. The original and final grain sizes are set to 450nm and 13pum
based on the experimental data.

For the 1.5pum Cu film, the compressive stress decrease due to grain growth and dislocation
plasticity proceeds continuously during the entire grain growth period. In contrast, for the 20pm
Cu film the major stress change happens during the grain growth from original grain size up to
about 4-5um, which falls within the annealing temperature range of 400-450°C, as shown in
Figure 5.27. Subsequently, there is no significant stress change, as the stress plateau explicitly
reveals. This demonstrates that stress evolution is not only grain growth dependent but also
grain size dependent. The most amount of stress change will be accomplished by grain growth
up to 4-5pm. Afterwards, the further grain growth will not effect stress evolution in terms of

grain boundary loss and dislocation plasticity.

Certainly there are other mechanisms involved, especially diffusion, (e.g. surface diffusion and
grain boundary diffusion) which will also have an influence on stress evolution [181, 182]. In
order to minimise the total film energy, Cu atoms are more likely to move to the film surface. As
a result, film stress will be reduced by relaxing. However, from the FIB images in Figure 5.23-
5.26, a Cu oxidation layer which is mainly composed of Cu;0 and Cu3z0s4 is observed and cannot
be ignored. Particularly, above the thermal annealing temperature of 400°C, oxidation is even
extended into grain boundaries. Therefore, surface diffusion at high temperatures above 400°C
is hindered. Another possible path for Cu atom diffusion is grain boundaries. However, with
increasing grain size, the grain boundary density is reduced. This means that at a high
temperature the grain boundary diffusion is weakened due to the lack of grain boundaries.
Usually diffusion should be enhanced by an increase in temperature due to the additional

thermal energy but in our case, grain growth and oxidation restrict the diffusion. Therefore
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diffusion plays only a minor role in stress evolution compared to grain growth and dislocation
plasticity. It has also been demonstrated in the study from Weiss [179] that a passivation layer
on a Cu film can hinder the stress relaxation of the film in terms of thermo-mechanical
behaviour. Similarly, Thouless [51] showed some experimental evidences that an oxidation
surface layer which acts as the passivation capping layer on Cu films suppresses diffusional
relaxation mechanisms due to the dense and thermally stable oxide. Therefore, it is a reasonable
assumption that surface diffusion doesn’t play a role in the diffusional creep. Nevertheless, if
atomic diffusion at the film/passviation or/and film/substrate interface is not totally
suppressed, a certain amount of stress relaxation can still be realized by the diffusional creep
depending on the interfacial (film/passviation and film/substrate) conditions. It was
experimentally observed by Weiss that the heating curve of a 0.5um self-passviating Cu film
exhibits a small stress drop (~15MPa) at 320-400°C. Upon a closer inspection in Figures 5.15
and 5.16, it is found that a small stress drop (~20-30MPa) also occur in the heating curves of the
1.5 and 3pum Cu films at 250-300°C and 350-400°C, respectively. The stress drops for different
Cu films occurring at different temperatures indicates that the activation energy of interfacial
diffusion varies by the conditions of interfaces. If the bonding between a substrate or an oxide
layer and a film is strong, it requires higher activation energy for interfacial diffusion.
Consequently, the small stress drop can be interpreted by the interfacial diffusion which could
open a diffusion path for stress relaxation. However, the investigation for the impact of interface

properties on stress evolution of Cu films is not planned within the scope of the thesis.

Compared to the stress-temperature curves shown in Figures 5.14-5.20, Weiss [179] observed
additionally in unpassivated Cu films an intriguing characteristic which is a remarkable stress
drop in the heating at 250-300°C, which leaded him to derive a constrained-diffusional creep
model which is in accordance with the stress relaxation observed at high temperature for pure
Cu films. At the end, it was concluded in his work that the thermo-mechanical behaviour of Cu
thin films can be described by two deformation mechanisms, thermally activated dislocation
glide and constrained diffusional creep. Meantime, a semi-empirical model which combines the
two preceding mechanism was derived to predict stress evolution during thermal cycling. The
simulation results showed a good agreement with the experimental observations. However, his
model doesn’t include the microstructure evolution of Cu films during thermal cycling since his
samples have been pre-annealed. In my study, grain growth is significant and plays a
predominate role in the determination of stress evolution, which is a major difference from the
study of Weiss. In another words, the stress evolution investigated in this study is
microstructure driven. Hall-Petch law was chosen to model the dislocation plasticity of Cu films
for stress relaxation, because it is closely linked with grain size and therefore can directly reflect

the effect of microstructure evolution on the stress evolution. As shown in Figure 6.12, the stress
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relaxation of 20pum Cu film calculated by Hall-Petch model is about 50MPa. Together with the
stress evolution (45MPa) from grain growth in Figure 6.10, it reaches the overall stress
evolution of 95MPa, which conforms well to the experimental observation (about 100MPa) in
the heating curves in Figure 5.14. Besides that, regarding the shape of heating curves the stress
stagnation at about 400°C in Figure 5.14 is also reflected by the calculations shown in Figures
6.10 and 6.12 at the grain size of about 4pm. This means the stress evolution during the heating
is contributed by grain growth and dislocation plasticity. Though the grain growth is still
proceeding by the further heating above 400°C, the stress remains stagnated which also shows
diffusional creep is not valid. For the 1.5pm Cu films shown in Figure 5.15, a continuous stress
relaxation is observed which again conforms well to the calculation in Figures 6.9 and 6.11
where stress evolution induced by grain growth and dislocation plasticity is constantly
developing. Therefore, it can be concluded that the thermo-mechanical behaviour of Cu films in
this study is dominated by the mechanisms of grain growth and dislocation plasticity.
Accordingly, the Chaudhari model and Hall-Petch law can well predict and interpret the stress
evolution of these Cu films. For further work, it is suggested to incorporate the Chaudhari model
and Hall-Petch into a constitutive equation which can be directly applied to simulate stress

evolution during thermal cycling

6.3.3 Residual stress after thermal annealing

Residual stress is the stress that remains in the film after the thermal annealing cycle. Residual
stress is caused by a variety of mechanisms, including microstructure evolution and plastic
deformation. In order to analyse the residual stress, it is essential to understand the sources that
may determine the stress. As observed in Figure 5.23-5.26, grain growth occurs during almost
the whole annealing process. Due to the volume loss of grain boundaries, the film stress will
increase in the tensile direction if the film still bonds firmly on the substrate. Thus, residual
tensile stress increases with the increasing annealing temperature as grain growth proceeds
further. Secondly, dislocation plasticity will also play an important role in determining the
residual stress. Dislocation glide/climb can reduce the film stress. Based on the Hall-Petch law,
the larger grain size makes the dislocation glide more easily. Last but not least, the diffusion
must be taken into account. In this case, grain boundary and surface are the main paths for
atomic diffusion. Thus, grain boundary and surface diffusion are the dominant mechanisms
which are responsible for stress relaxation, especially at a high temperature range. Due to the

observed oxide layer on the Cu films in Figure 5.23-5.26, especially with the thermal cycles up to
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500°C and 600°C, surface diffusion will be mostly hindered as the diffusion path is blocked by

the oxide.
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Figure 6.13: Residual stress as a function of maximum annealing temperature for electroplated Cu
films with different thicknesses. The residual stress has a different tendency in a), b) and c), which
indicates three different mechanisms.
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Figure 6.13 summarises the residual stresses of all the investigated Cu films with different
thicknesses after each thermal cycle by different maximum annealing temperatures. However, it
is not easy to analyse the residual stress tendency as a function of annealing temperatures, as
the residual stress of each film develops quite differently. Therefore, the plots of residual stress
are divided into 3 different sub-figures a), b) and c) based on the criteria of a similar tendency of

residual stress, which reflects the dominant mechanism which determines the residual stress.

For the 1.5um thick Cu film, residual stress generally increases by increasing the maximum
annealing temperature, though from 250-350°C the residual stress is slightly decreased. By
increasing the temperature, grains continuously grow, leading to the densification of the Cu film.
This causes an increased tensile stress in the film, which explains the general increasing
tendency of residual stress of 1.5pm Cu film. Nevertheless, stress decrease still occurs. This
indicates that dislocation glide or diffusion must be effective as stress relaxation mechanisms. As
in the low temperature range (250-350°C) diffusion cannot be effectively activated, dislocation
glide is the major mechanism for the stress decrease. Similarly to the 3um thick Cu film, the main
tendency of residual stress increases with increased maximum annealing temperature. However,
a stress decrease is observed for the 3pum thick Cu film at a high temperature above 500°C. As
explained before, residual stress increase is induced by grain growth. At a low temperature
range, stress decrease due to dislocation glide is compensated by stress increase due to grain
boundary loss. Thus, stress decrease in this temperature range is not observed. By further
heating, grain boundary/interfacial diffusion becomes more and more significant, which leads to

stress relaxation at a high temperature range.

For 5um and 8um Cu films, residual stress first increases until 300°C and then decreases until
350°C and 400°C, respectively. Subsequently, it increases again until 500°C and then decreases.
This hump tendency of residual stress shows more complicated competing mechanisms. The
first increase of residual stress indicates that grain growth is the dominant mechanism that
determines residual stress. Due the loss of grain boundaries during grain growth, tensile stress
is accumulated. Thus, a higher residual stress can be expected. The subsequent decrease in
residual stress is then again the effect of dislocation glide. Both during the heating and cooling
process of temperature cycles below 400°C, the dislocation plasticity is triggered to be the
dominant mechanism which is responsible for stress relaxation. The residual stress is therefore
reduced by dislocation glide. The further heating up to 500°C generates more tensile stress,
because the tensile stress increase caused by grain growth is beyond the stress relaxation
induced by dislocation glide. The completing between two mechanisms results in a further
increase of residual stress. Above 500°C, grain boundary/interfacial diffusion becomes more

significant which reduces the residual stress at the end.
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For 10, 15, and 20pum thick Cu films, dislocation glide and grain boundary diffusion account for
the determination of residual stress. Therefore, the residual stress generally shows a decreasing
tendency. Due to the large grain size at high temperatures, the lack of grain boundaries or the
reduction of grain boundary density also weakens grain boundary diffusion. Thus, the decrease

of residual stress is no longer that significant at a high temperature range.

From the experimental data plot of the residual stress of Cu films with various thicknesses and
annealing temperatures, it can be shown that the determination of residual stress is complex.
Several mechanisms are involved during thermal annealing processes and contribute differently
to the stress change at each temperature stage. Nevertheless, the tendency of residual stress can
be differentiated according to film thickness, which actually controls the grain size development.
If the film thickness is small, residual stress is driven by grain growth. If the film thickness is
medium, grain growth, dislocation glide and diffusion dominate the stress change alternately. If
it is a thick film, dislocation glide and diffusion are the mechanisms responsible for determining

the residual stress.
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7 Summary and conclusions

The stress involved in electroplated Cu films plays an important role in the reliability of chip
components in semiconductor industry. The persistent trend towards the miniaturisation of
devices creates new challenges to enhance the stable performance of the complex layered
structure of thin films in application. Thus, to gain a basic understanding of thin films in terms of
mechanical and thermo-mechanical properties has become increasingly important. Copper
metallisation is used more and more frequently in power devices due to its advantages over
conventional aluminium. The demand for increased power density in devices results in the
increase of the film thickness of power metallisation, for example, Cu. On the other hand, thick
Cu metallisation can be also used as a heat sink for dissipating the heat more effectively.
Therefore the thickness of Cu metallisation has been dramatically increased from a few
micrometres in the past to tenths of micrometres. The goal of this dissertation is to investigate
the mechanical and thermo-mechanical properties of electroplated Cu films in order to address

these academic and industrial interests.

Prior to the theoretical analysis of the material properties of Cu films it was essential to set up an
appropriate measurement apparatus as a first step in order to acquire accurate mechanical data
of Cu films. The multiple laser technique was chosen as our mechanical characterisation method.
Based on that, a novel apparatus for measuring the local stress of thin films by an array of
parallel laser beams has been developed. The measurement can be effectively performed not
only at room temperature but also at elevated temperatures, as well as under cryo-conditions.
The evaluation tests demonstrate that the vibrational noise can be reduced more than 10 times
by using an array of parallel laser beams compared to a single laser beam scanning. As a result,
the resolution of curvature measurements is greatly improved. Moreover, due to the fast data
acquisition (<30ms) the local stress measurement during the rapid thermal processing becomes
reliable, from which the study of time-dependent material properties will benefit. Additionally,
the evaluation tests also prove that the new insights into the materials’ behaviours and thin film

properties can be explored by the effective in-situ sample cleaning.

A series of experiments were carried out in order to investigate the effects of film thickness, film
microstructure, and annealing temperature on the elastic-plastic behaviour of electroplated Cu
films. Cu films with a thickness ranging from 1.5um to 20pum were fabricated by electroplating.
The microstructure was carefully characterised using a variety of microscopic techniques, such

as FIB, EBSD and TEM. Stress in Cu films was measured either as a function of time at room
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temperature or as a function of temperature at elevated temperatures based on a substrate
deflection technique. Afterwards, the mechanical properties could be compared between Cu

films with different thickness, grain size and annealing temperature.

Regarding electroplated Cu films after deposition at room-temperature storage, new insights
have been gained into the stress and sheet resistance evolution during self-annealing. In the first
~500min after deposition, the film stress (except 1.5-5um thick films) and sheet resistance
remain rather constant. This is explained by the segregation of impurities towards the grain
boundaries. Secondly, grain growth is observed by focused ion beam studies. This is explained
by the segregation of impurities towards the film surface and interface unpinning the grain
boundaries. Grain growth leads to a decrease in sheet resistance. For thick films the low as-
deposited tensile stress increases due to the annihilation of excess volume, while for thin films
(due to the already pre-existing high as-deposited tensile stress) grain growth induces yielding
and thus a reduction in film stress. Eventually grain growth terminates and stress relaxation by
dislocation glide is exhausted. The film stress and sheet resistance stagnate at a certain value
which scales with film thickness. The present study reveals that the stress and sheet resistance
evolution after deposition of electroplated copper films can be explained by grain growth and
grain size-dependent yielding. For applications of electroplated Cu films in devices, thicker films
are technologically more suitable as (meta)stable conditions are reached after shorter time
periods during room-temperature annealing, while thinner films reveal substantial changes in

stress and sheet resistance over longer time periods.

Subsequently, a numerical model with competing mechanisms was developed to simulate the
stress evolution of electroplated Cu films at room temperature. The model is based on the
mechanisms of grain growth and dislocation plasticity. On the one hand, the stress increase is
modelled by the loss of grain boundary volume due to grain growth. On the other hand,
dislocation glide is responsible for the stress decrease. The incorporation of the model of grain
size development makes it possible to include the time as a parameter in the competing model.
The results show an accurate correlation between experimental data and simulated values. To
extend the model, the incubation phase of grain growth may be considered. Further, EBSD or
TEM for the investigation of subgrains is required in order to determine important model

parameters, such as the Hall-Petch coefficient.

As far as the thermo-mechanical properties of electroplated Cu films are concerned, it was
observed that the shape of stress-temperature curves varies according to the film thickness. The
crystallographic texture does not differ among various film thicknesses. It was found that the
film thickness has a negligible effect on the elastic modulus of Cu films. Grain growth is observed
continuously during the heating process until 600°C. For Cu films with the same film thickness, a

higher annealing temperature results in larger grain size. For Cu films with the different film
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thickness and annealing at the same temperature, the final grain size is constrained and
determined by film thickness. The significant stress decrease in the compression region during
heating is due to the loss of grain boundary induced by grain growth which brings in the
increase of film stress in tension. The residual stress after thermal annealing shows a strong size
effect. The relation between residual stress and annealing temperature (grain size) is quite film-
thickness dependent. Usually the Hall-Petch law maintains that flow stress is higher in Cu films
with smaller grain size, but the breakdown of the Hall-Petch law becomes more and more
obvious with the decreasing film thickness. Qualitatively, it can be concluded that grain growth,
dislocation plasticity and even diffusion alternatively play a dominant role in the determination
of residual stress. However, to model quantitatively the residual stress combined with thermal

annealing remains a challenge.
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8 Outlook

It was demonstrated that grain size, film thickness, storage time and annealing temperature
have a significant influence on the elastic-plastic behaviour of electroplated Cu films. In addition
to the mechanism identified in this study, there are some other mechanisms which can affect the

mechanical properties of thin metal films, which can be further explored in future work.

For example, the experiments in this study show a strong temperature dependence of the flow
stress for electroplated Cu films. This can be attributed to thermally activated dislocation glide
and diffusional creep. However, it is not clear which mechanism is more dominant at a given
temperature range. To better understand this, time-dependent deformations of Cu films should
be studied. A series of stress relaxation tests need to be carried out under an iso-thermal
condition. In this case, stress is measured continuously at a certain defined temperature over a
long time period. Afterwards, the strain rate can be calculated from the experimental data by the
stress relaxation rate. From the analysis of strain rate, the dominant plasticity mechanism can be

better understood.

Furthermore, although not discussed in this study, the hardening behaviour of thin metal films
can also be strongly influenced by impurities or precipitates evolved into film microstructure
during the film deposition process. The precipitation strengthening can be investigated by the

modification of the microstructure of electroplated Cu films.

Extensive TEM work is also required to further study the action of impurities and dislocation
sources in Cu films. Important parameters, such as the impurity and dislocation density as a

function of film thickness, are necessary for a quantitative evaluation.

The fatigue behaviour and fracture toughness of thin metal films are also of great practical
interest. As a part of a zero defect strategy power devices must survive hundreds of thousands
of operation cycles. Therefore, it is crucial to keep all types of metallisation implemented in the
power device away from material degradation. High fatigue resistance is thus critical to the
development of robust metallisation. The fatigue behaviour of thin metal films can be studied by
a pulsed power supply on a defined test chip that contains all the necessary features about

metallisation which need to be studied.
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Wolfram Mathematica 6.0 code for the calculation of grain growth rate of 3um and 8um

electroplated Cu films at room temperature

En=121x109%; (*Pa=N/m2=]/m3*)(*copper E-modulus*)

v=0.33; (*copper Poisson's ratio*)

a=3.6148x10-19; (*m*) (*Cu atomic distance*)

a=0.12 (*grain boundary parameter*)

¥=0.625; (*]/m2*) (*copper grain boundary energy per unit area*)

_Em (8a)?
T4(1-v)y

(*m*)

K=1.38x10-23; (*]/K) (*Boltzmann constant*)

T =303; (*K*) (*temperature*)

6=3.6148x10-19; (*m*) (*average jump distance in a grain boundary*)
p=1.182x10-29; (*m3*) (*atomic volume*)

Dy=3.04x10-5; (*m2/s*) (*diffusivity constant of a grain boundary*)

E,=1.46x10-19; (*J*) (*activation energy of grain boundary diffusion*)
Eq e .
Dg=Dy exp(— ﬁ); (*diffusivity of a grain boundary)

Dgp2y
KT 6

B= ; (*m2/s¥)

Lo=105x10"% (*m™*) (3um Cu film); or Lo=135x10-9%; (*m*) (8um Cu film)

Lo Ll

solution = NDSolve[{atL[t] == % <1

_A(l 1 )>:L[7200] == Lo},{L}. {t,7200,300000};

Plot [L[t]/ . solution, {t, 7200, 300000} ]
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Intermetallic diffusion at the interfaces of Cu/Ti/SiO:

It was observed by FIB measurements that the interface of Cu/Ti/SiO, changes during the
heating process, as shown in Figure All.1. After electroplating of Cu films or even heating up to
400°C, the interface is very clear and can be easily distinguished. When heating up to 600°C, the
interface becomes vague and hilly. Therefore, it is speculated that inter-diffusion occurs between
layers due to the high temperature, which may have impact on the stress status in Cu film. In
order to clarify this, transmission electron microscopy (TEM) and energy dispersive X-ray

spectroscopy (EDX) have been used for the investigation of intermetallic diffusion.

Figure AIl.1: FIB images of cross-section view of 5pm Cu film, focusing on the interface part of Cu/Ti/SiO».
a) after electroplating; b) and c) being annealed at 400° and 600°C, respectively.

A Tecnai F20 TEM operated at 200kV was used to investigate the microstructure and the
element diffusion in thin films. The TEM specimens have to be thin enough to achieve electron
transparency and at the same time maintain mechanical stability. These conditions require
complex and time-consuming preparation procedures. In our case, the 20pum thick copper film
was reduced to 2um by mechanical polishing. Prior to TEM analysis, cross-sectional specimens
were prepared by the method of FIB Dual Beam in-situ Lift out. A thin electron transparent
lamella (50-100nm) was cut out of the sample and transferred onto a Cu grid with a micro-

manipulator.

Figure All.2 a) shows a cross-section view of a 20um electroplated Cu film annealed at 600°C. On
the silicon substrate, a 70-75nm silicon oxide layer is followed by a 39nm thick titanium double
layer and the top copper film. The Ti layer is transformed into two different layers by contrast.
Scanning transmission electron microscope (STEM) is different from conventional TEM by
focusing the electron beam into a narrow spot which is scanned over the sample in a raster. The

rastering of the beam across the sample makes it suitable for analysis techniques such as
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mapping by energy dispersive X-ray (EDX) spectroscopy. These signals can be obtained
simultaneously, allowing the direct correlation of image and quantitative data. EDX is an
analytical technique used for the elemental analysis or chemical characterisation of a sample. Its
characterisation capabilities rely on the fundamental principle that each element has a unique
atomic structure which allows X-rays that are characteristic of an element’s atomic structure to
be identified uniquely from one another. Usually, EDX systems are integrated with electron
microprobes. Based on the STEM image shown in Figure AlIl.2 b), an intensity profile of the
interface can be obtained by an EDX linescan. As shown in Figure All.2 c), it is not possible to
detect copper within the substrate or silicon oxide layer. There may be two reasons for this.
Either there is no copper existing within the silicon and the silicon oxide layer, or the
concentration of copper is below the detection limit. There is a detectable Cu diffusion into the
Ti layer, as the intensity curve of Cu exhibits a peak in the upper Ti layer. The diffusion of Si into
the Ti layer can also be noticed, though the effect is even more trivial than that of Cu diffusion.
The region of the Cu/Ti interface diffusion is less than 100nm, which is thin compared to the
20um thickness of Cu film. Therefore it can be concluded that the interface diffusion between the
Cu and Ti layer has a negligible impact on the mechanical behaviour of Cu films at high

temperatures (>400°C).

b)

Cu

100nm

c) 100 —

-Ti
- Si
=0

801

60

Si

Counts

40

204

Pasition (nm)

Figure All.2: a) TEM bright field image for Cu/Ti/SiO2/Si interface, with the magnification of 97K; b) STEM
image of the interface; c) Intensity profile of the interface by EDX linescan.
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