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a b s t r a c t 

The mechanical properties of superlattice (SL) TMN (transition-metal nitrides) coatings with different 

as-deposited structures are often quite different. These differences in mechanical properties can be at- 

tributed to distinct deformation and strengthening mechanisms. Here, we discuss the strengthening 

mechanisms of single- and poly-crystalline SLs under nanoindentation loads. We observe that the dis- 

location behaviors during nanoindentation, such as dislocation accumulation and crossing interfaces, are 

responsible for the strengthening of single-crystalline SL coating, whereas no such pronounced strength- 

ening is observed in the polycrystalline SL. We further reveal the monoclinic phase transformation occur- 

ring at the SL, solid solution zone, and crack tip region in the single-crystalline coating. Phase transfor- 

mation alters the SL interface’s structure, facilitating dislocation accumulation. Consequently, it raises the 

theoretical yield stress of single-crystalline coating. For polycrystalline coating, we observed a localized 

monoclinic phase present only near the crack tip. The current research unravels TMN SL strengthening 

mechanism at the atomic scale. 

© 2022 The Author(s). Published by Elsevier Ltd on behalf of Acta Materialia Inc. 

This is an open access article under the CC BY license ( http://creativecommons.org/licenses/by/4.0/ ) 
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. Introduction 

Since the mid-1980s, the deposition method and the growth 

echanism of super-hard TMN (transition-metal nitride) multi- 

ayer coatings have been reported [1–6] . For the early coatings, it 

as just a simple arrangement of two TMNs with different com- 

ositions alternately with the thickness of hundreds of nanome- 

ers. However, further studies show that a significant reduction of 

he thickness of the TMN layers (reduce to a several nanometers) 

nd applied rock-salt/rock-salt superlattice structure could greatly 

nhance thin film hardness and toughness [ 2 , 3 , 6–11 ]. 

Previous experimental results show that multilayer coatings of 

arious scales have significant hardness values [ 8 , 12 ]. This has 

een ascribed to different dislocation mechanisms at different 

cales. For the bilayer thickness with sub-micro to micro-meters, 

islocations will pile up at the interface [ 13 , 14 ]. For the thinner

eriod thickness, the slip of a single dislocation loop is restricted 
∗ Corresponding author. 
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n the isolation layer, i.e., the confined layer slip (CLS) mechanism 

15–17] . For the period thickness with a few nanometers, a single 

islocation can cut across the interface, i.e., Koehler strengthening 

18–20] . At present, among these strengthening mechanisms, the 

ifference in shear modulus-related Koehler strengthening mech- 

nism [18] is regarded as the main strengthening mechanism for 

he nanoscale periodical SL (superlattice) TMN (transition-metal 

itride) coatings. However, this known strengthening mechanism 

s mainly affected by the intrinsic mechanical properties (i.e., shear 

odulus difference) of the as-deposited states and hardly in- 

olves the specific microstructure evolution during the deforma- 

ion process. Therefore, to understand the underlying strengthen- 

ng or softening mechanisms at deformation process, micro-scale, 

anoscale and atomic-scale observations are required and essen- 

ial. 

By coupling FIB (focused ion beam) sectioning with C S - 

orrected HRTEM (high-resolution TEM) observations, we found 

hat nanoindentation induced single-crystalline SL large-scale in- 

erfacial mixing, dislocation accumulation, grain rotation, SL < 110 > 

lip, and poly-crystalline columnar grain boundary sliding (Part 
nc. This is an open access article under the CC BY license 
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, [21] ). These deformation behaviors will essentially affect the 

trengthening of SLs. Moreover, detailed TEM characterization also 

onfirmed the local phase transition behavior occurred, as pre- 

icted by theoretical simulations [22–27] , which could also influ- 

nce the strengthening of SL coatings. The phase transition triggers 

he accumulation of dislocations at the interfaces, which leads to 

igher theoretical yield stress than would be expected from tradi- 

ional Koehler strengthening in the single-crystalline SL. In addi- 

ion to the increase in hardness, based on the previous AIMD (ab 

nitio molecular dynamics) calculations [26] and our experimen- 

al observations, the phase transition process that occurred can 

heoretically lead to a higher toughness, which could be a new 

oughening mechanism. To the end, we endeavor to clarify the SL 

trengthening mechanisms at the atomic scale. 

. Methods 

Details of the thin film fabrication and TEM characterization 

ethods are described in Part 1 [21] . 

For the dislocation density, HRTEM recorded at 60 0–80 0 Kx was 

sed. For detailed statistical methods, please refer to our previous 

ork in Ref. [28] . The dislocation density was obtained accord- 

ng to the following formula, ρ = N/A, where ρ is the disloca- 

ion density, N is the number of dislocations, A is the area. The 

train field was calculated on the C S -corrected HRTEM images by 

he geometric phase analysis (GPA) method. According to the GPA 

lgorithm, the displacement field can be obtained by selecting two 

on-collinear Bragg vectors in the power spectrum generated from 

 HRTEM image. Shear strain map ( ɛ xy ) was calculated with respect 

o this reference lattice defined by 
⇀ 

g 1 = [ 100 ] and 

⇀ 

g 2 
= [010] . 

. Results 

.1. Comparison of experimentally observed deformation 

Detailed atomic-resolution studies of the deformation in SLs 

ere shown in Part 1 [21] . To show the correlation of deforma- 

ion and strengthening of SLs, here, several key points about defor- 

ation are highlighted. For the single-crystalline SL, after nanoin- 

entation, HRTEM image exhibits the GB (grain boundary) fea- 

ure in the solid solution region (as seen in Fig.1 a), where the 

ngle between two {100} planes is about 17 °. This indicates that 

rain rotational deformation has occurred here. And, at the SL re- 

ion (or undistorted region) away from the impression surface and 

radually approaching the MgO substrate, the large-scale SL [110]- 

lip deformation occurs. The HRTEM observation ( Fig. 1 b) clearly 

emonstrates the interface structure near the slip deformation re- 

ion, showing the interface is perfect and coherent. The slip de- 

ormation here is mainly formed by 1/2 a < 110 > full dislocation 

lip and crossing the SL coherent interface, and accompanied by 

tep formation at the interface. At the edge area of the impression, 

e also observed a special superlattice zone with severe distorted 

 Fig. 1 c). Therefore, there are multiple deformation mechanisms in 

he single-crystalline SL, as schematically shown in Fig. 1 d. 

In contrast, for polycrystalline SL, SAED result (selected-area 

lectron diffraction pattern, Supplementary Fig. S1) shows there is 

 slight grain rotation at the indenter tip. This means, the grain 

otation in polycrystalline SL is not as pronounced as in single- 

rystalline SL. Furthermore, the intragranular < 110 > slip deforma- 

ion is also not the dominant deformation mechanism in polycrys- 

alline SL (as seen in Supplementary Fig. S2). Due to the large crys- 

allographic orientation difference in out-of-plane directions be- 

ween columnar crystals (as seen in Supplementary Fig. S3), this 

akes it difficult that < 110 > slip deformation in columnar crys- 

als extends into its adjacent columnar grains. The intragranular 

lipping will be limited by the width of columnar grains. Taken 
2 
ogether, we believe that columnar grain GB sliding is the domi- 

ant deformation mode in the polycrystalline SL ( Fig. 1 e). The scale 

f other deformation behaviors, i.e., interface intermixing, interface 

istortion, grain rotation, and SL slipping, is considerably lower 

han that in the single-crystalline SL. Fig. 1 f illustrates the distri- 

ution of the solid solution region, the SL interface distorted area, 

nd the SL interface undistorted zone in the polycrystalline SL. 

In short, three distinct zones (solid solution, SL distorted inter- 

aces, and SL undistorted interfaces) are generally recognized after 

anoindentation of SLs, which corresponds to distinct deformation 

ehaviors, as summarized in schematic Fig. 1 d,f. 

.2. Dislocation density variations 

For the single-crystalline SL coating, EELS and HAADF observa- 

ions (in Part 1 [21] ) demonstrate that the tip region of the impres-

ion has a larger-scale solid solution distribution, but no severely 

eformed interfaces are observed (as shown in Fig. 1 d). At the im- 

ression edge region, the SL interface has severe deformation and 

onsists by dislocation pile-up. Therefore, understanding the dis- 

ocation distribution in these regions are necessary for the under- 

tanding of the hardening mechanism of SL coatings. 

i) Dislocation density variations at the impression edge. 

Fig. 2 a shows the transition region from the SL structure to the 

ntermixed solid solution at the edge of the impression. The mea- 

ured local dislocation distribution (plotted in Fig. 2 b) reveals that 

he SL area possesses an extremely higher dislocation density as 

ompared to the solid solution area, implying a dislocation accu- 

ulation in the SL area at the edge of the impression. The par- 

ially enlarged HRTEM images ( Fig. 2 b) also directly visualize the 

ignificant difference in the dislocation density. 

ii) Dislocation density variations beneath the impression tip. 

At the tip region of the impression in the single-crystalline SL, 

omprehensive TEM observations showed no dislocation accumula- 

ion at the SL and solid solution (SS) interface. In Fig. 3 a, a SL fea-

ure (with layered contrast) is shown on the left-hand side, where 

he dislocation density is significantly lower compared to the SL 

t the edge region ( Fig. 2 a). Moving to the middle of the image

hat the dislocation densities were statistically determined, a local 

ncrease of dislocation density at the transition area could be ob- 

erved (as seen in Fig. 3 b). When reaching the solid solution and 

nwards, the dislocation density drops rapidly, which approach to 

he similar value in the edge region ( Fig. 2 b). 

At the tip area, we attribute the lower dislocation density in 

he SL to the higher local stress and more pronounced intermix- 

ng behavior. Close to the tip, the higher local stress will drive 

 larger-scale intermixing, transforming the SL into a solid solu- 

ion, and consequently reducing the scale of the deformed inter- 

aces with a high dislocation density. In other words, the larger 

riving force causes more adequate intermixing of the interfaces. 

imultaneously, the presence of larger solid solution volume leads 

o more pronounced polycrystalline deformation behavior and a 

igher grain boundary density (as seen in the SAED result, Fig. 6 in 

art 1 [21] ). On the one hand, possessing a significantly high frac- 

ion of high-angle grain boundaries in the solid solution region can 

ffectively absorb dislocations. On the other hand, the deformation 

via GB sliding or grain rotation) of nanocrystalline solid solution 

reatly dissipates the external energy, thereby effectively protect- 

ng the SL (below the solid solution area) from further intermix- 

ng, deformation, and dislocation accumulation. Contrarily, when 

he solid solution area is smaller or lacks at the edge of the im- 

ression, the SL interfaces cannot be effectively protected. Thus, 

ignificant interface distortion and dislocation accumulation occur. 
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Fig. 1. a–c , HRTEM and TEM-BF images showing different deformation behaviors in an indented single-crystalline SL. d , A schematic distribution of three distinct zones and 

corresponding deformation modes in the single-crystalline SL. e , A STEM-BF image of the indented area clearly showing the columnar grain sliding in polycrystalline SL. f , 

A schematic distribution of three distinct zones and corresponding deformation modes in an indented polycrystalline SL. Due to the presence of native oxide, the coating is 

actually grown on SiO x . Note that different color shadows designate different deformations. 
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For polycrystalline SL, dislocation accumulation only appears 

n the very vicinity of the crack or GBs, while the interior of 

he columnar display a lower dislocation density (shown in Part 

 [21] and Section 4.2 ). Thus, polycrystalline SL does not exhibit 

ignificantly larger dislocation accumulation regions than single- 

rystalline SL. To sum up, our results indicate that there is a com- 

etitive relationship between the different deformation mecha- 

isms, which may affect the possible strengthening behaviors (as 

ill be seen in the discussion). 
3 
.3. Local phase transformation 

The previous classical interface theory considers that the dislo- 

ation accumulation or dislocation pile-up in the multilayer struc- 

ure generally occurs in the bilayer thickness of a few hundred 

anometers [ 8 , 17 , 20 ]. For multilayer interface, when the disloca-

ion core dimension approaches the layer thickness, the interface 

arrier to slip transmission decreases [ 12 , 17 ]. Therefore, multilayer 
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Fig. 2. a, a schematic drawing and HRTEM observation on the transition region from the solid solution to SL (separated by dotted line) at the edge of the impression of 

the indented single-crystalline SL. b, The dislocation density distribution along the indicated yellow frames in a , and two clippings of representative HRTEM images on the 

panel b showing the different density of dislocations. Here, only edge dislocations are counted within 5 nm × 5 nm region (yellow frames in a ). (For interpretation of the 

references to colour in this figure legend, the reader is referred to the web version of this article.). 
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oatings with extremely small periodic thickness are not conducive 

o dislocation accumulation. 

However, our TEM observations show results that contradict 

revious theories, i.e., detailed atomic-resolution observations cor- 

oborate a significant dislocation accumulation at the Ʌ = 2.5 nm 

L coating. To explore potential explanations for the pronounced 

islocation accumulation at the TiN/AlN SL interfaces, we propose 

hat it is related to the formation of an AlN phase transition as pre-

icted by previous simulations [ 23 , 29 ]. It is well known that AlN

as several modifications, i.e., a stable wurtzite structure B4 with 

exagonal symmetry and two metastable phases with cubic sym- 

etry: B1 (rock-salt structure, NaCl prototype) and B3 (sphalerite 

tructure, ZnS prototype) [30–33] . Due to the lower interfacial en- 

rgy, AlN is stabilized in its metastable rocksalt structure in the as- 

eposited TiN/AlN SL. However, previous experiment observations 

TEM results of indented TiN/AlN SL [27] and ZrN/Zr 0.63 Al 0.37 N SL 

34] ), AIMD, DFT, and classical MD simulations all have shown that 

eformation can trigger phase transformation in AlN or Al alloyed 

MN [22–27] . These phase transformations in AlN include B4 –B1, 

3 –B1, B1 –B3, and B1 –B4 processes under indentation, tension, 

r shear deformation process. In contrast, for rs -TiN, DFT predicts 

hat no phase transition occurs under deformation, and its failure 

echanism is brittle cleavage [35] . 
i) Phase transformation at the SL region. 

4 
As observed, the area with the severely distorted interfaces and 

islocation accumulation is mostly distributed at the edge of the 

mpression with high shear stresses. In these shear deformation 

egions, the monoclinic phase was exactly detected by detailed 

RTEM investigations, as predicted by AlN shear deformation sim- 

lation [23] . Fig. 4 a is an HRTEM image taken from the interface 

istortion region of the single-crystalline SL coating, where the AlN 

ayer (with brighter contrast) exhibits obvious lattice distortions, 

.e., a square lattice transforms to a quadrilateral one. The corre- 

ponding area in Fig. 4 b clearly indicates that the AlN (100)/(010) 

attice angle has reached 11 °, corresponding to a shear strain of 

12%. In contrast, the adjacent TiN layer still maintains a square 

attice and relatively lower shear strain. Using DFT simulations, 

hang and Veprek [23] demonstrated that the AlN phase transfor- 

ation along the shear deformation path occurs through creating a 

eries of monoclinic structures. Therefore, according to these simu- 

ation results, we may attribute such a high shear deformation tak- 

ng place in the local AlN layer to the monoclinic phase formation 

 Fig. 4 b, see the HRTEM image simulation results of the monoclinic 

hase using a space group of C2/m, monoclinic structure reference 

o Ref. [23] , both simulated and experimental images match well). 

In fact, the local phase transformation behavior that happened 

n the SL can reasonably explain the pronounced dislocation accu- 

ulation in the SL region. Since the crystal structure of the rs -TiN 

ayer is stable during deformation, the volume expansion caused 



Z. Chen, Y. Zheng, Y. Huang et al. Acta Materialia 234 (2022) 118009 

Fig. 3. a, a schematic drawing and HRTEM observation on the transition area from the solid solution (SS) to SL at the tip of the impression (indented single-crystalline SL). 

b, The dislocation distribution in the corresponding area ( a , yellow frame), and two clippings of representative HRTEM images on the panel b showing the different density 

of dislocations. Here, only edge dislocations are counted within 5 nm × 5 nm region (yellow frames in a ). Note that the difference in dislocation density beneath the tip and 

at the edge (referring to Fig. 2 ). (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.). 

Fig. 4. a, A detailed HRTEM observation on a deformed interface region of indented single-crystalline SL. b, The monoclinic AlN and cubic TiN atomic models of the 

corresponding area in a , and a clipping of HRTEM experimental image, simulated image of the AlN layer using a monoclinic phase structure (C2/m) are shown on the panel 

b . 

5
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Fig. 5. a, Detailed HRTEM observation of the monoclinic phase in the solid solution region of the single-crystalline SL. b, Fast Fourier transform result of a. c, Inverse Fast 

Fourier transform of a , clearly showing the distribution of the cubic phase and the monoclinic phase. d and e, A partially enlarged image of a f, A model of the monoclinic 

solid solution is attached. 
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y the phase transformation in the AlN layer of the SL area will 

e constrained by the rs -TiN layer. This results in the formation 

f additional misfit dislocations on the interface to accommodate 

he lattice strain of the two layers. In addition, because the rs - 

iN/ rs -AlN coherent interface state is destroyed, the gliding of dis- 

ocation on the preferred slip system will be severely hindered by 

he rock-salt/monoclinic interface. Thus, we believe that the local 

hase transformation mediates the interface structure (by forming 

 “new” interface structure), which subsequently acts as a stronger 

arrier to dislocation glide, and eventually facilitates dislocations 

ccumulation. 

ii) Phase transformation in the intermixed zone (Ti 1-x Al x N). 

Here, we also detected phase transformation in the intermixed 

egion, i.e., Ti 0.67 Al 0.33 N solid solution region. For Ti 1 −x Al x N, the 

ubic structures appeared with a critical maximum Al solubility 

f 0.4 to 0.9, while for the higher Al concentrations the metastable 

urtzite phase could form [36–41] . Thus, the cubic structure is 

 stable phase for Ti 1-x Al x N (x = 0.33). Recent AIMD simula- 

ions by Sangiovanni et al. [26] predicted the phase transforma- 

ion for Ti 1-x Al x N solid solution (B1-B4). In this work, although 

o B4 phase was observed in the solid solution region of the in- 

ented sample, HRTEM results revealed that there exists a greater 

xtent of the monoclinic phase. Fig. 5 a shows an HRTEM image of 

he Ti 0.67 Al 0.33 N solid solution region, where two different crystal 

tructures are clearly distributed. The FFT result in Fig. 5 b shows 

he quadrilateral-shaped and cubic-shaped reflections, confirming 

he existence of the cubic and monoclinic structures in Fig. 5 a. The 

esult of the regional IFFT (Inverse Fast Fourier transform, Fig. 5 c) 

hows that the upper part of the image is a monoclinic phase with 

 dislocation-free quadrilateral structure while the lower-left part 

s a cubic phase with a square lattice. The enlarged atomic res- 

lution images ( Fig. 5 d,e) clearly show different lattices and an- 
6 
les, where the lattice angle of the monoclinic phase region is 81 °. 
n atomic model of the monoclinic solid solution is presented in 

ig. 5 f accordingly. We further verify such a phase transformation 

y analyzing the interplanar spacing variations (Supplementary Fig. 

4). The measured spacings are significantly larger in the mono- 

linic region than in the cubic area. 

Actually, the phase transition observed in the AlN layer or solid 

olution region mainly exists in the single-crystal SL coating. How- 

ver, it is hardly seen in the intragranular AlN layer or Ti 0.67 Al 0.33 N

olid solution region of the indented polycrystalline TiN/AlN coat- 

ng. This may be relevant to the less solid solution scale and lower 

ocal stress state in polycrystalline SL, where most of the loading 

nergy is dissipated through columnar grain boundary sliding. 

ii) Phase transformation at the crack tip. 

Apart from the above observations, our HRTEM analysis re- 

ealed a monoclinic phase structure present at the crack tip (both 

n single-crystalline SL and poly crystalline SL). Fig. 6 a is one 

RTEM image taken near the edge crack (a low-mag image is in- 

erted) in the single-crystalline SL. Two magnified atomic images 

 Fig. 6 b,c) reveal the phase transition behavior of a cubic struc- 

ure toward a monoclinic structure near the crack tip. The enlarged 

mage ( Fig. 6 c) indicates that the lattice angle of the monoclinic 

hase region is 81 °, close to the result in Fig. 5 e. 

Although no phase transition in the intragranular AlN layer or 

i 0.67 Al 0.33 N solid solution region in polycrystalline SL is observed, 

 larger stress concentration in GBs or crack tip may trigger a local- 

zed phase transition. Fig. 6 d presents the HRTEM image recorded 

ear the crack tip in the polycrystalline SL. A cubic lattice structure 

etains inside the columnar crystal ( Fig. 6 e), whereas in the front 

f the crack, the monoclinic structure (with a lattice plane angle 

f ∼82 °) is also observed, as the enlarged HRTEM image ( Fig. 6 f)

hown. In Supplementary Materials (Fig. S5), we performed fur- 
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Fig. 6. a, The HRTEM observation of the crack tip in the single-crystalline SL. b and c, the phase structures at bulk and rightly in the front of the tip (labeled in a). d, The 

HRTEM observation of the crack tip in the polycrystalline SL. e and f, the phase structures at bulk and rightly in the front of the tip (labeled in d) . The monoclinic phase is 

found near the crack (in c, f ). Two low-magnified images (insets in a and d ) indicating the crack locations. 
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F  
her HRTEM observations on monoclinic phase transition behavior 

ear the crack in the < 110 > direction, and its structure and lattice- 

lanes angle ( α= γ = 90 °, β∼81 °) are consistent with those in the

 100 > direction ( Fig. 6 e). 

In sum, (1) monoclinic phase transformation is observed in the 

istorted interfacial AlN layer and near-surface Ti 0.67 Al 0.33 N solid 

olution region in the single-crystalline SL. (2) the phase transfor- 

ation occurring in the distorted interfacial AlN layer facilitates 

islocations accumulation. (3) A greater extent of phase transfor- 

ation emerges in the Ti 0.67 Al 0.33 N solid solution region of the 

ingle-crystalline SL. (4) the monoclinic phase structure is observed 

lso at the crack tip region in the single-crystalline and polycrys- 

alline SLs. 

. Discussions 

.1. On yield stress in different deformation areas 

Now, it is well-established that extremely hard TMN/TMN SL 

oatings are obtained when grown on MgO substrates. A super- 

ard coating with hardness values greater than 50 GPa was firstly 

eported in 1987 by Helmersson et al. [2] who demonstrated an 

normous increase in the hardness of single-crystalline TMN SL 

pitaxially grown on MgO substrates by reactive magnetron sput- 

ering. However, using different substrate materials (Si, Al 2 O 3 or 

teel) or applying less severe deposition and growth conditions re- 

ults in the growth of polycrystalline SL films. Generally, the hard- 

ess of these polycrystalline SL coatings is not as high as that of 

ingle-crystalline SL coatings [42] . Here, the 2.5 nm bilayer-period 

oating exhibits a higher hardness when grown on the MgO (100) 

ubstrate than on the Si (100) substrate [43] . Nevertheless, the 

ardness of the polycrystalline SL is obviously larger than that of 

he monolithic TiN (about 22 GPa) [43] , implying that the polycrys- 

alline SL still has a strengthening behavior, but is less significant 

han in the single-crystalline SL. 

We propose that the origin of the different hardness of single- 

rystalline SL and polycrystalline SL is related to their different de- 

ormation behaviors. Currently, the interface hardening effect for 

anoscale bilayer-thickness TMN coatings is mainly attributed to 

he Koehler strengthening, i.e., single dislocation crossing the in- 
7 
erface. In this work, the presented TEM results suggest that mul- 

iple deformation mechanisms are active in the single-crystalline 

L (as seen in the schematic image of Fig. 1 d. These microstruc- 

ures and deformation mechanisms may include SL region interface 

istortion, SL region slip deformation, grain rotation, and GB slid- 

ng in the solid solution region. Thus, our nanoindentation experi- 

ents confirmed that Koehler strengthening is not the sole hard- 

ning mechanism. 

For the single-crystalline SL, regions with different deformation 

echanisms might have completely different local stress states and 

islocation behaviors, which result in different hardening or soft- 

ning. Fig. 7 a shows the dislocation distribution (HRTEM result) 

nd the stress state (GPA result) of the area with interface distor- 

ion in the single-crystalline SL coatings. According to the GPA re- 

ult, the local shear strain of the corresponding region may vary 

rom -10% to + 10%. We believe that the extremely high dislo- 

ation density and local stress here are mainly due to the local 

hase transformation in the AlN layer, which results in the inter- 

ace structure evolution from the initial coherent to heterophase 

ncoherent interface with a high misfit of lattices. On the one 

and, this increases the density of misfit dislocations on the rock- 

alt/monoclinic interface. On the other hand, compared to a per- 

ectly cubic/cubic coherent interface, a semi-coherent or incoher- 

nt interface with a higher stress state will make a single disloca- 

ion glide across the interface more difficult, facilitate dislocations 

ccumulation on the 2.5 nm-bilayer-period SL interfaces (as seen 

n Fig. 7 b). 

According to the dislocation density in the deformed region, we 

ay estimate the yield stress by Taylor’s strengthening law [44] , 

here increased yield stress (in an rs -TiN or AlN layer) can be ex- 

ressed as: 

σ = Mαμb 
√ 

ρ (1) 

here M is Taylor factor, α is a numerical factor (typically, in 

cc crystal ɑ ≈ 0.35 [45] ), μ is the shear modulus, b is the mag- 

itude of the dislocation Burgers vector and ρ is the dislocation 

ensity. Here, the Taylor factor is 3.33 for nitrides [20] , the shear 

odulus μ for TiN is 183 GPa [46] , the Burgers vector is 0.21 nm 

1/2a [100] type). Therefore, according to the dislocation density in 

ig. 7 a (here it is considered that the TiN layer has a similar dis-
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Fig. 7. a, A HRTEM image showing the dislocation distribution and strain field (GPA results) in the distorted interface region. b, a schematic diagram of dislocation behavior 

in the deformed interface. c, A HRTEM image showing the dislocation distribution and stress field (GPA results) in the un-deformed interface region. d, a schematic diagram 

of dislocation behavior in the un-deformed interface. e , A HRTEM image showing the dislocation distribution and stress field ɛ xy (GPA results) in the solid solution region. f, 

a schematic diagram of the large-angle GB absorption dislocation behavior in the solid solution region. 
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ocation density to the AlN layer), the yield stress of the TiN layer 

ill be at least increased by 16.3 GPa. For the rs -AlN layer ( μ is

11 GPa [46] ), the yield stress will further increase by 18.7 GPa. 

Fig. 7 c shows the dislocation distribution (HRTEM result) and 

he shear stress state (GPA result) for the un-deformed interface 

egion, i.e. slip deformation region. Compared to Fig. 7 a, the un- 

eformed interface region has a very low dislocation density (mis- 

t dislocations of the coherent interface region) and a fully coher- 

nt stress state. Given the perfect coherent interface, a dislocation 

ill more easily pass through the interface along the < 110 > di- 

ection leading to complete large-scale slip deformation (as seen 

n schematic image Fig. 7 d and the TEM result in companion pa- 

er [ 21 ]. Therefore, the yield stress here can be described by the 

oehler strengthening model. According to Koehler’s theory, the 

aximum increased yield stress ( σ ) can be obtained by [18] : 

σ = M 

π( μ1 − μ2 ) 

8( μ1 + μ2 ) 
μsin θ (2) 

ith consideration to the primary {110} < 110 > slip system, θ takes 

he value of 45 ° for the < 100 > SL. μ1 and μ2 are the shear mod-

lus in different layers (in this work, μ1 is the shear modulus of 

s-AlN and μ2 is the shear modulus of rs-TiN) Therefore, the yield 

tress of a single dislocation crossing the interface will increase by 

2.0 GPa. 

For nanoscale SLs, the influence of dislocation core should be 

onsidered. For the revised Koehler’s theory, the increased yield 

tress can be simplified as [ 47 ]: 

σ = M 

2 α( μ1 − μ2 ) 

π
sin θ

(
b 2 

4 x 2 + b 2 
+ 

b 

2 x 
ta n 

−1 2 x 

b 

)
(3) 

here α is 1/4 π and (1- ν) /4 π for screw and edge dislocations 

 νTiN = 0.225; νTiN = 0.174 [46] ), x is the distance between the in-

erface and the dislocation. Thus, the revised yield stress of a single 

islocation crossing the interface will increase by [8] : 

 

( 1 − v ) ( μ1 − μ2 ) s in θ

π2 
≤ �σ ≤ M 

( μ1 − μ2 ) s in θ

π2 
(4) 
n

8 
Therefore, for the revised Koehler’s theory, the maximum in- 

reased yield stress of a single dislocation crossing the interface 

ill rise by ∼6.4 GPa. 

Based on the above analysis, in a word, dislocation accumu- 

ations lead to the increase of the yield strength in the single –

rystalline SL. 

.2. On the hardness of single-crystalline and polycrystalline SL 

oatings 

In this work, we argue that the TiN/AlN SL hardness enhance- 

ent may be also related to the interlayer phase transformation 

ediated Taylor’s strengthening mechanism, except the other fac- 

or, i.e. Koehler strengthening. As analyzed in the previous section, 

n general, for the single-crystalline TiN/AlN SL, the interface dis- 

ortion region with dislocation accumulation can provide a greater 

trengthening behavior (compared to the Koehler strengthening). 

his implies that the dislocation accumulations associated with the 

hase transformation in AlN provides a higher theoretical hard- 

ess. 

In the solid solution region, due to the disappearance of the 

ayer interfaces and the interfacial stress field (as seen in Fig. 7 e 

nd inside the GPA result), the solid solution zone will reduce the 

ield stress of the dislocation gliding. At the same time, since the 

Bs in the solid solution can effectively absorb dislocations (as 

een in Fig. 7 f), this causes hardly dislocation accumulation in the 

lloyed area (confirmed by Fig. 2 ). As a result, the alloying process 

f the interfaces thus severely suppresses Koehler’s strengthening 

nd Taylor’s strengthening. And, the deformation of a larger-scale 

olid solution is through more grain rotations that will consume 

he load energy. Therefore, the intermixing of the SL interfaces is 

ot conducive to the coating maintaining mechanical strength. 

In general, the polycrystalline TiN/AlN SL’s strength is not as 

ood as the single-crystalline TiN/AlN SL coating (coatings with 

ifferent bilayer periods are included ) [43] . As shown in Fig. 8 , the

anoindentation load/depth curves (using Berkovich and cube cor- 

er tips) indicate a higher strength for single-crystalline TiN/AlN 
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Fig. 8. a, Nanoindentation curves for the TiN/AlN films (polycrystalline and single-crystalline SL) with the Berkovich tip. b, Nanoindentation curves for the TiN/AlN films 

(polycrystalline and single-crystalline SL) with the cube corner tip. 
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L, i.e., a smaller loading depth at the same loading. Furthermore, 

he nanoindentation load-unload curve ( Fig. 8 a) displays that both 

ingle-crystalline and polycrystalline SLs show the elastoplastic de- 

ormation behavior and with the similar elastic strain. The dif- 

erence lies in that the single-crystalline SL has a higher elastic 

odulus, while the polycrystalline SL has a higher plastic strain. It 

ould be speculated that the better plasticity in the polycrystalline 

L could be attributed to its large-scale GB sliding deformation be- 

avior. 

Although polycrystalline TiN/AlN SL coating (for this work) 

ardness (H of 31.8 ± 0.8 GPa [43] ) enhancement is lower than 

hat of the single-crystalline TiN/AlN SL (H of 37.0 ± 0.5 GPa [43] ), 

ts hardness is still higher than that of the monolithic polycrys- 

alline or single-crystalline coatings [ 2 , 4 8 , 4 9 ]. We consider that the

eformation mechanism for the polycrystalline SL coating is dom- 

nated by columnar grain sliding along the load direction (as seen 

n Fig. 1 f). Such a predominant sliding deformation hinders the oc- 

urrence of many other potential deformations and strengthening 

ehavior of TiN/AlN SL, e.g., interface distortion, dislocation pile-up 

r dislocation crossing interfaces. Through TEM observations, we 

ound interface distortion ( Fig. 9 a) and an increase in dislocation 

ensity near the GBs of the columnar grains, while the interior of 

he columnar grains still maintains un-deformed layered structures 

ith a lower dislocation density (as seen in Fig. 9 b,c). Due to the

ocal increase of the dislocation density at the GBs (as seen in the 

chematic diagram of Fig. 9 d), the coating may form immobile re- 

ions with high yield stress, thereby increasing the yield stress for 

B slip. Thus, we speculate that the deformation of the interfaces 

ear the columnar GBs can still strengthen the polycrystalline SL 

oating to a certain extent. However, further studies are necessary 

o pinpoint and quantify the relevant hardening effect in polycrys- 

alline SL. 

In a word, dislocation accumulation and crossing dominate 

he strengthening of single –crystalline SL while no such pro- 

ounced strengthening is observed in polycrystalline SL. Conse- 

uently, single-crystalline SL generally exhibits a higher strength. 

.3. Toughening mechanisms in TiN/AlN SLs 

Previous work [43] showed that the hardness/modulus ratio in 

ingle-crystalline SL TiN/AlN SL ( Ʌ = 2.5 nm) was ∼0.093, while 

t was ∼0.088 in polycrystalline SL. No matter single-crystalline SL 

nd polycrystalline SL, the hardness (H)/modulus (E) ratio is gen- 

rally much higher than monolithic TiN films. Empirical indicators 
9 
f a high H/E value unveil that the thin film enhances toughness 

nd wear resistance [ 50 ]. 

The superlattice toughening effect can be explained as the 

tress field at the coherent interface. The lattice parameter differ- 

nce of �a = 0.2 Å (between rs -TiN and rs -AlN, JCPDF files: 38–

420 TiN, 25–1495 rs -AlN) results in a coherent strain εc of ∼5% 

n the rs -TiN/ rs -AlN coherent interface. Therefore, the TiN layer 

s affected by the compressive stress, which will close the cracks 

nd impede crack growth across the interface. For the severely dis- 

orted interface region in the single-crystalline SL, the high den- 

ity of dislocations in this region leads to the stress concentration, 

icrocrack propagation and fracture. Meanwhile, due to the de- 

truction of the coherent interface structure (caused by local phase 

ransformation), the lack of coherency stresses will also weaken 

he toughening effect of the interface. However, the volume expan- 

ion triggered by the phase transformation process may compress 

he surrounding area and promote the closure of other cracks, 

hich still contributes to the toughening of the SL structure. The 

IMD simulation by Koutná et al. showed that the local B1-B4 

hase transformation of the AlN layer in the TiN/AlN SL could in- 

rease the ultimate fracture strain by about 8% under a certain bi- 

ayer thickness [27] , which exemplified the phase transformation 

nhanced toughness in the TiN/AlN multilayer. 

The formation of the solid solution zone in the single- 

rystalline SL is also conducive to improving the toughness. The 

ensile deformation simulation showed that the perfect single- 

rystalline Ti 1-x Al x N solid solution with phase transformation be- 

avior (B1–B4) can increase its ultimate fracture strain to 50%, re- 

ulting in super toughness [26] . Although no B4 phase was ob- 

erved in our indented sample, HRTEM images revealed the pres- 

nce of a monoclinic Ti 0.67 Al 0.33 N phase. The phase transformation 

n the solid solution can effectively relax the deformation energy, 

nd suppress the crack initiation through effective volume expan- 

ion. Theoretically, the phase transformation from cubic to wurtzite 

lN is associated with a molar volume expansion of about 20% 

 51 ]. According to our estimated results (Supplementary Fig. S6 

nd FFT result in Fig. 5 b), the monoclinic solid solution is approxi- 

ately 12–13% larger (according to two-dimensional regions) than 

he cubic solid solution in the projection direction. Therefore, it 

uggests that the formation of a monoclinic phase is still conducive 

o its volume expansion. 

The toughening effect via the solid solution formation can be 

riefly summarized as follows: (i) The energy dissipation and vol- 

me expansion caused by the phase transformation of Ti 0.67 Al 0.33 N 
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Fig. 9. a, TEM-BF image of the indented polycrystalline SL from the columnar GB region, where the labelled region shows significant interface distortions. b, Dislocation 

distribution near the GB in the indented polycrystalline SL. c, Strain field (GPA results of ɛ xy ) of b.d, An schematic drawing illustrates its deformation behavior in one 

columnar grain boundary. 
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rom the cubic to the monoclinic. (ii) The formation of a ternary 

olid solution will also enhance the valence electron density to in- 

rease its inherent toughness [ 52–55 ]. (iii) The polycrystalline de- 

ormation behavior (Grain rotation or GB sliding) in the solid so- 

ution zone not only dissipates its deformation energy, but also 

voids stress concentration and thus inhibits crack initiation. 

In short, combining the above analysis with TEM observations, 

e may conclude that the solid solution formation is highly bene- 

cial for improving the toughness of SLs. 

. Conclusion 

This work verified the strengthening behavior of the single- 

rystalline SL coating under different deformation mechanisms. 

nd it confirmed that the accumulation of dislocations related to 

hase transformation could provide more dominant strengthen- 

ng than Koehler strengthening. Simultaneously, the intermixing of 

he interfaces greatly weakens the Koehler strengthening behavior 

nd limits the extension of the Taylor strengthening area (the area 

ith dislocation accumulation). Thus, we propose that the hard- 

ning of the single-crystalline SL depends on the combined effects 

f different strengthening mechanisms and the properties of the 

olid solution of the layer materials. However, the hardening be- 

avior of single-crystalline SL, i.e., dislocation accumulation or dis- 

ocation crossing interface, are not observed in the polycrystalline 

L. Consequently, polycrystalline SL generally exhibits a relatively 

ower hardness. Meanwhile, the solid solution formed by interfa- 

ial intermixing in the single-crystalline SL also shows phase trans- 

ormations to take place, which renders the excellent toughening 

ffect. 
10 
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