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ABSTRACT

Interfaces between components of a material govern its mechanical strength and fracture resistance.
While a great number of interfaces is present in nanolayered materials, such as superlattices, their fun-
damental role during mechanical loading lacks understanding. Here we combine ab initio and classical
molecular dynamics simulations, nanoindentation, and transmission electron microscopy to reveal atom-
istic mechanisms underlying plasticity and crack growth in B1 AIN(001)/TiN(001) superlattices under
loading. The system is a model for modern refractory ceramics used as protective coatings. The simu-
lations demonstrate an anisotropic response to uniaxial tensile deformation in principal crystallographic
directions due to different strain-activated plastic deformation mechanisms. Superlattices strained orthog-
onal to (001) interfaces show modest plasticity and cleave parallel to AIN/TiN layers. Contrarily, B1-to-B3
or B1-to-B4(B,) phase transformations in AIN facilitate a remarkable toughness enhancement upon in-
plane [110] and [100] tensile elongation, respectively. We verify the predictions experimentally and con-
clude that strain-induced crack growth—via loss of interface coherency, dislocation-pinning at interfaces,
or layer interpenetration followed by formation of slip bands—can be hindered by controlling the thick-
nesses of the superlattice nanolayered components.

© 2022 The Author(s). Published by Elsevier Ltd on behalf of Acta Materialia Inc.
This is an open access article under the CC BY license (http://creativecommons.org/licenses/by/4.0/)

1. Introduction

however, atomic-level understanding of toughening effects is lack-
ing

Protective coatings based on refractory ceramics are hard but
typically suffer from brittleness. In particular, tension across a
flawed region is a primary cause for crack growth and decohe-
sion. Employing the concept of superlattice (SL) architecture [1-6],
Hahn et al. [7] showed that superior strength and fracture resis-
tance do not have to be mutually exclusive. Varying thicknesses of
the SL (semi)coherent nanolayered components, the authors mea-
sured a simultaneous hardness and fracture toughness peak for cu-
bic TiN/CrN SL films at bilayer period (A) of about 5 nm. While
the SL-induced hardness enhancement had already been reported
for e.g. TIN/VN [8] or TiN/NbN SLs [9] and explained by hindered
dislocation glide within/across interfaces [9,10], Hahn’s findings at-
tracted attention to the SL-induced toughening [5,11-13]. To date,
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Our model AIN/TiN SL system is a vibrant research topic [1,14-
18], especially due to the epitaxial stabilisation of metastable cubic
B1-AIN (Fm3m, rocksalt), which is a preferred phase in hard coat-
ings [19-24]. Considerable lattice mismatch of the B1-AIN and B1-
TiN (~ 4.8% [25]) provides coherency stresses, which inhibit dis-
location motion, and thus contribute to hardness enhancement.
Specifically, hardness values reported for B1 AIN/TiN SLs reach up
to 38 GPa [1,14] and strongly depend on A. According to Fallmann
et al. [14], the hardness peak (H ~ 37 GPa) overlaps with the in-
dentation modulus minimum (E &~ 400 GPa) measured for films
with the lowest bilayer period (A ~ 2.5 nm). The associated H/E
ratio, used in the hard coating’s community as a phenomenologi-
cal toughness indicator [26-29], together with cube corner nanoin-
dentation experiments indicate that this SL also has the highest
toughness. We note that not only the bilayer period but also AIN-
to-TiN volume fraction was varied by Fallmann et al. [14], and the
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most promising SL alternated layers of ~ 0.9 nm AIN and ~ 1.5 nm
TiN. Generally, the thickness of B1-AIN has a certain limit, which,
in turn, limits the hardness enhancement [1]. In case of AIN/TiN
SLs, this limit is at least 1.5 nm for films grown on MgO(001)
and 0.9 nm for those grown on Si(001) or Al,03(1102) sub-
strates [14,16,30], and it also depends on the interface orientation,
as demonstrated for CrN/AIN SL [18]. Increasing AIN layer thick-
ness favours formation of the ground-state hexagonal B4 struc-
ture (P63mc, wurtzite). With formation energy slightly above that
of the B4 and below that of the B1 phase, the cubic B3-AIN (F43m,
zincblende) is the third frequent polymorph of AIN (see Fig. 2 in
Ref. [31]). The B1-AIN forms in SLs with small layer thicknesses,
since it provides lower AIN/TiN interfacial energy than the B4 or
B3 structures [30,31].

Here, we combine modelling and experimental methods to elu-
cidate atomistic mechanisms underlying strength, plasticity, and
crack initiation processes in B1-based AIN/TiN SLs during mechani-
cal loading. Ab initio and classical molecular dynamics simulations
allow to gain understanding of mechanical properties over differ-
ent length scales and to impose well-defined conditions of me-
chanical load on SLs with sharp interfaces, exact AIN-to-TiN ratio
(1:1) and nominal bilayer periods (A = {1.25,2.5,5,10} nm) at a
desired temperature (300 K). Main predictions include: (i) modest
plasticity orthogonal to interfaces; (ii) greatly enhanced in-plane
plasticity (parallel to interfaces) due to strain-mediated B1-to-B3,-
B4,-B, phase transformations; (iii) bilayer-period-controlled extent
and distribution of lattice transformations, which governs the SL
fracture resistance and overall toughness. Theoretical findings are
also qualitatively supported by transmission electron microscopy
analyses of AIN/TiN SL films in the as-deposited state and after
nanoindentation.

2. Methods
2.1. Computational

Born-Oppenheimer ab initio molecular dynamics (AIMD) cal-
culations were performed using the Vienna Ab-initio Simula-
tion Package (VASP) [32] implemented with projector augmented
plane-wave (PAW) pseudopotentials [33] and the generalised gra-
dient approximation [34] for the electronic exchange and correla-
tion effects. The equations of motion were integrated at 1 fs time
steps, employing I"-point sampling of the reciprocal space together
with a plane-wave cutoff energy of 300 eV. Total energies at each
ionic step were evaluated with accuracy of 10~ eV/supercell.

The cubic (rocksalt) B1 structure constituted the ele-
mentary building block of all AIN/TiN supercells, with 576
atoms (288 metal + 288 nitrogen) and total dimensions of
~ (0.9 x 1.2 x 5) nm3. The z vertical axis was aligned with the
[001]direction, while the lateral x and y axes were aligned with
the [110] and [110] directions, respectively. SLs with nominal
bilayer periods A = {1.25,2.50,5.00} nm (prior to relaxation)
were designed by populating metallic lattice sites with 144 Al
and 144 Ti atoms in a layered manner, keeping the [001] direc-
tion orthogonal to interfaces. The computational procedure for
modelling tensile deformation followed Refs. [20,35,36]. First, the
SL equilibrium structural parameters were optimised using NPT
sampling of the configurational space (Parrinello-Rahman barostat
[37] and Langevin thermostat set to 300 K). Then, the unstrained
supercells (time-averaged stress components [o;;] < 0.3 GPa,
i=x,y,z) were further equilibrated at 300 K for additional 2 ps
in the NVT ensemble (Nosé-Hoover thermostat). Uniaxial tensile
loading was simulated by sequentially elongating the supercell in
a chosen direction, with strain increments of 2%, while keeping
fixed superlattice structural parameters normal to deformation.
At each strain step, the structures were rapidly equilibrated by
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isokinetic velocity rescaling during 300 fs, and subsequently main-
tained at the same temperature during additional 2.7 ps with the
Nosé-Hoover thermostat. Tensile stress in the loaded direction was
calculated by averaging the respective stress component for the
final 500 fs of each strain step.

The classical molecular dynamics (CMD) calculations were
run with the LAMMPS code [38] and a Modified Embedded-
Atom Method (MEAM) AI-Ti-N potential developed by Almyras
et al. [39]. All simulations were performed with a 1 fs
time step. CMD superlattice models contained about 250000-
300000 atoms, had total dimensions of ~ (7.6 x 7.6 x 40.3) nm3
or ~(84x71x450) nm3 and nominal bilayer periods A =
{1.25,2.50, 5.00, 10.00} nm. Similar to the AIMD approach, the su-
percell structural parameters were first relaxed at 300K, using the
isobaric-isothermal (NPT) ensemble coupled to the Nosé-Hoover
thermostat. To simulate uniaxial tensile loading, the cells were de-
formed at each step at a constant rate of 500m/s, with an incre-
mental elongation of 0.005A. We further note that CMD tensile-
testing simulations allowed for lateral Poisson’s contraction.

The Supplementary Material describes preliminary AIMD and
CMD runs and provides additional analyses complementing those
in the main text. Visualisation of selected AIMD and CMD simula-
tion cells and their subsequent analysis was performed with the
aid of the OVITO package [40]. Specifically, the function Coordi-
nation analysis with cut-off radius of 2.4 and 4.8 A was used to
calculate the number of nearest neighbours of Al atoms and the
radial distribution function, respectively, the function Identify dia-
mond structure [41] was used to evaluate and visualise the total
fraction of the B3 and B4 phase, and the function Dislocation anal-
ysis [42] was used to calculate the lengths and types of dislocations
in AIN and TiN layers. See the OVITO documentation for technical
details.

Finally, we note that mechanical properties calculated in this
work indicate trends for different strain directions or bilayer peri-
ods and should always be interpreted on a qualitative level. For
example, ideal strength and toughness modulus values (o7 and
Ur, defined in the first subsection of Results and Discussion) rep-
resent upper ideal bounds for mechanical performance attainable
in real ceramics, which—unlike our supercells—contain native de-
fects, such as dislocations and grain boundaries. Furthermore, the
elongation at fracture (&f) approximates relative strain that a bulk
or a thin-film material may accommodate by local necking at nm
length-scale when subject to tension.

2.2. Experimental

The AIN(001)/TiN(001) superlattice thin film (TiN ~ 1.7 nm, AIN
~ 0.8 nm) was synthesised by DC unbalanced magnetron sputter-
ing in an AJA International Orion 5 lab-scale deposition system
equipped with one three-inch Ti target (Titanium Grade 2) and
one two-inch Al target (99.8 at.% purity) from Plansee Compos-
ite Materials GmbH. The Ti and Al targets were DC-powered using
constant target currents of 1.0 and 0.5 A, respectively. The reactive
magnetron sputtering process was carried out at 700° C substrate
temperature in an Ar/N, mixed gas atmosphere with a flow ra-
tio of 7 sccm [/ 3 sccm and a total pressure of 0.4 Pa. To ensure a
uniform deposition, we used a constant substrate rotation of 1 Hz
during film growth. To avoid intermixing of the two-layer materials
via excessive ion bombardment, we applied a rather low bias po-
tential of —40 V (floating potential approx. —20 V) to the MgO(001)
substrate, just enough to obtain a dense coating morphology. Fur-
ther details can be found in Ref. [14,43].

The nanoindentation was performed with an Ultra Micro Inden-
tation System (UMIS, Fischer-Cripps Laboratories) equipped with
a cube corner diamond tip 100 mN. The maximum load depth
was about 1.7 pum. The cross-sectional transmission electron mi-
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croscopy (TEM) specimens were prepared using an FEI Quanta 200
3D DBFIB. A 200 kV field emission TEM (JEOL2100F) equipped with
an image- side Cs-corrector was used in the high-resolution TEM
(HRTEM) study. Based on the images taken from the [001] direc-
tion, the quantitative determination of the interplanar spacing was
carefully carried out by fitting intensity line profiles using a Gaus-
sian function.

3. Results and discussion

The results of AIMD simulations provide unprecedented atomic-
scale understanding of plasticity mechanisms and crack initiation
in AIN/TiN SLs subject to load. However, although accurate and re-
liable, AIMD simulations are limited to predictions within relatively
small material domains (~5 nm?3). Thus, we urge the reader to
complement AIMD information with the discussion of CMD results.
Combined with AIMD, these provide a comprehensive overview of
SL mechanical behaviour and fracture mechanisms as a function
of A up to length scales (~ 2500 nm3) observable in experiments
(see dedicated sections).

3.1. AIMD stress/strain curves

In our room-temperature AIMD simulations, AIN/TiN SLs
with 1:1 AIN-to-TiN ratios and nominal bilayer periods A =
{1.25,2.5,5} nm were uniaxially strained in three low-index crys-
tallographic directions, orthogonal or parallel to interfaces. Simu-
lations of tensile strain orthogonal to (001) interfaces—along the
[001] axis—allow to estimate resistance to decohesion. Contrarily,
simulations of tensile strain parallel to interfaces—along the [110]
or [100] axis—provide insights for deformation mechanisms ac-
tive during, e.g., microcantilever bending experiments [44,45] or
nanoindentation [1], which locally induce in-plane tensile stresses
and may lead to radial (Palmqvist) failure [4G]. More generally,
these simulations indicate the ability of SLs to laterally redistribute
a compression load normal to the surface, thus mimicking the op-
erating conditions typical for protective coatings.

Fig. 1 depicts the stress/strain (o /¢) curves calculated for dif-
ferent bilayer periods and strain directions. The yield strain (ey,
calculated as the point at which the o /¢ slope is < 10% of the ini-
tial slope) represents the elastic-response limit and it is associated
with the material’s yield strength (oy). If the SL deforms plastically,
its ultimate tensile strength (o7)—which corresponds to the global
stress maximum-—may be reached at a strain beyond the yield
point. Hence, in general, o7 > oy. Finally, the SL fracture strain (&f)
is associated with the modulus of toughness, Uy, which is the area
under the stress/strain curve up to &g. In other words, Ur, describes
the ability of a material (with no initial cracks) to absorb energy
up to fracture, and should be clearly distinguished from the term
fracture toughness, referring to measurements of conditions caus-
ing fracture (stress intensity, K, or strain energy release rate, G) in
presence of a crack.

When loaded orthogonal to interfaces (Fig. 1a), AIN/TiN SLs
elastically deform up to 12% strain, irrespective of their nomi-
nal bilayer period, A. The associated yield strengths, oy (= o7) =
38-39 GPa, do not show a significant dependence on A either. A
tensile strain of 14% causes brittle fracture of SLs with A of 2.5 and
5 nm, associated with toughness moduli Ur ~3 GPa. Unlike that,
the SL with A =1.25 nm deforms plastically (atomistic pathways
described later) up to & = 20% (the fracture strain), leading to im-
proved out-of-plane toughness, Ur ~ 6 GPa, in comparison to SLs
of larger bilayer periods.

AIN/TiN SLs subject to in-plane (parallel to interfaces) [110]
elongation (Fig. 1b) exhibit the same yield strain (ey = 12%) as
observed during [001] tensile testing. The corresponding yield
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strengths—again nearly invariant of A—however, significantly in-
crease up to oy (= or) = 49-51 GPa. Contrarily to simulations for
strain normal to interfaces, SLs subject to in-plane [110] elonga-
tion display greatly enhanced plasticity, reaching fracture strains
&r ~ 34%. The corresponding toughness moduli Ur ~ 10 — 11 GPa
exceed those calculated for the [001] loading condition. Although
the SL with the lowest bilayer period (A = 1.25 nm) again ex-
hibits the highest ideal tensile toughness (~11 GPa), the differ-
ences in Ur values are relatively small. As shown later, SLs subject
to lateral deformations undergo local or extended phase transfor-
mations. These structural changes are mirrored by multiple stress
minima and maxima in Fig. 1(b).

AIMD simulations indicate that the SL response to in-plane
[100] elongation (Fig. 1c) is the softest. Both the initial stress/strain
slope (=stiffness) in the elastic regime as well as the yield stress
are lower than the values calculated for the [001] loading condi-
tion. In contrast to results presented in Fig. 1(a,b), however, the ul-
timate strengths of [100]-elongated SLs are met at strains beyond
the yield point (ey ~ 10%), that is, at 14, 22, and 26% for bilayer
period of 1.25, 2.5, and 5 nm, respectively. Therefore, AIMD calcu-
lations indicate work strengthening effects for AIN/TiN SLs subject
to [100] tensile loading. We emphasise the absence of a clear frac-
ture point in Fig. 1(c) up to 50% elongation (at which the simu-
lation was ended). Hence, the toughness moduli (Ur) obtained via
[100] tensile tests reach ~14, ~14, and ~13 GPa for SLs with A
of 1.25, 2.5, and 5 nm, respectively. These results point towards a
remarkable SL ability to activate plastic deformation mechanisms
that effectively hinder fracture.

Overall, the calculated AIMD stress/strain curves indicate rather
small differences in in-plane tensile strength (or) and tensile
toughness (Ur) depending on the SL bilayer period. This may be
due to the limited lateral size of our AIMD SL models. Here it is
worth noting that CMD simulations (with “large” supercells) indi-
cate an overall superior in-plane toughness for SLs with A = 2.5
nm (discussed later).

The SL strengths 07[-001] = 38-39 GPa predicted by our AIMD
simulations are essentially equivalent to the AIMD value 07[-001] =
39 GPa obtained for B1 TigsAlygsN solid solutions (see Tab. II in
Ref. [20]). However, while mechanical properties of disordered B1
Tig5Alp 5N alloys are invariant for symmetry-equivalent lattice di-
rections, our present AIMD results reveal strongly anisotropic me-
chanical response of nanolayered AIN/TiN SL systems. The most re-
markable difference concerns the ability of AIN/TiN SLs to undergo
plastic deformation during in-plane tensile strain (Fig. 1b,c) op-
posed to relative brittleness (or modest plasticity) displayed dur-
ing elongation orthogonal to interface. These AIMD predictions
are supported by “large”-scale CMD simulations (presented later)
showing that the observed enhanced in-plane plasticity is not an
unphysical artefact of the relatively small lateral sizes of AIMD SL
models. In fact, also previous ab initio studies on various B1-based
nitride SLs [4,47], including B1 AIN(001)/TiN(001) with A between
1.6 and 4 nm [15], pointed towards higher in-plane plasticity as
an intrinsic SL-architecture effect. Specifically, a comparison be-
tween in-plane and out-of-plane Cauchy pressure (CP) values re-
vealed that CPj > CP,, which according to Pettifor's phenomeno-
logical criterion for ductility [48] indicates greater in-plane than
out-of-plane deformability.

3.2. Structural evolution during AIMD tensile tests

To underpin qualitative differences in stress/strain curves for
the [001], [110], and [100] loading conditions, as well as to under-
stand effects of the bilayer period on SL plasticity, Figs. 2-4 present
snapshots of AIN/TiN SLs at selected strain steps during AIMD sim-
ulations. Additional supportive data is shown in the Suppl. Mat.
(Fig. S2, Fig. S3).
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direction is plotted. The square, circle, and triangle symbols denote nominal bilayer periods of 1.25, 2.5, and 5 nm, respectively. The shaded areas in (a) illustrate the meaning
of the toughness modulus (Ur). The purple and red crosses mark the ultimate tensile strength (or) and the fracture point (ef), respectively, while the horizontal and vertical

lines guide the eye for the yield stress (oy) and strain (ey), respectively.
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Fig. 2. AIMD snapshots of AIN/TiN SLs with A of (a) 1.25 nm, (b) 2.5 nm, and (c)
5 nm, strained in the [001] direction (L to interfaces). All snapshots at 14% strain
correspond to the stress drop in Fig. 1(a) observed beyond the yield point. The yel-
low colouring in (a) highlights plastic deformation within the AIN layer, which re-
tards SL fracture until 20% strain. SLs with A = {2.5,5} nm cleave at 14%, as de-
picted in (b,c).

When loaded orthogonal to AIN/TiN interfaces (Fig. 2), all SLs
cleave in ~ 90° to the applied strain, i.e. parallel to interfaces. As
depicted in Fig. 2(a), one AIN layer in the SL with A =1.25 nm
becomes amorphous at € = 14%, which is one strain step beyond
the yield point (ey = 12%). This amorphisation—in fact, a partial
AIN phase transformation from the B1 to the B4 phase—effectively
toughens the SL and retards its fracture, which occurs at 20%
strain. In contrast, the SLs with A = {2.5, 5} nm (Fig. 2b,c) show no
plasticity and suddenly cleave within TiN layers at 14% [001] strain,
directly beyond the yield point. Accordingly, the modulus of tough-
ness predicted for SLs with A = {2.5,5} nm is smaller than that of
the SL with A = 1.25 nm (compare stress/strain areas in Fig. 1(a)).
However, the fact that AIMD supercells with A = {2.5,5} nm con-
tain only one or two independent AIN layers reduces the degrees
of freedom for activation of lattice transformations. Indeed, larger-
scale CMD simulations presented in the next sections indicate that
vertically-strained SLs with different A exhibit similar brittleness
(low plasticity).

The fact that SLs with A ={2.5,5} nm break in the middle
of the TiN region is perfectly consistent with our previous study
[15] modelling brittle cleavage of B1 AIN(001)/TiN(001) SLs by

0 K ab initio calculations. Employing the rigid-block displacement
(RBD) method [49], the most inner TiN(001) planes in B1 AIN/TiN
SLs with A = 2.5 nm were identified as the easiest cleavage planes
for tensile loading orthogonal to interfaces. However, Fig. 2(a) sug-
gests that the occurrence of AIN plastic deformation—not repro-
ducible by the 0 K RBD model—shifts the weakest link in the SL
with A =1.25 nm from TiN to interfaces, likely due to the loss of
coherency with the B1-TiN. This observation is later underpinned
by CMD results.

Contrarily to [001] AIMD tensile tests, in-plane [110] (Fig. 3)
and [100] (Fig. 4) SL deformation does not induce brittle cleavage.
Instead, SLs undergo different plastic deformation mechanisms,
which initiate in AIN layers, break the coherency at AIN/TiN in-
terfaces, and ultimately cause void formation and crack growth
(see complementary description of plastic deformation and frac-
ture mechanisms during [110] SL-strain provided by CMD simula-
tions, below).

AIMD snapshots of SLs subject to in-plane [110] strain (Fig. 3)
reveal onset of {111}(110) slip in AIN at 14%-strain. Due to the
presence of interfaces, however, the process terminates by stack-
ing fault formation (see the yellow colouring at 14%-strain in
Fig. 3(a,b,c)). This initiates the B1-to-B3 AIN phase transformation,
mirrored by a tensile-stress drop just beyond the SLs yield points
(see Fig. 1(b) at 14% strain) and by an increase in shear stress (not
shown). The same phase transformation is confirmed by CMD sim-
ulations and HRTEM analyses of nanoindented AIN(001)/TiN(001)
thin films (presented later). We argue that the hindrance of
{111}(110) slip across SL interfaces, with consequent nucleation of
stacking faults, is an example of atomistic mechanism responsible
for the well-known SL hardening effect.

Fig. 3 further indicates that the extent of the B1-to-B3 AIN
transformation above 14%-[110] strain increases with increasing
bilayer period A. In particular, the entire AIN layer transforms
from the B1 to the B3 phase in the SL with A =5 nm at ¢ =
20% (Fig. 3c). This transformation corresponds to a deep tensile
stress minimum in Fig. 1(b) (see dark blue triangle data points
at ¢ = 20%) and can be rationalised based on the energy vari-
ations in pure B1 and B3 AIN under strain. Given the order of
lattice parameters: dg3_aN > Gp1_TiN > Opi_aN [39], an increas-
ing [110]-elongation of AIN(001)/TiN(001) SL monotonically in-
creases strain energy of the B1 building blocks. At the same time,
strain energy of a hypothetical B3-AIN polymorph—which would
be in compression—progressively diminishes, and eventually be-
comes lower than that of the B1-AIN. To reduce interfacial misfit
with B1-TiN(001) layers, the B1-to-B3 AIN transformation occurs
via concerted shear of B1-AIN (111) planes. This leads to the forma-
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Fig. 3. AIMD snapshots of AIN/TiN SLs with A of (a) 1.25 nm, (b) 2.5 nm, and (c) 5 nm, strained in the [110] direction (parallel to interfaces), corresponding to selected
strain steps in Fig. 1(b). Snapshots at 14% (a,b,c) correspond to a stress drop one step beyond the yield point. Snapshots at 18% (a), 26% (b), and 20% (c) correspond to the
deepest stress minimum during the stage of plastic deformation, while snapshots at 34% (a,b,c) show the fracture point. The yellow colouring highlights structural changes
and interface incoherency, while the red colouring marks initiating voids/cracks. Panel (d) illustrates the B1-to-B3 phase transformation in AIN.

tion of a B3-AIN lattice rotated ~ 33° about the [110] axis. Thus,
the [111] axis of B3-AlN is inclined ~ 33° relatively to the [111]
direction of the former B1-structure (Fig. 3c,d). With further in-
crease of the [110] strain, the SL incoherency induces bond break-
age directly at interfaces or within TiN, as the phase transforma-
tion propagates to TiN layers (see red-coloured regions, ¢ > 20%,
in Fig. 3c). The relatively facile breakage of bonds in TiN is due to
the strong preference of this material to retain the B1 phase with
6-fold coordinated atoms (B3 and B4 environments would require
4-fold coordination), as well as to its limited ability to plastically
deform [35]. Concerning the SLs with A = {1.25, 2.5} nm, also here
the decrease of interface coherency eventually leads to stress accu-
mulation and fracture (see progressive lattice distortion and void
formation in Fig. 3a,b).

As discussed above, formation of stacking faults is observed
in all SLs at 14% [110]-elongation. Snapshots of the SL with A =
2.5 nm (Fig. 3b) show two additional stacking faults nucleating in
AIN layers at 18% strain, as a consequence of interface-obstructed
{111}(110) slip. In each AIN layer, the stacking faults pair up in
V- and A-shaped defect complexes—shown also later by our CMD
simulations—with wedges at SL interfaces (see orange lines in
snapshot at ¢ = 18%, Fig. 3b). The V- and A-shaped defect-pinning
on opposite sides of a TiN layer produces local deformation in the
TiN bonding network. However, the stress accumulated in the SL

is partially dissipated when, at ¢ = 24-26%, the A-shaped defect-
pair annihilates via %{111}(1T0) slip (see local stress minimum in
Fig. 1b). Annihilation of the defect-pair is followed by a formation
of edge dislocation, as highlighted by the orange-shaded area in
Fig. 3(b). Consequently, the bottom AIN layer of Fig. 3(b) becomes
again fully B1-structured, but with an extra AIN(110) and one less
AIN(001) atomic plane (see orange frame in Fig. 3(b) at & = 26%).
Conversely, the top AIN layer “amorphises” in B3-like local envi-
ronments. The lattice mismatch due to the edge dislocation and
AIN amorphisation induces interfacial strain, thus causing AIN-TiN
decohesion and formation of voids within TiN. A similar mecha-
nism for crack initiation is underlined later by CMD simulations.
Comparably to [110] tensile tests, also in-plane [100] elonga-
tion (Fig. 4) induces local amorphisation and phase transforma-
tions in AIN layers. These structural changes initiate at & = 14—18%,
progressively reduce interface coherency, and may ultimately lead
to void growth in TiN. Subject to [100] elongation, however, the
B1-AIN phase predominantly transforms towards its hexagonal B4
or hexagonal By variants (#194, P63/mmc [50,51]). We note that
the energetic stability of the B, polymorph is intermediate to that
of B1-AIN and the ground-state B4-AIN [51]. Gradual AIN phase
transitions (which also induce transformations in TiN layers for
large SL strain (Fig. 4)) are manifested by slow stress variations in
the plastic-response range and translate in less pronounced tensile
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Ab initio molecular dynamics:
[100]-elongation at 300K, parallel to interfaces
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Fig. 4. AIMD snapshots of AIN/TiN SLs with A of (a) 1.25 nm, (b) 2.5 nm, and (c) 5 nm, strained in the [100] direction (parallel to interfaces), corresponding to selected
strain steps in Fig. 1(c). Snapshots at 18% (a), 16% (b), and 14% (c) correspond to the first local stress minimum beyond the yield point, while snapshots at 50% show the
last step of the simulation. The yellow colouring highlights structural changes and interface incoherency, while the red colouring marks initiating voids/cracks. Panel (d)
illustrates amorphisation and the B1-to-B4(B;) phase transformation in AIN. We note that due to the same supercell orientation in all AIMD simulations, [100]-elongation
was modelled by deforming the lattice diagonally in-plane, as depicted in (d) “Layer top view”, while assuring the orthogonality with the [010] direction.

stress minima in Fig. 1(c) in comparison to Fig. 1(b). Similarly to
the B3 phase, also the B4 phase—locally stabilised in AIN layers—
can re-orient in order to accommodate misfit with TiN, although
we observe no collective rotation as in the case of the [110] ten-
sile testing. Based on higher tensile toughness moduli predicted
for SLs subject to [100l—e10ngation compared to [110]-elongation
(UPOO] =13 - 14 GPa, UTHO] =10 — 11 GPa), we suggest that inter-
mediate (rather than full) phase transformations in AIN layers hin-
der crack initiation and propagation more effectively.

Our prediction that [001] and [100] tensile strain predomi-
nantly trigger the B1-to-B4 transition, while [110] loading favours
the B1-to-B3 transition perfectly agrees with previous ab initio cal-
culations by Zhang et al. [52,53], although the authors modelled
the opposite transformation pathways: B4-to-B1 [52] and B3-to-B1
[53]. In addition to the uniaxial strain path, Refs. [52,53] also de-
scribed a pure shear transformation path. Furthermore, our predic-
tions are consistent with room-temperature AIMD simulations by
Sangiovanni et al. [20] that indicated formation of tetrahedrally-
coordinated (ALTi,N) networks and B4-like environments in B1-
Al;_,TixN alloys strained in the [001]-direction. Although not di-
rectly related to present findings, we should mention that, as
shown by Li et al. [17] for the case of fcc-Al(111)/B3-AIN(111)
multilayered thin films, coherency strains at interfaces can induce
also the reversible B4-to-B3 phase transformation, governed by a

collective glide of Shockley partial dislocations on B3-AIN {111}
planes.

3.3. Fracture mechanisms from CMD tensile tests

To support and complement AIMD predictions on strain-
mediated structural transformations and crack growth mecha-
nisms, we carry out “large”-scale CMD simulations employing a
semi-empirical potential by Almyras et al. [39], parameterised
and validated for elastic, structural, and thermodynamic proper-
ties of binary and pseudobinary Ti-Al-N systems. Although semi-
empirical potential models generally offer modest accuracy in
comparison to ab initio methods, their efficiency allows to over-
come limitations of small supercells. Here, CMD simulations are
important to achieve detailed atomistic descriptions of SL plas-
ticity and fracture resistance. To underpin bilayer-period-related
trends in strength and toughness, additionally to SLs with A =
{1.25,2.5,5} nm, a SL with A =10 nm is investigated by CMD
(although B1-AIN layer thicknesses above 5 nm are most likely
unattainable by epitaxial SL growth in experimental conditions
[18]).

Snapshots of CMD tensile tests in Fig. 5 confirm lattice transfor-
mation pathways, and complement failure mechanisms, predicted
by AIMD. Nonetheless, in comparison to AIMD results (Fig. 1),
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a) Classical molecular dynamics: [001]-elongation at 300K, orthogonal to interfaces
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I b) Classical molecular dynamics: [110]-elongation at 300K, parallel to interfaces
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c) Classical molecular dynamics: [100]-elongation at 300K, parallel to interfaces
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Fig. 5. CMD snapshots of AIN/TiN SLs with A = {1.25,2.5,5, 10} nm subject to (a) [001], (b) [110], (c) [100] tensile strain. The red-purple-grey colour code shows regions,
where the B3 (red), B4/B, (purple), or B1/other (grey) structure types are stabilised, as evaluated by the OVITO package [40,41].

CMD stress-strain curves (Fig. S1 in the Suppl. Mat.) exhibit lower
stresses and different features. This is mainly due to Poisson’s con-
traction allowed in CMD (vs. lateral supercell size fixed in AIMD)
and “large” size of CMD supercells promoting plastic deformation
and “earlier” SL yielding. Note also that the potential parameters
had not been optimised to materials responses beyond the elastic
range.

Consistently with AIMD, AIN/TiN SLs subject to out-of-plane
[001] elongation (Fig. 5a) cleave parallel to interfaces at relatively
low strains (&~ 15-18%). Cleavage is preceded by local B1-to-B4 (or
By) AIN transformations (see purple-coloured regions in Fig. 5a),
indicated also by AIMD for the SL with A = 1.25 nm. Generally,

lattice transformations initiate in one or a few AIN layers, which
could explain why AIMD SLs with A ={2.5,5} nm—having only
2 and 1 AIN layer(s), respectively—exhibit no plasticity and brit-
tle fracture. The overall extent of these transformations increases
with increasing bilayer period. An additional result not indicated
by “small” AIMD supercells is that stress release after SL fracture
facilitates the reverse B4-to-B1 transformation.

Concerning [110] CMD tensile tests (Fig. 5b), SL fracture is ob-
served at elongations approximately twice those reached during
[001] loading. Hence, consistently with AIMD, also CMD points to-
wards a greatly enhanced in-plane plasticity. Unlike AIMD, CMD
stress-strain curves (Fig. S1b in the Suppl. Mat.) also indicate strain
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|a) Classical molecular dynamics: [001]-elongation at 300K, orthogonal to interfaces
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Fig. 6. Local magnifications of CMD AIN/TiN simulation cells (=~ 1 nm thick slices of few SL layers) at selected strain steps during (a) [001], (b) [110], and (c) [100] tensile
tests. The yellow colouring highlights structural changes and interface incoherency, the red colouring marks voids/cracks, and the orange lines guide the eye for V- and

A-shaped defect-pinning on TiN layers. See also Supplementary figures S4-S7.

hardening, manifested as tensile stress maximum beyond the elas-
tic range.

CMD simulations confirm that the B1-to-B3 AIN phase tran-
sition initiates via {111}(110) slip, which differs from the most
typical {110}{(110) slip system operating in monolithic TiN layers
at room temperature [54,55]. The B3 domains nucleate in several
consecutive AIN layers (see red-coloured regions in Fig. 5b), and,
with increasing strain (>13%), develop into shear bands that ex-
tend diagonally across the entire SL model. The slip-induced inter-
penetration of TiN and AIN layers (clearly shown for SLs with A =
{1.25,2.5,5} nm in Fig. 5b) eventually causes growth of nanocracks
inclined ~ 45° to interfaces. This is later confirmed by experimen-
tal results.

The notion of superior in-plane plasticity is further under-
pinned by CMD simulations of SLs subject to [100] tensile
elongation (Fig. 5c). In particular, AIN/TiN nanolayers with A =
{1.25,2.5} nm yield fracture strains as high as 50%, which agrees

well with AIMD predictions. Consistently with AIMD, the predom-
inant AIN transformation triggered by [100] strain is the B1-to-B4
(By). Importantly, however, CMD results show that extent and dis-
tribution of structural changes (observed to control the SL resis-
tance to fracture (see below)) vary with A.

To further shed light on crack growth mechanisms at atomic
level, Fig. 6 presents local magnifications of CMD simulation cells
(~ 1 nm thick slices of few SL layers). Snapshots of SLs elongated
orthogonal to interfaces (Fig. 6a) illustrate crack growth due to (i)
propagation of the B1-to-B4 transformation to TiN layers, followed
by layer shearing (A = {1.25,2.5} nm), or due to (ii) large inco-
herencies within AIN layers themselves (A = {5, 10} nm), as a con-
sequence of co-existing B1, By, B4, and amorphous domains.

Fig. 6b illustrates nucleation of B3-AIN environments in SLs sub-
ject to [110]-elongation. These often form as V(or A-) shaped de-
fect complexes, with wedges at SL interfaces (see orange lines in
Fig. 6b, and also Fig. S4 and S5 in the Suppl. Mat.), that induce
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local deformations in the TiN bonding network. Irrespective of the
bilayer period, formation of V(or A-) shaped defects takes place via
local rotation and distortion in the AIN sublattice with respect to
the host B1 lattice. To release the accumulated shear stresses upon
further [110]-elongation, these locally transformed regions grow di-
agonally across TiN layers and merge into shear bands, eventually
causing fracture (Fig. 5b at 30% elongation). SLs with low bilayer
periods (A = {1.25,2.5} nm) are seen to undergo AIN<TIN layer
interpenetration already at strain of 18% (Fig. 6b). A further in-
crease in strain, however, induces shear-mediated layer interpen-
etration, followed by fracture along the shear lines, in all SLs (in-
cluding A ={5,10} nm, see Fig. 5b). Additional view of shear-
induced plastic deformation and fracture in SLs subject to [110]-
elongation is provided by Figs. S4 and S5.

Formation and pinning of V(or A-) shaped defect complexes
at interfaces is observed also for [100]-elongated SLs (Fig. 6¢), al-
though now the transformed regions primarily consist of B4(By)-
like AIN. At the onset of local AIN transformations, SLs with higher
bilayer periods (A = {5,10} nm) maintain interfacial coherency
(see Suppl. Fig. S7). Ti-N bonds adjacent to interfaces, however, be-
come locally stretched, which enhances AIN/TiN interfacial strain
and—upon further increase of [100]-strain—leads to breaking of
[100]Ti-N bonds and opening of nanocracks across the TiN layer.
In contrast, SLs with lower bilayer periods (A = {1.25, 2.5} nm, for
illustration see also Suppl. Fig. S6) subject to [100] strain are ob-
served to reduce accumulated stress via either (A = 1.25 nm): nu-
cleation of B4 domains in AIN, which later grow through both AIN
and TiN layers, or (A = 2.5 nm): concerted B1-to-B, transforma-
tion in both TiN and AIN layers, which is also observed in AIMD
simulations (Fig. 4). Lattice transformations that extend across both
AIN and TiN layers allow considerably delaying fracture in SLs
with “low” bilayer periods due to effective redistribution of inter-
nal stresses. The differences in structural transformations induced
by [100] strain in SLs with “low” (Suppl. Fig. S6) vs. “high” (Suppl.
Fig. S7) bilayer periods are interpreted as follows. For the case of
“low” A, structural transitions extending to TiN layers are possible
because B1-to-B4(B) transformation of a “thin” portion of TiN is
less energetically costly than an increase in B4-AIN/B1-TiN interfa-
cial strain. Conversely, for the case of (A = {5, 10} nm), our results
suggest that an increase in B4-AIN/B1-TiN interfacial strain is less
energetically costly than transformation of a “thick” TiN region.
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3.4. Experimental investigations

The reliability of our computational predictions is supported
by high resolution transmission electron microscopy (HRTEM) and
nanoindentation testing of magnetron-sputtered AIN(001)/TiN(001)
SL films grown on a MgO(001) substrate. The as-deposited films
are B1-structured, with bilayer period of 2.5 nm (AIN ~ 0.9 nm,
TiN ~ 1.6 nm), fully coherent stress state, and a very low mis-
fit dislocation density. The indentation hardness, H, (Berkovich
diamond tip) and elastic modulus, E, reach (37.0+0.5) GPa and
(3974£12) GPa, respectively, while the commonly reported values
for TiNy films range between 20-30 GPa (H) and 330 — 450 GPa
(E), see Refs. [11,56,57].

Fig. 7 depicts cross-sectional HRTEM image of AIN/TiN SL film
in the as-deposited state and after cube corner indentation, during
which penetration of a diamond tip induces predominantly com-
pressive stresses orthogonal to interfaces and a mixture of ten-
sile and shear stresses parallel to interfaces (i.e. sideways from
the indentor). While such loading condition clearly differs from
the modelled uniaxial elongation, the locally induced in-plane
tensile strains are expected to lead to similar transformations
and failure mechanisms as simulated during [110] and [100] SL
loading.

For the as-deposited SL (Fig. 7a,b), the measured dgg, interpla-
nar spacings in AIN and TiN layers fall within 1.94-2.03 A and
2.05-2.23 A, respectively. These correspond to out-of-plane lat-
tice parameters ayy = 3.97 + 0.09 A and apy = 4.28 +0.18 A, con-
sistent with values reported for the parent binary structures:
ag;_an = 4.01-4.07 A [58-60] and ag;_tiy = 4.24-4.26 A [61,62].
Slight deviations of dgpg, SL values relatively to interatomic dis-
tances in binary B1 phases are expected because of Poisson’s con-
traction of AIN layers and expansion of TiN layers along the growth
direction (i.e., in-plane tension in AIN vs. compression in TiN lay-
ers).

A low-magnification TEM bright-field image (Fig. 7c) shows an
overview morphology of the indented SL film, indicating the loca-
tion of HRTEM observations (Fig. 7d) magnified in Fig. 7e. Quan-
titativedgg, measurements (Fig. 7f and Fig. S9 in the Suppl. Mat.)
yield djly = (2.18 £ 0.05) A and dJi¥ = (2.08 + 0.06) A. The result-
ing lattice parameter a,y = (4.35+0.05) A largely exceeds val-
ues foreseeable for B1-AlIN, while corresponds well to the range

Indented SL

TiN AIN TiN

B3-AIN

B1-TiN

5 10 15
Plane index

Fig. 7. (a) Cross-sectional HRTEM image of the as-deposited TiN/AIN SL film together with (b) the measured dgg, lattice spacing variations along the growth direction. (c)
A TEM bright-field overview image of the indented film, showing a region close to the indented impression where a cross-sectional HRTEM image was recorded (d). (e)
Enlarged HRTEM image used for quantitative analysis of lattice spacings in the indented film (f). Additional data is presented in the Suppl. Mat. (Fig. S9). White boxes in
(a) and (e) show the line profile positions, while the dashed horizontal lines in (b) and (f) indicate reference lattice-parameter values for bulk B1-TiN [25], B1-AIN [52], and
B3-AIN [52]. Note that for the as-deposited sample (b), the dgo> expansion in the growth direction is as expected for coherent interfaces, since lattice planes across interfaces
must expand for AIN (ag;_an<@g1_tin), thus contracting in-plane for AIN due to Poisson’s effect.
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a) Classical molecular dynamics: tensile elongation || to interfaces
1 [ 30%-strain
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Fig. 8. (a) CMD snapshots of [110]-strain-induced layer slipping and crack growth
in AIN/TiN SLs. (b) HRTEM images of nanoindented AIN/TiN SL coatings, indicating
similar crack growth in ~ 45° to interfaces. Note that the AIN-to-TiN ratio in the
experimental SLs is ~ 1 : 3, i.e. different from 1:1 used in our simulations.

of values 4.37-4.39 A reported for B3-AIN [63,64]. HRTEM mea-
surements (together with the Geometric Phase Analysis, GPA, see
Fig. S9 in Suppl. Mat.) therefore support the predictions of AIMD
and CMD simulations, which indicate formation of B3-AIN domains
in [110]-elongated SLs (Figs. 3 and Fig. 5b).

The reduction in out-of-plane TiN lattice spacings in the in-
dented sample (comparedgio"é values in panel (f) and (b) of Fig. 7)
can be ascribed to Poisson’s contraction (following the increase
of TiN lattice parameter in-plane) and to interface-induced Friedel
oscillations [15]. Although no B4 phase was observed in the in-
dented sample, cross-sectional HRTEM images reveal the presence
of a monoclinic AIN phase (not shown), which is a transition state
during the B1-to-B4 transformation [53]. Furthermore, we note
that previous experimental investigations by Yalamanchili et al.
[65] showed that strain-induced B1-to-B4 AIN transformation oc-
curs in nanoindented nanoscale multilayers of ZrN/Zrgg3Alg37N.
Consistently with our predictions, the authors suggested that
the transformation-associated volume expansion significantly im-
proved fracture resistance of the films.

Fig. 8 further emphasises the similarities between simulation
predictions and experimental observations. CMD results of SLs sub-
ject to [110] (in-plane) elongation show B1-to-B3 transformations—
initiated by {111}(110) AIN slip—which lead to layer interpene-
tration and, ultimately, fracture along shear bands (Figs. 8a, 5b,
and Suppl. Fig. S4 and Fig. S5). Analogously, HRTEM of nanoin-
dented films evidences shear-mediated AIN<TiN interpenetration
and formation of diagonal cracks along slip lines (Fig. 8b). Addi-
tional STEM-HAADF data in Suppl. Mat. Fig. S11 show layer slip-
ping/interpenetration and crack opening diagonally across the sam-
ple. Although similar to CMD theoretical predictions, dedicated ex-
perimental investigations will be needed to fully validate our in-
terpretations of fracture mechanisms. The next step on the sim-
ulation side could be SL models with pre-existing cracks (see e.g.
Ref. [66]), providing insights for the SL fracture toughness and sup-
porting stress intensity factor (K) measurements.
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3.5. CMD quantification of bilayer period effects

As indicated earlier, key atomic-level mechanisms that under-
lie plasticity and crack growth in AIN/TiN SLs are deformation-
mediated phase transformations in AIN layers. “Large” CMD su-
perlattice models allow to analyse these structural changes on
a quantitative level. In Fig. 9, we plot relative portion of dif-
ferent AIN polymorph structures together with the average co-
ordination of Al atoms as a function of strain during tensile
elongation.

Subject to [001]-strain (Fig. 9a), up to 3, 9, 19, and 32% of AIN
layers consist of the B4 phase in SLs with A of 1.25, 2.5, 5, and
10 nm, respectively. The transformation initiates when [001]-strain
exceeds € ~ 8% (i.e. 6% earlier compared to AIMD simulations, due
to the smaller supercell size and the absence of Poisson’s con-
traction in AIMD). After reaching a maximum at around 15%-[001]
strain, the B4 volume fraction suddenly drops (for all A), as a con-
sequence of SL fracture via cleavage (see Fig. 5a). The correspond-
ing stress release facilitates the reverse B4-to-B1 transformation
(reduction in purple colouring in Fig. 5a), thus, the B4 content de-
creases, which is mirrored by an increase of the average Al coordi-
nation number (bottom panel of Fig. 9b).

Compared to SLs loaded orthogonal to interfaces (Fig. 9a), their
[110]-loaded counterparts (Fig. 9b) exhibit phase transformations
to an even greater extent. Specifically, up to 12, 18, 32, and 44%
of AIN transforms to the B3 phase in SLs with A of 1.25, 2.5, 5,
and 10 nm, respectively. The strain at which the B3-AIN content
reaches its maximum increases with increasing A. As suggested
by analysing snapshots of AIMD and CMD simulations, AIN can
form hybrid B3(B4)-like domains, indication of which is the de-
crease of the average Al coordination (to 4-5) in the bottom panel
of Fig. 9(b), already at 4-5% strain, for which no fully transformed
B3(B4) phase is detected.

Trends in structural changes induced by [100] loading (Fig. 9c)
are less obvious, perhaps because our analysis does not include
the B, hexagonal phase, which predominantly forms in SLs with
A = 1.25, 2.5 nm. The largest extent of the B1-to-B4 transforma-
tion is predicted for the SL with A = 10 nm followed by A =5 nm,
while SLs with A = {1.25,2.5} nm show lower content of the B4-
AIN. Consistently with AIMD results, also CMD simulations indicate
that nucleation of the B4-AIN in SLs subject to [100]-elongation re-
quires relatively high tensile strains, above ~ 13%, while only ~ 8%
strain suffices for B1-to-B3(B4) transformation in case of [001]
and [110] loading. However, the decrease of the mean Al coordi-
nation already at ~ 4% strain (bottom panel in Fig. 9) indicates
nearly the same onset of structural changes (Al atoms being less
than 6-folded), irrespective of the loading condition and bilayer
period.

The results presented in previous sections point towards
strong toughness dependence on the bilayer period. In particu-
lar, Fig. 5 suggests that the “sweet spot” is in the vicinity of A ~
2.5 nm.

A decrease of A to 1.25 nm promotes formation of shear
bands during [110] elongation, followed by nanocracking diagonally
across interfaces (the left panel in Fig. 5b), while an increase of A
to 5 and 10 nm largely accelerates void opening in TiN layers dur-
ing [100] loading (right panels in Fig. 5c). To support this qualita-
tive observation, we estimate bilayer period effect on SL toughness
by introducing a toughness-indicator

1
n

n
i
Itough = l_[UT ’
i=1

(1)

as a geometric mean of the toughness moduli U% calculated for ith
elongation [h;k;l;]. Analogically, the ideal strength, a}, is here used
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in the SL.

to introduce a strength-indicator

1
n n
i
Istrength = (l—[ UT) .
i=1

The in-plane liyygn and Liengn Values are expected to relate with
mechanical performance of SL-based protective coatings during
use, as the compressive-stress induced by external load would be
primarily accommodated via lateral deformation. In Fig. 10 and its
inset, we plot the in-plane toughness and in-plane strength indi-
cators, ligygn and Igengen, for which the products in Eqs. (1) and
(2) run over [hik{l;] =[110] and [hykyl5] = [100]. The underlying
or and Uy values, evaluated based on CMD stress/strain data, are
listed in the Suppl. Mat. (Tab. S1). Fig. 10 suggests that AIN/TiN
SL with A =2.5 nm possesses superior strength and toughness
to other SLs, hence support our previous considerations based on
analysing SL snapshots during the simulated tensile tests. This ob-
servation would not be altered if 0%001] and UPO” values were
also included in the products of Eqs. (1) and (2). Encouragingly,
also experimental investigations by Fallmann et al. (see Fig. 3a
in Ref. [14] but mind the variation of AIN-to-TiN volume frac-
tion) demonstrate that hardness of AIN(001)/TiN(001) SL films in-
creases with decreasing A, peaking for the lowest investigated
A = 2.5 nm. For the same bilayer period, cube corner mechanical
testing indicates the highest SL toughness.

Although additional simulations would be needed to gain sta-
tistical confidence of the evolution of mechanical properties with
the bilayer period, superlattices with A ~ 2.5 nm—which enable
intermediate AIN transformations, rapidly extending to TiN layers with
increasing in-plane strain—seem close to optimum combination of
strength and toughness (Fig. 10). Concerning the SL strength,
it is established that relatively facile nucleation and motion of
dislocations is detrimental for hardness. Slip-induced softening is
typically attributed to SLs with “too low” (easy glide across in-

(2)

1
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Fig. 10. CMD indicators of SL toughness Iign, Eq. (1), and strength Igengen, Eq. (2),
plotted on a logyo scale as a function of the bilayer period. The dashed lines (in-
spired by measured trends of hardness [8,9,67] and toughness [5,7,11] vs. A in ni-
tride SLs) serve as guide to the eye.

terfaces) or “too high” (easy glide within layers) bilayer peri-
ods [9,10]. In our case, A ~ 2.5 nm impedes dislocation nucle-
ation and motion within individual layers, while might also hinder
slip across interfaces more effectively than lower A. The slightly
higher tensile strengths predicted for the two lowest bilayer pe-
riods in Fig. 10 are underpinned by dislocation analysis (Suppl.
Fig. S8), showing much lower dislocation densities (low total dis-
location lengths) for SLs with A = {1.25,2.5} nm in comparison
to A = {5, 10} nm. Note that in the B3/B4-like domains, other slip
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systems than those typical for B1 nitrides may be activated, in-
creasing energetic costs of dislocation movement. Together with
interfaces, transformed AIN domains also consume crack energy,
i.e. contribute to SL toughness. Again, intermediate bilayer periods
enable efficient stress dissipation—via strain-activated transforma-
tions across AIN and TiN layers—which delays crack nucleation and
propagation.

4. Summary and conclusions

Tensile loading of cubic B1 AIN(001)/TiN(001) superlattices—
with 1:1 AIN-to-TiN ratio and bilayer periods A ranging from 1.25
to 10 nm—was modelled using ab initio and classical molecular dy-
namics to gain atomic-level understanding of trends in plasticity
and fracture resistance as a function of A.

The simulations showed strongly directional and bilayer-period-
dependent mechanical responses:

+ SLs loaded orthogonal to interfaces (along [001]) exhibited
only modest plasticity and cleaved parallel to interfaces.

SLs loaded parallel to interfaces (along [110] or [100]) showed
superior plasticity (transformation-induced) and fracture resis-
tance compared to [001]-strained SLs.

Irrespective of A, SLs strained along in-plane [110] directions
undergo local B1-to-B3 AIN transformations which eventually
lead to shear-mediated layer interpenetration followed by frac-
ture along shear bands.

The fracture resistance of SLs strained along in-plane [100]-
directions is observed to be strongly A-dependent. Relatively
low bilayer periods (1.25-2.5 nm) enable strain-mediated lat-
tice transformations which extend through the SL, thus dissi-
pating accumulated stress and enhancing toughness. Relatively
high bilayer periods (5-10 nm) undergo localised AIN transfor-
mations which increase interfacial strain with adjacent TiN lay-
ers, eventually causing crack nucleation and propagation.

HRTEM analyses of nanoindented AIN/TiN films supported our
theoretical findings. For example, consistently with our predic-
tions, formation of B3-AIN domains together with AIN/TiN layer
slipping/interpenetration and nanocracking diagonally across in-
terfaces were experimentally observed in B1-AIN(001)/TiN(001) SL
coatings after nanoindentation orthogonal to interfaces (which lo-
cally induces in-plane tensile stresses).

The simulations predicted superior strength and toughness for
AIN/TiN SLs with intermediate bilayer periods (A ~ 2.5 nm), which
hinder plastic flow across interfaces at early deformation stages,
while enabling intermediate AIN transformations that extend to
TiN layers with increased load.
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