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Abstract
Thin ceramic ﬁlms based on transition metal nitrides have been successfully applied as protective coatings in the cutting industry and on forming tools. High pressure on enhancing
their performance is pushing experimental as well as bottom-up computational materials
development towards optimised thermal stability, hardness, toughness, tribological properties, as well as wear, corrosion and oxidation resistance. A vital approach consists in tuning
the microstructure. In particular, synthesis of alternate nanolayers of diﬀerent materials,
called superlattices, presents an elegant strategy for the design of atomic-scale architectures
that allow to stabilise metastable phases and to optimise typically antagonistic properties of
ceramic materials—such as hardness and fracture toughness—via controlling the individual
layer thicknesses.
This work oﬀers modelling insights into relationships between stability, structural, elastic,
and fracture properties of superlattices based on transition metal nitrides. The primary
method employed within the practical part is quantum-mechanical Density Functional Theory (DFT). DFT allows to screen many material systems, metastable or even unstable phases,
as well as speciﬁc defect-containing conﬁgurations in an unbiased manner, under well-deﬁned
and controllable conditions, e.g. subject to purely uniaxial tensile loading in a desired direction, possessing exact chemistry, defect content, and interface orientation. The model
material systems are MoN/TaN, TiN/WN, and AlN/TiN superlattices based on the cubic
rocksalt phase. MoN/TaN combines inherently ductile materials (compared to the class of
nitride, carbide, and boride ceramics), showing a strong driving force for lattice vacancies,
considerable lattice mismatch, and fairly similar elastic moduli. In contrast, TiN/WN exhibits essentially zero lattice yet signiﬁcant elastic mismatch of the layer components, TiN
and WN, where TiN is very stable in the cubic phase but inherently brittle, while WN is
ductile but its cubic structure lies on the edge of instability. AlN/TiN, the third model superlattice, presents a system for which some reference computational as well as experimental
data already exist, in particular, cube corner indentation experiments suggest signiﬁcantly
enhanced toughness at ultra-low layer thicknesses.
My contribution to the ﬁeld is demonstrated by 6 core publications. DFT calculations
1
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indicate high inherent ductility of MoN/TaN superlattices, combined with a remarkable
versatility in chemistry and elastic properties via the strong aﬃnity for vacancies. When
layer thicknesses do not exceed few nanometers, however, vacancy formation in the superlattice seems partially hindered compared to the superlattice monolithic components.
This can be rationalised by coherency strains inducing formation of the tetragonal ζ-phase
near interfaces. Such eﬀect, predicted also for TiN/WN superlattices and indirectly supported by experiment, could contribute to the fracture toughness enhancement recorded for
magnetron-sputtered MoN/TaN and TiN/WN ﬁlms at low bilayer periods of about 5 and
10 nm, respectively. In case of AlN/TiN, cleavage simulations reveal a strong dependence of
the energy and stress for brittle cleavage on the distance from superlattice interfaces, suggesting that cracks most likely initiate exactly at interfaces or in the middle of TiN layers.
Finally, high-throughput ab initio screening renders promising candidates for novel nitride
and carbonitride superlattice ﬁlms with superior ductility, strength, and fracture toughness.
Among the predicted candidates are TiN/MoN, HfC/WN, TaC/MoN, VC/TaN and others.
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1

Introduction
Materials employed as protective coatings need to fulﬁl complex requirements including high
chemical and thermal stability, hardness and toughness, oxidation and corrosion resistance,
good adhesion to the substrate, as well as low reactivity and friction with the materials in
contact. There are two general strategies to enhance materials performance in harsh and/or
demanding application conditions: (i) searching for yet unknown materials by e.g. alloying
or doping, or (ii) modifying the microstructure of already known materials by e.g. selforganisation or multilayer architecture. Multilayers alternate chemically and/or structurally
diﬀerent layers in a periodic manner and represent one of the most versatile approaches to
optimise wide spectrum of materials properties, such as magnetic, electronic, mechanical
or tribological [1–4]. Interfaces in multilayered structures, e.g. Cu/Fe, are also known to
provide improved radiation tolerance by acting as strong sinks for radiation-induced defects
[5]. This thesis focuses on one speciﬁc type of multilayered architectures—superlattices—in
which the individual layers are grown (semi-)coherently and their thicknesses reach only
few nanometers. In this chapter, the potential of superlattices in ﬁne-tuning mechanical
properties and fracture resistance of transition metal nitride ceramics will be highlighted.

1.1

The Superlattice Architecture

Superlattices (SLs) are repeating nanolayers of two or more materials with (semi)coherent
interfaces (Fig. 1.1). The layer constituents are most often miscible and posses the same
crystal structure, such as fcc-TiN and fcc-NbN in TiN/NbN SL. Though less common, superlattices can be also prepared from materials with diﬀerent structures that are typically
immiscible, such as bcc-Mo and fcc-NbN in Mo/NbN SL where the unit cubes are 45◦ rotated,
i.e. (110)bcc-Mo is parallel to (100)fcc-NbN [6]. This work deals primarily with iso-structural
superlattices composed of two ceramic materials with the same dislocation slip systems. The
thickness of each successive pair of layers is referred to as the bilayer period, Λ. Together with
4
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well-chosen combination of layer materials (e.g. yielding relatively large lattice and shear
modulus mismatch [6, 7]), the bilayer period and crystallographic orientation of interfaces
are the key factors for activating beneﬁcial eﬀects of the SL architecture. Within the context
on transition metal nitride thin ﬁlms, SLs demonstrated a great potential for (i) enhancing
hardness and/or fracture toughness above the limits of the ﬁlm-forming components—shown
by e.g. TiN/VN or TiN/CrN SLs [8, 9]—as well as for (ii) controlling the stabilisation of
metastable phases—shown by e.g. AlN/TiN [10, 11] or AlN/CrN [12–15] SLs in which AlN
can be epitaxially stabilised in its metastable cubic phase. While the so-called superhardening eﬀect was reported by Helmersson et al. [9] already in the 1980s and explained about
10 years later [6, 7], Hahn et al. [8] published the superlattice eﬀect on fracture toughness
only in 2016 and conducted the associated research in the same group where this thesis was
pursued. Follow-up investigations—contributed also by my own modelling activities—will
be presented later.

Figure 1.1: (a) A typical scanning transmission electron microscopy (STEM) image of a
superlattice ﬁlm (AlN/CrN with cubic rocksalt building blocks). (b) High-resolution transmission electron microscopy (HRTEM) image of the region marked in (a). Courtesy to Friák
et al. [14].

1.2

Hardness Enhancement in Superlattices

During the past decades, substantial eﬀorts have been directed towards enhancing the hardness of ceramic materials [16–18]. The most common approaches are based on impeding
the dislocation motion and grain boundary sliding by alloying (e.g. Tix Al1−x N [19, 20] or
Mox Al1−x N [21, 22]), growth of nanocomposites [18, 23], or vacancy engineering [24–26].
Superlattices—in which interfaces act as obstacles for the dislocation glide—belong to very
eﬀective strengthening mechanisms. The close relationship between the superlattice hard5
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ness and the bilayer period was ﬁrst reported in the 1980s. Pioneering experiments by
Helmersson et al. [9] and by Barnett and Madan [7] showed that the hardness of TiN/VN
and TiN/NbN nanolaminated ﬁlms varies strongly with their bilayer period, Λ. Starting
at Λ ≈1–2 nm, the hardness increased with increasing Λ, reached a maximum, and then
decreased as a consequence of further Λ increase. The peak at 5 and 9 nm for TiN/VN
and TiN/NbN superlattices, respectively, exceeded reference hardness values for their layer
constituents (TiN, VN, NbN) by about 100%. Later, the correlation between improved
hardness and small bilayer periods has been reported for series of nitride-based superlattice
ﬁlms grown on MgO(100), Si(100), or polycrystalline steel substrates [27]. Examples include
TiN/AlN [28], TiN/CrN [8], TiN/TaN [29], and AlN/CrN [13] SLs. The maximum hardness
was measured for bilayer periods typically ranging from 2 to 10 nm.
Widely accepted explanation for the hardness enhancement in SL ﬁlms uses a concept of
hindered dislocation glide within SL layers and across interfaces due to diﬀerences in shear
moduli of the layer materials, and due to coherency strains causing periodical strain–stress
ﬁelds in case of lattice-mismatched SLs [6, 7, 27, 30]. Speciﬁcally, the model by Chu and
Barnett [6] and by Barnett and Madan [7] yields a strength/hardness maximum versus
Λ in a good quantitative agreement with measurements for nitride and metal SLs. Basic
assumptions are miscibility and the same dislocation slip systems of the SL components,
allowing for dislocation glide across layer interfaces. Due to intermixing during deposition,
SL interfaces are expected to have nonzero width, which inﬂuences the strength/hardness
increase with increasing Λ before reaching a peak. Diﬀerent dislocation line energies per
unit length of the two layers due to the shear modulus diﬀerence inhibit the movement
of dislocations and thus, strengthen the superlattice [10]. The strength/hardness decrease
after the peak value relates to the dislocation glide within individual layers. The peak
occurs at the bilayer period for which the stresses required to move dislocations by the two
mechanisms are equal. Chu and Barnett [6] noted that the model extension to immiscible
layers (hence sharper interfaces) with the same slip systems is trivial, yielding again higher
strength/hardness at small Λ and little change at large Λ. In case of diﬀerent slip systems
and small bilayer periods, dislocation glide across the superlattice layers should eventually
become the strength-limiting mechanism.
As mentioned earlier, dislocation motion can be inhibited also by coherency stresses that
arise in SLs with nonzero lattice mismatch between layer components, such as the cubic
TiN/NbN SL where the lattice parameter of TiN is 0.17Å below that of the NbN. Since
lattice planes match across SL layers, the diﬀerence in lattice constants must be taken up
by elastic strains in the layers themselves. This alternating strain ﬁeld exerts forces on
dislocations and hinders their glide across interfaces, hence yielding a hardness increase.
Such mechanism, however, is active only for small Λ, as strains are relaxed at larger layer
thicknesses by the introduction of interfacial misﬁt dislocations [7]. Barnett and Madan [7]
6
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further concluded that hardening due to coherency strains is small compared to much greater
hardness enhancement arising from the diﬀerence in shear moduli.
Additional mechanisms contributing to hardening/softening of ceramic superlattices are: the
overall columnar growth structure resulting from most physical vapour deposition (PVD)
processes, speciﬁc kinetic conditions for thin ﬁlm nucleation and growth, nano- and microscale growth defects, as well as defects in the ﬁlm microstructure. Further factors that
should be considered when analysing mechanical properties of superlattices include the overall stress state of the ﬁlm, the stress proﬁle of the individual layers and their interaction
with each other, or with interfaces, dislocations and microcracks [27].

1.3

Fracture Toughness Enhancement in Superlattices

As a consequence of extraordinary high strength, crack formation on pristine surfaces of transition metal nitride, carbide, and boride ceramic ﬁlms is a diﬃcult process. Due to limited
plasticity, however, propagation of a pre-existing crack through the entire sample already
at small strains can be fatally easy. Cracks in polycrystalline transition metal nitrides used
in engineering applications typically propagate along grain boundaries [31]. To avoid unacceptable catastrophic failure during operation, material selection has often be restricted to
rather less strong but tough materials [32]. Therefore, advancing commercial use of ceramics
in harsh application environments critically requires enhancing their fracture toughness—
here understood as the resistance against crack formation and propagation—prerequisite of
which is both high strength and ductility.
Already the deﬁnition and quantiﬁcation of fracture toughness, however, is far from an easy
task. In 1921, Griﬃth [33] suggested that fracture strength, σf , relates to the Young’s
modulus, E, and the surface energy, γ, via the following formula,
σf ≈

1
2γE,
πa

(1.1)

wherein a denotes the length of a surface crack which is larger than other ﬂaws in the
specimen. The Griﬃth’s approximation (1.1) relies on linear elastic fracture mechanics,
neglecting any plastic deformation at the crack tip. Although such assumption is fulﬁlled
for ideal brittle materials (e.g. glass), crack growth in ductile materials requires additional
energy, as a plastic zone develops at the crack tip. Therefore, Irwin [34] replaced the surface
energy, γ, in Eq. (1.1) by the total dissipated energy, G, leading to
σf =

1
GE =
πa

1
(2γ + Gp )E.
πa

(1.2)

In Eq. (1.2), Gp denotes the energy dissipated predominantly due to plastic deformation (i.e.
thermal energy due to friction during dislocation movement) but accounts also for any other
7
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dissipative forces. Ductile materials are characterised by Gp
γ, i.e. the plastic dissipation
term dominates, while γ
Gp for brittle materials. To predict the stress state (“stress
intensity”) near the tip of a crack or notch caused by a remote load or residual stresses, Irwin
introduced the so-called stress intensity factor, K, depending on the specimen geometry, the
size and location of the crack or notch, and the magnitude and distribution of loads on the
material,
√
(1.3)
K = σ πa · f (a/W )
where σ is the applied stress and f (a/W ) is a specimen-geometry-dependent function of the
crack length, a, and the specimen width, W . Diﬀerent subscripts are used to distinguish the
stress intensity factor for three diﬀerent loading modes [35]. KI denotes the stress intensity
factor for the mode I, in which the load is applied perpendicularly to the crack plane (tensile,
opening). The mode II stress intensity factor, KII , applies to in-plane shear loading (sliding)
mode, while the mode III stress intensity factor, KIII , applies to out-of -plane shear loading
(tearing). If a very sharp crack, or a V-notch can be made in a material, the minimum
value of KI can be determined and represents the critical value of stress intensity required
to propagate the crack, hence denoted by KIC . KIC has units of stress times the root of a
√
distance (e.g. MPa m), expressing that fracture stress of a material must be reached over
some critical distance in order for KIC to be reached and crack propagation to occur. The
mode I critical stress intensity factor, KIC , is widely accepted as the deﬁning parameter for
fracture toughness. Among the most reliable experimental methods for fracture toughness
quantiﬁcation are pillar splitting [36] and micro-cantilever bending tests [37, 38].
Fracture toughness can be improved by employing two general mechanisms, intrinsic—acting
ahead of the crack tip to increase material’s toughness—or extrinsic—acting behind the
crack tip to resist its further opening [39]. Intrinsic mechanisms, such as ductile phase
toughening and transformation toughening, change the structure and bonding of the base
material as well as microstructural features and additives to it [31]. Extrinsic mechanisms
include toughening through nanostructural design, and toughening through multi- (nano-)
layered structures. Special example of extrinsic approaches is the superlattice architecture. Compared to hardness, the superlattice eﬀect on (fracture) toughness has attracted
scientiﬁc attention only quite recently. In 2011, Zhang et al. [40] prepared nanocrystalTiN/amorphous-(W,Ti)C0.83 superlattice ﬁlms by arc ion plating and magnetron sputtering.
Their ﬁlms showed superhardness (52 GPa) combined with good toughness (590 MPa). Later
in 2016, micromechanical bending tests by Daniel et al. [32] revealed that fracture toughness
of CrN/Cr and TiN/SiOx superlattice ﬁlms can be enhanced up to 40 and 60% with respect
to their single-layered constituents. This fracture toughness enhancement was attributed to
a large diﬀerence in elastic moduli (TiN and SiOx in TiN/SiOx SLs), and to the diﬀerence in
strength of the layer materials (CrN and Cr in CrN/Cr SLs). The authors further suggested
that fracture toughness enhancement in brittle nanostructured ﬁlms is conditioned by simul8
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taneously occurring microstructural heterogeneity and diﬀerences in the intrinsic mechanical
properties of the material constituents, which ensure an eﬀective increase of energy dissipation through the alternation of the crack path and crack deﬂection at interfaces. In the
context of this thesis, probably the most important study is the one published by Hahn et al.
[8] in 2016, showing that fracture toughness—quantiﬁed by in-situ microcantilever bending
tests—and hardness—quantiﬁed by nanoindentation experiments—of magnetron-sputtered
TiN/CrN SLs exhibit almost the same dependence on the bilayer period with coinciding
peaks at Λ ≈ 6 nm (Fig. 1.2). Achieving both high hardness and fracture toughness in
ceramics has always presented a great challenge [31, 41]. Therefore, Hahn’s experimental
evidence that both can be optimised simultaneously using the superlattice concept, is of a
great importance.

Figure 1.2: Fracture toughness, KIC , indentation hardness, H, and Young’s modulus, E, of
TiN/CrN SL thin ﬁlms as a function of the bilayer period, Λ. By this ﬁgure, Hahn et al. [8]
demonstrated that SL architecture allows to optimise H and KIC simultaneously.

1.4

Stabilisation of Metastable Phases in Superlattices

Non-equilibrium phases can form in superlattices via the so-called template eﬀect, meaning
that during the layer-by-layer SL growth the already deposited layer strongly inﬂuences
crystal structure of the new layer above it [10]. Consequently, the newly deposited layer can
crystallise in a metastable phase by forming a coherent structure with the deposited layer.
This typically strengthens the superlattice [10–14, 42, 43].
In the ﬁeld of transition metal nitride ceramic ﬁlms, Al alloying become popular for its
beneﬁcial eﬀects on the phase stability, oxidation resistance, and mechanical properties.
9
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Excellent examples are fcc-structured Tix Al1−x N [19, 20], Mox Al1−x N [21, 22], Tax Al1−x N
[44], and Nbx Al1−x N [44] solid solutions in which Al atoms partly occupy the metal sublattice. AlN with the fcc rocksalt structure (rs-AlN) is a high-pressure phase exhibiting higher
hardness and elastic modulus than the ground-state hexagonal wurtzite phase (w-AlN) [45].
At ambient temperature, the wurtzite-to-rocksalt phase transformation requires a pressure
above 22 GPa [46]. Even at 1800 K, the transformation still needs a pressure of 14–16.5 GPa
[47]. The metastable rs-AlN, however, can be stabilised in TiN/AlN [10, 11, 28], CrN/AlN
[12–15], or VN/AlN [43] SL ﬁlms with small bilayer periods via the template eﬀect of the
rs-TiN, rs-CrN, and rs-VN, respectively. The critical thickness below which rs-AlN forms
in these SLs is about 1.5–3 nm (depending mainly on the substrate material), which also
corresponds to the hardness maximum. Moreover, recent nanoindentation and cube corner indentation experiments by Fallmann et al. [28] showed that hardness and toughness of
cubic-based AlN/TiN SL ﬁlms scale inversely with their bilayer period, reaching maximum
for Λ ≈ 2.5 nm. Besides rs-AlN, the metastable cubic rs-NbN and rs-TaN were stabilised in
TiN/NbN [48] and TiN/TaN [49] SLs when their thickness did not exceed 6 nm.

10
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The model superlattices studied in this work are MoN/TaN, TiN/WN, and AlN/TiN with
elementary building blocks based on the cubic rocksalt (B1, NaCl-type) structure, possessing the Fm3m space group. MoN/TaN SLs combine materials with high inherent ductility,
considerable lattice mismatch and fairly similar shear moduli. Both MoN and TaN preferentially crystallise with in hexagonal structures, while their metastable rocksalt phase can
be stabilised by lattice vacancies which break the perfect cubic symmetry locally, leading to
changes in atomic coordination and bond orientation resembling local environments of hexagonal phases. TiN/WN SLs, in contrast, alternate a very brittle (TiN) and a very ductile
phase (WN)—the latter being nearly unstable—with essentially zero lattice but signiﬁcant
elastic mismatch. AlN/TiN SLs are known for the epitaxial stabilisation of the metastable
rs-AlN and strongly bilayer-period-dependent mechanical properties. The choice of AlN/TiN
superlattice system was further motivated by the availability of reference experimental data
in the literature.
This chapter describes the above superlattice components—AlN, MoN, TaN, TiN, and WN—
in a wider context of transition metal nitride ceramics. Attention is paid also to point
defects, responsible for large single-phase ﬁelds reported for many transition metal nitrides
and strongly inﬂuencing their structural, electronic, elastic, or phonon properties.

2.1

Transition Metal Nitrides

Transition metal nitrides (TMNs) represent a prominent class of materials that oﬀer excellent
combination of properties, such as good chemical and thermal stability, incompressibility
and strength, high melting points, corrosion resistance, electrical and thermal conductivity
[50–54]. TMN thin ﬁlms are most often prepared by physical vapour deposition (PVD)
techniques. Typical applications include hard and protective coatings for cutting tools and
structural components used in demanding conditions [55–61], diﬀusion barriers in electronic
11
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devices [62–64], plasmonic materials in photo-thermal therapies [65], as well as energy storage
and conversion applications [66, 67]. Furthermore, future applications may beneﬁt from the
fact that TMNs can act as superconductors, with transition temperatures ranging from 6 up
to about 18 K (TiN [68], NbN [69], TaN [70]).
The cubic rocksalt, rs, phase (fcc, B1, space group Fm3m) is common to all nitrides of the
group IV–VI transition metals, i.e. TiN, ZrN, HfN (the group IV nitrides); VN, NbN, TaN
(the group V nitrides); and Cr, Mo, W (the group VI nitrides) [16]. The large single-phase
ﬁeld—typical for rocksalt-structured TMNs—leads to remarkable versatility in structural,
elastic, and vibrational properties. Since cubic TMNs provide elementary building blocks
of the here studied superlattices, Tab. 2.1 lists some of their properties, which I determined
using DFT calculations. Depending on the growth conditions, however, the group V and VI
transition metal nitrides can preferentially crystallise with hexagonal or tetragonal symmetry,
especially when the metal-to-nitrogen ratio is 1:1.
TMNs possess mixed covalent, ionic, and metallic bonding. The directional covalent and
ionic bonding components lead to high chemical stability and mechanical strength, while the
metallic part—consisting of more delocalised electrons—contributes to electrical conductivity, good adhesion and ductility via controlling the resistance to shearing and hence, the
ability to plastically deform [50, 75]. In-depth discussion of p(N)–d(TM) and d(TM)–d(TM)
interactions, where N and TM stands for nitrogen and the group IV–VI transition metals,
respectively, is presented in Ref. [31]. These interactions are predominantly responsible
for mechanical properties of rocksalt-based TMNs. Within the family of TM nitrides—but
also carbides and borides—widely accepted empirical indicators for more covalent/metallic
bonding, hence more brittle/ductile behaviour, were proposed by Pugh [76] and Pettifor [77].
These indicators are based on the shear-to-bulk-modulus ratio, G/B, and Cauchy pressure,
PCauchy := C12 − C44 1 , typically obtained by ab initio calculations. According to Pugh’s and
Pettifor’s criteria, ductile materials yield G/B < 0.5 and PCauchy > 0. Fig. X depicts these
criteria for selected cubic TMNs, which are listed in Tab. 2.1.
Increasing the metallic shear-sensitive d(TM)–d(TM) interactions in cubic rocksalt TMNs
can eﬀectively facilitate toughness enhancement [31, 78, 79]. Therefore, the valence-electron
concentration (VEC), deﬁned as the number of valence electrons per formula unit (el./f.u.), is
often used as a toughness indicator. Ab initio calculations by Balasubramanian, Khare, and
Gall [80] show that increasing the VEC of cubic TMNs is followed by the G/B decrease—
underpinned also by my calculations in Tab. 2.1 and Fig. 2.1—which suggests improved
ductility. Applying the Pugh’s criterion, the authors linked the brittle-to-ductile transition
to VEC=10. The VEC increase is further associated with the decrease of the elastic constant
C44 , which induces a transition to mechanical instability for VEC>10.6, speciﬁcally, for
1

Alternatively, PCauchy := 1/3[(C12 − C66 ) + (C13 − C55 ) + (C23 − C44 )] for non-cubic symmetries.
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Table 2.1: Ab initio calculated structural and elastic properties of the cubic rocksalt AlN
and group IV–VI transition metal nitrides: lattice parameter, a, formation energy, Ef , cubic
elastic constants, C11 , C12 , C44 , the polycrystalline bulk, B, shear, G, and Young’s modlus,
E, the bulk-to-shear-modulus ratio, G/B, and the Cauchy pressure, PCauchy = C12 − C44 .
The polycrystalline B, G, and E moduli are evaluated as the Hill averages of the Voigt and
Reuss limit [71, 72]. The 1:1 stoichiometric structures have fully occupied fcc lattice sites,
while their (selected) oﬀ-stoichiometric counterparts contain disordered lattice vacancies.
All nitrides are considered non-magnetic. Elastic moduli of mechanically unstable MoN and
WN (see Section. 3.2.2) were not evaluated. The calculated elastic properties agree well with
reference values from Refs. [73, 74].

AlN
TiN
ZrN
HfN
VN
NbN
TaN
CrN
MoN
WN
V0.75 N
VN0.75
Nb0.75 N
NbN0.75
Ta0.75 N
TaN0.75
Mo0.75 N
MoN0.75
MoN0.5
W0.75 N
WN0.75
WN0.5

a
[Å]
4.069
4.255
4.618
4.538
4.130
4.426
4.427
4.057
4.364
4.374
4.005
4.056
4.302
4.381
4.305
4.381
4.203
4.282
4.211
4.228
4.293
4.181

Ef
[eV/at.]
−1.26
−1.97
−1.91
−1.80
−1.01
−1.00
−0.91
−0.18
−0.01
0.25
−0.70
−0.91
−0.94
−1.00
−1.03
−0.96
−0.22
−0.27
−0.21
−0.11
0.01
−0.02

C11
[GPa]
426
573
514
577
599
647
717
576
543
543
654
487
389
499
417
512
656
643
508
426
459
513

C12
[GPa]
168
132
117
121
163
142
146
209
225
262
145
161
130
170
154
192
151
164
196
155
239
241

C44
[GPa]
307
162
118
121
128
82
69
8
−46
−65
158
121
93
101
91
108
80
77
106
90
103
118

B
[GPa]
257
279
250
273
308
310
340
332
314
270
216
279
242
299
319
324
300
246
312
331

G
[GPa]
217
183
145
157
159
131
127
45
191
136
106
123
105
127
130
124
124
106
106
125

E
[GPa]
507
451
364
395
406
345
338
130
477
350
274
322
276
333
343
329
326
278
286
334

G/B
0.85
0.66
0.58
0.57
0.52
0.42
0.38
0.14
0.61
0.50
0.49
0.44
0.44
0.42
0.41
0.38
0.41
0.43
0.35
0.38

PCauchy
[GPa]
−138
−30
−1
0
34
60
77
202
−13
41
37
69
63
84
71
87
90
66
135
122

the cubic rocksalt phase of WN and MoN. According to Balasubramanian, Khare, and
Gall [80], this instability stems from the increasing overlap and constructive interference
of d–t2g orbitals upon shear, mirrored by an energy reduction during shear deformation.
The study further reveals that as a consequence of the VEC increase from 8 to 11, the
average calculated isotropic elastic modulus decreases from 426 to −83 GPa, while and the
hardness decreases from 25 to 2 GPa. Also other researchers tried to establish a link between
mechanical properties of binary rocksalt TMNs and their VEC. Jhi and co-workers [25, 81, 82]
correlated the maximum recorded microhardness to VEC of about 8.4, which corresponds
to completely ﬁlled shear-resistive orbitals (p–d-eg ) but unocupied shear-sensitive orbitals
(d–t2g metal/metal). Filling the shear-sensitive orbitals at higher VEC reduces both the
shear modulus and hardness. First-principles calculations by Wu et al. [83] revealed that the
largest shear modulus of TMN-based alloys is associated with VEC ≈ 8–9, while even higher
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Figure 2.1: DFT-calculated brittleness/ductility map for rocksalt transition metal nitrides
based on elastic data from Tab. 2.1.
VEC values are followed by the shear modulus decrease with a minimum at VEC slightly
above 10. Such ﬁndings are well is line with Ref. [80].

2.1.1

The Group IV Nitrides

The group IV nitrides include TiN, ZrN, and HfN. All posses melting points above 3000 K and
at ambient conditions crystallise in the rocksalt phase with wide single-phase meal/nitrogen
ﬁelds [31, 84]. Commercialised already in the 1980s, TiN, represents the most widely investigated as well as industrially applied ceramic, hence is often considered as a reference when
comparing transition metal nitride, carbide, and boride thin ﬁlms.
Among industrially important properties of TiN are high hardness, low friction coeﬃcient,
excellent diﬀusion barrier characteristics, good electrical conductivity, as well as wear resistance and adhesion/glue layer performance. Typical applications include high-performance
coating materials for cutting tools, silicon microelectronics technologies, or corrosion and
abrasion resistant layers for optical components [85, 86]. Thanks to its biocompatibility,
TiN is a promising candidate for various types of implants, prostheses and surgical instruments [87, 88]. The goldish colour of TiN resulted in decorative applications. TiN thin
ﬁlms are commonly synthesised by unbalanced direct current (DC) magnetron sputtering,
by reactive sputtering of a Ti target in a mixed Ar/N2 atmosphere or non-reactive sputtering
of a TiN compound target in a pure Ar atmosphere [89]. Oﬀ-stoichiometry, in particular N
deﬁciency, is quite common: rs-TiNx was successfully synthesized for x ranging from 0.67 to
1.3 [24, 90]. This wide stoichiometry region is partly responsible for largely diﬀering values of
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mechanical properties reported in the literature. For example, common indentation hardness
√
and fracture toughness readings are 20–30 GPa [89] and 2–3 MPa m [91–94]. Among other
important reasons for these variations are the microstructure and morphology, including the
presence and density of voids, the shape and size of grains, as well as the ﬁlm purity [95].
The less often reported ZrN and HfN exhibit similar properties as TiN: chemical stability and inertness, high mechanical strength, high melting point, good wear resistance, and
goldish colour. Consequently, they ﬁnd applications as protective or decorative thin ﬁlms,
diﬀusion barriers, or biomedical implants. Hardness readings of ZrN and HfN ﬁlms reach
20–30 GPa depending on e.g. the applied bias voltage and heat treatment [96–99]. Besides the cubic cubic rocksalt (B1, Fm3m) phase, ZrN and HfN can also crystallise in the
CsCl (B2, Pm3m) or the zincblende (B3, F43m) type phases, both possessing cubic symmetry. Quantum-mechanical calculations predicted that the order of stability is B1>B2>B3,
meaning that B1 represents the most stable phase [100].

2.1.2

The Group V–VI Nitrides

Due to their high valence electron concentration, the group V–VI TMNs show improved
ductility compared to the inherently brittle TiN, ZrN, and HfN [73, 79], while still retaining high hardness. The room-temperature rocksalt phase, however, is thermodynamically
metastable (VN, NbN, TaN, CrN) or even on the edge of instability (MoN, WN) and can be
only obtained by non-equilibrium growth techniques, such as reactive magnetron sputtering,
nitrogen ion implantation, or low-energy ion-assisted deposition [101, 102]. According to
ﬁrst-principles calculations by Mei et al. [103], the ideal rocksalt structure of the group V–
VI TMNs yields dynamic instabilities characterised by imaginary acoustic-phonon energies.
Imaginary phonon energies indicate that restoring forces on atoms displaced due to lattice
vibrational waves do not suﬃce to return these atoms to their ideal lattice positions. Instead,
atoms become trapped in potential energy minima located at diﬀerent crystallographic coordinates, leading to a phase transformation. Stabilisation of the rocksalt phase, nonetheless,
is possible either via lattice vacancies [102, 104–106], and/or by lattice vibrations at room
temperature [103, 107].
VN is technologically important for a broad range of applications including supercapacitors,
diﬀusion barriers, nanoelectrodes, lithium-ion battery anodes, and hard wear-, abrasion- ,
and scratch-resistant coatings. Nitrogen-to-vanadium ratios in single-crystal rs-VNx ﬁlms
fall within 0.8–1 [108, 109]. Challenges associated with controlling and characterising VNx
nanostructure, e.g defect densities, surface roughness, and grain morphology, resulted in a
signiﬁcant spread of reported properties. Speciﬁcally, hardness values of 11–30 GPa, elastic
moduli 187–221 GPa, or room temperature resistivity 85–500 µΩ cm were measured [109–
112]. Above 250 K, VN undergoes a tetragonal-to-cubic phase phase transition driven by
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eﬀective harmonisation of the strongly anharmonic lattice potential [103].
Within the group IV–VI TMNs, NbN belongs to less extensively studied materials. NbN
thin ﬁlms were deposited by ion beam assisted deposition, pulsed laser deposition, cathodic
arc deposition, or reactive magnetron sputtering and showed overall good though largely
varying mechanical properties [113]. In particular, the hardness values range from 25 to
about 40 GPa, following the transition from the cubic δ-NbN rocksalt structure to a mixed
phase structure including the hexagonal δ -NbN (P62m) phase [113–115]. Further factors
contributing to the large spread of reported hardness values are microstructural eﬀects—such
as open grain boundaries, layer density, texture, and intrinsic stress—and the lattice occupancy. Speciﬁcally, the δ-to-δ phase transition is associated with an increase of N/Nb ratio
from 0.92 to 1.08 [113]. In combination with good mechanical properties, the high superconducting transition temperature of NbN (17 K [69]) provides a good basis for applications in
superconducting microelectronics, such as single-photon detectors or tunnel junctions [116].
TaN exhibits a remarkable richness in phases and stoichiometries, mirrored by the great
disparity in electronic, structural, and mechanical characteristics. Applications of TaN span
from barrier layers between Cu and Si wafers for interconnections in ultra large-scale integration (ULSI) devices [117–120], resistance ﬁlms and metal gate electrodes [121], to visiblelight-driven photocatalysts for splitting water [122]. In the ground-state, 1:1 stoichiometric
TaN crystallises with hexagonal symmetry in the π-TaN phase (P62m), while another 1:1
stoichiometric hexagonal variant, WC-type structure (P6m2), forms at low temperature
and high pressure [123]. The cubic rocksalt rs-TaN—exhibiting hardness of 30–33 GPa—
stabilises at high temperatures and low pressures [107, 124]. Due to the strong driving force
for point defects, the stoichiometry of rs-TaN can signiﬁcantly deviate from 1:1 [106, 124].
Below 6.5 K, it acts a superconductor [70]. Ta-rich phases include the hexagonal Ta2 N
(P63 /mmc), while the hexagonal Ta5 N6 (P63 mcm), the tetragonal Ta4 N5 (I4 /m) and Ta2 N3
(P4m2), and the orthorhombic Ta3 N5 (Cmcm)—with enhanced covalent bonding character—
are found in the N-rich part of the convex hull connecting the most stable phases within the
Ta–N system [123]. Furthermore, electronic structure of TaN can change from that of metal
to semiconductor or even insulator by controlling the N content and pressure. TaN, Ta5 N6 ,
Ta4 N5 and Ta2 N3 are metallic, while Ta3 N5 is a semiconductor [123]. Similarly, Ta vacancies
in the metastable cubic rs-TaN reduce the density of state (DOS) around the Fermi level,
inducing a metal-to-insulator transition [125].
Turning to the group VI TMNs, CrN thin ﬁlms are highly valued for their low friction coeﬃcient, good wear, corrosion, and oxidation resistance, hence frequently employed to enhance
the performance of cutting tools [126]. At room temperature, CrN adopts the paramagnetic cubic rocksalt structure, while cooling below the Néel temperature (TN = 200–287 K)
leads to a simultaneous structural and magnetic phase transition to the antiferromagnetic
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orthorhombic phase (space group Pnma) [127]. Again, values of mechanical properties vary
in the literature. Typical hardness values of arc-evaporated and magnetron-sputtered CrN
√
ﬁlms range between 23–30 GPa [128, 129], while fracture toughness reach up to 3.13 MPa m
[130].
Depending on synthesis conditions—such as nitrogen partial pressure, temperature, substrate material, and energetics of depositing species—MoN can adopt various crystalline
structures. Among common applications of MoN are wear protective coatings, diﬀusion barriers for Al metallizations in ultra large-scale integrated circuits (ULSI), or microelectronical
systems (MEMS) devices, including accelerometers, radio frequency and optical switches or
micromirror arrays [101, 131]. Furthermore, MoN shows promise as anode material for Li
ion batteries or nanosheet for hydrogen evolution [132]. The high d-orbital occupation leads
to mechanical and thermodynamic instability of the cubic rocksalt γ-MoN [103, 131]. Yet
thanks to the stabilisation eﬀect of lattice vacancies, γ-MoNx with 0.5 ≤ x < 1 is the most
common experimentally observed phase. In fact, even the 1:1 stoichiometric γ-MoN can be
stabilised when the same amount of vacancies is present on both sublattices. These mixed
vacancies—keeping the 1:1 stoichiometry—are termed as Schottky defects, and their speciﬁc
case is the cubic NbO-type phase (Pm3m) representing the NaCl-type (rocksalt) structure
with 25% of ordered vacancies on both sublattices [106, 133]. Besides, the tetragonal β-Mo2 N
(I41/amd), the hexagonal δ-MoN (P63 /mmc) and θ-MoN (P6m2) have also been reported,
as well as the high-pressure rhombohedral MoN2 (R3m) phase, see Refs. [102, 131] and references therein. Ab initio calculated formation enthalpies indicate that the cubic structures
are preferred over hexagonal ones for Mo-rich compositions, while the opposite holds true
for N-rich compositions. In case of a slight N-substoichiometry up to 1:1 Mo-to-N stoichiometry, the cubic and hexagonal structures yield only small energetic diﬀerences, implicating
that kinetic barriers during synthesis play an important role in the formation of either the
hexagonal or the cubic phase [131].
Similarly to MoN, WN crystallises in many phases over a wide composition range depending on the chosen deposition method (e.g. magnetron or ion beam sputtering, cathodic arc
deposition) and deposition parameters (e.g. temperature and N2 ﬂow rate during the deposition from the vapour phase) [104, 134–136]. The most frequently reported phases include
the cubic rocksalt WNx , 0.5 ≤ x ≤ 1, the hexagonal WN (P6m2) and W2 N3 (P63 /mmc),
or the trigonal W2 N3 (R3m) and W2 N (P3m1), see Refs. [104, 135] and references therein.
Analogically to MoN, the rocksalt phase of WN is both thermodynamically and mechanically unstable but can be stabilised by metal or N vacancies, or their combination. The 1:1
stoichiometric cubic phase is achievable as the NbO-type structure [104], which is, however,
seldom experimentally reported. The mechanical instability of the defect-free rs-WN stems
from the negative C44 elastic constant (C44 = −65 GPa, see Tab. 2.1), which relates to
instability against shearing. According to Balasubramanian, Khare, and Gall [104], shear
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causes an orbital overlap between neighbouring W atoms, leading to an energy reduction
in the bonding orbitals, hence, a total energy decrease. The large range of the reported
elastic moduli and hardness values of WN thin ﬁlms originates from variations in their microstructure, nitrogen content, layer density, and phase content [104, 135]. For illustration,
the hardness drops from 32 to 26 GPa when x in rs-WNx increases from 0.35 to 0.7, while
the formation of hexagonal phase inclusions for x > 0.75 leads to a hardness increase [134].

2.2

Aluminium Nitride

AlN—sometimes classiﬁed as a post transition metal nitride—is characterised by chemical
and radiation inertness, low compressibility, high melting point (above 3200 K), ionicity and
thermal conductivity, as well as a wide band gap. These properties provide an excellent
basis for applications such as electronic substrates, heat sinks, high-temperature transistors, short-wavelength light-emitting diodes (LEDs), optical detectors, or other high-pressure
high-temperature and high-frequency optoelectronic devices [137, 138]. Furthermore, excellent thermal stability and mechanical properties of AlN are an important prerequisite for
functional thin ﬁlms able to withstand friction and wear [139]. AlN ﬁlms are commonly
deposited by chemical vapour deposition (CVD), molecular beam epitaxy, pulsed laser deposition, or reactive magnetron sputtering.
As a member of the group III-nitrides (AlN, InN, GaN), AlN exhibits mixed covalent and
ionic bonding, and appears in three structural variants: the ground-state hexagonal wurtzite
w-AlN (B4, P63 mc), the metastable cubic zincblende zb-AlN (B3, F43m), or the metastable
cubic rocksalt rs-AlN (B1, Fm3m) phase [45, 137, 138]. The w-AlN is valued especially
by semiconductor industry and for its piezoelectric properties, while the cubic phases are
desirable for their excellent mechanical and functional properties, hence sharing application
ﬁeld with group IV-VI TMNs. Structurally, the cubic phases are quite similar, diﬀering only
in the coordination geometry. While the rs-AlN shows octahedral coordination, the zb-AlN is
tetrahedrally coordinated. According to ab initio calculations by Zhang, Sheng, and Veprek
[140], uniaxial tensile loading of zb-AlN along the [110] direction triggers the zincblende-torocksalt phase transition. In the opposite way, uniaxial tension along the hexagonal [1210]
direction or shear in the (1010)[1210] slip systems induce the B4-to-B1 phase transformation
[141].

2.3

Point Defects in Nitride Ceramics

Largely inﬂuencing materials properties, defects constitute one of the most fundamental
topics of modern materials science. Point defects—such as vacancies, interstitials, antisites,
or Frenkel pairs—are the simplest defects aﬀecting only isolated sites in a crystal lattice.
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More complex defects include line defects (dislocations) extended through macroscopic region
of the crystal in one dimension, two-dimensional planar/area defects (grain boundaries,
twin boundaries, or stacking faults) emerging through the microscopic region, or threedimensional macroscopic bulk defects (pores, cracks, or voids).
Point defects are almost inseparably bounded to PVD techniques—operating far from the
thermodynamic equilibrium—and can inﬂuence phase stability, electronic structure, and
mechanical properties of TM nitride (also carbide, boride) thin ﬁlms in either beneﬁcial
or detrimental way. The eﬀect of vacancies is reported the most ofen. For example, N
vacancies in epitaxial magnetron-sputtered rs-TiNx (001) layers, 0.67 ≤ x ≤ 1, increase
hardness but decrease elastic modulus. The vacancy hardening is caused by the eﬀect of
N vacancies on local bond environments of migrating cations, causing variations in energy
barriers for individual diﬀusion hops [142]. In other words, N vacancies act as pinning centres
inhibiting dislocation motion, thus enhancing mechanical strength. Pei et al. [143] reported
that N vacancies in rs-ZrNx ﬁlms grown by reactive magnetron sputtering have positive eﬀect
on hardness, elastic modulus, and toughness, if their concentration does not exceed 24%.
Further increase of N vacancy content up to 30% leads to a hardness drop. According to
Hu et al. [144], Hf and N vacancies in rs-HfNx ﬁlms induce asymmetrical lattice shrinkage
due to the presence of strong (111) texture and compressive stress, which trigger a phase
transformation from the cubic to the rhombohedral structure, mirrored by a decrease in
electrical conductivity, bulk modulus, and hardness.
Turning to the group V–VI TMNs, N vacancies in epitaxial magnetron-sputtered rs-NbNx (001)
layers, 0.81 ≤ x ≤ 0.98, increase elastic moduli and hardness, however, the most N-deﬁcient
layers also contain inclusions of the hexagonal δ -NbN grains [113]. N vacancies in epitaxial
single-crystal rs-VNx (001), 0.8 ≤ x ≤ 1, are responsible for both hardness and toughness enhancement. Accoding to combined experimental and theoretical investigations by Mei et al.
[26], relative softness of the 1:1 stoichiometric VN stems from electronic/phonon instabilities
which facilitate cubic-to-tetragonal martensitic phase transitions upon shearing in the elasticresponse regime. On the other hand—thanks to the ability to transfer d electrons between
2nd -neighbour and 4th -neighbour (i.e. across vacancy sites) V–V metallic states—VN0.8 activates transformation-toughening mechanisms that dissipate accumulated external stresses.
The high elastic resistance to shearing originates from intrinsically stronger 1st -neighbour V–
N bonds. Furthermore, vacancies stabilise mechanically and/or thermodynamically unstable
cubic structures of rs-TaN [106, 124], rs-MoN [131, 133], and rs-WN [104, 135]. Noteworthily,
the presence of vacancies reduces the average number of electrons, hence the VEC, leading
to an increase of C44 and mechanical stabilisation of the rs-MoN and rs-WN. Looking at
examples of ternary systems, vacancies contribute to the stabilisation of thermodynamically
metastable Ti1−x Alx N [145], Mo1−x Alx N [21], Ta1−x Alx N [44], and Nb1−x Alx N [44].
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Out of point defects, vacancies are reported the most frequently. Other point defect types,
however, should be considered by computational models aiming to rationalise the experimentally measured oﬀ-stoichiometry and predict consequences of such oﬀ-stoichiometry for
materials properties. Employing DFT calculations, Balasubramanian, Khare, and Gall [105]
mapped energetic trends in the group III–VI TMNs containing vacancies, Schottky defects,
and interstitials (see Fig. 2.2). Both vacancy types (metal and nitrogen) were more energetically favourable when moving down the group and to the right in the period of the periodic
table. At zero temperature, the corresponding formation energy, Ef , become negative (indicating thermodynamic stability) for metal vacancies in the group IV–VI and for N vacancies
in the group VI TMNs. Due to their high Ef , antisite defects (of both N and metal type)
as well as N interstitials were predicted unlikely to form. Finite temperature eﬀects were
dominated by conﬁgurational entropy and the entropy of the N2 gas that the nitride was
equilibrated with (i.e. the applied nitrogen chemical potential in the calculation). Both
entropy terms caused a reduction in the overall defect energy with increasing temperature
defects that cause N deﬁciency, e.g. N vacancies and metal interstitials. In contrast, the two
dominating entropy contributions were competing in case of defects causing excess N content, i.e. metal vacancies and N interstitials. Consequently, many rocksalt TMNs exhibited
a temperature range over which an approximately stoichiometric composition is thermodynamically stable, while considerable metal and N vacancy concentration was predicted at
low and high temperatures, respectively.

Figure 2.2: DFT calculated temperature ranges for which nitrogen vacancies, metal vacancies, Schottky pairs and metal interstitials are thermodynamically stable in rocksalt TMNs,
considering N2 gas at 1 Pa as reference state. The defect concentration is 1% of metallic
lattice sites. Courtesy to [105].
Experiment-wise, stoichiometry (and phase formation) can be roughly controlled by depo20
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sition parameters and other experimental settings. Speciﬁc point defect types, however, are
extremely diﬃcult to identify/quantify, and one often relies only on indirect hints, such as
lattice parameter shift in X-ray Diﬀraction (XRD) patterns. Other methods of chemical
quantiﬁcation that can be applied for thin ﬁlm ceramics include Energy-dispersive X-Ray
Spectroscopy (EDS) or high-resolution electron energy loss spectroscopy (EELS) in a transmission electron microscope [146].
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Chapter

3

Computational Methodology
Accounting for quantum-mechanical eﬀects, ab initio (alternatively ﬁrst principles) calculations allow to unbiasedly model materials behaviour and properties irrespective of their
elemental composition and crystal structure, with minimum approximations and prior knowledge. With advancing computational power, ab initio methods have become the state-ofthe-art tool of modern materials science. The most widely applied implementation is based
on the Density Functional Theory (DFT), the primary method employed within this work.
DFT presents an important counterpart to experiment since it allows to (i) unambiguously
test hypotheses in case of missing, technically too complicated or extremely costly measurements, (ii) gain insights and explanations beyond experimental resolution, as well as (iii)
predict properties of yet unknown or yet not characterised materials or material classes.
This chapter presents fundamentals of DFT based on Refs. [147–149], and further overviews
methods for treating structural stability and mechanical properties that were applied in the
practical part of the thesis.

3.1
3.1.1

Density Functional Theory
Solving the Many-body Problem

The term many-body problem refers to a vast category of physical problems pertaining to the
properties of microscopic systems that contain a large number of interacting particles. The
ground-state energy of a system containing N nuclei and M electrons at positions {Rn }N
n=1
M
and {ri }i=1 , respectively, is determined by the solution of the many-body Schrödinger equation,
Ĥψ = Eψ.
(3.1)
In the above Ĥ denotes the Hamiltonian operator, E is the total energy of the system, and ψ
is the many-body wave function which depends on the coordinates of all nuclei and electrons,
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ψ ≡ ψ(R1 , R2 , . . . , RN ; r1 , r2 , . . . , rM ).

(3.2)

The Hamiltonian operator in Eq. (3.1) includes all interactions between the electrons and
atomic nuclei,
Ĥ = T̂nucleus (Rn ) + T̂electron (ri ) + V̂nucleus-electron (Rn , ri ) + V̂nucleus (Rn ) + V̂electron (ri ) =
N
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where Mn (m) denotes the mass of a nucleus (an electron), is the reduced Planck’s constant, ε0 is the vacuum permittivity, and e is the elementary charge. The ﬁrst two terms,
T̂nucleus (Rn ) and T̂electron (ri ), express kinetic energies of nuclei and electrons. The third term,
V̂nucleus-electron (Rn , ri ), denotes the nucleus-electron (Coulomb) attraction energies, while the
fourth and the ﬁfth term, V̂nucleus (Rn ) and V̂electron (ri ), represent the nucleus-nucleus and
electron-electron repulsion energies, respectively. Each Laplacian, ΔRn (Δri ), involves differentiation with respect to the coordinates of the nth nucleus (ith electron).
In practice, solving equation Eq. (3.1) analytically is possible only for extremely small systems due to the nature of the wave function, Eq. (3.2), that involves coordinates of all
interacting particles. Therefore, several approximations have been developed to compute
the ground-state energy, i.e. the minimum eigenvalue of Ĥ, as well as energies of excited
states, i.e. higher eigenvalues of Ĥ. The ﬁrst step forward was the Born-Oppenheimer
(adiabatic) approximation [150] which neglects the motion of much heavier and slower
nuclei. Looking at the H atom, the mass of a proton is ≈ 1800 times larger that the mass
of an electron. The electron-to-nucleus mass ratio increases for heavier atoms. From the
perspective of a moving electron, therefore, the nucleus appears as a ﬁxed external potential
with zero kinetic energy. It is the electrons that—in the ﬁrst place—maintain the inner equilibrium and respond to all external forces. Thus the dynamics of nuclei and electrons can
be decoupled, as it is happening on diﬀerent time scales (electronic excitations occur typically at 10−16 s, while representative vibrational frequencies correspond to 10−12 –10−13 s).
Such simple argument largely reduces the complexity of the wave function, Eq. (3.2), which
becomes a function of the electron positions only,
ψ ≡ ψ(r1 , r2 , . . . , rM ).

(3.4)

23

3.1 Density Functional Theory
Consequently, the Hamiltonian operator, Eq. (3.3), takes the form
Ĥ = T̂electron (ri ) + V̂electron (ri ) + V̂ext =
M

=−
i=1

2

2m

Δr i +

1 1
2 4πε0

(3.5)

M

e2
+ V̂ext .
|r
−
r
|
i
j
i,j=1,

(3.6)

i=j

Again, T̂electron (ri ) and V̂electron (ri ) express the kinetic energy of electrons and potential energy
of the electron–electron interaction, respectively. The V̂ext is the electron–nucleus interaction
which can be understood as an interaction of electrons with a positive external potential.
Unlike the universal ﬁrst two terms in Eq. (3.6), the V̂ext term includes all the materialspeciﬁc information.
While the Born-Oppenheimer approximation simpliﬁed the Schödinger equation (3.1) signiﬁcantly, the solution for real materials was still too costly due to the Coulombic electron–
electron interactions. Among further attempts to reduce the complexity of the many-body
problem are the Hartree (1928) and the Hartree-Fock approximation (1930) [151].
Hartree proposed an ansatz for the form of the electron wave function (3.4) written as a
product of individual orbitals, φi (ri ), i = 1, 2, . . . , M ,
ψ(r1 , r2 , . . . , rM ) ≡ φ1 (r1 )φ2 (r2 ) · · · φM (rM ).

(3.7)

Consequently, the Hamiltonian was decomposed into a sum of individual (non-interacting)
Hamiltonians, one for each electron. In Hartree’s formulation, each electron recognises the
others as a mean ﬁeld, leading to a replacement of the Coulombic electron-electron interaction by an eﬀective (Hartree) potential from all other electrons. The total wave function
describing the set of electrons was a sum of single-electron wave functions. Since the Hartree
method neglects electron–electron exchange interactions—expressed by the Pauli exclusion
principle—the corresponding total energy, E = M
i=1 Ei , is overestimated. To fulﬁl the Pauli
exclusion principle, Fock postulated the electron wave function in the form of the Slater determinant, elements of which are the one-electron wave functions, , φi (x) ≡ φ(r)σ(s),
φ1 (x1 )
φ2 (x1 )
1
ψ(x1 , x2 , . . . , xM ) = √
..
M!
.

φ1 (x2 )
φ2 (x2 )
..
.

...
...
...

φ1 (xM )
φ2 (xM )
,
..
.

(3.8)

φM (x1 ) φM (x2 ) . . . φM (xM )
√
where the variable x contains both spatial, r, and spin, s, coordinates, and 1/ M ! represents
a normalisation factor of the M -electron system. The wave function (3.8) is antisymmetric,
i.e. changes sign upon exchanging positions of two particles. Two electrons can occupy
neither the same orbital (two equal rows in Eq. (3.8)) nor the same point in the generalised
space (two equal columns in Eq. (3.8)), as the Slater determinant is nulliﬁed in such case.
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The assumption of independent electrons and the introduction of an eﬀective potential from
the averaged potential, however, exclude repulsive interaction between the antiparallel spin
electrons, i.e. the so-called correlation eﬀects, illustrated by the fact that two electrons
cannot stay very close to each other due to the existence of the Coulomb repulsion. Therefore,
total energies and band gaps are still overestimated. The Hartree-Fock approach can be
relatively suitable for systems with small number of localised electrons but fails in case
of perfect metals with completely delocalised electrons, as it omits the collective Coulomb
screening.

3.1.2

Hohenberg-Kohn Theorems

Unlike the Hartree and the Hartree-Fock approximation, the Density Functional Theory
(DFT) incorporates both exchange and correlation eﬀects. Instead of the extremely sophisticated wave function (3.4), DFT considers the electronic charge density, ρ(r) = ρ(rx , ry , rz ),
which is a function of only 3 variables. The total charge density, n(r), corresponding to an
N -electron system can be written as the expectation value of the density operator, n̂(r),
N

n(r) = ψ|n̂(r)|ψ = ψ|

δ(r − ri )|ψ =
i=1

N

=

δ(r − ri )|ψ(r1 , r2 , . . . , rN )|2 dr1 dr2 · · · drN =

i=1

=N

|ψ(r, r2 , . . . , rN )|2 dr2 · · · drN ,

(3.9)

where δ(·) denotes the Kronecker delta. DFT relies on two theorems proposed by Hohenberg
and Kohn [152] in 1964, stating that ground-state properties of atoms, molecules and solids
can be extracted from their total electronic charge density.
H-K Theorem 1. For any system of interacting particles in an external potential ﬁeld,
V̂ext (r), the potential V̂ext (r) is determined uniquely—except for an additive constant—by the
ground-state particle density alone.
The H-K Theorem 1 claims one-to-one correspondence between the external potential and
the ground-state electronic charge density. The ground-state wave function, therefore, is also
determined. Consequently, each possible wave function gives a unique charge density and vice
versa, each possible charge density determines a unique Hamiltonian, hence, the associated
ground-state wave function. We note that the Schrödinger equation with Hamiltonians Ĥ
and Ĥ = Ĥ + c, where c is an arbitrary constant, will yield the same eigenfunctions and all
the eigenenergies will only be shifted by c.
H-K Theorem 2. For any system of interacting particles—deﬁned by the charge density
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n(r)—in an external potential, V̂ext (r), there is a total energy functional,
E[n(r)] = FHK [n(r)] +

V̂ext (r)n(r)dr,

(3.10)

where FHK [n(r)] denotes a universal functional. The exact ground-state energy is the global
minimum of E[n(r)] subject to the constraint that the integral of n(r) remains the total
number of electrons in the system. The corresponding density is the exact ground-state
density n0 (r), meaning that
δ
= 0,
(3.11)
E[n(r)]
δn
n=n0
and
E0 = E[n0 (r)].

(3.12)

According to the H-K Theorem 2, the ground-state density can be determined (up to an
additive constant) by employing the variational (Ritz) principle [153] expressed by Eq. (3.11),
i.e. as the global minimum of the total energy functional, E[n(r)]. This charge density also
determines the exact ground-state energy.
Rigorous proofs of Hohenberg-Kohn theorems can be found in the original paper [152].
Although the theorems changed the fundamental viewpoint of electronic structure problems,
they still provide (only) a variational principle approach but no direct recipe for solving
the many-body Schrödinger equation. In particular, no information about the so-called
Hohenberg-Kohn functional, FHK [n(r)], is given, except for the fact that it is universal, i.e.
the same for all electron systems, independent of the external potential Vext (r).

3.1.3

The Kohn-Sham Method

In 1965, Kohn and Sham [154] proposed a concept that allowed to turn DFT into a real
computational tool. The basic idea was to represent the physical system of many interacting
electrons by a set of ﬁctitious non-interacting particles in an external eﬀective potential, Veﬀ .
The Kohn-Sham ansatz guarantees that the ground-state charge density of the ﬁctitious
non-interacting system is equivalent to that of the real interacting system.
Kohn-Sham Ansatz. For each system of interacting electrons in an external potential,
2
there is an eﬀective (Kohn-Sham) potential, V̂eﬀ , yielding charge density n(r) = N
i=1 |φi (r)|
equal to that of the interacting system. The (Kohn-Sham) orbitals, φi (r), obey the oneparticle Schrödinger-like equation
−

2

2m

Δ + V̂eﬀ φi (r) = Ei φi (r).

(3.13)

ĤKS
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Instead of solving 3N-D Schrödinger equation for the many-body electron wave function, the
Kohn-Sham Ansatz states that it is suﬃcient to solve N simple 3-D one-electron Schrödingerlike equations (3.13) for a system with N independent electrons without interactions, moving in a potential generated by the nuclei and the remaining electrons. The Kohn-Sham
orbitals, φi , have very little to do with the actual electronic orbitals in the system of interacting electrons and only the electron density, n(r), they generate has a meaningful physical
interpretation. Similarly, the eigenvalues of ĤKS obtained from Eq. (3.13) do not represent
the single electron energies. The only way of incorporating quantum-mechanical exchange
and correlation eﬀects is to include them in the eﬀective potential term, V̂eﬀ , which is unique
due to the second Hohenberg-Kohn Theorem. According to Kohn and Sham,
V̂eﬀ = V̂ext [n(r)] + V̂H [n(r)] + V̂xc [n(r)].

(3.14)

The ﬁrst term, V̂ext [n(r)], denotes the external potential acting on the interacting system of
electrons (e.g., the potential background from ions). The second term, V̂H , is the Coulomb
(a.k.a. Hartree) potential
n(r ) 3
1
d r,
(3.15)
V̂H =
4πε0
|r − r |
while the last term, V̂xc , so-called exchange-correlation potential, includes everything else to
make V̂eﬀ exact. The exchange-correlation potential contains the kinetic energy diﬀerence
between the real interaction and ﬁctitious non-interacting systems as well as the Coulomb
interaction of electrons with the exchange-correlation hole. Going back to Eq. (3.10), the
Hohenberg-Kohn functional, FHK , takes the form
FHK [n(r)] = T0 [n(r)] + V̂H [n(r)] + V̂xc [n(r)],

(3.16)

where the T0 [n(r)] corresponds to the kinetic energy of the non-interacting system.
The Kohn-Sham method, Eq. (3.13), Eq. (3.14), gives the exact theory and the correct charge
density for any system if the exchange-correlation functional is known. The only approximation is the Born-Oppenheimer assumption of decoupled electronic and ionic dynamics. The
V̂xc [n(r)] term, however, is unknown and needs to be approximated.
The Kohn-Sham equations (3.13) represent a self-consistent problem and are typically solved
by an iterative procedure. First, a trial charge density is “guessed” and used to compute the
corresponding Kohn-Sham Hamiltonian. Than the Kohn-Sham equations (3.13) are solved,
and a new charge density is determined from the Kohn-Sham orbitals, φi (r), and employed
to construct the Kohn-Sham Hamiltonian again. The scheme is repeated until reaching
convergence within a prescribed accuracy.
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3.1.4

Approximations for the Exchange-correlation Potential

The exchange-correlation potential, V̂xc in Eq. (3.14), contains the energy diﬀerence between
the physical system of interacting electrons and the auxiliary non-interacting system. V̂xc
can be calculated as a functional derivative of the exchange-correlation energy, Exc , with
respect to the local density, n(r),
V̂xc [n(r)] =

δExc [n(r)]
.
δn(r)

(3.17)

When assuming homogeneous electron gas, V̂xc depends only on the value of n(r). For nonhomegeneous systems, however, V̂xc generally depends also of the derivatives of the charge
density, leading to
V̂xc [n(r)] = V̂xc [n(r), ∇n(r), ∇(∇n(r)), . . .].
(3.18)
In what follows, we describe the most widely applied approximations for the exchangecorrelation potential.
Local Density Approximation (LDA)
The Local Density Approximation (LDA) was ﬁrstly proposed already in the famous paper
by Kohn and Sham Kohn and Sham [154] from 1965. Kohn and Sham assumed the so-called
jellium model, i.e. a homogeneous electron gas with electrons evenly distributed in a uniform
positive external potential. The exchange-correlation energy functional, EXC in Eq. (3.17),
takes the following form
LDA
Exc
[n(r)] =

εxc [n(r)]n(r)dr,

(3.19)

wherein εxc [n(r)] is the exchange-correlation energy per particle of a single electron in a
uniform electron gas with the density n(r). Furthermore, εxc [n(r)] is the sum of the exchange
energy density, εx [n(r)], and the correlation energy density, εc [n(r)],
εxc [n(r)] = εx [n(r)] + εc [n(r)],

(3.20)

where both the εx [n(r)] and εc [n(r)] term can be expressed in an analytical form. Employing
the Hartree-Fock approximation for the homogeneous electron gas, one can obtain [155]
εx [n(r)] = −

0.458
,
rs

(3.21)

where rs is the Wigner-Seitz radius (in units of the Bohr radius) related to the density n
as 4/3πrs3 = 1/n. The correlation energy density, εc [n(r)], was parametrised by quantum
Monte-Carlo calculations for the homogeneous electron gas [156],
εc [n(r)] ≈ −

0.44
.
rs + 7.8

(3.22)
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From the deﬁnition, LDA provides a good description for systems possessing rather uniform charge density, e.g. nearly free electron metals. LDA works quite well for molecules,
semiconductors and ionic crystals but fails once the charge density changes sharply, such
as in case of highly localised charge density distribution. LDA underestimation band gaps
and overestimates binding, which leads to generally lower lattice parameters (bond lengths)
compared to experimental values [148].
Generalised Gradient Approximation (GGA)
The complexity of potential landscapes around electrons in most real systems called for
an improvement of the simplistic LDA approach. Already Kohn and Sham noticed that
the charge density gradient, ∇n(r), is necessary to get a better estimate of the exchangecorrelation energy. In the 1990s, Perdew and co-workers [157, 158] made a real breakthrough
by introducing the Generalised Gradient Approximation (GGA), in which the exchangecorrelation energy reads
GGA
Exc
[n(r), ∇n(r)] =

εxc [n(r), ∇n(r)]n(r)dr =

εxc [n(r)]Fxc [n(r), ∇n(r)]n(r)dr.

(3.23)
The Fxc [n(r), ∇n(r)] in the above is an analytic function, usually termed as the GGA
enhancement factor. The unique deﬁnition of εxc in LDA guarantees only one exchangecorrelation functional, while relative freedom in the density gradient incorporation gave rise
to few GGA ﬂavours. In 1991, Perdew and Wang [157] developed a fully non-empirical
functional for Fxc (PW91). Among the most popular functionals today is the PBE parameterisation of Fxc as proposed by Perdew, Burke, and Ernzerhof [158] in 1996.
GGA exchange-correlation energy functionals yield satisfactory results for many systems but
systematically underestimate binding, hence overestimate bond lengths. Similarly to LDA,
GGA underestimates band gaps. To overcome this limitation, the so-called meta-GGA
(MGGA) approach— including more semi-local information than GGA—have been developed. MGGA additionally considers higher-order density gradients, or the inclusion of the
kinetic energy density which involves derivatives of the occupied Kohn-Sham orbitals. Furthermore, hybrid functionals can be constructed as a combination of the Hartree-Fock and
GGA approach, as their systematic errors partially cancel out. Unlike GGA, the HartreeFock method yields smaller bond lengths, larger binding energy, and wider band gaps. Since
Hartree and Fock omitted correlation eﬀects, hybrid functional contain full GGA-type correlation, but the exchange part is a mixture of the exact Hartree-Fock exchange (∼ 25%), a
GGA-type exchange [148].
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3.1.5

Further Approximations Used in DFT-based Tools

In theory—for an exact exchange-correlation potential—the Kohn-Sham self-consistent procedure is exact and the Born-Oppenheimer assumption is the only approximation. In practice, however, a number of simpliﬁcations has to be employed, including approximation of the
exchange-correlation energy, the supercell approximation together with periodic boundary
conditions, the k-vector sampling of the Brillouin zone, and the energy cut-oﬀ.
Truncation of Basis Wave Functions
For practical implementation of DFT, it is important to express the Kohn-Sham orbitals,
(r)},
φi (r) in Eq. (3.13), in a reasonable basis, {φbasis
p
P

φi (r) =

cip φbasis
(r),
p

(3.24)

p=1

where cip are constant coeﬃcients. Consequently, the Kohn-Sham equations are equivalent
to the system of linear equations [149]

...
.
 ..
...

...
φbasis
|ĤKS |φbasis
− Ei φbasis
|φbasis
j
j
k
k
...

 i   
...
c1
0
..
..
.
.   .  =  ..  .
...

ciP

(3.25)

0

H

Diagonalisation of the matrix H yields P eigenvalues and P sets of coeﬃcients ciP . In principle, the function space where the eigenfunctions φi (r) belong to is inﬁnite-dimensional, hence
P is inﬁnite. For practical reason, however, P needs to be truncated, while keeping in mind
that the actual size of the basis set directly inﬂuences accuracy of the solution. Suitable basis
wave functions can decrease the value of P needed for the prescribed accuracy. The most
popular ones include linear combination of atomic orbitals (LCAO) [159], orthogonalised
plane waves method (OPW) [160], and projector augmented plane waves (PAW) [161]. The
last mentioned PAW method was applied in this thesis. A particular advantage of plane
waves is their orthogonality, largely simplifying terms of type Ei φbasis
|φbasis
in the matrix
j
k
equation (3.25).
Periodic Boundary Conditions
Extended systems, such bulk materials or surfaces, contain too many atoms to be computationally treatable. Therefore, crystal periodicity comes as an important assumption which
allows to use supercells consisting of several unit cells to approximate the extended system
in question. Under periodic boundary conditions, the Bloch’s Theorem [148, 162] guarantees
that determining wave functions inside of a unit sell (supercell) is suﬃcient to describe the
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inﬁnite periodic system, since wave functions outside this limited region only diﬀer by a
phase factor. Following the Bloch’s Theorem, each Kohn-Sham eigenfunction in a periodic
solid can be written as a product of a plane wave, eikr with a wave vector k from the ﬁrst
Brillouin zone, and a lattice-periodic function, un,k (r),
φn,k (r) = eikr un,k (r).

(3.26)

In the above, the band index, n, labels the wave functions for a given k. This means that
each plane wave is labelled by a wave vector, k, i.e. a triplet of integers, (k1 , k2 , k3 ), and
spin, in principle. Assuming that G is a reciprocal lattice vector,
φn,k (r) = eikr

cn,k (G)eiGr =
G

cn,k (G)ei(k+G)r ,

(3.27)

G

where cn,k are expansion coeﬃcients that need to be determined. In principle, wave functions
for electrons inside a unit cell should be calculated at inﬁnite number of k-points in the
corresponding reciprocal unit cell. For practical reasons, the integral over the Brillouin zone
is transformed into a sum over only a ﬁnite number of k-points, i.e. the k-point mesh. The
error introduced by this approximation can be controlled by choosing a suﬃciently dense
mesh.
As already mentioned, formally exact representation of the electronic wave functions requires
an inﬁnite basis set, while in reality only a limited number of plane waves is assumed. The
size of the basis set is conventionally linked to the kinetic energy of a plane wave
E=

2

|k + G|2
.
2m

(3.28)

With respect to the ground-state properties, one can assume that lower-energy plane waves
contribute more to the solution sought than the higher-energy ones. Therefore, a cut-oﬀ
energy
2
|Kcut |2
Ecut =
(3.29)
2m
can be deﬁned and only plane waves with |k + G| < |Kcut | are used in the expansion (3.27).
Clearly, the higher the Ecut value, the larger wave function basis is generated, directly
inﬂuencing the quality of the solution.
Pseudopotentials
The wave function expansion into plane waves, Eq. (3.27), requires a large number of plane
waves in the core region where the diverging potential leads to rapid oscillations. These
oscillations are computationally very expensive to represent. The pseudopotential method effectively eliminates the core electrons—tightly bonded and highly localised in a close vicinity
of atomic nuclei—as they do not signiﬁcantly contribute to chemical bonding. Pseudopotentials are designed in a way to generate artiﬁcial nodeless wave functions in the nucleus and
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core electron region, while replicating the chemically active valence electron states (only)
outside of a given radius. Including more wave functions from the core as a valence state, a
more accurate pseudopotential can be developed, however, this can increase computational
costs signiﬁcantly. The already mentioned projector augmented plane waves (PAW) [161]
combines both the pseudopotential and the all-electron methods. By applying the frozen
core approximation to the wave function of the core region, it achieves the accuracy of allelectron methods, and obtains true valence wave functions with true nodes near nuclei, which
makes accurate calculations of the magnetic and optical properties possible, while retaining
the eﬃciency of the pseudopotential method.

3.2

Structural Stability

Within practical part of this thesis, materials structural stability was assessed on three
levels, including chemical, mechanical, and dynamical (vibrational, phonon) stability. Detail
description of theoretical background can be found in any standard textbook of solid state
physics, e.g. Kittel and McEuen [163].

3.2.1

Chemical Stability

Chemical stability can be quantiﬁed with the energy of formation, Ef , which represents
the energy absorbed or released when combining particles from an inﬁnite pool into a more
complex structure,
1
Etot −
ns µs .
(3.30)
Ef =
s ns
s
In the above, Etot is the total energy of the simulation cell, ns and µs are the number of
atoms and the chemical potential, respectively, of the element s (e.g. transition metal or
nitrogen). The chemical potential, µs , is conventionally approximated by the total energy
hcp-Ti
bcc-Ta
per atom of the ground state of the element s, e.g. µTa ≡ Etot
or µTi ≡ Etot
. A
structure is deemed chemically stable if and only if it yields negative formation energy, Ef .
In theory, however, chemical potential is not a constant but depends on temperature and
pressure via the following equation [164]
p
1
µs (p, T ) = µs (pref , T ) + kT ln
,
2
pref

(3.31)

where µs (pref , T ) is a temperature dependence of µs for one particular pressure pref . The zero
reference state of µs (p, T ) is conventionally set to the total energy per atom of the element
bcc-Ta
s in its ground state. Assuming s = Ta, µTa (p, 0 K) = Etot
≡ 0. This is referred to as the
Ta-rich condition. With respect to this zero,
µs (pref , T ) = H(pref , T ) − H(pref , 0 K) − S[H(pref , T ) − S(pref , 0 K)],

(3.32)
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in which H and S are tabulated values of the Helmholtz free energy and the entropy of s
at temperatures T or 0 K. For standard pressure (pref = 1 atm) the p and T dependence
of µs can be evaluated using empirical data from thermochemical tables [165]. Considering
the dependence of chemical potential on temperature and pressure, the condition Ef < 0
holds only in certain ranges of chemical potentials, meaning that the investigated structure is
stable only with respect to speciﬁc conditions. Ab initio studies most typically treat chemical
potentials as constants, only considering the s-rich conditions. Other conditions, nonetheless,
might be relevant for non-equilibrium physical vapour deposition techniques. An excellent
example is the nitrogen chemical potential which can be translated into nitrogen partial
pressure applied during the deposition. A low nitrogen partial pressure, thus low nitrogen
chemical potential—compared to the total energy per atom of N2 molecule—describes the
situation when there is an excess of metal atoms available in the system compared to N
molecules. This situation can be qualitatively modelled by decreasing the value of chemical
potential [125].

3.2.2

Mechanical Stability

Any deformation requires certain strain energy to bring a material from its equilibrium—
characterised by equilibrium energy E0 and volume V0 —to a higher-energy (deformed) state.
Assuming a homogeneous deformation by an inﬁnitesimal strain, the strain energy, E, can
be Tailor-expanded around the equilibrium conﬁguration and approximated by a quadratic
function of all the independent deformation parameters, i.e. the strains ε. This quadratic
approximation of the strain energy is known as harmonic elasticity, and it is valid for suﬃciently small strains,
3

∂E
E(ε) = E0 +V0
∂εij
i,j=1
A

3

1
∂ 2E
εij + V0
2 i,j,k,l=1 ∂εij ∂εkl
V0

Bij
3

= A + V0

Cijkl
3

1
Bij εij + V0
Cijkl εij εkl =
2
i,j=1
i,j,k,l=1
3

1
= V0
Cijkl εij εkl ,
2 i,j,k,l=1

h.a.

V0

εij εkl + O(ε3 ) =

(3.33)

h.a.

where = denotes the harmonic approximation, i.e. E0 ≡ A ≡ 0, Bij ≡ 0, and O(ε3 ) ≡ 0.
As all strains are zero in equilibrium, the corresponding strain energy is set to zero (E0 ≡
A ≡ 0). The ﬁrst derivatives of the strain energy are zero (Bij ≡ 0) because the Taylor
expansion is done close to the equilibrium conﬁguration. The assumption of linear elasticity
nuliﬁes the higher order derivatives (O(ε3 ) ≡ 0). In Eq. (3.38), Cijkl is the 4-rank elastic
tensor, having generally 81 independent components. Imposing the symmetry requirement,
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Cijkl = Cjikl = Cijlk , together with the rule of exchanging partial derivatives, Cijkl = Cklij ,
the number of independent components reduces to 21. Furthermore, applying a mapping
that contracts a pair of Cartesian indices into a single integer (Voigt’s notation),
11 → 1; 22 → 2; 33 → 3; 23 → 4; 13 → 5; 12 → 6,

(3.34)

the quadratic form of Eq. (3.38) reads
6

1
Cij εi εj .
E(ε) = V0
2 i,j=1

(3.35)

Finally, a material is stable—in the absence of external loads, within the harmonic approximation—if and only if its elastic energy given by Eq. (3.35) is positive for all non-zero
strains. As Cij (in the Voight’s notation) is a 6×6 matrix, this is equivalent to the following
necessary and suﬃcient mechanical stability conditions [166],
(i) the matrix C is positive deﬁnite,
(ii) all eigenvalues of C are positive,
(iii) all leading principal minors of C are positive.
These conditions hold regardless the crystal symmetry. In case of cubic systems, condition
(i) gets a particularly simple form,
C11 − C12 > 0,

C11 + 2C12 > 0,

C44 > 0,

(3.36)

known as the Born stability criterion [166, 167].

3.2.3

Dynamical Stability

Dynamical stability relates to lattice vibrations. Phonons are quasiparticles (collective excitations) associated to these vibrations, and inﬂuence a wide range of physical properties,
e.g. stability, electrical conductivity, or phase transition temperature. Assuming the BornOppenheimer approximation, the dynamics of electrons and nuclei is decoupled and the
Hamiltonian corresponding to N nuclei with masses Mi , i = 1, 2, . . . , N , can be written as
N

Ĥnucleus = −
i=1

2

2Mi

ΔRn + U (R).

(3.37)
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In the above, R = {R1 , R2 , . . . , RN } is the set of all nuclear coordinates, and the potential
energy, U (R), can be Taylor-expanded with respect to the equilibrium ionic conﬁguration,
N

U (R) = U0 +
i=1

∂U
∂Ri

N

1
∂ 2U
Ri +
2 i,j=1 ∂Ri ∂Rj
V0

Φi
N

= U0 +
=

Φij
N

Φi Ri +
i=1

h.a.

V0

Ri Rj + O(ε3 ) =

1
Φij Ri Rj + O(R3 ), =
2 i,j=1

N

1
Φij Ri Rj .
2 i,j=1

(3.38)

The equilibrium potential energy, U0 , is a constant which can be set to zero, and the force
Φi acting on an atom i also nulliﬁes due to the fact that the expansion is done around
equilibrium. The higher-order derivatives are neglected under the requirement of harmonicity
h.a.
( = ), analogically to Eq. (3.38). Elements of the Hessian matrix, Φij , ares known as the
interatomic force constants. Calculating a Fourier transformation of Φij at a wavevector q
leads to the so-called dynamical matrix,
N

1
N −1
Φij ei(Ri −Rj )q .
Dij (q) = √
Mi M j
i,j=1

(3.39)

By diagonalising the matrix Dij and ﬁnding a solution to
D(q)w(qs) = [ω(qs)]2 w(qs),

(3.40)

phonon frequencies, ω can be obtained as square roots of the eigenvalues of the dynamical
matrix. In Eq. (3.40), w is an eigenvector and s denotes a band index. A crystalline structure
is dynamically stable if and only if all its phonon modes have positive frequencies for all wave
vectors. Physically, imaginary energies indicate that the restoring forces experienced by
displaced atoms, in the presence of lattice vibrational waves, are insuﬃcient to return atoms
to their ideal positions; instead, atoms become trapped in potential energy minima located
at diﬀerent crystallographic coordinates, thus leading to a crystal structure transformation.
The key to evaluate dynamical stability is to determine the force constants matrix, Φij , or its
Fourier transformation, Dij . The present thesis employed the ﬁnite displacement method to
calculate the Φij by applying series of displacements on a supercell (representing suﬃciently
many replicas of the investigated structure to avoid interactions between periodic images of
displaced atoms) and evaluating the induced forces [168].
In reality, phonons show a softening tendency at elevated temperatures, which increases the
phonon entropy and stabilises an expanded lattice. This motivates the so-called quasiharmonic approximation, which improves the simple harmonic approximation by assuming that
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phonons are volume-dependent by employing the harmonic model of lattice dynamics at
every volume.

3.3

Mechanical Properties

DFT oﬀers a parameter-free approach for estimating mechanical properties at atomic level
from single-crystal elastic constants. Within harmonic approximation, second-order elastic
constants, Cij , are the coeﬃcients of proportionality between the stress, σ, of the material
and the macroscopic strain, ε, acting on the material with equilibrium volume V0 . This
relationship is the well-known Hooke’s law, which in components reads
1 ∂E
=
σi =
V0 ∂εi

6

Cij εj ,

(i = 1, 2, . . . , 6).

(3.41)

j=1

Equation (3.41) considers the earlier introduced Voigt’s notation (3.34). Therefore, the elastic (stiﬀness) matrix, Cij has size 6 × 6 and is symmetric, thus, composed of 21 independent
components. The crystal class of the material considered yields additional symmetry constraints, further reducing the number of independent elastic constants [166]. Speciﬁcally,
elastic response of a material with cubic symmetry is fully characterised by three independent elastic constants, C11 , C12 , C44 , while the corresponding elastic matrix reads


C11 C12 C12 0
0
0
C12 C11 C12 0
0
0
C12 C12 C11 0
0
0
Cijcubic =
.
(3.42)
0
0
0 C44 0
0
 0
0
0
0 C44 0 
0
0
0
0
0 C44
Two diﬀerent methods are most commonly employed to calculate elastic constants from ﬁrst
principles. The energy-strain method derives Cij directly from the variation of the total
energy, E, of the system with strain, i.e.
6

1
E = V0
Cij εi εj .
2 i,j=1

(3.43)

while the stress-strain method is based on the variation of stresses with the strain, as given
by the Hooke’s law,
6

σi =

Cij εj ,

(i = 1, 2, . . . , 6).

(3.44)

j=1

Combining the last two equations, the strain energy, E, can be also expressed as an explicit
function of the stresses, E = V0 /2 6i=1 σi εi . As shown by Caro, Schulz, and O’Reilly
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[169], the stress-strain method is more robust and converges faster than the energy-strain
approach with respect to the number of plane waves in the basis set and the number of
k-points sampling the reciprocal space.
Elastic constants are typically employed for estimating various properties of materials, such
as their polycrystalline elastic moduli—i.e. the bulk, B, shear, G, and Young’s modulus, E
[170]—or the tendency for brittle/ductile behaviour characterised by e.g. the Pugh’s ratio,
G/B, Cauchy pressure, C12 − C44 , or Poisson’s ratio, ν = (3B − 2G)/(6B − 2G) [76, 77, 171].
Furthermore, several formulas approximating hardness, H, or fracture toughness, K1C , based
on elastic constants (elastic moduli) have been proposed, e.g. H = 2(G3 /B 2 )0.583 − 3 [172].
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[22] F. Anğay, L. Löﬂer, F. Tetard, D. Eyidi, P. Djemia, D. Holec, and G. Abadias, Journal
of Vacuum Science & Technology A: Vacuum, Surfaces, and Films 38, 053401 (2020).
[23] L. Hultman, J. Bareño, A. Flink, H. Söderberg, K. Larsson, V. Petrova, M. Odén,
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[52] F. Lévy, P. Hones, P. E. Schmid, R. Sanjinés, M. Diserens, and C. Wiemer, Surface
and coatings technology 120, 284 (1999).
[53] C. Kral, W. Lengauer, D. Rafaja, and P. Ettmayer, Journal of Alloys and Compounds
265, 215 (1998).
[54] W. S. Williams, Materials Science and Engineering: A 105, 1 (1988).
[55] S. M. Aouadi, K. C. Wong, K. A. R. Mitchell, F. Namavar, E. Tobin, D. M. Mihut,
and S. L. Rohde, Applied surface science 229, 387 (2004).
[56] G. Bertrand, H. Mahdjoub, and C. Meunier, Surface and Coatings Technology 126,
199 (2000).
[57] J. Patscheider, MRS bulletin 28, 180 (2003).
[58] S. Koseki, K. Inoue, S. Morito, T. Ohba, and H. Usuki, Surface and Coatings Technology 283, 353 (2015).
[59] J. Musil, Surface and coatings technology 125, 322 (2000).
[60] R. Bunshah and C. Weissmantel, (2000).
[61] H. A. Jehn, Surface and Coatings Technology 131, 433 (2000).
[62] E. E. Vera, M. Vite, R. Lewis, E. A. Gallardo, and J. R. Laguna-Camacho, Wear 271,
2116 (2011).
[63] K.-H. Min, K.-C. Chun, and K.-B. Kim, Journal of Vacuum Science & Technology B:
Microelectronics and Nanometer Structures Processing, Measurement, and Phenomena
14, 3263 (1996).
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Contribution To The Field
Results of my doctoral research are presented in manuscripts published in international peerreviewed journals. The list below includes all my publications in chronological order. The
most important studies—selected for this thesis—are brieﬂy summarised in the upcoming
paragraphs.
1. N. Koutná, A. Brenner, D. Holec, and P. H. Mayrhofer. High-Throughput FirstPrinciples Search for Ceramic Superlattices with Improved Ductility and Fracture Resistance. Acta Materialia, 206, 1–10, 2020. [Publication VI in the thesis]
https://doi.org/10.1016/j.actamat.2020.116615
2. R. Hahn, N. Koutná, T. Wójcik, A. Davydok, S. Kolozsvári, Ch. Krywka, David
Holec, M. Bartosik, and P. H. Mayrhofer. Mechanistic study of superlattice-enabled
high toughness and hardness in MoN/TaN coatings. Communications Materials, 1, 62,
2020. [Publication III in the thesis]
https://doi.org/10.1038/s43246-020-00064-4
3. Z. Zhang, Z. Chen, D. Holec, Ch. Liebscher, N. Koutná, M. Bartosik, Y. Zheng, G.
Dehm, and Paul H. Mayrhofer. Mapping the mechanical properties in nitride coatings
at the nanometer scale. Acta Materialia, 194, 343–353, 2020.
https://doi.org/10.1016/j.actamat.2020.04.024
4. B. Kohlhauser, M. R. Ripoll, H. Riedl, C. M. Koller, N. Koutná, A. Amsüss, H. Hutter, G. Ramirez, C. Gachot, A. Erdemir, and P. H. Mayrhofer. How to get noWear?–A
new take on the design of in-situ formed highperforming low-friction triboﬁlms. Materials & Design, 190, 108519, 2020
https://doi.org/10.1016/j.matdes.2020.108519
5. S. Zöhrer, M. Golizadeh, N. Koutná, D. Holec, A. Anders, and R. Franz. Erosion
and cathodic arc plasma of Nb–Al cathodes: composite versus intermetallic. Plasma
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Sources Science and Technology, 29(2), 025022, 2020.
https://doi.org/10.1088/1361-6595/ab5e32
6. N. Koutná, R. Hahn, J. Zálešák, M. Friák, M. Bartosik, J. Keckes, M. Šob, P. H.
Mayrhofer, and D. Holec. Point-defect engineering of MoN/TaN superlattice ﬁlms:
A ﬁrst-principles and experimental study. Materials & Design, 186, 108211, 2020.
[Publication II in the thesis]
https://doi.org/10.1016/j.matdes.2019.108211
7. M. Friák, D. Lago, N. Koutná, D. Holec, T. Rebok, and M. Šob. Multi-phase ELAStic
Aggregates (MELASA) software tool for modeling anisotropic elastic properties of
lamellar composites. Computer Physics Communications, 247, 106863, 2020.
https://doi.org/10.1016/j.cpc.2019.106863
8. I. Miháliková, M. Friák, N. Koutná, D. Holec, and M. Šob. An Ab Initio Study of
Vacancies in Disordered Magnetic Systems: A Case Study of Fe-Rich Fe-Al Phases.
Materials, 12(9), 1430, 2019.
https://doi.org/10.3390/ma12091430
9. J. Buchinger, N. Koutná, Z. Chen, Z. Zhang, P. H. Mayrhofer, D. Holec, and M.
Bartosik. Toughness enhancement in TiN/WN superlattice thin ﬁlms. Acta Materialia,
172, 18–29, 2019. [Publication IV in the thesis]
https://doi.org/10.1016/j.actamat.2019.04.028
10. N. Koutná, P. Erdely, S. Zöhrer, R. Franz, Y. Du, S. Liu, P. H. Mayrhofer, and D.
Holec. Experimental Chemistry and Structural Stability of AlNb3 Enabled by Antisite
Defects Formation. Materials, 12(7), 1104, 2019.
https://doi.org/10.3390/ma12071104
11. N. Koutná, P. Řehák, Z. Chen, M. Bartosik, M. Fallmann, P. Černý, Z. Zhang, M.
Friák, M. Šob, P. H. Mayrhofer, and D. Holec. Correlating structural and mechanical properties of AlN/TiN superlattice ﬁlms. Scripta Materialia, 165, 159–163, 2019.
[Publication V in the thesis]
https://doi.org/10.1016/j.scriptamat.2019.02.021
12. N. Koutná, D. Holec, M. Friák, P. H. Mayrhofer, and M. Šob. Stability and elasticity of metastable solid solutions and superlattices in the MoN–TaN system: Firstprinciples calculations. Materials Design, 144, 310–322, 2018. [Publication I in the
thesis]
https://doi.org/10.1016/j.matdes.2018.02.033
13. H. Riedl, T. Glechner, T. Wojcik, N. Koutná, S. Kolozsvári, D. Primetzhofer, D.
Holec, V. Paneta, and P. H. Mayrhofer. Inﬂuence of the carbon deﬁciency on the phase
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formation and thermal stability of super-hard TaCy thin ﬁlms. Scripta Materialia, 149,
150–154, 2018.
https://doi.org/10.1016/j.scriptamat.2018.02.030
14. B. Bergk, U. Mühle, B. Kieback, I. Povtugar, N. Koutná, D. Holec, and H. Clemens.
Non-equilibrium solid solution of molybdenum and sodium: atomic scale experimental
and ﬁrst principles studies. Acta Materialia, 144, 700-706, 2017.
https://doi.org/10.1016/j.actamat.2017.11.006
15. J. Zálešák , D. Holec, I. Matko, M. Petrenec, B. Sartori, N. Koutná, R. Daniel,
R. Pitonak, and J. Keckes. Peculiarity of Self-Assembled Cubic Nanolamellae in
TiN/AlN System: Epitaxial Self-Stabilization by Element Deﬁciency/Excess. Acta
Materialia, 131, 391–399, 2017.
https://doi.org/10.1016/j.actamat.2017.04.009
16. F. F. Klimashin, N. Koutná, H. Euchner, D. Holec, and P. H. Mayrhofer. The impact
of nitrogen content and vacancies on structure and mechanical properties of Mo–N thin
ﬁlms. Journal of Applied Physics, 120(18), 185301, 2016.
https://doi.org/10.1063/1.4966664
17. N. Koutná, D. Holec, O. Svoboda, F. F. Klimashin, and P.H. Mayrhofer. Point
defects stabilise cubic Mo–N and Ta–N. Journal of Physics D: Applied Physics, 49(37),
375303, 2016. [Publication based on the results of my MSc. thesis]
10.1088/0022-3727/49/37/375303
18. C. M. Koller, N. Koutná, J. Ramm, S. Kolozsvári, J. Paulitsch, D. Holec, and P.
H. Mayrhofer. First principles studies on the impact of point defects on the phase
stability of (Alx Cr1−x )2 O3 solid solutions. AIP Advances, 6(2), 025002, 2016.
https://doi.org/10.1063/1.4941573
Here I brieﬂy summarise main ﬁndings of publications used for this thesis and give a comment
on my own contribution.

Publication I
N. Koutná, D. Holec, M. Friák, P. H. Mayrhofer, and M. Šob. Stability and elasticity of
metastable solid solutions and superlattices in the MoN–TaN system: First-principles calculations. Materials & Design, 144, 310–322, 2018.
We studied energetic, structural, elastic, and electronic properties of Mo1−x Tax N solid solutions in their cubic NaCl-type and hexagonal NiAs-, TaN-, and WC-type phases, as well as
in the superlattice form, (MoN)1−x /(TaN)x , based on the cubic building blocks with various
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MoN-to-TaN ratios. The hexagonal alloys turned out to be the most stable ones over the
whole compositional range, 0 ≤ x ≤ 1, showing preference for the NiAs-, WC-, and TaN-type
phase within the sub-intervals 0 ≤ x < 0.3, 0.3 ≤ x < 0.9, and 0.9 ≤ x < 1, respectively.
The metastable disordered cubic Mo1−x Tax N exhibited local similarities with the hexagonal
NiAs-type structure. These hybrid hexagonal-like environments signiﬁcantly decreased formation energy—hence contributed to higher chemical stability—as compared to cubic solid
solutions with ordered vacancy conﬁguration. Due to the presence of interfaces, also the
ideal cubic building blocks of (MoN)1−x /(TaN)x SLs relaxed towards the tetragonal ζ-phase
(P4/nmm) in order to eliminate some (all) soft phonon modes of the cubic MoN (TaN). All
hexagonal solid solutions were mechanically stable, while the NiAs- and WC-type showed the
overall highest elastic moduli (also compared to the stable cubic-based variants). The cubic
solid solutions and SLs—mechanically stable only above some critical Ta content—indicated
high ductility. Publications II-III are follow-up studies focusing on MoN/TaN superlattices.
My contribution: I designed the study with the help of (especially) D.H., P.H.M., and
M.F.; I performed all calculations, evaluated and visualised the data, and wrote the manuscript.

Publication II
N. Koutná, R. Hahn, J. Zálešák, M. Friák, M. Bartosik, J. Keckes, M. Šob, P. H. Mayrhofer,
and D. Holec. Point-defect engineering of MoN/TaN superlattice ﬁlms: A ﬁrst-principles and
experimental study. Materials & Design, 186, 108211, 2020.
The cubic TaN and MoN alone are dynamically unstable, and MoN shows even mechanical instability stemming from the negative C44 elastic constant. When combined in a solid
solution or superlattice form, however, one beneﬁts from the stabilisation eﬀect induced by
the chemical disorder—i.e. Ta atoms quasirandomly distributed on the MoN sublattice—
or by the presence of interfaces, both leading to (local) structural transformations towards
hexagonal/tetragonal symmetry (Publication I). Similar eﬀect on local atomic environments
can be achieved by introducing lattice vacancies. This motivated the focus of Publication
II on the structure–stability–elasticity relationships of cubic-based MoN/TaN SLs with various vacancy types and concentrations, hence employing both the eﬀect of interfaces and
point defects. To corroborate my modelling predictions, MoN/TaN superlattice ﬁlms with
bilayer periods of 1.5–5 nm were developed via unbalanced magnetron sputtering. Ab initio
calculations identiﬁed the lowest-energy SL candidates depending on various experimental
conditions simulated by varying the Mo, Ta, and N chemical potential. SLs with vacancies
in MoN layers clearly dominated the proposed phase diagram, suggesting that high Mo or
N deﬁciency should be anticipated under most conditions. Indeed, the X-Ray diﬀraction
(XRD) patterns recorded for our MoN/TaN ﬁlms closely overlapped with those simulated
for Mo0.5–0.75 N/TaN and MoN0.5 N/TaN SLs. Chemical investigations further indicated that
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MoN layers of the experimental SLs contain less nitrogen than TaN layers. Additional DFT
analysis—including consideration of the experimental Mo-to-Ta sputter yield and indentation modulus, as well as dynamical stability—pointed towards MoN0.5 /TaN as the most
likely chemistry and vacancy conﬁguration (50% of N vacancies in MoN layers, fully occupied lattice sites in TaN) under the applied deposition conditions. The somewhat surprising
prediction is that unlike MoN, TaN can be stabilised by the interface eﬀect only and does not
need lattice vacancies which are a necessary condition for its stabilisation in the monolithic
form.
My contribution: I designed the study with the help of (especially) D.H. and P.H.M.; I
performed all calculations, evaluated and visualised the data, and wrote the manuscript with
the help of (especially) R.H. who carried out the experiments together with J.Z.

Publication III
R. Hahn, N. Koutná, T. Wójcik, A. Davydok, S. Kolozsvári, Ch. Krywka, David Holec,
M. Bartosik, and P. H. Mayrhofer. Mechanistic study of superlattice-enabled high toughness
and hardness in MoN/TaN coatings. Communications Materials, 1, 62, 2020.
Motivated by the hardness and/or fracture toughness enhancement recorded for e.g. TiN/VN,
TiN/AlN, or TiN/CrN superlattice ﬁlms, R.H. investigated mechanical and fracture properties of MoN/TaN SLs as a function of their bilayer period, Λ. Experiments were supported by
my ab initio calculations (Fig. 1, Fig. 5, Fig. 6, Tab. 2). As this study directly followed Publication II (in which MoN/TaN SLs ﬁlms were also developed by R.H.), we supposed that the
chemistry is close to MoN0.5 /TaN. Our SL ﬁlms showed high hardness quite independently
of the bilayer period, while their fracture toughness values—evaluated via microcantilever
bending experiments—showed a strong dependence on thicknesses of the superlattice layers.
The only 9% hardness enhancement was ascribed to rather low shear modulus diﬀerences of
the layer components. Fracture toughness peak at Λ ≈ 5.5 nm was contributed by relatively
high coherency strains. Furthermore, DFT calculations brought us to the hypothesis that
fracture toughness enhancement can be traced back to the interface-induced phase transformation in TaN layers. Speciﬁcally, the metastable tetragonally distorted ζ-TaN stabilises up
to Λ ≈ 5.5 nm (see Fig. 5–6 and the corresponding discussion), whereas the metal-vacancy
stabilised cubic Ta0.75 N phase (the ground-state variant of the cubic TaN) forms above this
critical bilayer period. Unlike Ta0.75 N, ζ-TaN yields high theoretical fracture toughness as
well as high cleavage energy for brittle cleavage.
My contribution: I designed the modelling part of the study, performed and evaluated
all calculations. I helped R.H. with interpreting the modelling vs. experimental data and
writing the manuscript, in particular, I wrote all theoretical parts. The key contribution of
mine—and also of D.H. with whom I discussed the calculations—is the modiﬁcation of the
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linear-elasticity continuum model by Grimsditch-Nizzoli which allows to calculate eﬀective
elastic constants of multilayers composed of two materials. The generalisation of the method
allowed to predict bilayer period dependence of the Young’s modulus of MoN/TaN superlattices, providing a close ﬁt to the actual trend obtained by nanoindentation. This brought
us to the hypothesis of a (gradual) phase transformation in TaN layers with increasing the
bilayer period.

Publication IV
J. Buchinger, N. Koutná, Z. Chen, Z. Zhang, P. H. Mayrhofer, D. Holec, and M. Bartosik.
Toughness enhancement in TiN/WN superlattice thin ﬁlms. Acta Materialia, 172, 18–29,
2019.
We employed experimental and ab initio approaches to investigate structural and mechanical
properties of TiN/WN superlattices, with particular focus on fracture toughness. The choice
of material system was motivated by ab initio calculations indicating high intrinsic ductility
for TiN/WN SLs, in combination with high shear modulus mismatch but essentially zero
lattice mismatch. This allowed us to disregard the eﬀect of coherency strains. TiN/WN
SL ﬁlms—synthesised via reactive magnetron sputtering—showed a vacancy-stabilised cubic
conﬁguration throughout. Elastic moduli, hardness, and fracture toughness exhibited a
distinct dependence on the bilayer period. Furthermore, toughness-related characteristics of
TiN/WN superlattices largely exceeded those of the monolithic TiN and WN, including a
tripling of the fracture energy. The fracture toughness increased from 2.8 (TiN) and 3.1 (WN)
√
to 4.6 MPa m by the SL arrangement. We related this maximisation to the vastly disparate
elastic moduli and compositional changes in WN layers. Similarly to Publication III, the
modiﬁed Grimsditch-Nizzolo model allowed to predict the Young’s modulus dependence on
the bilayer period in an excellent agreement with the experimental trend. Also here the model
suggested a hindered vacancy formation (in WN layers) and a formation of 1:1 stoichiometric
ζ-WN close to interfaces for low bilayer periods.
My contribution: I designed the modelling part of the study, performed and evaluated
all calculations as well as visualised the data (Fig. 1, 2, 10 and Tab. 1). Computational
details were discussed with D.H. Furthermore, I helped J.B. with interpreting the modelling
vs. experimental data and writing the manuscript, especially the theoretical parts.
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Publication V
N. Koutná, P. Řehák, Z. Chen, M. Bartosik, M. Fallmann, M. Černý, Z. Zhang, M. Friák,
M. Šob, P. H. Mayrhofer, and D. Holec. Correlating structural and mechanical properties
of AlN/TiN superlattice ﬁlms. Scripta Materialia, 165, 159–163, 2019.
The work focused on modelling elastic properties and brittle cleavage of AlN/TiN superlattices for which experimental data already existed in my group. The calculated Young’s modulus dependence on the superlattice-forming phases, their thicknesses, and crystallographic
orientations agreed well with nanoindentation measurements for cubic-based AlN/TiN superlattice ﬁlms prepared by magnetron sputtering on MgO(100) substrates. Going to cleavage simulations, their methodological foundations followed my co-author’s study [Řehák, P.,
Černý, M., and Holec, D. (2017). Interface-induced electronic structure toughening of nitride
superlattices. SCT, 325, 410–416]. On a qualitative level, a relative tendency of diﬀerent
materials to fracture (in a brittle manner) can be estimated by comparing their cleavage
energy, Ec , and critical stress, σc , which represents the maximum tensile stress perpendicular to the cleavage plane before cleavage happens. Ec and σc values can be determined for
diﬀerent superlattice planes, therefore, can identify the most likely region of crack initiation.
Simulations of tensile strength uncovered a direct link between cleavage characteristics—
cleavage energy and critical stress along the direction parallel to interfaces—and changes in
lengths and densities of the broken bonds. Surprisingly, AlN was strengthened (compared to
monolithic rs-AlN) in the rs-AlN(100)/rs-TiN(100) superlattice, while TiN—harder to cleave
in a monolithic form—presented a weaker phase (the limiting factor) of the superlattice due
to the pronounced minima of Ec (σc ) oscillations. Furthermore, the oscillatory character of
the interplanar spacings was measured by high resolution transmission electron microscopy.
My contribution: I designed the study with the help of (especially) D.H., M.Č., and
P.H.M.; I performed most of the calculations (with some inputs from P.Ř.); I evaluated and
visualised all data, and wrote the manuscript. The experiments were carried out by Z.C.
under the guidance of Z.Z. and additional experimental inputs were provided by M.B.

Publication VI
N. Koutná, A. Brenner, D. Holec, and P. H. Mayrhofer. High-Throughput First-Principles
Search for Ceramic Superlattices with Improved Ductility and Fracture Resistance. Acta Materialia, 206, 1–10, 2020.
We employed high-throughput ab initio calculations to develop design guidelines for superlattices combining cubic transition metal nitride and/or carbide ceramics. Out of 153
MX/M*X* superlattices (M, M*=Al, Ti, Zr, Hf, Nb, V, Ta, Mo, W, and X, X*=C, N) 145
were chemically and mechanically stable and most often contained vacancies on the non54
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metallic sublattice. Superior ductility together with moderate-to-high fracture toughness
and interface strength (above that of the cubic TiN) narrowed the set of perspective candidates. Key ingredients promoting the interface-induced enhancement of hardness and/or
fracture toughness were lattice parameter and shear modulus mismatch of the layer components. Adding the requirement of phonon stability yielded MoN/M*N, M*=Nb, Ta, Ti;
TiN/WN (nitrides); HfC/M*N, M*=Mo, W; NbC/M*N, M*=Mo, W; TaC/M*N, M*=Mo,
W; VC/M*N, M*=Hf, Ta, Zr (carbonitrides); as the top candidates for novel superlattice
ﬁlms.
My contribution: I designed the study independently and performed the calculations together with my student A.B. I evaluated and visualised the data, and wrote the manuscript,
getting feedback from D.H. and P.H.M.
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H I G H L I G H T S
• We present DFT calculations on
Mo1−x Tax N solid solutions and
(MoN)1−x /(TaN)x superlattices.
• The most stable alloys crystallize with
a hexagonal symmetry and exhibit
high elastic moduli.
• The disordered fcc-based alloys are
energetically and mechanically superior to their ordered counterparts.
• MoN/TaN interface leads to a stabilisation of novel tetragonal f-phases
with an improved dynamical stability.
• The superlattices are predicted to be
more ductile than the most stable
hexagonal alloys.
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A B S T R A C T
In order to develop design rules for novel nitride-based coatings, we investigate trends in thermodynamic,
structural, elastic, and electronic properties of Mo1−x Tax N single-phase alloys together with (MoN)1−x /(TaN)x
superlattices. Our calculations predict that hexagonal Mo1−x Tax N are the overall most stable ones, followed
by the disordered cubic solid solutions and superlattices. The disordered cubic systems are energetically
clearly favoured over their ordered counterparts. To explain this unexpected phenomenon, we perform an
in-depth structural analysis of bond-lengths and angles, revealing that the disordered phase is structurally
between the NaCl-type and the hexagonal NiAs-type modiﬁcations. Similarly, the bi-axial coherency stresses
in MoN/TaN break the cubic symmetry beyond simple tetragonal distortions, leading to a new tetragonal fphase (P4/nmm, #129). Both f-MoN and f-TaN have lower formation energy than their cubic counterparts.
Unlike the cubic TaN, the f-TaN is also dynamically stable. The hexagonal alloys are predicted to be
extremely hard, though, much less ductile than the cubic polymorphs and superlattices.
© 2018 Elsevier Ltd. All rights reserved.
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1. Introduction
Transition metal nitrides (TMNs) represent a prominent class
of materials possessing numerous outstanding physical properties,
such as excellent chemical and thermal stability [1, 2], incompressibility [3, 4] and strength [5, 6], high melting point, good thermal and
electric conductivity or superconductivity [7–9]. In order to enhance
materials performance, considerable efforts have been devoted to
investigate the possibility of ﬁne tuning the energetic, mechanical
and/or electrical properties by designing ternary or multinary (T)MN
systems [10–19].
The addition of nitrogen atoms into the high-density electronic
gas of transition metals together with the covalent bonding leads to
extraordinary hardness [20, 21]. Speciﬁcally, the hardness of MoN
and TaN ranges from 28 to 34 GPa [4, 22–24]. According to Teter’s
empirical law [25], hardness scales with shear modulus. Later, Chen
et al. [26] also correlated hardness to bulk modulus. Recent systematic DFT calculations on Ta–N [27] and Mo–N [28] system suggest
that the bulk modulus can reach 338 and 347 GPa for the WC-type
TaN and d-MoN2 , respectively, which is comparable with the 370 GPa
of the cubic BN [29].
TMNs often crystallize in a cubic NaCl-type structure (Fm3̄m,
#225), termed as rocksalt (rs) [30]. Despite being metastable, the
cubic modiﬁcations of MoN and TaN have been synthesized using
non-equilibrium growth techniques [4, 22, 31–34], e.g., reactive
magnetron sputtering in high nitrogen partial pressure atmosphere,
nitrogen ion implantation, or low energy ion assisted deposition.
Properties of cubic MoN and TaN are comparable with, or even superior to those of the ground state phases. For example, cubic TaN
prepared by shock and static compression was shown to have very
good high-temperature stability, comparable to that of the hexagonal WC-type phase [33]. Moreover, experiments of Haberkorn et
al. [35] suggest that the cubic MoN is very promising as a superconductor with transition temperature of 3–8 K.
Although considerable effort has been devoted to Mo–N and Ta–
N, the quasi-binary MoN–TaN system has been rarely studied [36,
37]. Restricting only to cubic system, Bouamama et al. [36] performed
DFT calculations on both (fully) ordered and disordered Mo1−x Tax N.
The virtual crystal approximation (VCA) used to model the disordered phase in their study, however, neglects any possible short
range order. Therefore, it is desirable to employ more sophisticated
approaches closer to reality, e.g., the special quasirandom structure
(SQS) method [38].
Our work aims to reveal compositional trends in thermodynamics and elasticity of Mo1−x Tax N alloys with cubic and hexagonal
symmetry. Structural models for Mo1−x Tax N are based on the NaCl-,
NiAs-, WC-, and TaN-phase prototypes, representing the energetically most favourable modiﬁcations of MoN and TaN. To guide future
experiments, the role of microstructure is analysed by considering (1) ordered vs. disordered alloys, and (2) different concepts of
materials architecture—alloys vs. cubic-based superlattices.

311

respectively. Supercells with 64 lattice sites (32 metal and 32 nitrogen atoms) were used to model the cubic systems, while supercells
consisting of total of 32, 54, and 72 lattice sites modeled the NiAstype, WC-type, and TaN-type hexagonal systems. The Ta (Mo) atoms
were distributed on the metal sublattice of bulk MoN (TaN) in a
disordered manner employing the SQS method [38]. Additionally,
ordered rocksalt Mo1−x Tax N structures were constructed from a conventional cubic B1 cell (8 lattice sites) containing one or two metal
atoms of a different type, i.e., one or two Mo (Ta) in 8-atom TaN
(MoN), and subsequently expanded to 2 × 2 × 2 supercells. Various (partially) ordered compositions were obtained from the fully
ordered 2 × 2 × 2 supercells with 25% or 50% of Mo (Ta) atoms by
arbitrarily replacing them by metal atoms of the other type, i.e., Ta
(Mo), to obtain the desired Mo-to-Ta ratio. The 1 × 1 × 2 (bi-layer
period k ≈ 1 nm), 1 × 1 × 4 (k ≈ 2 nm), 1 × 1 × 6 (k ≈ 3 nm), and
1 × 1 × 8 (k ≈ 4 nm) NaCl-type supercells consisting of an equal
amount of both MoN and TaN shown in Fig. 1 served as models for
MoN/TaN superlattices with (001) interfaces. These supercells were
also used to model superlattices with various MoN-to-TaN ratios,
i.e., (MoN)1−x /(TaN)x , by occupying complete atomic planes by either
Mo or Ta atoms and keeping the number of interfaces per supercell.
The applied periodic boundary conditions produced the superlattice
geometry with a bi-layer period in the range of about 0.9–3.8 nm.
Lattice parameters of the binary bulk MoN and TaN in the NaCl-,
NiAs-, WC-, and TaN-type modiﬁcations were optimized by ﬁtting
the energy versus volume data with the Birch-Murnaghan equation

2. Calculation details
The Vienna Ab-initio Simulation Package (VASP) [39, 40] was
used to perform the DFT calculations, employing the projector augmented plane wave (PAW) pseudopotentials under the generalized
gradient approximation (GGA) [41] with a Perdew-Burke-Ernzerhof
(PBE) exchange and correlation functional [42]. The plane-wave cutoff energy was always set to 700 eV and the k-vector sampling of
the Brillouin zone was checked to provide a total energy accuracy of
about 10−3 eV/at.
The Mo1−x Tax N solid solutions were assumed to adopt the cubic
structure with NaCl prototype (Fm3̄m, #225, B1-type), often referred
to as rocksalt (rs), and the hexagonal structures with NiAs (P63 /mmc,
#194), WC (P6̄m2, #187), and TaN (P6̄2m, #189) prototypes,

Fig. 1. Computational models for 1 × 1 × 2, 1 × 1 × 4, 1 × 1 × 6, and 1 × 1 × 8
NaCl-type MoN/TaN superlattices. The yellow, green, and blue spheres correspond to
N, Ta, and Mo atoms, respectively. Visualized using the VESTA package [43–45]. (For
interpretation of the references to color in this ﬁgure legend, the reader is referred to
the web version of this article.)
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of state [46], while all structure optimizations in the Mo1−x Tax N
and (MoN)1−x /(TaN)x systems were carried out by relaxing supercell
volumes, shapes, and atomic positions.
To compare various systems in terms of their thermodynamic
stability, energy of formation, Ef , was calculated as
1
s ns

Ef =

Etot −

ns ls

(1)

s

where Etot is the total energy of the supercell, ns and l s are the number of atoms and the chemical potential, respectively, of a species s.
The reference chemical potentials for Mo, Ta, and N are conventionally set to the total energy per atom of bcc-Mo, l Mo , bcc-Ta, l Ta ,
and N2 molecule, l N , respectively. The mixing enthalpy, Hmix , was
evaluated according to
Hmix = Ef − (1 − x)EfMoN − xEfTaN
EfMoN

(2)

EfTaN

where
and
are the formation energies corresponding to
reference boundary states. To ﬁnd out the thermodynamics of the
(MoN)1−x /(TaN)x superlattices, the interface energy, Eint , was calculated as
Eint =

is minimal. In other words, we minimize the Euclidean distance
between the matrix of elastic constants, C, with an arbitrary symmetry and the elasticity matrix Csym of some particular symmetry. Rigorous derivation of the projectors for all crystal symmetry classes can
be found in Refs. [49] and [50]. Furthermore, according to Mouhat
and Coudert [51], mechanical stability of a system with an arbitrary
symmetry is mathematically equivalent with any of the following
necessary and suﬃcient conditions:

1
MoN
TaN
− Etot
Etot − Etot
,
2A

(3)

TaN
MoN
Etot
is the
where A is the area of the MoN/TaN interface and Etot
total energy of MoN (TaN) equivalent to that used as a building block
in MoN/TaN superlattice.
Furthermore, we investigated elasticity of selected Mo1−x Tax N
and (MoN)1−x /(TaN)x systems employing the stress-strain method
[47, 48]. Fourth-order elasticity tensor C relates stress, s, linearly to
strain, e, according to the Hooke’s law

s = Ce.

(4)

(i)
(ii)
(iii)
(iv)

the matrix C is positive deﬁnite,
all eigenvalues of C are positive,
all the leading principal minors of C are positive,
any minor of C is positive.

Finally, we calculate phonon spectra of selected systems using the
Phonopy package [52].
3. Results and discussion
3.1. Thermodynamic stability
Fig. 2 depicts the energy of formation, Ef , as a function of Ta
content in MoN/TaN superlattices and MoTaN alloys adopting cubic
(ordered/disordered) or hexagonal (NiAs-, TaN-, or WC-type) structure. The hexagonal polymorphs are clearly preferred along the
MoN–TaN quasi-binary tie-line, i.e., with fully occupied metal and
nitrogen sublattices. In particular, Mo1−x Tax N is predicted to adopt
the NiAs-, WC-, and TaN-type structure for x in intervals of ∼(0,0.3),
∼(0.3,0.9), and ∼(0.9,1), respectively. Very close Ef values corresponding to the TaN- and WC-type phase for x in the interval of
∼(0.9,1) suggest their possible coexistence for high Ta contents.
When restricting to the cubic-like systems, fully disordered alloys
(constructed according to the SQS method) exhibit the lowest Ef ,
closely followed by the superlattices, especially for the Ta-rich compositions. The partially ordered cubic Mo1−x Tax N is predicted to be
the least stable out of the here considered structures.

We note that instead of using fourth-order tensor C in a threedimensional space, it is often convenient to replace it with a 6 × 6
matrix. In the following, C will represent this matrix of elastic constants in the so-called Voigt’s notation. To evaluate elastic constants
corresponding to structures with arbitrary symmetry, we adopt
the methodology proposed by Moakher and Norris [49]. First, the
squared norm of the elasticity matrix C is deﬁned as
C

2

:= C, C .

(5)

The scalar product C, C can be calculated in various ways
depending on how C is represented. Assuming the Euclidean metrics
and the case of 2D representation, Eq. (5) takes form

C

2

6

=

Cij2

.

(6)

i,j=1

Aiming to simplify the general 6 × 6 matrix C = (Cij ) with 21
independent elements, we wish to project it onto a convenient symmetry class and hence, decrease the number of independent elastic
constants. Thus we search for a matrix Csym of a speciﬁc symmetry
class such that the norm
C − Csym

(7)

Fig. 2. Energy of formation, Ef , as a function of x in Mo1−x Tax N. Solid solutions adopt
the cubic NaCl-type, and the hexagonal NiAs-, WC-, and TaN-type phases, while the
superlattices are based on the NaCl structure. The straight lines connect Ef of the bulk
MoN and TaN with the same prototype.
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V(NaCl-type Mo1−x Tax N), follow the Vegard’s-like linear relationship
[53, 54], i.e.,
V(NaCl-type Mo1−x Tax N) ≈ (1 − x)V(NaCl-type MoN)
+xV(NaCl-type TaN),

(8)

where V(NaCl-type MoN) and V(NaCl-type TaN) are speciﬁc volumes
of the NaCl-type MoN and TaN, respectively. Analogically, volumes
of the hexagonal systems lie very close to the line connecting the
respective hexagonal binary boundaries. This result suggests that if
the disordered NaCl-type systems signiﬁcantly deviate from the perfect cubic structure, such deviation has to be local. Consequently,
we analyse local environments of the ordered and disordered solid
solutions and compare them with the cubic NaCl-type and the hexagonal NiAs-, WC-, and TaN-type phases of MoN and TaN. A common
attribute of all these polymorphs is that every metal atom has 6 nearest N neighbours. Hence, 6 distances, d1 , d2 . . . , d6 , and 15 angles,
v1 , v2 , . . . , v15 between every (central) metal atom and its nearest N
neighbours can be determined, and ordered ascendingly, i.e., in such
way that d1 ≤ d2 ≤ . . . ≤ d6 and v1 ≤ v2 ≤ . . . ≤ v15 .
Let us introduce the ith lowest averaged distance, Di ,
Di :=
Fig. 3. Mixing enthalpy, Hmix , as a function of x in Mo1−x Tax N. In panel a), the data
points are evaluated with respect to the NaCl-type structures, while in panel b) the
zero mixing enthalpy corresponds to ground states of MoN and TaN, i.e., the NiAs-type
MoN and the TaN-type TaN.

The parent lattice used to construct disordered and ordered solid
solutions as well as the superlattices, was the cubic rocksalt structure. Consequently, evaluating mixing enthalpy, Hmix , according to
Eq. (2) with respect to the NaCl-type MoN and TaN quantiﬁes the
thermodynamic driving force for isostructural (spinodal) decomposition (Fig. 3a). It follows that all these systems exhibit negative mixing
enthalpy and hence are stable against isostructural decomposition.
However, since the cubic binary polymorphs are not the respective
ground states of MoN and TaN (cf. Fig. 2), in Fig. 3b we plot Hmix
evaluated with respect to the hexagonal NiAs-type MoN and the
TaN-type TaN, the most stable polymorphs of the binary boundary
systems. Here, Hmix does no longer quantify driving for isostructural
decomposition, but simply a stability of the quasi-binary system
with respect to the most stable reference systems. Therefore, also
the hexagonal solid solutions were considered. Our results indicate
that all Mo1−x Tax N solid solutions together with (MoN)1−x /(TaN)x
superlattices are unstable with respect to the respective ground state
hexagonal phases. The calculated Hmix values are in a similar range
as for other nitride systems (e.g., Ti1−x Alx N or Zr1−x Alx N) known to
decompose upon thermal loading [1].

M

1
M

j=1

atj

at2
atM
di = mean dat1
,
i , di , . . . , di

atj

where di denotes the ith lowest distance corresponding to the
jth metal atom in the supercell, i.e., the distance between the jth
metal atom and its ith nearest nitrogen neighbour. M is the number of metal atoms included in the analysis. Similarly, the kth lowest
averaged angle, 0k , takes form
0k :=

1
M

M
j=1

atj

vk = mean vkat1 , vkat2 , . . . , vkatM ,

(10)

atj

where 0k denotes the kth lowest angle corresponding to the jth
metal atom in the supercell. To quantify the structural (dis)similarity
of the disordered cubic Mo1−x Tax N solid solutions with binary
prototypes, we further deﬁne

DDist : =

1
6

6
i=1

Di − DRef
i


= mean 

DRef
i

=

D1 − DRef
1
DRef
1

,...,

D6 − DRef
6
DRef
6


,

(11)

where Di and DRef
correspond to the ith lowest averaged disi
tance in the cubic solid solution and in a reference structure,
respectively, while the summation runs over all 6 averaged distances.
Analogically, we introduce

3.2. Structural analysis of ordered and disordered solid solutions
The shape of the Hmix curve for the disordered cubic solid solution
is somehow surprising, because it shows an almost linear compositional dependence, which suggests a signiﬁcant deviation from
Hmix = 0 when extrapolated to x = 0 (cf. Fig. 3a). In isostructural
case, however, Hmix should be 0 for x = 0 and x = 1 according to Eq. (2). A possible origin of such deviation might be that due
to atomic relaxations in the solid solution, the structure is signiﬁcantly modiﬁed. Hence, Hmix evaluated with respect to the NaCl-type
boundary binaries does not represent an isostructural case. Analysis
of fully relaxed NaCl-type alloys reveals that their speciﬁc volumes,

(9)

DAngles : =

1
15

15
k=1



= mean 

0k − 0Ref
k
0Ref
k
01 − 0Ref
1
0Ref
1

,...,

015 − 0Ref
15
0Ref
15


,

(12)

where 0k and 0Ref
denote the kth lowest averaged angle in the cubic
k
solid solution and in a reference system, respectively, and the summation runs over all 15 averaged angles. It is important to mention
that the local environments of Mo and Ta atoms in Mo1−x Tax N were
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analysed separately, i.e., M in Eqs. (9) and (10), was either the number of Mo or Ta atoms; the later (former) case was compared with
local environments in binary MoN (TaN) in a corresponding reference
structure.
Results of the analysis according to Eqs. (11) and (12) are plotted
in Fig. 4. The ﬁrst interesting observation is that the angles in disordered Mo1−x Tax N differ from all binary systems by about 4–15%, thus
much more signiﬁcantly than the distances, which differ by 1–5%.
Regarding DAngles, the lowest values ∼5% are obtained when evaluated with respect to NiAs-type structure, the ground state of MoN.
Nevertheless, evaluation with respect to cubic NaCl-type polymorph
yields very close values as well, with DAngles between 6 to 7%. On the
contrary, evaluation with respect to WC-type and TaN-type phases
results in signiﬁcantly higher DAngles of ∼15%, and hence, we conclude that the angles in disordered Mo1−x Tax N are rather dissimilar
to these two hexagonal modiﬁcations. Moreover, the trends are supported also by error bars, which are relatively small for the NiAs- and
NaCl-type reference systems, but are almost doubled when referring

to the WC- and TaN-type polymorphs. We note that the vk angles
are 90◦ or 180◦ in the cubic rocksalt structure, while they take values of ∼82◦ , 98◦ , and 180◦ in the NiAs-type structure, ∼80◦ , 84◦ , and
136◦ in the TaN-type structure, and ∼82◦ , and 136◦ in the WC-type
structure. Unlike that, vk s in the disordered Mo1−x Tax N are changing gradually from ∼77◦ to ∼105◦ , independent of the composition
x. Unfortunately, DDist cannot be interpreted that easily, since all the
values are rather small and comparable, regardless of the reference
structure. While Di s evaluated in any of the binary reference structures yield the same value for each system due to the symmetries, the
disordered Mo1−x Tax N is characterized by six distinct Di s stemming
from the local structural relaxations. Nevertheless, the best agreement (by a small margin regarding both the DDist values as well
as the error-bars) is obtained again for the cubic NaCl-type and the
hexagonal NiAs-type phase, especially for the Ta atoms.
Therefore, our structural analysis of the disordered cubic
Mo1−x Tax N solid solution shows that the symmetries of a rocksalt
lattice are broken due to the chemical disorder. Consequently, the

Fig. 4. The averaged differences of angles (8 upper panels) and distances (8 lower panels) as a function of x in Mo1−x Tax N. The data evaluated with respect to the hexagonal NiAs-,
WC-, TaN-type and the cubic NaCl-type structure are depicted in panels 1a)–1d), 2a)–2d), 3a)–3d), and 4a)–4d), respectively. The error bars are calculated as standard deviations.
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Fig. 5. Snapshot of (a) the initial and (b) corresponding fully relaxed structure of a
MoN/TaN superlattice. The yellow, green, and blue spheres correspond to N, Ta, and
Mo atoms, respectively. Visualized using the VESTA package [43–45].
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The tetragonal-like structures of the two binaries, MoN and TaN,
were constructed out of 1 × 1 × 2 MoN/TaN superlattice, and were
fully relaxed until the forces on individual atoms were less than
0.01 eV/Å. A subsequent structural analysis showed that both these
newly proposed phases of MoN and TaN, which will be hereafter
referred to as f-MoN and f-TaN, possess the space group P4/nmm
(#129). The corresponding lattice parameters together with the
atomic positions are summarized in Table I. The calculated formation
energies of f-MoN and f-TaN are −0.178 eV/at. and −0.982 eV/at.,
respectively. Therefore, the f-phase is predicted to be thermodynamically more stable than the rocksalt structure for both MoN and
TaN, exhibiting Ef of −0.008 eV/at. and −0.887 eV/at., respectively.
In order to reveal the driving force for the tetragonal distortion
leading to the cubic-to-f transition in MoN and TaN, we calculated their phonon spectra (Fig. 6). The phonon density of states
and phonon dispersion relation of f-TaN do not show any imaginary phonon frequencies (unlike in the case of rs-TaN), hence imply
also its mechanical stability (which was further conﬁrmed by testing
that the corresponding matrix of elastic constants is positive deﬁnite,
see Section 3.4). Further relaxation following the soft phonon modes
in f-MoN leads to another low-symmetry structure, a monoclinic
y-MoN (P21 /m, #11) with Ef of about −0.2454 eV/at, therefore, comparable to that of rs-Mo0.91 N [55]. However, this phase is not relevant
for the superlattices as it is forbidden by the superlattice tetragonal
symmetry.
The interface energy, Eint of the (MoN)1−x /(TaN)x superlattices,
evaluated with respect to our newly proposed f-TaN and f-MoN is
close to 0 eV/Å2 . Moreover, Eint becomes positive, when evaluated
with respect to f-TaN and y-MoN. Such values of Eint can be better
physically interpreted and agree well with the previously discussed
thermodynamic stability (cf. Fig. 2).
3.4. Elastic properties

disordered phase is structurally between the cubic NaCl-type and
the hexagonal NiAs-type modiﬁcations. This rationalizes the peculiar compositional dependence of Ef corresponding to the disordered
cubic Mo1−x Tax N (Fig. 2), which is almost perfectly between the Ef
values of the (partially) ordered cubic and the NiAs-type hexagonal
systems.
3.3. Superlattice architecture
The energy of formation of the (MoN)1−x /(TaN)x superlattices was
predicted to lie close to Ef of the disordered Mo1−x Tax N solid solutions (Fig. 2). Furthermore, the corresponding interface energies, Eint ,
are negative with respect to the cubic phases. These hints indicate
that again the symmetries are (partially) broken, i.e., the superlattices are not composed of simply tetragonally-deformed cubic cells.
Indeed, a further analysis of fully relaxed (MoN)1−x /(TaN)x reveals
not only a tetragonal deformation (Fig. 5), but also additional atomic
displacements, which further break the tetragonal symmetry.

Tensors of elastic properties represented using symmetrical 6 × 6
matrices C were calculated for selected Mo1−x Tax N systems at 5 different compositions, namely, for x ∈ {0, 0.25, 0.5, 0.75, 1}. As these
systems belong to different crystal symmetry classes, and moreover,
their symmetries are often broken due to the chemical disorder
and/or architecture, it is desirable to pay special attention to unifying the method for analysing their elastic response. Therefore,
the mechanical stability was tested employing the condition (iii) in
Section 2, i.e., that the lowest eigenvalue, kmin , corresponding to the
(unprojected) matrix C, must be positive.
The results presented in Fig. 7a reveal that all hexagonal
Mo1−x Tax N phases are mechanically stable in the whole compositional range, i.e., the corresponding kmin is always positive. Mechanical stability of the ordered cubic variant depends strongly on the
Ta content. This ﬁnding is consistent with the previous ab initio study by Bouamama et al. [36] showing that ordered cubic
Mo1−x Tax N becomes stable for x > 0.27. On the contrary, the
disordered Mo1−x Tax N is predicted to be stabilized by introducing

Table I
Overview of lattice parameters, a and c, and atomic coordinates (x, y, z) of the newly identiﬁed f-MoN and f-TaN phases.
f-MoN

f-TaN

a, c [Å]

Atom

(x, y, z)

a, c [Å]

Atom

(x, y, z)

a = 4.2480
c = 4.5435

Mo1
Mo2
Mo3
Mo4
N1
N2
N3
N4

(0.0000, 0.0000, 0.0150)
(0.0000, 0.0000, 0.4353)
(0.5000, 0.0000, 0.4353)
(0.5000, 0.5000, 0.0150)
(0.5000, 0.5000, 0.5311)
(0.5000, 0.0000, 0.9186)
(0.0000, 0.5000, 0.9186)
(0.0000, 0.0000, 0.5311)

a = 4.2017
c = 5.1188

Ta1
Ta2
Ta3
Ta4
N1
N2
N3
N4

(0.0000, 0.0000, 0.9975)
(0.0000, 0.5000, 0.4525)
(0.5000, 0.0000, 0.4525)
(0.5000, 0.5000, 0.9975)
(0.5000, 0.5000, 0.5592)
(0.5000, 0.0000, 0.8907)
(0.0000, 0.5000, 0.8907)
(0.0000, 0.0000, 0.5592)
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Fig. 6. Phonon density of states, panels 1a)–b), and phonon dispersions, panels 2a)–2b), for MoN and TaN adopting the rocksalt (blue lines), tetragonal f-type (red lines), and
monoclinic y-type (green lines) structures. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)

already ∼10% of Ta, i.e., for x ≥ 0.1, which again highlights a strong
stabilizing role of the chemical disorder in rocksalt structure. Comparable phenomena of stabilizing effects of chemical disorder have
been recently shown also for TiAl intermetallic alloys [56]. Besides,
trends similar to the ordered cubic Mo1−x Tax N were predicted in
the case of (MoN)1−x /(TaN)x superlattices, which yield kmin > 0 for
TaN fractions ≥50%. Nevertheless, their mechanical stability strongly
depends on the actual bi-layer period: considering a TaN-to-MoN
ratio of 1:1, the 1 × 1 × 2 superlattice is unstable, the 1 × 1 × 4
superlattice is stable, while the 1 × 1 × 6 superlattice is again close to
instability. It should be pointed out that all the here-considered modiﬁcations of TaN, including the newly proposed tetragonal f-TaN, are
mechanically stable. Unlike that, MoN is predicted to be stable in
the hexagonal NiAs-type and WC-type structures, but unstable in the
rocksalt and the tetragonal f-type modiﬁcations, and nearly unstable (kmin ∼ 0) in the hexagonal TaN-type structure (the ground state
of TaN).
In order to decrease the number of generally 21 independent
elastic constants (being a consequence of the low symmetry originating from the local chemical disorder), we search for the closest
tensor Csym with a higher symmetry. This is done by minimizing
the Euclidean distance C−Csym (cf. Eq. (7)), thereby representing
the best projection of C. In total we considered three symmetries:
cubic, tetragonal, and hexagonal, while the corresponding projections were denoted by Ccub , Ctetr , and Chex , respectively (Fig. 7b–d).
It follows that the ordered Mo1−x Tax N is either cubic, or tetragonal. The similarity to tetragonal structure may appear surprising at the ﬁrst sight, but can be easily related to the structural
order. Moreover, Ctetr has 3 additional degrees of freedom in

comparison with Ccub , i.e., C23 = C12 , C33 = C11 , and C66 = C44 ,
hence, tetragonal projection can minimize distance from C of cubic
system, but the cubic projection will never minimize the distance
from C of tetragonal system. As a consequence of further reducing the crystal symmetry, e.g., to orthorhombic (Corth ), monoclinic
(Cmon ) or triclinic (Ctri ), the corresponding Euclidean distance can
get even smaller. Regarding the disordered Mo1−x Tax N, the norm
C−Csym does not exhibit any pronounced minimum for either of
the high symmetry classes, i.e., Ccub , Chex , and Ctetr , as it generally yields “distance” 50–150 GPa regardless of the Ta concentration.
Interestingly, the distances from Corth , Cmon , and Ctri of about 40–
100 GPa are also non-negligible. This can be interpreted as a sign
of broken symmetry, thus supporting our previous conclusions. In
the case of hexagonal systems, the calculated elastic tensors exhibit
large deviations from a strict cubic symmetry, but are very close to
hexagonal and tetragonal symmetry. The latter is a consequence of
the fact that an elastic tensor with the hexagonal symmetry may be
viewed as a special case of the tetragonal symmetry [57]. Regarding
(MoN)1−x /(TaN)x superlattices, projection onto tetragonal symmetry class is clearly favoured over the cubic and hexagonal ones, and
this trend becomes more pronounced with increasing Ta concentration, i.e., C−Ctetr decreases from 135 GPa (f-MoN) to 12 GPa
(f-TaN).
Based on this analysis, the calculated elastic tensors were projected onto the closest tensor of higher symmetry class, excluding
trigonal, orthorhombic, monoclinic and triclinic symmetry, and the
results are listed in Table II. Elastic constants corresponding to the
binary MoN and TaN systems are in agreement with the previously
published values.
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Fig. 7. Properties of the elastic tensor corresponding to the Mo1−x Tax N solid solutions and (MoN)1−x /(TaN)x superlattices: minimal eigenvalue (a) together with the distance from
cubic (b), tetragonal (c), and hexagonal projection (d).

Finally, we calculated the polycrystalline bulk (B), shear (G), and
Young’s moduli (E) using the projected elastic tensors. We represent them with the Hill’s average [65] of the upper bounds according
to the Reuss’s approach (subscript “R”) [66] and the lower Voigt’s
bounds (subscript “V”) [67]. General formulae for R and V estimates
of B and G can be found in Ref. [68]. Young’s modulus was evaluated
as
E=

9BG
.
3B + G

(13)

The compositional dependence of B, G, and E (Fig. 8) for the
ordered cubic Mo1−x Tax N are in good agreement with previous
ab initio study by Bouamama et al. [36] reporting that their bulk
modulus slightly increases from 306 GPa (MoN) to 373 GPa (TaN).
Our calculations yield an increase in B from 325 GPa (MoN) to
340 GPa (TaN), which agrees better with the 347 GPa obtained for
NaCl-type TaN by Zhao et al. [63]. The hexagonal NiAs-type and WCtype structures show slightly higher B values. Speciﬁcally, B of the
NiAs-structured MoN is approximately 350 GPa, which is comparable with 370 GPa reported for the cubic boron nitride (c-BN) [29],
the second hardest material to date. The bulk moduli of the disordered cubic-like solid solutions are about 30 GPa below those of the
ordered modiﬁcations, but comparable to the hexagonal TaN-type
system. The disordered cubic-like alloys exhibit almost the same
shear moduli, G, of ∼110 GPa, regardless of their Ta content; all other
systems show an increase of G with increasing Ta content. The shear
moduli increase from 188, 165 and 34 GPa to 204, 239 and 182 GPa
in the case of NiAs-, WC- and TaN-type phases, respectively. Here,
especially the ordered cubic phase shows a steep increase in G from

44 to 126 GPa when increasing the metal-fraction of Ta from 25 at.%
(i.e., Mo0.75 Ta0.25 N) to 100 at.% (i.e., TaN), which is in good agreement
with Bouamama et al. [36].
The Young’s moduli, E, show comparable changes with the composition as the shear moduli, and increase for the hexagonal NiAs-,
WC-, and TaN-type systems from 474, 428 and 98 GPa to 507, 580
and 456 GPa in the case of NiAs-, WC-, and TaN-type system, respectively. The disordered solid solutions exhibit nearly the same E moduli with ∼294 GPa for all compositions. Contrary, the ordered cubic
phases show a signiﬁcant increase in E from 125 to 338 GPa, when
increasing the metal-fraction of Ta from 25 at.% (i.e.,Mo0.75 Ta0.25 N)
to 100 at.% (TaN). Although Ef of the hexagonal NiAs-, WC- and TaN
structured Mo1−x Tax N polymorphs are similar for x = 0.5 (cf. Fig. 2),
only the latter two exhibit the highest (and comparable) B, G, and
E moduli. Unlike that, elastic moduli of the TaN-type can be rather
compared to the ordered cubic systems and superlattices, which can
be rationalized by the fact that MoN in the TaN-type structure is
almost mechanically unstable.
To rate the ductile/brittle behavior of our MoN–TaN systems, we
used the B/G ratio proposed by Pugh [69] (also termed as Pugh’s
ratio). The higher the B/G ratio is, the more ductile the material
behaves; the critical value separating ductile and brittle materials
is ∼1.75 [69]. Here, especially the (MoN)1−x /(TaN)x superlattices are
highly interesting: although they exhibit the lowest B, G, and E moduli, they are relatively ductile with B/G of 4.70 (1 × 1 × 6 superlattice)
and 3.35 (1 × 1 × 4 superlattice) for x = 0.5, i.e., for equally thick
TaN and MoN layers. Their ductility in terms of B/G is comparable
to that of the ordered rocksalt solid solutions. The disordered cubic
alloys exhibit lower B/G ratios for Ta contents above 0.5, but especially at the Mo-rich side (where the ordered alloys and superlattices
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Table II
The projected elastic tensors (in GPa) of the Mo1−x Tax N systems and (MoN)1−x /(TaN)x superlattices together with B, G, E moduli (in GPa), Pugh’s ratio, B/G, and Poisson’s ratio, m. The upper indices “ref, th” (“ref, exp”) denote theoretical
(experimental) references.
x

c11

ref, th
c11

c12

ref, th
c12

NaCl-type

0

549

551 [58]
543 [59]

212

255 [58]
171 [59]

0.25
0.5
0.75
1

612
651
687
724

NaCl-type SQS

0.09
0.25
0.5
0.75

469
513
519
494

219
192
205
227

f-type

0
1

465
727

144
160

250
154

1 × 1 × 2 superlattice

0.5

689

114

1 × 1 × 4 superlattice

0.5

696

170

1 × 1 × 6 superlattice

0.25
0.5
0.75

655
651
698

198
156
163

NiAs-type

0
0.25
0.5
0.75
1

491
505
519
516
531

0

600

0.25
0.5
0.75
1

600
606
618
635

0
0.5
0.75
1

341
419
466
525

WC-type

TaN-type

898 [60]
678 [61]

603 [58]

513 [63]
472 [61]
627 [58]
579 [59]

611 [60]
616 [63]
556 [61]

538 [63]

186
169
158
147

180
226
254
256
268
179
175
181
188
203

324
267
240
210

c13

ref, th
c13

c33

ref, th
c33

305 [63]
270 [61]
183 [58]
147 [59]

341 [60]
212 [63]
205 [61]

238 [63]

ref, th
c44

B

−49 [58]
−73 [59]

–

–

–

–

–

328
329
331
340

44
74
93
127

125
205
256
338

7.52
4.48
3.55
2.69

0.44
0.40
0.37
0.33

1
24
39
67

131 [60]
119 [61]

200 [58]

c44
−43

64 [60]
46 [61]

Bref, th

Bref, exp

389 [60]
306 [61]

G

Gref, th

144 [60]
139 [61]

E

Eref, th

384 [60]
642 [61]

B/G

B/Gref, th

2.69 [60]
2.20 [61]

m

99
94
87
87

302
299
309
316

109
116
110
103

291
209
296
279

2.78
2.57
2.81
3.06

0.34
0.33
0.34
0.35

454
343

−99
108

–
286

–
159

–
403

–
1.79

–
0.26

232

440

−9

–

–

–

–

–

173

407

27

305

91

248

3.35

0.36

172
191
173

421
306
364

−45
8
147

–
282
296

–
60
108

–
168
289

–
4.70
2.74

–
0.40
0.34

250
220
193
176
148
221
201
179
172
147

219
189
180
163

205 [58]

141 [63]
145 [61]
198 [58]
177 [59]

184 [60]
142 [63]
152 [61]

165 [63]

681
746
764
765
786
722
732
752
760
804

494
563
598
655

810 [58]

806 [63]
726 [61]
788 [58]
725 [59]

884 [60]
818 [63]
737 [61]

665 [63]

241
240
234
241
264
112
129
143
182
232

50
114
151
186

289 [58]

282 [63]
243 [61]
122 [58]
116 [59]

221 [60]
256 [63]
222 [61]

191 [63]

329
332
340
333
330
349
341
337
339
340

300
299
303
308

356 [58]

345 [62]

333 [63]
310 [61]
353 [58]
377 [59]

378 [60]
337 [63]
318 [61]

319 [63]

188
173
189
192
204
165

351 [64]

178
189
211
239

34
106
142
182

246 [58]

193 [63]
191 [61]
181 [58]

220 [60]
243 [63]
213 [61]

182 [63]

474
442
479
483
508
428
455
478
524
580

98
286
368
456

600 [58]

485 [63]
669 [61]
463 [58]
640 [59]

554 [60]
588 [63]
676 [61]

4581 [63]

1.74
1.91
1.80
1.74
1.61
2.11
1.91
1.78
1.61
1.42

8.85
2.81
2.14
1.69

1.45 [58]

1.73 [63]
1.62 [61]
1.95 [58]

1.72 [60]
1.39 [63]
1.49 [61]

1.75 [63]

0.26
0.28
0.27
0.26
0.24
0.30
0.28
0.26
0.24
0.22

0.45
0.34
0.30
0.25

mref, th

0.34 [60]
0.15 [61]

0.22 [58]

0.26 [63]
0.20 [61]
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Phase

0.28 [58]
0.24 [59]

0.26 [60]
0.21 [63]
0.20 [61]

0.26 [63]
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Superlattices
NiAs−type
WC−type
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0.2

0.4

0.6

0.8

x in Mo1−xTaxN

5

0.8

1.0

d)

4

0.6

3

0.4

x in Mo1−xTaxN

2

0.2

c)

1

0.0

Pugh's ratio, B/G

0

b)

0.0

0.2

0.4

0.6

0.8

x in Mo1−xTaxN

1.0

Fig. 8. (a) Bulk modulus, (b) shear modulus, and (c) Young’s modulus of various Mo1−x Tax N solid solutions calculated as Hill’s averages of Reuss’s and Voigt’s polycrystalline
isotropic aggregates. (d) Pugh’s ratio for estimating relative trends in brittleness/ductility.

are actually mechanically unstable, therefore, we do not show any
data points) they provide the highest ductility of all polymorphs considered here. All three hexagonal modiﬁcations yield much lower
B/G ratios, and thus are the most brittle structures considered here.
Finally, we calculated Poisson’s ratio, m,
m=

3B − 2G
,
6B + 2G

(14)

and obtained comparable trends in ductile/brittle behavior (cf.
Table II) by applying Frantsevich’s criterion [70], which says that the
material is brittle for m < 1/3.
3.5. Electronic density of states
Because the total density of electronic states, DOS, is non-zero at
the Fermi level, EF , all of our systems are metallic (Fig. 9), including the newly identiﬁed tetragonal f-phases. The energy region from
−9 to about −4 eV can be characterized by strong hybridization of
the Mo(Ta)-d electrons with the N-p electrons resulting in a dominant covalent bonding character [71–73]. The region from −4 eV to
the Fermi level corresponds to the remaining metal d electrons. This
behavior is well demonstrated by the fact that for every polymorph,
the density of states of various compositions are alike; only EF
shifts due to accommodation of the extra electron (per formula
unit) in MoN in comparison to TaN. This band ﬁlling leads, however, to pronounced changes around the Fermi level. All structures
of TaN (but the cubic one) exhibit a local DOS minimum at EF in
the case of TaN. On the contrary, MoN even shows local DOS maximum (peak) for the cubic and hexagonal TaN-type structures. These

trends are perfectly in line with the previously discussed mechanical
(in)stability. Typically, a distinct peak at the Fermi level is an indicator for structural instability, while a local minimum at EF suggests
that the corresponding system is mechanically stable [74–77]. The
disordered alloys show a noticeable increase of DOS around −1.5 eV
together with a distinct minimum close to EF (Fig. 9b). This is in
strong contrast to the DOS of the ordered solid solutions (Fig. 9a).
Therefore, also in terms of their electronic structure, the disordered
cubic systems are found dissimilar to the ordered ones.
4. Conclusions
We have performed extensive DFT calculations on thermodynamic, structural, elastic, and electronic properties of Mo1−x Tax N
alloys in their cubic (NaCl-type) and hexagonal (NiAs-, TaNand WC-type) modiﬁcations. The role of atomic-scale architecture
was analysed employing another concept of materials design—
(MoN)1−x /(TaN)x superlattices—with different layer thicknesses and
MoN-to-TaN molar ratios.
Our calculations show that hexagonal alloys are the most stable
ones over the whole compositional range, with a preference for the
NiAs-, WC- and TaN-type structure for composition x in the range of
0–0.3, 0.3–0.9, and 0.9–1, respectively. Due to the comparable formation energies of WC- and TaN-type Mo1−x Tax N for x between 0.9
and 1, neither of the phases is strongly favoured and hence, speciﬁc
parameters of deposition process (leading to, e.g., presence of point
defects) may play a decisive role.
Within the metastable cubic systems, the disordered solid solutions and the superlattices are energetically strongly favoured over
the ordered cubic Mo1−x Tax N. Structural analysis (in terms of bond
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Mo0.5Ta0.5N
Mo0.25Ta0.75N

MoN
Mo0.75Ta0.25N

TaN

d) TaN−type

b) NaCl−type SQS

e) NiAs−type

c) WC−type

f) ζ−type

DOS [a.u.]

DOS [a.u.]

DOS [a.u.]

a) NaCl−type

−8

−6

−4

−2

0

2

4

E − EF [eV]

−8

−6

−4

−2

0

2

4

E − EF [eV]

Fig. 9. Total density of electronic states, DOS [a.u.], for (a) ordered and (b) disordered NaCl-type, (c) WC-type, (d) TaN-type, (e) NiAs-type, and (f) f-type polymorphs of Mo1−x Tax N
solid solutions.

lengths and angles) reveals that the disordered cubic systems exhibit
local similarities with the hexagonal NiAs-type structure. As soon as
Ta is introduced into cubic MoN in a disordered manner, the energy
of formation signiﬁcantly decreases due to these local hexagonallike environments. Any further addition of Ta only leads to an almost
linear change of Ef .
Also the (MoN)1−x /(TaN)x superlattices immediately deviate from
their cubic symmetry, and the MoN as well as TaN layers relax
towards tetragonal f-phase (P4/nmm, #129). Formation energy of
the newly uncovered f-MoN and f-TaN lie between that of the cubic
and hexagonal binary polymorphs. Importantly, while the cubic TaN
is vibrationally unstable, the f-TaN is stable, i.e., its phonon dispersion does not contain any imaginary phonon frequencies. The f-MoN
still shows some soft phonons, however, the integrated phonon DOS
corresponding to the imaginary frequencies yields fewer states than
in the case of the cubic MoN. This suggests that f-MoN is an intermediate state towards a stable structure, which is stabilized by the
superlattice.
To formulate design rules for MoTaN-based coatings, we
established relations between elastic properties, Ta content, and
architecture. The disordered cubic and all the hexagonal alloys are
mechanically stable regardless Ta content. On the contrary, the
ordered cubic systems and the superlattices fulﬁll conditions for
mechanical stability only above a critical Ta content of ∼25% and
∼50%, respectively. Additional parameter controlling properties of
(MoN)1−x /(TaN)x superlattices is their bi-layer period which has to
be set to ∼2–3 nm in order to ensure mechanical stability. The
polycrystalline elastic moduli suggest that the hexagonal NiAs- and
WC-phases of Mo1−x Tax N are signiﬁcantly harder than the other
modiﬁcations. On the other hand, the superlattices and the cubic

alloys are particularly interesting owning to their high ductility
(according to Pugh’s and Poisson’s ratio). We hope that our systematic and detailed theoretical investigations on the quasi-binary MoN–
TaN system will guide future experimental search for functional thin
ﬁlms with outstanding properties.
5. Data availability
The raw/processed data required to reproduce these ﬁndings cannot be shared at this time as the data also forms part of an ongoing
study.
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• Cubic-based MoN/TaN superlattices
exist in many vacancy-stabilised
variants.
• Under typical deposition conditions,
the most favourable is MoN0.5 /TaN.
• MoN0.5 /TaN is experimentally feasible and promises high ductility/
toughness.

A R T I C L E

I N F O

Article history:
Received 12 June 2019
Received in revised form 11 September 2019
Accepted 12 September 2019
Available online 24 October 2019
Keywords:
Superlattices
Vacancies
Ab initio
Metastable phases
XRD
EDX

A B S T R A C T
Superlattice architecture represents an effective strategy to improve performance of hard protective coatings. Our model system, MoN/TaN, combines materials well-known for their high ductility as well as a
strong driving force for vacancies. In this work, we reveal and interpret peculiar structure-stability-elasticity
relations for MoN/TaN combining modelling and experimental approaches. Chemistry of the most stable
structural variants depending on various deposition conditions is predicted by Density Functional Theory
calculations using the concept of chemical potential. Importantly, no stability region exists for the defectfree superlattice. The X-ray Diffraction and Energy-dispersive X-ray Spectroscopy experiments show that
MoN/TaN superlattices consist of distorted fcc building blocks and contain non-metallic vacancies in MoN
layers, which perfectly agrees with our theoretical model for these particular deposition conditions. The
vibrational spectra analysis together with the close overlap between the experimental indentation modulus
and the calculated Young’s modulus points towards MoN0.5 /TaN as the most likely chemistry of our coatings.
© 2019 The Authors. Published by Elsevier Ltd. This is an open access article under the CC BY-NC-ND
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1. Introduction
Excellent mechanical properties of nitride-based protective
coatings closely relate to their microstructure [1]. To meet
demanding industrial requirements, coatings are nano-engineered
as single or multilayer multicomponent systems [2-4]. Especially
superlattices (SLs), i.e., coherently grown nano-layers of two or more
materials, represent a powerful concept to tune optical, magnetic,
electronic, mechanical or tribological properties [5-8].
SL architecture is also employed to achieve metastable phases.
For instance, the industrially important cubic AlN can be epitaxially stabilised in AlN/CrN [9,10] or AlN/TiN [11-13] SLs. In terms
of mechanical properties, the great potential of SL architecture was
demonstrated by Helmersson et al. [14] and Barnett and Madan [15].
Setting the bilayer period, K, of TiN/VN and TiN/NbN SL coatings to 5
and 9 nm, respectively, resulted in a hardness increase by about 100%
compared to the monolithic ﬁlm-forming phases. Interface-induced
enhancement of mechanical and/or tribological performance beyond
the limits of its individual components was further demonstrated for
TiN/MoN, TiN/NbN, TiN/TaN, and TiN/CrN SLs [16,17]. Hahn et al. [18]
revealed that fracture toughness and hardness of TiN/CrN exhibit
almost the same dependence on K and that both show a distinct
peak at K≈6 nm. An enormous versatility in structural and mechanical properties can be further accomplished by intentionally using the
typically unwanted products of Physical Vapour Deposition (PVD)
processes: vacancies and point defects in general [19-24]. The critical role of vacancies for developing extraordinary tough SL coatings
has recently been highlighted by Buchinger et al. [25].
Our work combines both the superlattice and point-defect design.
The materials chosen to form the SL are molybdenum and tantalum nitride. Not only do they exhibit many superior properties, such
as excellent hardness and elastic moduli, high melting point, good
thermal and electrical conductivity [26-29], but they also exist in
many crystallographic and compositional variants [30-33]. The usually experimentally desired phase is the cubic rocksalt (Fm3m, #225,
rs). Importantly, the stability of this phase is conditioned by the
presence of vacancies on either the metallic (MoN and TaN), or the
non-metallic (MoN) sublattice [31,34-36]. Despite MoN/TaN SLs have
not yet been experimentally synthesised, our ab initio pre-study [37]
indicated they have a strong potential in terms of ductility. Limiting ourselves only to the fully stoichiometric defect-free systems,
our MoN/TaN SL was shown to undergo a phase transformation:
the originally cubic building blocks relaxed towards the tetragonal f-phase (P4/nmm, #129). This was rationalised by fewer (no)
phonon instabilities of the f-MoN (f-TaN) [37,38].
Critical questions for future industrial applications—to be
addressed by the present study—are the following. First, are vacancies essential for a stabilisation of MoN/TaN SLs? Second, is the
knowledge of the monolithic phases suﬃcient to make accurate predictions for SLs with low bilayer periods? Third, which (defected) SL
conﬁgurations are the most favourable, experimentally achievable,
and could promise interesting mechanical properties?

The forces on ions did not exceed 0.005 eV/Å and the total energy
accuracy was 10−4 eV/at.
Our model of the defect-free MoN/TaN superlattice with the
MoN-to-TaN molar ratio 1:1 was based on the conventional 8atom cubic fcc cell. Applying the periodic boundary conditions, the
1 × 1 × (2n), n = 1, 2, . . ., geometry produced SLs with (001) interfaces and bilayer periods K≈9n Å. As shown in our pre-study [37],
a full relaxation of such SLs breaks the cubic symmetry of the fcc
building blocks and induces a structural transformation towards the
tetragonal f-phase (P4/nmm, #129). While the f-TaN is dynamically
stable (unlike rs-TaN), the f-MoN still yields soft phonon modes. Following these ﬁnally leads to the dynamically stable y-MoN (P21 /m,
#11). The fcc, f, and the y structures of MoN and TaN are compared
in Table 1.
In this work, we studied the effect of vacancies in the already prerelaxed SLs, i.e., composed of the f-phases. To keep the simulations
computationally affordable, the supercell size was set to 2 × 2 × 4
(128 atoms), leading to the bilayer period K≈1.91 nm (after relaxation). As we wanted to analyse the effect of interfaces themselves, a
desired number of Mo, Ta, or N vacancies was randomly distributed
at each (001) plane. In particular, different vacancy conﬁgurations in
terms of vacancy distribution within the layers were produced for
the same vacancy content and the same type of missing atom. Vacancies in the monolithic f-MoN and f-TaN were distributed employing
the Special Quasi-random Structure (SQS) method [44].
Despite both f-phases and SLs had the overall tetragonal symmetry, the presence of vacancies generally led to 3 distinct lattice
parameters, a1 , a2 , and c, after a full relaxation. The tetragonal lattice
parameter a of f-Mex Ny , Me=Mo, Ta, was calculated by averaging
a1 and a2 . In the case of SLs, such average represented an effective
in-plane lattice constant (in the interface), while c (in the direction perpendicular to the interface) represented the bilayer period,
K. To quantify the effect of vacancies on each of the SL-building
materials, we estimated an effective lattice parameter cMoN
, cTaN
,
eff
eff
in MoN and TaN layers separately. This was done by measuring
interplanar distances between all pairs of neighbouring (001) planes
(the z-coordinates of these planes were averaged fully relaxed zcoordinates of all ions occupying the same plane, i.e. with the same
z-coordinate before the relaxation). Furthermore, to reﬂect that SLs
with the same vacancy concentration but different vacancy distribution may differ in energies, we employed a weighted average
n

x̄ =

i=1
n

wi xi

i=1

,

(1)

wi

where xi is a structural parameter of interest (i.e., K, a in the interface) and wi is the corresponding weight. Index n corresponds to the
number of investigated distributions of the same vacancy type and
min
overall concentration. Denoting Etot
the minimal formation energy
of a SL with a speciﬁc vacancy type and concentration, the weight of
a SL conﬁguration with energy Etot,i was calculated as

2. Methodology
2.1. Computational details
The simulations were carried out within the framework of the
Density Functional Theory (DFT) as implemented in the Vienna
Ab-initio Simulation Package (VASP) [39,40] together with projector
augmented plane-wave (PAW) pseudopotentials [41]. In order
to treat the exchange and correlation effects, we applied the
Perdew-Burke-Ernzerhof generalized gradient approximation [42].
The plane-wave cutoff energy was set to 700 eV, while the reciprocal
space was sampled with C-centered Monkhorst-Pack meshes [43].

min
wi = Etot,i /Etot
,

(2)

min
min
where Etot,i , Etot
< 0 and Etot
= 0 (the weights are non-negative).
Thermodynamic stability of SL as well as monolithic phases was
quantiﬁed with the energy of formation [34], Ef , calculated according
to

Ef =
s

1
ns

Etot −

ns ls

(3)

s

72

Publication II

2

Publication II

3

Table 1
Lattice parameters, a and c (in Å), formation energies, Ef (in eV/at.), and stability of the fcc (Fm3̄m), f (P4/nmm), and the y (P21 /m) structural variants.
MoN
Phase

a

fcc-MoN
f-MoN
y-MoN

4.364
4.248
4.424

TaN

c

Ef

Mech. stability

Dyn. stability

Phase

a

4.544
4.298

− 0.008
− 0.178
− 0.245

NO
NO
YES

NO
NO
NO

fcc-TaN
f-TaN

4.427
4.202

where Etot is the total energy of the supercell, ns and l s are the number of atoms and the chemical potential, respectively, of a species
s. Depending on the speciﬁc experimental conditions, the chemical potentials l N , l Mo and l Ta may in principle reach any value
below the upper limit given by the total energy (per atom) of bccMo, l Mo (bcc-Mo), bcc-Ta, l Ta (bcc-Ta), and a half of the N2 molecule,
l N (N2 ), respectively. These upper limits are conventionally referred
to as the N-rich, Mo-rich and Ta-rich conditions, respectively.
The stress-strain method [45-47] was applied to calculate the
fourth-order elasticity tensors C of selected systems according to the
Hooke’s law, s = Ce, which establishes a linear relation between
stress, s, and strain, e. Using the Voigt’s notation, we conventionally transform the calculated fourth-order tensors, C, to a symmetric
6 × 6 elastic constants matrix {Cij }. A positive deﬁniteness of the
elastic matrix, or equivalently, a positivity of its minimal eigenvalue,
kmin , served as a necessary and suﬃcient criterion for a mechanical
stability of the corresponding structure [48] provided other instabilities (e.g., soft phonon modes or magnetic spin arrangement) do
not come forth. In principle, analysis of the phonon spectrum of a
crystal is required to ensure the vibrational stability of the investigated material. Here, the phonon spectra were calculated using the
Phonopy package [49].
The polycrystalline bulk, B, and shear, G, moduli were represented
with the Hill’s average [50] of the upper Reuss’s limit [51] and the
lower Voigt’s bound [52]. The Young’s modulus was evaluated as
E=

9BG
,
3B + G

(4)

using the Hill’s averages of B and G [53]. The relative tendency for
brittleness/ductility was predicted based on the Pugh’s ratio, B/G,
and Poisson’s ratio [53],
m=

3B − 2G
.
6B − 2G

c

Ef

Mech. stability

Dyn. stability

5.119

− 0.887
− 0.982

YES
YES

NO
YES

bilayer periods were nominally set to K = 1.5, 3, and 6 nm, while
the total number of bilayers were chosen to produce a ﬁlm thickness
of ≈ 2 lm.
The X-ray diffraction patterns in Bragg-Brentano (BB) conﬁguration were collected using a PANalytical XPert Pro MPD diffractometer
equipped with a Cu-Ka radiation source (k = 0.15418 nm). The
gracing incidence (GI) patterns were recorded with an incidence
angle of 2.0◦ using an Empyrean PANalytical diffractometer with a
Cu-Ka source.
A coating with K varying from 1.5 to 15 nm was used for Transmission Electron Microscopy (TEM) studies. A cross-sectional electron transparent lamella was prepared using a FEI Helios NanoLab
G3 UC dual beam focused ion beam (FIB) microscope. The FIB was
operated at accelerating voltages from 30 kV to 1 kV and currents
from 20 nA to 40 pA. Cross-sectional scanning transmission electron
microscopy (STEM) and energy dispersive spectroscopy (EDX) was
performed using FEI Titan Themis equipped with a SUPER-X EDX
detector. The microscope was operated at accelerating voltage of
300 kV and probe current of 0.7 nA. The collected EDX signal was
treated using TEAM software applying built-in standards.
Indentation hardness of our coatings was measured with the
Fischer Cripps Laboratories ultra-micro indentation system (UMIS)
equipped with a Berkovich diamond tip. A series of indentations with
different loads (3–45 mN) was performed for each multilayer system and substrate. Indentations with a total indentation depth larger
than 10% of the ﬁlm thickness were ruled out, the rest of the data
was evaluated following Oliver and Pharr [57]. The indentation modulus was calculated by extrapolating a ﬁt to zero indentation depth
in order to minimise substrate effects [58]. The residual stress values
were evaluated using Stoney’s equation [59], whereby the curvature
was determined employing optical proﬁlometry.

(5)

Values B/G > 1.75 [54] and m > 0.33 [55], respectively, were
conventionally interpreted as a sign for ductile behaviour.
2.2. Experimental setup
MoN/TaN SL ﬁlms were deposited using the AJA International
Orion 5 lab scaled deposition plant, equipped with two 2 unbalanced magnetron cathodes. The base pressure of the sputtering
chamber prior to the deposition was lower than 10−4 Pa. Prior
to the depositions, Si(100), 20 × 7 × 0.38 mm3 , and MgO(100),
10 × 10 × 0.5 mm3 , substrates were ultrasonically cleaned in acetone and ethanol for 5 min each. Subsequently, they were thermally
cleaned at 500 ◦ C for 20 min inside the chamber followed by etching for 10 min (by applying constant −750 V bias voltage at an Ar
pressure of 6 Pa).
The depositions were carried out at a substrate temperature of
500 ◦ C in an Ar/N2 gas mixture (7 sccm Ar and 3 sccm N2 ) at a total
pressure of 0.4 Pa. The current densities of the dc powered Mo and
Ta targets (both 99.6% purity, Plansee Composite Materials GmbH)
were set to 19.7 mA/cm2 . To achieve a dense coating morphology,
we applied a negative bias voltage of −40 V [56]. Nanolayered structures were realized using a computer-controlled shutter system. The

3. Results and discussion
3.1. Energetics and structure
3.1.1. Formation energies and structural parameters from
ﬁrst-principles
Prior to experimental investigations, formation energies, Ef , and
lattice constants of MoN/TaN SL were carefully analysed depending
on the defect type, concentration, and distribution. We limited ourselves to a 128-atom simulation cell with K≈1.91 nm, i.e., did not
investigate energetics at larger bilayer periods. To identify the most
stable structural variants depending on speciﬁc deposition conditions, Ef was evaluated as a function of metal and nitrogen chemical
potentials, quantifying the availability of the respective element in
experiment. For example, the nitrogen chemical potential can be
interpreted as the applied N2 partial pressure.
To highlight the impact of interfaces, Fig. 1 contrasts the energetic
trends for SLs with those obtained for their single-phase f-Mex Ny
components (Me=Mo, Ta). A structure is deemed unstable for a combination of l N , l Mo , and l Ta yielding a positive value of Ef (cf. Eq.
(3)). Nevertheless, a negative sign of Ef does not yet imply mechanical and/or vibrational stability (investigated later in Sections 3.2 and
3.3).
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Fig. 1. Phase diagram presenting the stable compositions of the f-MeN, Me=Mo, Ta (a, b), and the MoN/TaN SL (c) as a function of the N, Ta and Mo chemical potentials. The
uncoloured area corresponds to unstable compositions.

is predicted for Mo0.5 N/TaN: the Etot difference between the SL with
all vacancies occupying (i) the interface and (ii) the “bulk-like” layers is ≈0.2 eV/at. Comparable trends are predicted for 50–75 at.% N
vacancies in MoN layers.
We will now proceed to a careful structural analysis, technical
details of which are explained in the Methodology section. Fig. 3
suggests that the increase of vacancy content in f-MoN and f-TaN
leads to a notable decrease of the tetragonal lattice parameter c.
This is compensated by the increase of a, with the only exception of N vacancies in f-TaN. For example, as a result of 6%-Tasubstoichiometry in f-TaN, c drops abruptly from 5.12 to 4.50 Å,
accompanied by an enlargement of a from 4.20 to 4.35 Å. The simulation cells hence become more cubic as a and c get closer, which
perfectly explains the comparable energetic trends for the defected
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Fig. 1 clearly demonstrates the important stabilisation role of
vacancies, since neither the binary nor the SL systems show a stability region for a defect-free structure. Regardless the values of
chemical potentials, Ef of the defect-free variant exceeds Ef of the
most favourable vacancy-featuring structure by about 0.1–0.2 eV/at.
Starting with the monolithic binaries, the Mo–N system favours
both vacancy types, metallic and nitrogen. The overall lowest Ef
is obtained for f-MoN0.5 and f-Mo0.88 N. Nevertheless, these polymorphs are stable in a rather narrow range of chemical potentials,
suggesting that very speciﬁc experimental conditions are required
for their synthesis. The f-TaN with Ta or N substoichiometry shows
a more extended stability region dominated by Ta0.75 N and Ta0.88 N.
N vacancies in f-TaN are favoured when approaching the N-poor
conditions, i.e., low N2 partial pressures. Such ﬁndings are similar to
those predicted for rs-Mox Ny and rs-Tax Ny [30,34].
Despite clear similarities, the energetics of MoN/TaN SL is not
a simple addition of the trends for the monolithic components.
Defected conﬁgurations with vacancies in either Mo or N sublattice of MoN, i.e., Mo0.25–0.75 N/TaN, MoN0.25–0.5 N/TaN, and Mo/TaN,
dominate the stability diagram. Consequently, coatings with highly
defected MoN layers should be most likely produced experimentally. The enormously high vacancy contents, i.e., above 50%, may
lead to signiﬁcant structural changes. Indeed, a close examination of
MoN0.25 /TaN SL reveals that the MoN layers contain a mixture of two
phases, f-MoNy and bcc-Mo. Going to the extreme case, the Mo/TaN
SL is formed by a 45◦ -rotated bcc-Mo and f-TaN layers, i.e., [100]TaN
[110]bcc-Mo (similarly to rs-CrN in Ref. [60]). N-rich, Mo-rich and Tapoor conditions enable stabilisation of Ta-deﬁcient MoN/Ta0.5–0.75 N.
In contrast to the monolithic TaN, N vacancies in TaN layers of the
superlattice are highly unfavourable for all combinations of chemical
potentials.
Not just the amount of vacancies, but also their spatial distribution, i.e., relative content at interfaces, might play an important role. Fig. 2 provides an elementary insight into the relative
segregation tendency of vacancies based on total energies, Etot ,
which are independent of chemical potentials. The Etot minimum for
MoN/Ta0.75 N SL is obtained when half of all vacancies accumulates
at interfaces. Interfaces become even more energetically favourable
when Ta vacancy concentration rises up to 50 at.%. Mo vacancies
in Mo0.5–0.75 N/TaN SL also tend to accumulate at interfaces. Specifically, the strongest preference of Mo vacancies for interfacial sites

Vacancy concentration at the interface [%]

Fig. 2. Total energy of the most stable SLs (cf. Fig. 1) as a function of the vacancy
concentration directly at interfaces. Panels (a, b, c) depict data points for Ta, Mo and N
vacancies, respectively.
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Fig. 3. The impact of Mo, Ta, and N vacancies on the structural parameters: (1a–b) present lattice parameters for the monolithic f-MeN, Me=Mo, Ta, while (2a–d) show data
points for the MoN/TaN superlattices.

cubic (cf. Ref. [34]) and the f-phase (Fig. 1). Unlike that, the N vacancies in f-TaN do not break the tetragonal symmetry, as the c/a
ratio remains roughly constant (∼1.2), independently of the defect

1) Experimental XRDs
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GI on Si (100)

Intensity [a.u.]

2) Theoretical XRDs

MoN0.5/TaN
Mo0.75N/TaN
Mo0.5N/TaN
30

35

content. Analogically, this may explain different stability regions of
f-TaN0.5 as compared to its cubic rocksalt counterpart.
Surprisingly, the in-plane lattice constant of the MoN/TaN SL
(∼4.28 Å) exceeds a of both the f-TaN (∼4.20 Å) and the f-MoN
(∼4.25 Å). We speculate that the unstable rs-MoN eliminates its
phonon instabilities by relaxation towards the monoclinic y-MoN
(a ∼ 4.42 Å, cf. Table 1), i.e., not only to the tetragonal f-MoN,
which is still vibrationally unstable. At the same time, the strong
f-TaN dictates the SL tetragonal symmetry, allowing only for a partial cubic-to-f (y) phase transformation. Vacancies in MoN/TaN SLs
decrease K compared to the reference value 19.1 Å for the defectfree SL. This is in most cases accompanied by an expansion of the
in-plane lattice constant. Fig. 3 (2b, d) further suggests that vacancies in one of the materials decrease the effective lattice parameter
c in the corresponding (defected) sublattice, and—though not that
signiﬁcantly—also in the defect-free sublattice. As this is followed
by an increase of the in-plane lattice constant, we propose that
vacancies stimulate a f-to-fcc transition in defected layers. Such
effect might be partially transferred through the interface via the inplane tensile stresses, explaining a decrease of the effective c of the
defect-free layers.

40
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2θ [°]
Fig. 4. XRD patterns recorded in Bragg Brentano (BB) and Gracing Incidence (GI)
conﬁgurations, of MoN/TaN thin ﬁlms with K = 1.5 nm (1a), 3 nm (1b), and 6 nm
(1c). Superlattice and substrate peaks are marked with triangles and stars, respectively. The double-peaks for K = 6 nm correspond to the respective constituent
(2hTaN < 2hMoN ). XRD patterns for the DFT-predicted MoN0.5 /TaN, Mo0.75 N/TaN, and
Mo0.5 N/TaN superlattices (2).

3.1.2. Experimental determination of structure and defect content
Our DFT calculations suggested that vacancies in MoN/TaN SL
coatings are highly expectable, in particular in MoN layers. Rather
speciﬁc deposition conditions may lead to Ta vacancies, while the
defect-free system should be energetically very unfavourable. Moreover, the highly defected layer material should be cubic, while the
(nearly) perfect layer material should present tetragonal-like distortions.
In order to verify these predictions, we deposited MoN/TaN coatings with nominal bilayer periods, Knom , of 1.5, 3 and 6 nm. According
to the XRD patterns (Fig. 4), the coatings exhibit a distorted cubic SL
structure with sharp interfaces and a strongly oriented (200) texture
(cf. BB measurements on coated Si substrates). The measurements
of coatings on MgO (100) show no signs of peaks other than (200)
due to the strong template effect originating from the similar lattice parameters of MoN/TaN SLs and MgO (a = 4.21 Å). The MgO
substrate peak (42.92◦ ) in the BB conﬁguration belongs to the (200)
planes, while the Si substrate peak (69.13◦ ) belongs to (400) planes.
Based on the positions of the satellite peaks, h± , and the position
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Table 2
Deposition times of the single TaN and MoN layers correlated with the architecture of
MoN/TaN SL coatings.
Deposition
tMo [s]
tTa [s]

dﬁlm [lm]

Architecture
Knom [nm]
Kcalc [nm]

KXRD [nm]

4.9
9.7
19.5

2.0
1.8
1.7

1.5
3.0
6.0

1.40
2.65
5.10

6.6
13.2
26.4

1.50
2.67
5.22

of the main peak, hB , we directly calculate the bilayer period, KXRD ,
using the equation [61]
sin(h± ) = sin(hB ) ±

mk
,
2KXRD

(6)

where m and k are the order of the reﬂection and the wavelength of
radiation (Cu-Ka ), respectively. The KXRD values correlate well with
Knom obtained from the calibrated deposition rates as well as Kcalc
calculated from the number of interfaces and the total ﬁlm thickness, dﬁlm (Table 2). The main experimental peak positions, (111),
(200), and (220), of the SL coating with K = 1.5 nm coincide
well with those of the Mo0.75 N/TaN, Mo0.5 N/TaN, and MoN0.5 /TaN
structures proposed by our DFT calculations (Fig. 4 b). Also the corresponding in-plane lattice parameters 4.33 Å (Mo0.75 N/TaN), 4.27 Å
(Mo0.5 N/TaN), and 4.32 Å (MoN0.5 /TaN) are in line with the experimental value 4.29 Å.
Despite the structural agreement with the ab initio-predicted
candidates has been established, XRD results did not allow to estimate the actual coating composition. To provide a clue on the
vacancy type, we analysed chemistry of our superlattice coatings
using EDX. Ka and La peaks were selected for an analysis of N, Mo,
and Ta content. Fig. 5 depicts a representative semi-quantitative
line-scan together with compositional maps. Clearly, the N atomic
fraction is signiﬁcantly lower in the MoN layers in comparison with
the TaN layers. This variance was not absolutely quantiﬁed due to
a nearness of Ta (N2,3 ) and Mo (M2 , M3 ) peaks to the N-Ka peak in
the energy spectrum. On the other hand, the intensities of Ta (N2,3 )
and Mo (M2 , M3 ) peaks are signiﬁcantly lower in comparison to the
N-Ka peak. Therefore, a systematic reduction of N-Ka signal is visible and allows to display this variation semi-quantitatively, which
points towards N vacancies in MoN layers of the SL. Besides that, we
cannot exclude a certain concentration of Mo and/or Ta vacancies.
As a next step, we go back to the DFT results (Fig. 1) and identify
the structural candidates that may actually exist under our speciﬁc deposition conditions. We thus limit ourselves to the relevant
subspace of the theoretical (l N , l Mo , l Ta )-dependent phase diagram,
which is the closest approximate to the N2 partial pressure 0.12 Pa,
temperature 663 K, and Mo-to-Ta sputter yield 1.41. The temperature and pressure dependence of l N is introduced following Ref.
[62] and using the reference values at 700 K tabulated in Ref. [63].
The experimental Mo-to-Ta sputter yield expresses the availability
of the respective metal species in the deposition process and hence,
can be related to the ratio of their chemical potentials, l Ta /l Mo . The
reason for taking l Ta /l Mo instead of l Mo /l Ta is that 0 refers to Mo(Ta)rich conditions and the lower the l Mo (l Ta ) values are, the more we
approach the Mo(Ta)-poor state.
Fig. 6 reveals that the intersection of the experimental N2 partial pressure and Mo-to-Ta sputter yield falls within the stability range of Mo/TaN SL. Despite supporting our hypothesis on N
vacancies in MoN layers, the simulated XRD of Mo/TaN rather deviates from the experimental record. Plotting stability ranges of the
metastable states (with Ef about 0.03 eV/at. above the minimum
energy), MoN0.5 /TaN SL is obtained as another structural candidate
under our deposition conditions. The good agreement between the

experimental XRD, the in-plane lattice parameter and the corresponding DFT data for MoN0.5 /TaN indicate that this SL is probably
close to the synthesised one.
3.2. Elastic properties
As a next step, we study the impact of vacancies on the elasticity
of MoN/TaN SLs and contrast the trends with these for the monolithic
f-Mex Ny , Me=Mo, Ta. Applying the ab initio stress-strain method,
we obtained full elastic matrices Cij and estimated the mechanical stability of the corresponding system by calculating the minimal
eigenvalue kmin (Table 3).
Our results clearly underpin the important stabilisation role of
vacancies in f-MoN. While the defect-free f-MoN is mechanically
unstable (especially due to the low C44 leading to a negative kmin ),
it becomes stable if either 12.5–25% of Mo or 12.5–50% of N vacancies is present. Regarding f-TaN, both Ta and N vacancies preserve
mechanical stability as long as their concentration is below 25 at.%.
These ﬁndings suggest that not only the most stable Mo0.88 N and
MoN0.5 (as suggested by Fig. 3), but also some metastable states (e.g.,
MoN0.75 ) might be experimentally accessible. On the other hand, the
TaN0.5 predicted as the most stable polymorph under the low N2 partial pressure conditions might not be synthesisable as a consequence
of its mechanical instability.
As reported earlier [37], the defect-free MoN/TaN SL with
K≈1.91 nm (composed of the f-phases), is mechanically stable. Considering the instability of the f-MoN phase itself, this is a highly
interesting result. Based on Section 3.1.1, we propose that stabilisation of MoN layers is obtained through the interface with the strong
f-TaN and the imperfect structure of the f-MoN itself, which partially relaxes towards the mechanically stable y-MoN phase (see
Ref. [37]). Vacancies in MoN layers together with perfect TaN layers yield positive deﬁnite elastic matrices, i.e., Mox Ny /TaN SLs are
mechanically stable. This phenomenon relates to the increasing C44 ,
and hence, increasing resistance against shearing.
While our pre-study [37] showed that the cubic MoN and TaN
transform towards the tetragonal f-phases when no vacancies are

HAADF−STEM

EDX: Mo

EDX: N

EDX: Ta

70

TaN

60

MoN
TaN

50

MoN
40

30

TaN
MoN
TaN

20

Atomic fraction [%]
Fig. 5. High-angle annular dark-ﬁeld scanning transmission electron microscopy
(HAADF-STEM) measurements for SL with K = 15 nm together with Energy dispersive X-ray Spectroscopy (EDX) data for Mo, N, and Ta.
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a) The lowest−energy
superlattices

b) Superlattices with energies
0.01−0.03 eV above
the minimal energies

to the macroscopic—experimental—symmetry). Following Moakher
and Norris [64], we can search for the best ﬁtting projection,
Csym , for our elastic tensor without any symmetry assumptions.
Such approach consists in minimising the distance dF (C, Csym ) in
the Frobenius (Euclidean) norm [37]. Here, the lowest symmetries,
triclinic and monoclinic, were excluded from the analysis.
Evaluating dF (C, Csym ) for cubic, tetragonal, hexagonal, and
orthorhombic symmetry classes shows that the expected Ctetr
indeed represents the closest projection for all systems. Nevertheless, examination of the ratio
tetr/cub

dF

Fig. 6. The most stable (a) and the low-energy metastable (b) MoN/TaN SLs as a function of N chemical potential and theoretical Mo-to-Ta sputter yield. The cross section
of the two black solid lines—denoting the experimental N2 partial pressure and sputter yield—suggests, which of the ab initio predicted candidates is the one produced
during the deposition.

present in the SL, Section 3.1 suggested that f-phases actually transform back to the cubic structure when vacancies are introduced in
the simulation cell. To support this hypothesis, we perform a simple analysis of elastic symmetry. We note that elastic matrices, C,
calculated for defected systems generally constitute 21 independent elastic constants (due to the chemical disorder of vacancies and
their high content). The number of independent elastic constants
decreases by projecting C onto a higher symmetry, given by the symmetry of a simulation cell before the relaxation (which corresponds

7

:= dF (C, Ctetr )/dF (C, Ccub )

(7)

reveals interesting facts in the case of defected f-phases (Table 3).
tetr/cub
As dF
approaches 1 for f-Ta0.75 N, f-Mo0.88 N, f-Mo0.75 N, and
f-MoN0.5 , the Ccub and Ctetr are equally suitable for describing elastetr/cub
ticity of these systems. On the other hand, the low dF
obtained
for f-Ta0.88 N (∼0.15) shows that the tetragonal symmetry of the
elastic tensor is well preserved. Such conclusions are in a perfect
agreement with the discussion in Section 3.1. Defected MoN/TaN SLs
yield rather low dF (C, Ctetr )/dF (C, Ccub ) values, which justiﬁes their
overall tetragonal symmetry. In the case of the defect-free MoN/TaN,
the more noticeable deviations from tetragonality can be ascribed to
the relaxation from f-MoN towards the lower-symmetry y-MoN.
Since the tetragonal projection was shown to be the best approximant of all our elastic tensors, we used it to evaluate the 6 independent elastic constants (Table 3) as well as the corresponding
polycrystalline bulk, B, shear, G, and Young’s, E, moduli (Fig. 7). The
overall highest B, G, and E values (306, 121, and 319 GPa, respectively) in the Mo–N system are obtained for f-MoN0.5 . Besides,
N-deﬁcient f-MoN0.89 , f-MoN0.75 , and f-MoN0.5 show more ductile
character (based on the Pugh’s [54] and Frantsevich’s criteria [55])
than their Mo-deﬁcient counterparts, f-Mo0.89 N and f-Mo0.75 N.
Defects in f-TaN cause a signiﬁcant drop in B, G, and E moduli:

Table 3
Structural and elastic data for monolithic f-phases and SLs. Vacancy type and content, VMo , VTa , and VN (in %), is correlated with structural parameters, a, c, and K (in Å), minimal
tetr/cub
eigenvalue of the elastic matrix, kmin (in GPa), ratio of the projections of elastic matrix onto tetragonal and cubic symmetries, dF
, elastic constants, Cij (in GPa), elastic
moduli, B, G, E (in GPa), Pugh’s and Poisson’s ratios, B/G and m.
f-MoN
VMo
VN

a

c

c/a

kmin

dF

C11

C12

C13

C33

C44

C66

0
12.5
25
50
0
0
0

0
0
0
0
12.5
25
50

4.25
4.31
4.25
4.46
4.23
4.27
4.19

4.54
4.33
4.30
4.42
4.59
4.30
4.22

1.068
1.005
1.012
0.992
1.085
1.007
1.007

− 99
77
75
− 11
59
73
105

0
0.90
0.91
0.93
0.24
0.95
0.95

465
487
328
60
495
489
470

144
147
157
20
217
215
215

250
161
138
45
199
221
201

454
460
346
65
189
466
497

− 99
95
79
40
87
90
108

105
83
86
41
115
92
117

f-TaN
VTa

VN

a

c

c/a

kmin

dF

C11

C12

C13

C33

C44

0
12.5
25
0
0

0
0
0
12.5
25

4.20
4.35
4.34
4.20
4.21

5.12
4.45
4.37
5.07
4.93

1.219
1.023
1.007
1.207
1.171

106
84
104
99
1

0.03
0.38
0.99
0.11
0.13

727
533
425
592
459

160
145
136
211
259

154
234
134
161
203

343
309
421
290
128

MoN/TaN
VMo
VN (MoN)

a (in-plane)

K

kmin

dF

C11

C12

C13

0
25
50
0
0
0
0
0

4.24
4.34
4.24
4.23
4.23
4.32
4.32
4.39

19.1
17.8
19.1
18.9
18.7
17.2
16.9
15.6

25
133
122
37
104
160
150
145

0.23
0.30
0.11
0.10
0.12
0.04
0.04
0.11

696
596
608
666
616
668
641
598

170
131
171
207
201
152
136
172

173
153
130
174
189
169
179
171

0
0
0
12.5
25.0
50.0
75.0
100

tetr/cub

tetr/cub

tetr/cub

B

G

E

B/G

m

264
207

114
86

300
228

2.31
2.40

0.31
0.32

228
306
306

84
105
121

225
282
319

2.70
2.91
2.46

0.34
0.35
0.32

C66

B

G

E

B/G

m

108
106
113
100
89

203
108
107
177
140

197
283
161
264
161

159
107
57
131
57

403
285
153
338
153

1.79
2.65
2.84
2.00
2.84

0.26
0.33
0.34
0.29
0.34

C33

C44

C66

B

G

E

B/G

m

407
486
431
346
331
514
463
521

27
91
72
14
58
123
108
104

148
115
127
144
141
129
153
150

305
283
274
290
289
317
301
302

91
133
122
78
104
160
150
145

248
345
318
214
277
411
386
375

3.35
2.13
2.25
3.73
2.79
1.98
2.01
2.09

0.36
0.30
0.31
0.38
0.34
0.28
0.29
0.29
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Fig. 7. The polycrystalline bulk, B, shear, G, and Young’s moduli, E, of the single-phase
(1a–c) and the SL systems (2a–c) as functions of the vacancy content. The symbol size
scales with the minimal eigenvalue, kmin , hence, rating mechanical stability of the
corresponding structures.

Starting with the electronic structure, Fig. 8 indicates that the
metallic character of the SL is preserved, regardless the vacancy content. Local character of the total DOS close to the Fermi level, EF , is in
line with our previous ﬁndings on mechanical stability. In the case of
defect-free MoN/TaN, the vicinity of EF is dominated by Mo-d states,
while the contribution from Ta-d orbitals is rather small. The Fermi
energy is also off the nearest minimum of the total DOS, which is in
line with its mechanical instability. A reduction of Mo-d contribution
close to EF is accompanied by an increase of Ta-d states as well as
the interstitial DOS. The latter is a consequence of numerous unoccupied lattice sites and hence, broken bonds of the neighbouring atoms.
For N-deﬁcient SLs, Mo-d states dominate especially in the range of
−4 eV up to EF . Additionally, two sharp N-derived peaks develop for
Mo0.5 N/TaN. As intuitively expected, the DOS proﬁle of the bcc-Mo
containing SL, Mo/TaN, largely deviates from the defect-free case (see
Fig. 8).
Furthermore, Fig. 9 uncovers dynamical instability of the defectfree SL due to the presence of imaginary phonon frequencies (caused
by vibrations of the Mo atoms). The dynamical stability of the f-TaN
thus does not compensate for the instabilities of the f-MoN (or
f /y-MoN). The Mo0.5 N/TaN and MoN0.25 /TaN SLs yield even higher
phonon density of states in the imaginary frequency range, mainly
originating from vibrations in TaN layers (Fig. 9). As already mentioned, the high vacancy content in MoN causes a compression of
f-TaN layers along the z-axis (cf. Fig. 3), which is accompanied by
several soft modes in phonon spectra. For the same reason, vibrations
of Ta atoms induce some minor instabilities of Mo/TaN structure,

from 286, 159, and 403 GPa (perfect f-TaN) down to 161, 57, and
153 GPa (f-TaN0.75 ), respectively. Bulk moduli of the N-deﬁcient
SLs vary between 289–317 GPa, while they fall down from 305 GPa
(defect-free system) to 274 GPa when 50% of Mo sites is unoccupied. Importantly, some of the B, G, and E values—e.g., 317, 160,
and 411 GPa of the MoN0.5 /TaN—exceed those of the corresponding binaries, f-Mex Ny , Me=Mo, Ta. Moreover, Mox Ny /TaN SLs show
promising ductile character, based on their relatively high B/G and m
values (Table 3).
In line with the DFT predictions, also our experiments show
that the MoN/TaN SL coatings have superior mechanical properties (Table 4). The indentation hardness is found within the range
of 31–34 GPa for bilayer periods 1.4, 2.65, and 5.1 nm. We note
that due to the preferred orientation, coatings on MgO are slightly
harder. The indentation modulus shows a slight dependence on
K: E decreases from the 428 GPa (K∼1.40 nm) down to 379 GPa
(K∼5.10 nm). Table 4 justiﬁes that such evolution is not caused
by residual stresses [65] that vary only slightly (between 1.7 and
2.1 GPa). The experimentally measured indentation value of (428 ±
23) GPa for the 1.4 nm SL, perfectly agrees with the ab initio calculated 411 GPa of MoN0.5 /TaN, thus supporting the hypothesis on the
chemistry of our SL coatings.
3.3. Dynamical stability and electronic structure
To complete the picture of MoN/TaN SLs as well as to underpin
our hypothesis on the presence of N vacancies in MoN layers, we
calculate vibrational and electronic properties.
Table 4
Young’s moduli, E, hardnesses, H, and residual stresses, s r , of our SL coatings
(deposited on Si or MgO substrate) correlated with bilayer period, KXRD .
Architecture
KXRD [nm]

E [GPa]

Mechanical properties
HSi [GPa]
HMgO [GPa]

s r, Si [GPa]

1.40
2.65
5.10

428 ± 23
388 ± 21
379 ± 14

31.0 ± 1.6
31.8 ± 1.6
31.2 ± 1.6

1.8 ± 0.1
2.1 ± 0.1
1.7 ± 0.1

32.3 ± 1.3
–
33.5 ± 1.3

Fig. 8. Electronic density of states (DOS) for low-energy SLs. The grey-shaded areas
show the total DOS, while the red, green, blue, and yellow lines correspond to the
partial contribution from Mo, Ta, and N orbitals in MoN and TaN, respectively. (For
interpretation of the references to colour in this ﬁgure legend, the reader is referred
to the web version of this article.)
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Fig. 9. Phonon density of states (DOS), in states/THz/at., for low-energy SLs. The
grey-shaded areas show the total DOS, while the red, green, blue, and yellow lines
correspond to the partial contribution from Mo, Ta, and N atoms in MoN and TaN,
respectively. (For interpretation of the references to colour in this ﬁgure legend, the
reader is referred to the web version of this article.)

though no imaginary phonons frequencies are present in bcc-Mo.
Importantly, all imaginary phonon frequencies are eliminated in
MoN0.5 /TaN SL. This vacancy content is thus suﬃcient to stabilise
MoN layers, but not too high to destabilise TaN layers.
According to DFT calculations, the MoN0.5 /TaN SL—supposedly
a close approximant to the experimental coatings—does not only
exhibit a local DOS minimum at the Fermi level (which is a sign for
stability), but actually is the only vibrationally stable conﬁguration.
Nevertheless, we note that the here presented phonon calculations
are far from being an accurate description of the phonon properties as a function of defect type, concentration, and conﬁguration.
A careful supercell size optimisation and/or different defect distribution may lead to a dynamical stabilisation of other defected
systems, not only MoN0.5 /TaN. Thermodynamic stability could be
further addressed using ab initio molecular dynamics.
4. Summary and conclusions
Structure-stability-elasticity relations for cubic-based MoN/TaN
superlattices were established by modelling and experimental techniques. Our material system presented a particular versatility in
physical properties, as both MoN and TaN have a strong aﬃnity
for vacancies and can easily structurally transform due to the presence of interfaces (and the corresponding non-homogeneities of the
electronic charge density).
Quantum-mechanical DFT calculations identiﬁed the most
energetically favourable SL candidates, Mo0.5–0.75 N/TaN, Mo/TaN,

9

MoN0.25−0.5 /TaN, and MoN/Ta0.5–0.75 N, depending on various deposition conditions, i.e., on the values of chemical potentials. SLs
with vacancies in MoN layers clearly dominated, suggesting that
a high Mo or N deﬁciency is expectable for experimental coatings. Indeed, the simulated XRD patterns of the Mo0.5–0.75 N/TaN and
MoN0.5 N/TaN ﬁtted perfectly to the measured XRDs for magnetron
sputter-deposited MoN/TaN SLs with K≈1.5–6 nm. Chemical investigations using EDX further suggested that our SL coatings contain
N vacancies. Additional DFT analysis pointed towards MoN0.5 /TaN as
the most likely structural variant under our deposition conditions.
Such ﬁnding is not perfectly intuitive, as the monolithic TaN typically favours Ta vacancies. The stabilisation of the stoichiometric TaN
could be ascribed to the very low TaN layer thickness and one could
speculate on Ta vacancy formation at higher bilayer periods.
Calculations of elastic properties proved a stabilisation effect
of vacancies in terms of mechanical stability and suggested an
improved ductility/toughness of MoN/TaN SLs as compared to the
monolithic phases as well as transition metal nitride systems in general. The ab initio polycrystalline Young’s modulus of MoN0.5 /TaN
(411 GPa) perfectly agreed with the experimental indentation modulus (428 ± 23 GPa), thus supporting our hypothesis on N vacancies
in MoN layers of SL coatings. The measured indentation hardness
reached up to 31–34 GPa. Phonon calculations further revealed that
the MoN0.5 /TaN structural candidate is the only one that is vibrationally stable.
Our complex analysis of vacancy-stabilised MoN/TaN SLs underlines the high predictive power of modelling as well as the necessary
symbiosis between theory and experiment in order to design novel
materials.
Supplementary data to this article can be found online at https://
doi.org/10.1016/j.matdes.2019.108211.
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[11] N. Koutná, P. Řehák, Z. Chen, M. Bartosik, M. Fallmann, M. Černý, Z. Zhang, M.
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Mechanistic study of superlattice-enabled high
toughness and hardness in MoN/TaN coatings
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David Holec4, Matthias Bartosik1 & Paul H. Mayrhofer 1

Machining and forming tools exposed to challenging environments require protective coatings to extend their lifetime and reliability. Although transition metal nitrides possess
excellent strength and resistance against chemical attacks, they lack ductility and are prone
to premature failure. Here, by investigating structural and mechanical properties of MoN-TaN
superlattices with different bilayer thickness, we develop coatings with high fracture
toughness and hardness, stemming from the formation of a metastable tetragonally distorted
phase of TaN up to layer thicknesses of 2.5 nm. Density functional theory calculations and
experimental results further reveal a metal-vacancy stabilized cubic Ta0.75N phase with an
increased Young’s modulus but signiﬁcantly lower fracture toughness. We further discuss the
inﬂuence of coherency strains on the fracture properties of superlattice thin ﬁlms. The close
interplay between our experimental and ab initio data demonstrates the impact of phase
formation and stabilization on the mechanical properties of MoN-TaN superlattices.
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hin ceramic ﬁlms deposited using physical vapor deposition (PVD), i.e. transition metal borides, carbides, nitrides,
and oxides, are used as protective coatings in the cutting
and forming tool industry1,2. They prolong the lifetime of their
underlying tool, e.g. WC–Co or hot working steel, by up to some
100%. Their beneﬁcial properties like high hardness, high
Young’s modulus, chemical stability, thermal stability, and oxidation resistance provide an ideal basis for application in harsh
environments3–5. However, the constant endeavor in industrial
processes for increased throughput in cutting and forming processes without suffering restrictions in reliability leads to a
demand for even better coatings. A weak point is typically their
low fracture toughness KIC, which is a material property difﬁcult
to quantify for hard coatings and thus has yet to be comprehensively researched. However, recent advances in micromechanical testing methods—applying in situ secondary electron
microscope testing (SEM) using focused ion beam (FIB) shaped
geometries—established the possibility to do so6–9. Since low KIC
values can lead to premature failure of the coating and thus to
lack of performance in industrial processes, especially when
mechanical loads dominate the wear behavior, fracture toughness
is technologically highly relevant2. Not only the fracture toughness—a property describing the resistance of a material against
crack propagation—but also the damage tolerance, a term
including strength and fracture toughness, is important to prevent early failure.
Known mechanisms to increase the fracture toughness of
ceramic materials are based on either intrinsic or extrinsic
mechanisms10. While extrinsic mechanisms are often based on a
reduction of the stress intensity at the crack tip, intrinsic effects
draw upon increasing necessary maximum stress intensities for
crack propagation as well as crack initiation. Examples for
extrinsic strategies commercially used in hard coatings are for
instance ductile phase toughening, toughening through nanostructural design, and toughening through multi- (nano-) layered
structures11–17. Unlike that, intrinsic mechanisms are not easily
accessible; however, Sangiovanni et al. calculated increased
Poisson’s ratio (ν), Cauchy pressure (CP = c12–c44), and decreased
G/B ratio (all of the latter are indicating a more ductile behavior)
for Mo, W, Nb, and Ta alloyed nitrides18. The authors propose
that a toughness increase primarily originates from increased
valence electron concentration (VEC) and the associated change
in bonding states.
In this work, we combine two of the theoretically ductile
nitrides, MoN and TaN, in a form of the superlattice architecture,
i.e. alternating coherent MoN and TaN nanolayers. As indicated
by our previous ab initio calculations, MoN/TaN superlattices
outperform their monolithic MoN and TaN components in terms
of B/G and Poisson’s ratio. Consequently, even greater ductility
than that of MoN and TaN (predicted by Sangiovanni18 and by
us19) can be achieved for MoN/TaN via the superlattice architecture. We envision—and conﬁrm later in the manuscript—that
additional advantage of the superlattice architecture is the
improved fracture toughness, which can be enhanced up to 2.99
MPa m1/2 by tuning the bilayer period. Our previous modeling
and experimental results (XRD, EDX, nanoindentation) further
suggest that only ~50% of N sites in MoN layers of MoN/TaN
superlattices are occupied and that TaN is stabilized in a form of a
tetragonally distorted zeta-phase19 due to the template effect from
MoN0.5. This is a somewhat surprising ﬁnding which can not be
simply deduced based on the knowledge of the monolithic MoN
and TaN coatings. Vacancies play a critical role in a stabilization
of the cubic (fcc, Fm3m) phase. While MoN favors nitrogen
vacancies (their speciﬁc content depends on the applied N2 partial
pressure and can reach up to 50%), TaN is stabilized by metal
vacancies as Ta0.75N or by Schottky defects20.
2

We identiﬁed MoN/TaN as a promising material system,
however, it did not make any link between mechanical properties
and the most important tuning parameter known for SL architectures: the bilayer period. The purpose of the present work is to
investigate the fracture properties of MoN0.5/TaN SL coatings
with different bilayer periods. We expect that the combination of
very similar shear modulus (124 GPa for the cubic MoN0.5 and
127 GPa for cubic, defect-free TaN, and 159 GPa for ζ-TaN) but
notably different structural parameters could lead to a strong
superlattice effect mirrored by signiﬁcant enhancement of fracture properties. Furthermore, this would enable us to provide new
insight on the relevant mechanism behind the fracture toughness
enhancement observed for superlattice ﬁlms apart from the wellknown hardness increase21.
We demonstrate the structure–property relation of the MoN/
TaN coating system by applying in situ micromechanical
experiments, X-ray diffraction, scanning electron microscopy,
transmission electron microscopy investigations and synchrotron
nanodiffraction experiments. The latter experiments were performed to possibly verify the presence of ζ-TaN by probing small
volumes, as well as to review the XRD data and perform residual
stress measurements. The results are corroborated and supplemented using ab initio calculations together with a continuum
mechanics model.
Results
Ab initio calculations. To estimate the relative tendency for
brittle/ductile behavior of the monolithic as well as SL coatings,
ﬁrst-principles calculations on elastic constants were carried
out. The structures in question were rs-MoN0.5, rs-TaN,
MoN0.5/TaN SL with (001) interface, and Λ = 1.7 and 3.5 nm,
as well as rs-AlN, rs-TiN, and AlN/TiN SL with (001) interface
and Λ = 1.7 nm for comparison. The polycrystalline bulk, B,
shear, G, and Young’s moduli, E, together with the Poisson
ratio, ν, and Cauchy pressure, CP, were evaluated using the
calculated elastic constants. Subsequently, the brittleness/ductility map was constructed by plotting ν and CP/E, respectively,
against the G/B ratio. Figure 1 clearly shows that all our data
points fall onto the decreasing hyperbolic line connecting CP/E
over B/G values of cubic and hexagonal structures. Unlike the
rs-AlN, rs-TiN, and AlN/TiN SL, the rs-MoN0.5, rs-TaN,
MoN0.5/TaN SL are found within the ductile region. The rsTaN is predicted to slightly outperform its monolithic rsMoN0.5 counterpart in terms of ductility, whereas the behavior
of MoN0.5/TaN SL seems to be largely inﬂuenced by the bilayer
period. Speciﬁcally, the SL with Λ = 1.7 nm is less ductile than
its single-phase components, unlike the Λ = 3.5 nm variant,
which leads to the highest ductility out of all the here considered structures.
The literature data presented in Fig. 1 show a hyperbolic
relationship between the G/B and the CP/E ratio. The relation is
described by ref. 22 as a universal criterion for cubic materials
regarding their strength and ductility. Deviations from this
relation mostly belong to metastable structures, i.e. rs-AlN or rsTaN. Also, the data for hexagonal diborides (light gray stars in
Fig. 1) fall on a hyperbola, located ~0.3 CP/E under that of cubic
materials. This in turn would tell us that diborides, in general,
tend to be stronger but less ductile in comparison with their cubic
counterparts. Also, in this case, deviations from the hyperbola
mostly belong to metastable structures.
Motivated by the ab initio predicted promising toughness and
ductility of the MoN/TaN system, we proceeded with experimental investigations. As a ﬁrst step, we employed electron
microscopy and diffraction methods to study the morphology of
the deposited MoNx/TaN multilayered coatings.
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Fig. 1 Density functional theory studies describing the ductility. The
Poisson’s ratio (according to the Frantsevich’s criterion: ν > 0.26 for ductile
materials62) as a function of the G/B ratio (according to Pugh’s criterion,
G/B > 0.571 for ductile materials63) is indicated by orange pentagons. The
G/B dependence of the Cauchy pressure over the polycrystalline Young’s
modulus (CP/E > 0 for tough materials64) is indicated with blue stars, gray
triangles for literature data of cubic structures and blue circles for literature
data of hexagonal structures. Our calculations are labeled using
dotted–dashed lines. The ductile region is located at the left top corner
(orange background), the brittle region at the bottom right corner (blue
background). The dashed lines mark the various toughness criteria (the
scale was chosen in a way that Frantsevich’s criterion and the criterion by
Niu et al.64 are on the same height). Exact values for literature data are
given in Supplementary Table 1.

Structure and morphology. Our coatings have a dense morphology, visible in the SEM cross section pictures (Fig. 2a–c). We
can further state that there was no interrupted growth as the
columns are not re-nucleating between the single layers (inset in
Fig. 2c), indicating a coherent growth.
This is also shown in Fig. 3a, c depicting TEM cross sections of
the coatings with Λ = 9.0 and 3.0 nm, respectively. Additionally,
we observe the desired layered structure; the bilayer periods of
these samples were measured to be ~ 8.5 and 2.9 nm (by
averaging 10 bilayers, not shown here). The white square in
Fig. 3c shows the region chosen for Fast Fourier Transformation
(FFT), Fig. 3f. We do not observe any sign of other phases than
cubic structures in the [110] orientation.
A typical plan view TEM image is given in Fig. 3d (Λ = 1.5 nm).
The in-plane grain size, i.e. the column width, of our coatings is
D|| ~ 46 nm as obtained by applying the linear intercept
method23. The selected area electron diffraction (SAED) pattern
of our TEM samples, Fig. 3b, e, shows no signs of other phases
than cubic structured nitride (the main detectable orientations are
labeled). To enhance the visibility of the structures present, we
also integrated the SAED pattern using the PASAD plugin24 of
Gatan Digital Micrograph and subtracted the underground
(inserted).
X-ray diffraction experiments show cubic structures in the
measured out-of-plane direction (Bragg–Brentano). We do not
observe any signs of the hexagonal TaN phase; also, Mo–N is
present in its cubic MoN0.5 structure following the accordance
of measured, calculated, and literature-based lattice constants
(2.101 Å and 2.090 Å for calculated and literature-based values,
respectively) (Fig. 4a)25,26. The coatings with Λ = 1.5 and 3.0 nm

Fig. 2 Cross-sectional SEM studies. The SEM-micrographs in (a–c) show
cross sections of our MoN–TaN coatings with nominal bilayer periods of
1.5, 5.2, and 43.3 nm, respectively. The dashed lines sign the interface
between the coating and Si (100) substrate. The inset in (c) shows an
enlarged view visualizing the layered structure of this coating. The scale
bars in (a) to (c) are 1 µm, the scale bar in the inset has a length of 200 nm.

show the main Bragg reﬂections (111) and (200) in between the
calculated peak positions for ζ-TaN and MoN0.5 (35.1° & 37.0°,
and 40.7° & 43.0°, respectively). With an increasing bilayer period,
these peaks split into two separate peaks each, staying at a similar
position for larger Λ (Fig. 4a). Additionally, one can deduct from
the XRD measurements a pronounced layered structure due to
positive and negative satellite peaks (indicated with m ± 1). The
intensity of these satellites relative to the main peaks increases
with increasing bilayer period (1.5–9.0 nm), suggesting an
improving layer quality (deﬁniteness) when assuming a constant
inter-diffused zone (due to similar deposition conditions). The
peaks in between both Bragg reﬂections for the sample with 9 nm
bilayer period as well as those in between the peaks of Λ = 15 nm
are assumed to be superlattice reﬂections. To conﬁrm our adjusted
nominal bilayer period, we evaluated the bilayer period using the
following equation:
sinθ ± ¼ sinθB ±

m λ
;
2 Λ

ð1Þ

where θ± donates the diffraction angle of the satellite peak
(positive or negative), θB the angle of the Bragg peak for the solid
solution, m the order of the satellite peak, λ the wavelength of the
used X-ray source and Λ the bilayer period. The results of these
calculations given in Table 1 correlate well with the nominal
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Fig. 3 TEM studies describing the microstructure. The HR-TEM micrographs (a) and (c) show a cross section of coatings with a nominal bilayer period of
9.0 and 3.0 nm, respectively. The white marked area in (c) was used to generate the FFT pattern in (f) calculated by Gatan Digital Micrograph. The TEM
top view in (d) was taken from the sample with Λ = 1.5 nm, the column width was calculated using the linear intercept method. (b) and (e) show a SAED
pattern of the region in (a) and (d), respectively, including an integration of the pattern. The scale bars in (a) and (c) are 10 nm, in (b) and (e) 5 nm−1, in
(d) 200 nm, and in (f) 10 nm−1.

bilayer periods (also with those calculated by dividing the ﬁlm
thickness with the total number of bilayers).
Figure 4b shows a quarter of the Debye–Scherrer pattern of a
MoN0.5–TaN superlattice coating with a bilayer period of 5.2 nm
grown on austenitic steel. The growth direction of this sample is
towards φ = 0°. Therefore, the textured (200) nature of this
sample can be identiﬁed, also indicated in the Bragg–Brentano
high deﬁnition (BBHD) laboratory XRD measurements, Fig. 4a.
In order to calculate the corresponding lattice constants in out-ofplane and in-plane directions, we integrated the intensity in the φ
direction (Fig. 4c) and ﬁtted these data (using Lorentz-peak
shapes, see Fig. 4d). The corresponding lattice parameters vs. sin2
(φ) are linearly ﬁtted and extrapolated to φ = 0° and 90°. The
coefﬁcient of determination was R2 = 0.976. We found a
tetragonally distorted unit cell with a c/a ratio of 1.013. This
distortion mostly originates from residual stresses, which are
calculated to be −3.8 ± 0.2 GPa using the sin2(φ) method;
however, we also calculated a slight unit cell distortion (c/a ratio
of 1.00022 for Λ = 1.72 nm) in our ab initio simulations
stemming from the superlattice structure and its intrinsic residual
stresses on the atomic scale.
These values, as well as the constants derived from nanodiffraction experiments and our BBHD measurements, are illustrated in Fig. 5a. Figure 5b shows the unit cell (disordered
vacancies) of MoN0.5/ζ-TaN with Λ = 1.72 nm. In Fig. 5a, it is
visible that the lattice constants move towards the calculated
constituent values with increasing bilayer period (5.2 nm). For
larger bilayer periods we observe decreasing lattice constants,
well coinciding with our calculations for different phases
allowing for following bilayer-period-depending phase-evolution
4

interpretation: with increasing bilayer period an epitaxial
stabilization of ζ-TaN on MoN0.5 becomes energetically less
favorable. We propose that a different structural variant of TaN
starts to form in TaN layers at the expense of ζ-TaN when the
bilayer period exceeds some critical level. The possible candidates,
Ta0.75N and Ta0.875N0.875, contain vacancies and Schottky defects
(i.e. the same amount of vacancies on both Ta and N sublattice),
respectively, and are the most stable variants of the cubic TaN.
Importantly, both Ta0.75N and Ta0.875N0.875 exhibit a lattice
parameter that results in a d200 value closely overlapping with the
experimental one (2.1716 Å and 2.1950 Å for Ta0.75N and
Ta0.875N0.875, respectively). Also, the parameters derived from the
nanodiffraction experiments are consistent with our ab initio
calculations.
Mechanical properties. The hardness and Young’s modulus of
our coatings are plotted in Fig. 6a, b. The indentation hardness is
comparable to that of typical physical vapor deposited Ti1−xAlxN
(~ 28–32 GPa27,28) and shows no signiﬁcant increase. This is due
to the similar shear moduli of MoN0.5 (ab initio calculated value
of 124 GPa), ζ-TaN (159 GPa), and rs-TaN (127 GPa), as the
hardness enhancement in superlattices is usually obtained by the
hindrance of dislocation movement over the interface due to
those differences29. The shear moduli of the defect-containing
TaN depends on the defect type and concentration and is calculated to be 191 and 121 GPa for Ta0.75N (metal vacancies) and
Ta0.875N0.875(Schottky defects), respectively.
A relatively large scatter of indentation moduli, from about 375
up to 430 GPa, is measured depending on the bilayer period.
While the experimental records for the indentation moduli of the
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Fig. 4 X-ray diffraction analysis. X-ray diffraction patterns in (a) of our superlattice thin ﬁlms. The labeling (m+1) and (m-1) mark the satellite peaks
stemming from the layered structure of our coatings. The bilayer periods quoted on the right side of a are the nominal ones. The intensity plot in (b) shows
a quarter of a Debye–Scherrer pattern recorded in transmission geometry (sample thickness in beam direction was ~50 μm) at the nanofocus endstation at
the beamline P03 of PETRAIII at Deutsches Elektronen-Synchrotron (DESY). The gray marked area was integrated in φ direction and plotted in (c). The plot
in (d) shows derived lattice parameters over sin2(φ) and the corresponding linear ﬁt.

Table 1 Nominal and measured bilayer periods.
Λnom (nm)

ΛSEM (nm)

ΛXRD (nm)

ΛTEM (nm)

1.5
3.0
6.0
9.0
15.0
45.0

1.49±0.01
2.67±0.01
5.17±0.04
8.32±0.04
13.1±0.20
43.3±0.06

1.40±0.10
2.69±0.12
5.28±0.24
8.71±0.62
14.0±1.68
–

–
2.9
–
8.5
–
–

superlattices with bilayer periods above ~6 nm slowly saturate
from 380 to about 400 GPa (the coating with Λ ~ 45 nm), they
show an increase up to ~430 GPa when approaching Λ = 1.7 nm.
To take a closer look at this peculiar dependence of our
indentation data on the bilayer period, we applied the linear
elasticity continuum model by Grimsditch and Nizzoli (cf.
Methodology section). Our generalized version of this model
allows us to calculate the overall elasticity of a SL containing
material A and B based on the elastic contributions from the A/B
interface layer and the bulk-like regions of the A and B layers.
Furthermore, both A and B bulk-like layers can contain several
sublayers with different concentrations of the respective material
to consider, e.g., compositional ﬂuctuations within one material.
The bilayer period dependence enters via varying the volume
ratio between the interface (of a certain thickness) and the bulklike layers. Applied to our SL system, the MoN0.5/TaN SL with
Λ = 1.7 nm was used to model the interface layer, while the two

bulk-like layers were approximated by rs-MoN0.5 and tetragonally
distorted ζ-TaN. Figure 6b reveals that under such assumptions,
the indentation data for the samples with Λ in the 1.7–5 nm range
can be very closely reproduced. However, the model deviates
from the experimental records noticeably when the bilayer period
exceeds 5 nm, hence suggesting possible structural transformations in one type of the layers (or both). Based on the dependence
of the d200 spacings on the bilayer period, we proposed a
hypothesis that the defect-containing rs-Ta0.75N or rsTa0.875N0.875 could form when the TaN layers become too
thick to retain the defect-free ζ-TaN. Consequently, the material
suspicious from structural transformations was the TaN, well
known for its strong driving force for vacancies/Schottky defects.
Speciﬁcally, the rs-Ta0.75N with 25% of ordered metal vacancies
(illustrated as comic in Fig. 6c) is the energetically most favorable
variant of the cubic TaN26. The TaN bulk-like layer of the SL
in our Grimsditch–Nizzoli model was therefore divided into
two sublayers containing ζ-TaN and (a) Schottky-defected
Ta0.875N0.875 or (b) rs-Ta0.75N. When the rs-Ta0.75N was
implemented in the simulation, we obtained a close overlap
between the indentation data and the calculated Young’s moduli.
Considerations of elastic response thus helped to differentiate
between (energetically and structurally close) rs-Ta0.75N and rsTa0.875N0.875: we conclude that the presence of the former one in
the SL is more likely. Therefore, the decrease of the indentation
modulus was ascribed to the decreasing interface density as well
as to the increasing volume fraction of ζ-TaN in the TaN layers.
As the elasticity of the bulk-like region predominantly contributes
to the overall elasticity of the SL at higher bilayer periods (i.e. the
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Fig. 5 Development of lattice parameter with increasing bilayer period. Diamond symbols in (a) show the obtained lattice plane distances from the XRD
patterns of our superlattices on Si (100), Fig. 4a. The out-of-plane d200 lattice planes for ζ-TaN, Ta0.75N, MoN0.5, MoN0.5/ ζ-TaN, and MoN0.5/Ta0.75N are
indicated with horizontal lines in (a). The results for the coating with Λ = 13.1 nm are obtained from ﬁlms grown on MgO, as their the 200 XRD peak was
more distinct (compare Fig. 4 and Supplementary Fig. S1). Data points in stars are obtained by calculating the average. The right side of a shows in-plane
and out-of-plane lattice plane distances obtained from our synchrotron experiments. In (b) the unit cell of the superlattice with Λ = 1.72 nm is shown.

interface effects are largely diminished), this leads to the
saturation of the indentation modulus towards the average
polycrystalline Young’s modulus of rs-MoN0.5 and rs-Ta0.75N.
The micromechanical testing setup with necessary dimensions
used to calculate the fracture toughness is exemplarily shown in
Fig. 6d. We gave special attention to the positioning of the
spherical indenter tip to avoid deviations from mode I load
conditions. Figure 6e, f shows fracture cross sections of
cantilevers after testing. The thin material bridges are visible, as
well as the initial notch depth a. The spherical indenter tip
accompanies with a reduction of the lever arm l during the
micromechanical test. The resulting overall error due to this
uncertainty is calculated to be less than 2% (calculated in the
framework of Euler–Bernoulli beam theory, also accounting for
uncertainties coming with a blunted tip) and is already included
in the experimental error. This is justiﬁed since a sharp indenter
(i.e. Berkovich or cube corner) could lead to unwanted plastic
deformation in the contact area, falsifying the outcome by
incorrect displacement data, as well as by violations in mode I
conditions due to forces in the lateral direction (inducing yield
stresses in the cross section).
The derived fracture toughness KIC of our MoN/TaN superlattice coatings (Fig. 6g) reaches a maximum value of 2.97 ± 0.21
MPa m½ at a bilayer period of Λ = 5.2 nm. Compared to TiN/
CrN superlattices, we observe higher fracture toughness values
(there the maximum was 2.01 ± 0.18 MPa m½ at a bilayer period
of ~6.2 nm)17. The Ti–Si–N system reaches a maximum fracture
toughness of ~ 3.0 ± 0.2 MPa m½15, and also for Ti–Al–N a KIC of
~ 3.0 MPa m½ can be achieved after annealing at 900 °C12.
With increasing bilayer period, we observe a decrease in
fracture toughness to 2.32 ± 0.23 MPa m½ for 8.3 nm, when Λ is
further increased, KIC stays constant at ~ 2.5 MPa m½. For
decreasing bilayer periods (Λ = 1.5 nm) we see a decrease to 2.30 ±
0.13 MPa m½. Although this behavior (superlattice effect on KIC)
has been reported in previous works on superlattices, the here
presented KIC peak for a certain bilayer period is observed without
signiﬁcant differences in the shear moduli of the constituents and
hence, with no substantial hardness increase.
The H/E ratio (Fig. 6h), an empirical indication used to
describe the toughness of hard coatings also shows an increase for
bilayer periods between 3 and 6 nm. However, it has to be noted
that the error bars are overlapping, thus these differences are not
signiﬁcant30.
6

To provide an insight into the KIC dependence on the bilayer
period, we performed ab initio calculations quantifying cleavage
properties of MoN0.5/TaN SL as well as of the monolithic rsMoN0.5, ζ-TaN, and rs-Ta0.75N, which were predicted to form in
the bulk-like layers of the SL. Speciﬁcally, we determined cleavage
energy, Ec, which represents the energy to separate a solid
material into two blocks, and critical stress, σc, which corresponds
to the maximum tensile stress perpendicular to the cleavage plane
before cleavage happens31. In accordance with the experimental
procedure, our SLs were cleaved perpendicularly to the interfaces.
Subsequently, theoretical KIC* values were estimated using a
simple formula
pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
*
ð2Þ
KIC
¼ c Ehkl EC ;
where Ehkl and Ec are the directional Young’s modulus and the
cleavage energy, respectively, and c is a scaling factor,
conventionally set to 432. Table 2 shows that the E100 value of
the MoN0.5/TaN SL, i.e. Young’s modulus perpendicular to the
interface, is 618 GPa, which is close to the 645 and 671 GPa of ζTaN and rs-TaN0.75, respectively, but way above the ~389 GPa for
rs-MoN0.5. The cleavage stresses as well as cleavage energies vary
quite signiﬁcantly between 32.6 GPa (SL) and 44.4 GPa (ζ-TaN)
and 3.6 J/m2 (SL) and 5.4 J/m2 (ζ-TaN), respectively. According
to the predicted KIC* values, crack propagation is the easiest in
MoN0.5 yielding KIC* ~2.59 MPa m½. The KIC* of ~2.99 MPa m½
for the 1.72 nm MoN0.5/TaN SL suggests more for a rule-ofmixture-like behavior, as the KIC* values of ζ-TaN and rs-Ta0.75N
are much higher with 3.72 and 3.25 MPa m½, Table 2. Consequently, based on these DFT calculations the ζ-TaN phase
provides the highest cleavage stresses and energies as well as
highest KIC*.
Discussion
Using ab initio calculations to predict material properties has been
proven to serve as a powerful tool in materials science. The theoretically calculated indicators for ductility (G/B, CP, and ν) and their
comparison with literature values clearly indicate a trend towards
increased ductility for MoN0.5/TaN superlattice coatings. This also
holds true compared to its constituents (Fig. 1). Furthermore, we
identiﬁed ζ-TaN, Ta0.75N, and rs-MoN0.5 as the strongest constituents within our MoN–TaN superlattice system, in terms of
cleavage stress and energy. Among these constituents, the calculated
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Fig. 6 The mechanical properties of MoN–TaN superlattice thin ﬁlms. The hardness as a function of the bilayer period is shown in (a). The vertical
dashed line indicates the bilayer period where we assume the formation of a second phase in the TaN layer. Young’s modulus over Λ is shown in (b). Here,
besides the computational Young’s modulus (Grimsditch and Nizzoli) including a second phase in TaN, we also plotted the one without it. The sketch in (c)
shows the proposed coating architecture. The SEM micrograph (d) shows a cantilever before micromechanical testing in a 10° inclined view including the
dimensions of the lever arm l, cantilever width b, cantilever height w, the initial notch, and the point of application of force. The fracture cross sections in (e)
(1.5 nm) and (f) (8.3 nm) show the depth of the initial notch a; exemplary marked are the thin bridges necessary for our micromechanical tests. The plots
(g) and (h) show the derived fracture toughness KIC and the empirical H/E toughness criteria, respectively. All mechanical properties were determined on
sample deposited on Si (100), additionally, Young’s modulus was cross-checked by performing nanoindentation experiments also on MgO (100), sapphire,
and austenitic steel. All error bars represent standard deviation. The scale bar in (d) is 5 µm long, in (e), and (f) the scale bar is 1 µm long.

Table 2 Elastic properties and cleavage properties of the constituents of our superlattices as well as of the superlattice with a
bilayer period of 1.72 nm.
Structure
rs-MoN0.5
rs-TaN
ζ-TaN
rs-Ta0.75N
rs-Ta0.875N0.875
SL 1.7 nm

Elastic properties (GPa)

Cleavage properties

B

G

Epoly

E100

E111

Ec (J/m2)

σc (GPa)

KIC* (MPa m½)

300
340
283
317
299
316

124
127
156
191
121
160

326
338
396
479
319
411

399
674
674
671
387
618

284
190
319
374
279
330

4.0
3.1
5.4
3.9
3.7
3.6

34.6
27.6
44.4
34.6
32.9
32.6

2.59
2.90
3.72
3.25
2.40
2.99

We note that the cleavage properties of the non-cubic (e.g., ζ-TaN) and the defected systems can generally ﬂuctuate depending on the chosen cleavage plane. In accordance with the SL systems, which
were cleaved perpendicularly to the interface, the ζ-TaN, was cleaved along the tetragonal c axis. Cleavage data for the cubic but defected systems were averaged based on the results for the distinct
cleavage planes in our simulation cell.

COMMUNICATIONS MATERIALS | (2020)1:62 | https://doi.org/10.1038/s43246-020-00064-4 | www.nature.com/commsmat

7

89

Publication III

COMMUNICATIONS MATERIALS | https://doi.org/10.1038/s43246-020-00064-4

KIC* is with 3.72 MPa m1/2 signiﬁcantly higher for ζ-TaN than for
any other phase or the MoN0.5/TaN SL studied here. As we have
recently proposed, this ζ-TaN phase, however, is only accessible for
certain bilayer periods in the MoN–TaN SL system19. Therefore, we
developed various MoN0.5/TaN superlattice coatings with different
bilayer periods. By comparing our experimentally obtained data
(from detailed XRD and TEM studies) with calculated lattice constants and elastic constants as well as energy-of-formation studies of
various MoN/TaN superlattices19, we were able to draw the most
realistic scenario of layer and phase arrangements, Fig. 6c, where an
epitaxially (to MoN0.5) stabilized tetragonal distorted ζ-TaN layer
(up to ~2.5 nm layer thickness) leads the formation of an rsTa0.75N layer.
We do not observe strong intermixing—conceivable through
diffusion processes—at the interfaces of our superlattice constituents. This is recognizable by the multiple satellite reﬂections
in their XRD patterns, even for a nominal bilayer period of only
1.5 nm. Besides this, our TEM micrographs show curved interfaces stemming from kinetic limitations during the growth, as
described in refs. 33,34. The lattice parameters of the Mo–N-layers
best match those calculated for MoN0.5, d200 for the Ta-N layers
gradually decrease from the value for ζ-TaN to Ta0.75N with
increasing bilayer period (from ~ 5.2 nm to 45 nm) as shown in
Fig. 5a. For superlattices with Λ = 1.5 and 3.0 nm, we observed
just one XRD main peak in the out-of-plane direction, suggesting
for strained unit cells due to lattice mismatch.
Typically, such conditions are the prerequisites for achieving
high hardness-peaks, being easily above the hardness of the
constituting materials. However, due to the relatively similar
shear moduli of the two materials (MoN0.5 and ζ-TaN), we do not
observe a signiﬁcant hardness-peak. Importantly though, we
observe a clear peak in fracture toughness. Consequently, there
need to be additional mechanisms active. In ref. 17, we studied the
fracture toughness as well as the hardness of TiN/CrN SL ﬁlms
and found a pronounced dependence of both properties (KIC and
H) as a function of the bilayer period, having their peak-values at
comparable bilayer periods. We proposed several mechanisms
like (1) coherency strains, (2) misﬁt dislocation arrays at the
interfaces, (3) spatially oscillating elastic moduli, and (4) average
grain size, that can explain this behavior.
The MoN/TaN SL system studied here is an interesting model
system as it essentially allows us to study the effect of largely
different lattice parameters at comparably similar shear moduli
(the difference in G is below 32 GPa). For comparison, ΔG for
other well-studied SL systems is easily between ~50 and 90
GPa17,35–37. The average grain size of our MoN/TaN superlattices
also shows no strong dependence on the bilayer period, contrary
to other material combinations. The lattice mismatch of ~5% can
result in residual stresses being comparably high to growthrelated or thermal expansion related stresses. The lattice parameter difference of Δa = 0.225 Å (between MoN0.5 and ζ-TaN),
and an interface width of one unit cell (4 planes of each, nitrogen
and metal, and thus ﬁve transitions with a change in lattice
parameter) a total difference of 0.045 Å, results in coherency
strains εc of ~1%. This gives residual stresses of ~3.3 GPa, both
tensile and compressive surrounding the interfaces between
MoN0.5 and ζ-TaN. These stresses have to be overcome during
cleavage, thus they effectively enhance the measured fracture
toughness. This mechanism is illustrated in Fig. 7. Thereby, also
the hardness slightly peaks as reported by Shinn and Barnett38
and obtained for our samples. An additional mechanism
increasing the fracture toughness without signiﬁcantly inﬂuencing the hardness (as obtained for our samples) is suggested in
our DFT calculations.
The peak of the experimental KIC at a bilayer period of about 5
nm can partially be interpreted via compositional and structural
8

Fig. 7 Illustration of a fracture process in superlattice thin ﬁlms.
Schematics of the coherency strains and their consequential stresses
inﬂuencing crack propagation across the interface. Here, the compressive
residual stresses, pictured by arrows in the fracture process zone, impede
crack growth across the interface.

changes within the TaN layers, being triggered by the superlattice
arrangement with rs-MoN0.5. The calculated KIC* value has a
maximum of ~3.72 MPa m½ for ζ-TaN. Hence, these superlattices
that allow for the highest volume fraction of ζ-TaN will also
provide a high KIC. As the ζ-TaN phase is stabilized by the
coherency strains to MoN0.519 and from a certain TaN layer
thickness onwards, the rs-structure will form, there is a close
relationship with the bilayer period. This can also explain the
decline of KIC for bilayer periods above ~5 nm, as thereby the
volume fraction of ζ-TaN decreases at the expense of the rs-TaNx
phase. The latter has a lower KIC*, e.g., we calculated ~3.25 MPa
m½ for rs-TaN0.75. The real picture, of course, is much more
complex, meaning that the ζ-phase formation is only one possible
contributing factor to the observed KIC evolution besides the
bilayer period-depending coherency stresses.
To conclude, the concept of enhanced mechanical properties
due to superlattice architectures has been shown in multiple
studies. Together with increased hardness, the fracture toughness
of protective coatings is of particular importance. We deposited
MoN/TaN superlattice coatings, characterized them using density
functional theory calculations, X-ray diffraction, and mechanical
testing, coming to the following conclusion: the constituents of
the MoN/TaN superlattice system are—when deposited by physical vapor deposition—present in the MoN0.5 and ζ-TaN,
Ta0.75N, phases. The latter depends on individual layer thickness:
we observe a change at a layer thickness of ~2.5 nm TaN. This
was observed by two different methods: ﬁrst, our XRD measurements conﬁrm this trend as the peak position of the TaN
layer shifts to higher 2θ angles with increasing bilayer periods as a
result of increasing Ta0.75N proportion. Second, the progression
of Young’s modulus follows a calculation including the Ta0.75N
phases after an initial growth of ~2.5 nm ζ-TaN instead of the
calculation without it. We calculated an intrinsic higher fracture
toughness for ζ-TaN compared to Ta0.75N as a part of an increase
in KIC. Another mechanism active in this superlattice coatings is
coherency stresses which have to be overcome. This increase in
KIC was also observed in micromechanical experiments.
Methods

Coating deposition. Our coatings were deposited using a lab-scale AJA Orion
5 sputtering system. Two confocal 2-inch cathodes, equipped with an unbalanced
magnetron system were powered in current-controlled mode at a maximum
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Computational details. To carry out DFT calculations, we used the Vienna Abinitio Simulation Package (VASP)39,40 together with the projector augmented plane
wave (PAW) pseudopotentials. The exchange-correlation effects were incorporated
employing the generalized gradient approximation (GGA)41 using a
Perdew–Burke–Ernzerhof (PBE) exchange and correlation functional42. The planewave cut-off energy was always set to 600 eV, while the k-vector sampling (25000 kpoints) of the Brillouin zone provided a total energy accuracy of about 10−3 eV/at.
The models for MoN/TaN superlattices were based on the cubic rock salt
(Fm3m) structure. Various bilayer periods were constructed by stacking the desired
number of cubic cells in the (100) direction. Various defected states (vacancies or
Schottky defects) were generated in an ordered or disordered manner employing
the SQS method43. In the latter case, a sufﬁciently large supercell (containing 64
and 128 atoms for the bulk and the SL systems, respectively) was produced. Lattice
parameters of the defect-free structures were optimized by ﬁtting the energy vs.
volume data with the Birch–Murnaghan equation of state44, while all structure
optimizations in the vacancy-containing supercells were performed by relaxing the
volume, shape, and atomic positions.
To provide an insight into the elastic behavior of selected systems, a tensor of
elastic constants was derived from Hooke’s law by applying the stress-strain
method45–47. Subsequently, we used the Voigt’s notation to transform this fourthorder elastic tensor to a 6 × 6 matrix, which was further projected onto a desirable
(cubic or tetragonal) symmetry48. The polycrystalline bulk, B, and shear, G, moduli
were determined by averaging the Reuss’s and Voigt’s estimates49,50, while the
polycrystalline Young’s modulus, E, was evaluated as
E¼

9 BG
3 BþG

ð3Þ

Following formulae in ref. 51, we computed Young’s modulus values in the
prominent crystallographic directions. The tendency for brittle/ductile behavior
was estimated by plotting the G/B ratio vs. Poisson’s ratio, ν=(3B-2G)/(6B+2G), or
Cauchy pressure/E, c12–c44/E. Considering the defected SLs—which do not exhibit
overall cubic but tetragonal symmetry— as well as the hexagonal boride systems,
effective Cauchy pressure value was estimated as 1/3(c12–c66 + c13–c55+ c23–c44).
Since bilayer-period-dependent trends in mechanical properties are very costly to
obtain from ﬁrst-principles (especially when it comes to defected systems), the
increasing demands on CPU time and/or memory motivated us to estimate elastic
properties of SLs with higher bilayer periods using a computationally cheaper
approach by Grimsditch and Nizzoli52. In the original formulation, this linear
elasticity continuum model allows us to calculate effective elastic constants of a
system composed of two layers having arbitrary symmetry requiring elastic
constants of the two-layer materials together with their volume ratio. The model,
however, disregards any heterogeneity introduced by interfaces. In particular, the
input elastic constants correspond to the equilibrium lattice parameters of each
individual phase, which do not properly represent the stress state of the material in
the SL. To provide a more realistic picture of the interface, the original formalism
was extended to a generally n layers forming the SL in question35. The interface
effects were modeled by setting the elastic constants of one of the n layer materials
to those of a chosen superlattice with a small bilayer period. By varying the volume
ratio of the interface layer (of a certain thickness) and the remaining bulk-like
layers, we managed to predict elastic data depending on the desired bilayer period,
which would not have been possible using the original Grimsditch–Nizzoli
formalism. Furthermore, to corroborate our fracture experiments, the tensile
strength in terms of cleavage energy and stress for brittle cleavage was estimated
using the rigid-block displacement method53,54.
Structural characterization. Transmission electron microscopy (TEM) investigations were performed on an FEI Tecnai F20 equipped with a ﬁeld emission gun.
All our TEM samples were produced using a dual beam FIB and applying the liftout method55. To reduce the Ga+ ion damage, we reduced the milling current
down to 0.1 nA and sputter-cleaned our sample using a Technoorg Linda Gentlemill. X-ray diffraction patterns were recorded using a Panalytical XPert Pro
MPD θ–θ diffractometer in Bragg–Brentano conﬁguration. The x-ray source was a
Cu-Kα source (λ = 1.5418 Å). Nanodiffraction experiments were conducted at the
nanofocus endstation of Beamline P03 at PETRAIII located at synchrotron facility
DESY (Hamburg), the used monochromatic X-ray radiation had a wavelength of

λ = 0.80533 Å (15.0 keV beam energy). The sample was placed in transmission
geometry, to collect Debye Scherrer patterns using a cross-sectional approach56.
Mechanical properties. Hardness measurements were performed in compliance
with guidelines given by ref. 57, and evaluated using the method after Oliver and
Pharr with a Fischer Cripps Laboratories ultra-micro indentation system (UMIS)
equipped with a Berkovich diamond tip58. To eliminate possible substrate effects,
we calculated Young’s modulus of our coatings by extrapolating E vs. h to zero
indentation depth for different substrates following59.
We conducted micromechanical experiments to calculate the fracture toughness
of our thin ﬁlms. Hereby, we ﬁrst dissolved the substrate (Si (100)) in aqueous
KOH (with a concentration of 40 wt.% KOH and a temperature of 70 °C) to obtain
free-standing thin ﬁlm material. We FIB machined microcantilevers (FEI Quanta
200 3D DBFIB) according to regulations given by60. The initial current used for
milling with our Ga+ ion source was 1.0 nA, subsequently reduced to 0.5 nA to
prevent unwanted damage. The initial notch was machined with a current of 50
pA. These cantilevers were then loaded with a Hysitron PI-85 Scanning electron
microscope (SEM) PicoIndenter equipped with a spherical diamond tip (diameter
of 1 μm) inside an FEI Quanta 200 FEGSEM. We performed these tests in
displacement-controlled mode (5 nm s−1) to obtain the maximum force before
failure. This also enabled us to monitor possible mode I violations and assure linear
elastic behavior of our beams. The fracture toughness was then calculated
according to Matoy et al.61:
KIC ¼

Pmax l
a
f
3
w
b w2

ð4Þ

with
a
a
a 2
a 3
ð5Þ
þ75:18
;
¼ 1:46 þ 24:36
47:21
w
w
w
w
where Pmax is the maximum force before fracture, a the depth of the initial notch, b
the cantilever width, and w the cantilever thickness (ﬁlm thickness in this case). We
performed seven fracture tests for each system with a total success rate of 87%.
f

Data availability

The data that support the ﬁndings of this study are available from the authors on
reasonable request.
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Transition metal nitride thin ﬁlms traditionally possess a low intrinsic fracture toughness. Motivated by
the recently discovered fracture toughness enhancing superlattice (SL) effect, as well as the remarkably
high potential for toughness predicted by theoretical studies for TiN/WN superlattices, we synthesise a
series of these materials by DC reactive magnetron sputtering. The SL coatings demonstrate a vacancystabilised cubic conﬁguration throughout, as well as a marginal lattice mismatch between the TiN and
WN layers. All investigated mechanical properties produced a distinct dependence on the bilayer period,
featuring a hardness peak of 36.7 ± 0.2 GPa and a minimum of the indentation modulus of 387 ± 2 GPa.
The toughness-related quantities of the SLs in particular show a signiﬁcant enhancement compared to
monolithic TiN and WN, including a tripling of the fracture energy. The fracture toughness is raised from
2.8 ± 0.1 (TiN) and 3.1 ± 0.1 (WN) to 4.6 ± 0.2 MPa√m by the SL arrangement. We relate this maximisation to the vastly disparate elastic moduli and compositional ﬂuctuations. To complement our
experimental data, we present Density Functional Theory-based models to disentangle the conspicuous
trends observed for TiN/WN superlattices.
© 2019 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access article under the CC BY
license (http://creativecommons.org/licenses/by/4.0/).
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1. Introduction
The superlattice (SL) structure e which is characterised by ultrathin layers of two alternatingly and coherently grown materials e
has been demonstrated to be an effective approach to simultaneously enhance the hardness and the fracture toughness of hard
protective coatings. Within the ﬁeld of nitride based SLs, a pioneering experimental study by Helmersson et al. [1] revealed that
the hardness of TiN/VN SLs with a bilayer period of 5.2 nm is more
than doubled compared to monolithic TiN and VN, as well as
ternary TiVN [1]. Building upon this ﬁnding, Chu and Barnett
conceived a model to describe the superlattice effect based on
dislocation glide within the layers and across the interfaces in these
systems [2]. The claim that the difference in shear modulus between the individual layers constitutes the main reason for the
hardness maximum was strengthened most prominently by studies
on the TiN/NbxV1-xN system [3]. Mirkarimi, Hultman and Barnett
[3] selected a composition x of NbxV1-xN that matched TiN in terms

* Corresponding author.
E-mail address: julian.buchinger@tuwien.ac.at (J. Buchinger).

of its lattice parameter, but retained a disparate shear modulus to
isolate the effect of coherency strains and shear moduli on the
hardness enhancement. Although the coherency strains between
the layers were virtually nulliﬁed, the authors observed a hardness
maximum at a bilayer period of about 8.2 nm.
More recently, investigations on TiN/CrN SLs suggested that the
superlattice effect also extends onto the fracture toughness [4]. By
employing in-situ micromechanical cantilever bending tests on
freestanding superlattice ﬁlms, the authors found that the fracture
toughness increased with decreasing bilayer period (L), reaching a
maximum at L ~ 6 nm. For ultrathin layers (L ~ 2 nm), the fracture
toughness dropped to the lowest value. Since the recorded loaddisplacement data in the micromechanical tests suggested pure
elastic deformation until failure, it was concluded that other
bilayer-period dependent mechanisms than those identiﬁed by Chu
and Barnett [2] must be responsible for the peak in fracture
toughness. These might be: coherency strains, misﬁt dislocation
arrays at the interface, spatially oscillating elastic moduli inﬂuencing crack growth, average grain size and other defects conﬁned
into individual layers.
The potential of SLs to increase the toughness of transition metal
nitrides (TMNs) also elicited a surge of interest from the realm of

https://doi.org/10.1016/j.actamat.2019.04.028
1359-6454/© 2019 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access article under the CC BY license (http://creativecommons.org/licenses/by/4.0/).
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2. Methodology
2.1. Modelling
The Vienna Ab-initio Simulation Package (VASP) [18,19]
together with the projector augmented plane wave (PAW) pseudopotentials were employed to carry out the Density Functional
Theory (DFT) calculations. The exchange-correlation effects were
treated under the generalised gradient approximation (GGA) [20]
using a Perdew-Burke-Ernzerhof (PBE) exchange and correlation
functional [21]. The plane-wave cut-off energy was always set to
600 eV, while the k-vector sampling of the Brillouin zone provided
a total energy accuracy of about 10 3 eV/at. or better. Our simulation cells were based on the cubic rocksalt (Fm-3m) structure. In
particular, stacking a desired number of cubic cells in the (100)

direction produced TiN/WN SLs with various bilayer periods. Vacancies in both the bulk and the SL systems were distributed in an
ordered (e.g., the NbO-type WN) or disordered manner employing
the Special Quasirandom Structure (SQS) method [22]. In the latter
case, a sufﬁciently large supercell (containing 64 and 128 atoms for
the bulk and the SL systems, respectively) was constructed. Lattice
parameters of the defect-free structures were optimised by ﬁtting
the energy vs. volume data with the Birch-Murnaghan equation of
state [23] while all structure optimisations in the vacancycontaining variants were performed by relaxing supercell volumes, shapes, and atomic positions.
Chemical stability of various systems was quantiﬁed by calculating their formation energy, Ef,

1
Ef ¼ P
s ns

Etot

X
ns ms
s

!
(1)

wherein Etot represents the total energy of the supercell, ns and ms
correspond to the number of atoms and the chemical potential,
respectively, of a species s. The reference chemical potentials for Ti,
W, and N are conventionally chosen to be the total energy per atom
of hcp-Ti, bcc-W, and the N2 molecule, respectively.
Dynamical stability, assured by an absence of soft phonon
modes in vibrational spectra, was investigated for selected systems
using the Phonopy package [24]. To assess elastic properties of
various structural candidates, a tensor of elastic constants was
calculated from the Hooke‘s law by applying the stress-strain
method [25e27]. Subsequently, we used the Voigt‘s notation to
transform this fourth-order elastic tensor to a 6 6 matrix, which
was further projected onto a desirable (cubic or tetragonal) symmetry [28]. The polycrystalline bulk, B, and shear, G, moduli were
determined by averaging the Reuss’ and Voigt's estimates [29,30],
while the polycrystalline Young‘s modulus, E, was evaluated as
E ¼ 9BG/(3B þ G), which is valid for isotropic systems. Following
the formulae in Ref. [31] we computed Young‘s modulus values in
the prominent crystallographic directions.
Tendencies for brittle/ductile behaviour were reviewed by
plotting the B/G ratio vs. Cauchy pressure, c12-c44 [15]. In the case of
NaCl-based TiN/WN SLs - which do not exhibit overall cubic but
tetragonal symmetry e effective Cauchy pressure values were
estimated as 1/3(c12-c66 þ c13-c55 þ c23-c44). Since bilayer period
dependent trends in mechanical properties are very costly to obtain
from ﬁrst-principles (especially for defected systems), we adapted
the linear elasticity continuum model by Grimsditch and Nizzoli
[32] to calculate effective elastic constants of SLs composed of two
layers with arbitrary symmetries. In the original formalism, the
algorithm requires elastic constants of the two-layer materials
together with their volumetric ratio, disregarding any heterogeneity introduced by interfaces. In particular, the input elastic constants correspond to the equilibrium lattice parameters of each
individual phase, which improperly represent the stress state of the
material in the SL. To incorporate a more realistic picture of the
interface, we extended the formalism to SL composed of n-layer
materials. The interface-related effects were entered by setting the
elastic constants of one of the involved layer materials to those of
chosen superlattice, SL*, with a bilayer period L*. At L ¼ L* the
volumetric ratio of SL* was 100%, while an increase of (the total) L
gradually diminished the interface effects by decreasing the volume ratio of SL* to incorporate more of the “bulk-like” layers.
Moreover, to corroborate our fracture experiments, tensile
strength in terms of cleavage energy and stress for brittle cleavage
were estimated using the rigid-block displacement method [33,34].

96

Publication IV

theoretical studies. Employing Density Functional Theory (DFT),
Wang et al. calculated semi-empirical indicators for the fracture
toughness of numerous nitride-based superlattice-like systems,
albeit only for structures featuring TiN as one of the two constituents [5]. They identiﬁed the TiN/WN system as the most auspicious
candidate, as it shows a remarkably high B/G ratio and a highly
positive Cauchy pressure [5]. However, the bilayer period of their
model is as thin as 2 atomic layers, and therefore insufﬁciently large
for precise comparison with our experimental work. Despite their
promising performance in simulations, TiN/WN superlattices are
far from trivial in practice, largely due to the complexity of the WN
system. Under ambient conditions WN crystallises in a hexagonal
close-packed (hcp) arrangement [6]. Additionally, numerous
vacancy-stabilised polymorphs of the cubic NaCl-based WNx have
been proposed in the literature. Despite showing the lowest formation energy at 0 K, the NbO-type phase (space group Pm-3m)
with 25% of vacancies on both sublattices [7,8] is seldom reported
in experimental studies [9]. Unlike that, the solely N vacancies
featuring rs-WNx has been successfully synthesised for a wide
range of stoichiometries, showing that the occupation of the N
sublattice depends strongly on the applied deposition conditions
[10,11]. Vacancies in general, can effectively inﬂuence the preferred
crystal structure as well as metastable solubility limits of such
systems, as shown for Ta-Al-N [12], Mo-Al-N [13], and Mo-Cr-N
[14].
While the current state of research may present the hardnessmaximising SL effect as a thoroughly studied topic, the fracture
toughness of such structures has only been explored by a singular
experimental observation thus far. Hence, the aim of the present
study is to expand on this initial ﬁnding. TiN/WN is a predestined
system for this purpose. The extraordinary performance of TiNWN-related structures in terms of the criteria proposed by Pugh
and Pettifor [5,15] in combination with the considerable difference
between the elastic constants of TiN [16] and WN [8,17] as well as
the possibility to manipulate the lattice parameter of WN via the
vacancy concentration should render the resulting enhancement of
the fracture toughness particularly pronounced and informative.
The present study is roughly divided into three parts. In the ﬁrst
part, we show and discuss theoretical results produced by DFT, in
order to obtain an overview of the expected properties of the
involved material systems, as well as to assess the theoretical
feasibility of the project. We then use this knowledge to tailor our
experimental approach, the results of which are presented in the
central section, including dissections of XRD, nanoindentation,
fracture toughness and morphological data. To further our understanding of the observed relationships in the experiment we present one ﬁnal theoretical section on the mechanical properties of
TiN/WN SLs. Whenever appropriate, we let theory and experiment
coalesce to gain a more holistic perspective.
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All coatings e both superlattices and monolithic ﬁlms e investigated in this work were synthesised via unbalanced DC reactive
magnetron sputtering using an AJA International Orion 5 magnetron sputtering deposition system. We mounted one 300 Ti target
and one 200 W target onto the respective cathodes and used the
computer-controlled shutter system to synthesise SL coatings with
bilayer periods between 2.8 and 166.7 nm. Si (100) and MgO (100)
substrates were ultrasonically cleaned ﬁrst in acetone and then in
ethanol for 5 min and subsequently mounted in a rotatable substrate holder. Before starting the deposition, we evacuated the
system to a base pressure of approximately 10 4 Pa, thermally
purged the chamber and all components therein at the chosen
deposition temperature of 500 C for 30 min and subsequently ionetched the substrates for 10 min in a pure Ar atmosphere with a
pressure of 6 Pa by applying a constant voltage of 750 V to the
substrates. The coatings were deposited by applying currents of
600 mA and 1000 mA to the W and Ti targets respectively while
bleeding an Ar/N2 gas mixture with a ﬂow ratio of 5.3 sccm/4.7
sccm into the chamber (while keeping the total pressure at 0.4 Pa).
A separate generator was used to apply a constant bias voltage
of 40 V to the substrates during the deposition process to ensure
the formation of a dense microstructure in our ﬁlms. The parameters above resulted in deposition rates of 14.7 and 10.6 nm/min for
monolithic TiN and WN respectively. The deposition rates of the
TiN/WN SLs were reasonably constant around 12.1 nm/min. In all
cases, we aimed for total ﬁlm thicknesses between 1.5 and 3 mm, to
ensure reliability of the mechanical testing methods. The approximate sputter yields of the targets under these conditions were 0.34
(200 W) and 0.33 (3” Ti).
Structural investigation of the produced coatings was conducted
using a symmetric Bragg-Brentano X-ray diffraction (XRD) setup
featuring Cu Ka radiation. A Ge (220) hybrid monochromator
guaranteed Cu-Ka1 radiation only. The thickness and morphology
of the coatings were analysed by taking cross-sectional images of
the samples with an FEI Quanta 250 FEG (a ﬁeld emission gun
scanning electron microscope e FEGSEM).
The microstructure of the TiN/WN ﬁlms was investigated by a
JEOL 2100F ﬁeld emission microscope (200 kV) equipped with an
image-side CS-corrector. The cross-sectional TEM samples were
prepared using a standard sample preparation approach including
grinding, polishing, dimpling, and ion-milling. The exposure time
for the HRTEM images was set to 1.0 s. The aberration coefﬁcients
were set to be sufﬁciently small, under which the HRTEM images
were taken under slightly over-focus conditions (close to Scherzer
defocus). STEM images shown in this paper were recorded using a
high-angle annular dark-ﬁeld (HAADF) detector, with the detector
inner angle/outer angle set to 54 mrad/144 mrad, respectively.
Under these conditions, the STEM-HAADF contrasts are nearly
proportional to the atomic number (Z-contrast image).
The fracture toughness of all thin ﬁlms was unveiled by performing pre-notched single cantilever bending experiments of
freestanding coating material [35]. These cantilevers were prepared
with a focussed ion beam (FIB) workstation (FEI Quanta 200 3D
DFIB), which was also used to remove the substrate material
beneath the cantilevers. These cavities below the coating were cut
using subsequent steps of 5 nA, 3 nA and 500 pA, lowering the ion
beam current for cuts close to the ﬁlm material. The cantilevers
themselves were cut with 1 nA to obtain the rough shape and
500 pA for ﬁne patterning steps. A pre-crack was incised into each
cantilever with an ion beam current of 50 pA. We chose an acceleration voltage of 30 kV for all FIB processes and aimed for dimensions of roughly t x t x 7t for all cantilevers, where t refers to
the coating thickness (in mm). The bending tests were executed

inside the aforementioned FEGSEM by a PI85 PicoIndenter (Hysitron). The spherical diamond tip attached to the indenter had a tip
radius of about 1 mm. Selecting a rate of 5 nm/s for the displacement
controlled bending processes, we loaded the cantilevers until failure. The maximum recorded force Ff at failure as well as the actual
dimensions of the cantilevers e determined by measuring the
fracture cross-section and the lever arm in the SEM e were all used
to derive a value for the critical stress intensity KIC (in MPa√m) for
each of our coatings. These calculations relied on the model
established by Matoy et al. [36], which is based on linear elastic
fracture mechanics and is mainly constituted by the following two
formulae:

KIC ¼

Ff l
3

bw

2

f

a0
w

(2)

Wherein f(a0/w) denotes a polynomial shape function with the
following deﬁnition:

f

a0
a
¼ 1:46 þ 24:36 0
w
w

47:21

a0
w

2

þ 75:18

a0
w

3

(3)

In the equations above, l stands for the length of the cantilever, b
for the breadth and w for thickness of the freestanding coating
material. The depth of the pre-existing crack a0 usually fell within
the range of 0.15t to 0.28t.
To shed light onto the hardness values and Young's moduli of
the thin ﬁlms we worked with a Fischer Cripps Laboratories ultramicroindentation system (UMIS) ﬁtted with a Berkovich indenter
tip. In total, 31 indents were inﬂicted upon each specimen with
forces ranging from 3 mN to 45 mN. To keep the inﬂuence of the
substrate on the measurements at a minimum, all indents that
exceeded a depth of 10% of the coating thickness were disregarded.
The indentation modulus of each coating was deduced by
combining the reduced modulus provided by the nanoindenter
with the DFT-calculated Poisson's ratio in accordance with the
method outlined by Fischer-Cripps [37].
Lastly, whenever possible, measurements in this document are
quoted and shown in terms of their sample mean and standard
error. This is to estimate the accuracy of the calculated means for a
given sample size. For all quantities that we derived from two or
more measured properties (e.g. the critical strain energy release
rate GC), we used the rules of error propagation to estimate the
standard error of the derived quantity.
3. Results & discussion
3.1. Theoretical studies e structures and mechanical properties
Considering the wide range of stoichiometries exhibited by WN
as well as the complex effects of the interface, the structure of TiN/
WN superlattices could be rather intricate and may inherently
contain a high amount of vacancies. For this reason, we ﬁrst employ
quantum-mechanical simulations to compare several TiN/WN
systems (L~2 nm) with different vacancy types (Ti, N, W), contents
(25, and 50 at.% in a respective sublattice) and spatial distributions
(ordered vs. disordered vacancies within all layers vs. vacancies
clustered in the interface region) in terms of their chemical stability. In consideration of the MgO (100) substrates that were used
for all mechanical testing methods of our project, all the simulation
superlattices were designed to have (001) oriented interfaces.
Structural analysis of the fully relaxed TiN/WN SL e with no vacancies yet considered e reveals a shift of W and N (001) planes
caused by the biaxial coherency stresses. In light of comparable
results obtained for metastable MoN/TaN SLs [38], this lowering of
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symmetry can be understood by a (partial) elimination of phonon
instabilities of the cubic WN through relaxation towards the
tetragonal z-WN (P4/nmm). The calculated formation energies
suggest that WN layers of the SL are substantially stabilised (as
compared to the vacancy-free system) when some of the metal
and/or non-metal lattice sites remain unoccupied (Fig. 1a).
Contrarily, vacancies distributed within TiN layers are found
energetically unfavourable. In line with previous studies [8], WN
layers of the most stable TiN/WN superlattice exhibit the NbO-type
structure, yielding 25% of both metal and non-metal lattice sites
unoccupied. Energetically close are the TiN/W0.5N and TiN/WN0.5
modiﬁcations. The almost negligible energy differences ~0.005 eV/
at. (not shown here) between various defect distributions (at a ﬁxed
vacancy content and for the same vacancy type) indicate there is no
strong preferential site for vacancies. In terms of vibrational stability, the important stabilisation role of vacancies in the WN layers

Fig. 1. Visualisation of (a) the difference between the formation energy of the defectfree and the vacancy-containing superlattice, considering various species and concentrations of absent atoms. (b) Phonon density of states (DOS) corresponding to the
defect-free superlattice compared to the lowest-energy defected variants.
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is clearly underpinned by the calculated phonon density of states
(DOS) (Fig. 1b) uncovering non-zero DOS values in the imaginary
frequency range (shown as real negative values) of the defect-free
SL.
Since imaginary frequencies correspond to soft phonon modes,
such a system lacks dynamical stability. A SL architecture containing 50% of the stable TiN is thus still incapable of eliminating
phonon instabilities of defect-free WN. Interestingly, also the TiN/
W0.5N SL is found vibrationally unstable. Therefore, the structural
candidates that can be potentially synthesised in the experiment
are the TiN/WNNbO and TiN/WN0.5 SLs, exhibiting no imaginary
phonon DOS. As formation energies of the two polymorphs are
comparable, the stability order depends strongly on the actual
choice of the N and metal chemical potentials (Equation (3)).
Consequently, the N2 partial pressure in the reactive sputtering
process is expected to present a crucial factor for tuning the
chemistry of the TiN/WN SLs.
Though the applied deposition conditions could render various
defected SL structures obtainable, some of them might be particularly desirable in terms of mechanical properties. Table 1 reviews
elastic response of selected SL conﬁgurations (based on Fig. 1) in
terms of their polycrystalline bulk, B, shear, G, and Young's moduli,
E, together with the monolithic phases for comparison. Mechanical
stability of the defect-free SL is achieved for a bilayer period of
~3.6 nm (in contrast to ~1.9 nm), yet the above phonon calculations
(Fig. 1) reveal that this system is vibrationally unstable. Comparably
thin nanolaminates (~3.3e3.5 nm) containing N vacancies are
mechanically stable only if their concentration is 50 at. %. Unlike
that, both TiN/W0.75N and TiN/W0.5N ensure mechanical stability.
In terms of the bulk moduli, the TiN/WNNbO and TiN/WN0.5 modiﬁcations score comparably high (~300 GPa), exceeding SLs with
50 at. % of W vacancies above ~80 GPa. The overall polycrystalline
Young's modulus maximum of 452 and 478 GPa is predicted for the
TiN/WNNbO superlattice with bilayer period ~1.69 and ~3.4 nm,
respectively.
In order to preselect structural candidates with exceptional
toughness, we correlate the DFT calculated bulk-to-shear modulus
ratio, B/G, with the Cauchy pressure of various conventional nitride
(SL) coatings, as well as those of TiN/WN SLs and their constituents
(Fig. 2). The semi-empirical Pugh and Pettifor criteria [39,40] (in
combination with the results in Table 1) point towards a highly
disparate character of WN depending on its exact structural
conﬁguration. The TiN/WNx SLs noticeably outclass established
binary TMNs and nitride SLs. The other stable cubic polymorph of
WN, the NbO-type structure, in contrast, scores lowly e both in its
monolithic form and in a SL arrangement with TiN e and fails to
promise a degree of ductility unachievable by simpler binary TMNs.
The B/G value also links to the Poisson's ratio and hence, can
serve as an estimate of the bonding nature of the material [41]. At
this stage, it is important to note that the above-mentioned estimates were originally developed for metals. In particular, Poisson's
ratio (and in extension also the B/G ratio) was shown to be unreliable when applied to more brittle materials, such as metallic
glasses [42]. From that perspective, our results should be treated as
qualitative guidelines for ductility rather than as direct and quantitative connections.
Encouraged by the predicted stability, promising elastic properties as well as outstanding theoretical ductility of TiN/WN0.5, we
commenced the synthesis of the desired SLs and constituents, wary
of the careful manipulation of the processing conditions necessary
to enable the formation of these structures.
3.2. XRD analyses
The X-ray diffraction (XRD) patterns show face-centered cubic
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Table 1
Calculated lattice parameters and elastic constants for the structures discussed in this paper (cp refers to the Cauchy pressure). For the superlattices, the bilayer period was
varied to uncover any theoretical trends. All presented structures are rocksalt-based.
Structure

L (nm)

a (Å)

B (GPa)

G (GPa)

E (GPa)

E[100] (GPa)

n

cP (GPa)

TiN
WN
WN0.875
WN0.625
WN0.5
WNNbO
W0.5N

n.a.
n.a.
n.a.
n.a.
n.a.
n.a.
n.a.

279
350
218
331
331
349
unstable

183
unstable
106
107
125
255
unstable

451
unstable
274
291
334
555
unstable

523
413
322
326
359
751
unstable

0.23
unstable
0.29
0.35
0.33
0.24
0.54

30
310
39
151
122
43
110

TiN/WN
TiN/WN0.5

3.620
0.843
1.668
2.512
3.327
1.686
3.364
3.519

4.255
4.374
4.345
4.289
4.181
4.133
3.900 (a)
9.855 (c)
4.209
4.270
4.272
4.255
4.267
4.193
4.191
4.138

311
286
297
307
307
292
302
219

96
132
71
152
125
182
193
131

261
343
197
391
331
452
478
327

408
462
362
534
491
608
629
440

0.36
0.30
0.39
0.29
0.32
0.24
0.24
0.25

129
56
153
42
80
20
30
19

TiN/WNNbO
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TiN/W0.5N

Fig. 2. Plot of the B/G ratio against the Cauchy pressure featuring numerous common
TMNs and nitride SLs.

(fcc) peak sequences for all monolithic (TiN and WN) coatings.
Based on the peak positions, lattice parameters of 4.24 Å and 4.25 Å
were derived for the monolithic TiN and WN ﬁlms deposited on Si
(100) substrates, which were grown with the same parameters as
the SLs (indicated by the red frames in Fig. 3). It is worth noting that
TiN and WN deposited on Si (100) depict a rather polycrystalline
diffraction pattern, although a slight crystallographic (100) texture
is visible in the pattern of WN. The peak positions in the XRD
patterns of our pure TiN coatings align closely with our reference
pattern, indicating a stoichiometric composition and structure, as
well as a lattice parameter that concurs with both literature values
and simulation results [16]. The peaks of our WN ﬁlms shift towards
lower angles as the nitrogen content in the sputtering atmosphere
increases. While the WN peaks of the coatings deposited in
nitrogen-poor gas mixtures lie relatively close to the DFT-calculated
peak positions of rs-WN0.5, the peaks of the ﬁlms grown using
higher concentrations of nitrogen gas move towards the theoretical
reference pattern of stoichiometric rs-WN (cf. the peak shift to
lower 2q angles with increasing nitrogen partial pressure in Fig. 3).
This shift implies that the concentration of vacancies on the nitrogen sublattice is highly sensitive to changes in the composition
of the sputtering atmosphere. Such a sensitivity has already been
reported for (cubic) vacancy-stabilised MoN and TaN [43], thus we

Fig. 3. X-ray diffraction patterns of monolithic TiN and WN. Four WN coatings are
shown, which were deposited using different Ar:N2 mixtures (in sccm). The conditions
chosen for all further SL depositions are framed. The corresponding TiN e deposited
using these conditions e is depicted as well. The referential peak positions for TiN
(reference code 00-038-1420) and W (04-014-0263) were taken from the HighScore
Plus database. For all WN-related structures, we employed DFT calculations to determine the theoretical peak positions.

expect to encounter a similar behaviour in WN. Furthermore, for N2
ﬂow rates of 4 sccm or lower an additional peak sequence can be
seen, which we attribute to metallic bcc-W. Thus, such conditions
provide an insufﬁcient nitrogen supply for the full reaction of all
ejected W atoms into WN. Hence, we had to compromise by ﬁnding
a gas mixture that would eliminate all metallic tungsten from our
WN ﬁlms, while keeping as many nitrogen sites vacant as possible,
to replicate the promising theoretical performance of rs-WN0.5 as
closely as possible.
The coating that adhered the closest to these criteria was the
WN deposited at an Ar:N2 ﬂow rate ratio of 5.3:4.7. Since these
conditions also produced TiN with a rs structure throughout, we
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used them for all further depositions. The peaks of monolithic WN
deposited in such a reactive atmosphere coincide most closely with
our referential DFT-calculated pattern of rs-WN0.625 (with the same
formation energy ~ -0.71 ev/at. as rs-WN0.5). Such a departure in
stiochiometry from rs-WN0.5 is a relatively common observation, as
past studies have reportedly reached N vacancy concentrations of
as low as 7% in the rocksalt structure [11]. However, residual
stresses can also inﬂuence the peak positions [44]; estimations of
the vacancy concentration solely based on peak shifts are thus
rather limited in accuracy. Moreover, it should be noted that minor
differences between experimental and theoretical XRD patterns
may be a result of the well-known overestimation of the lattice
constants by the GGA-DFT method.
The XRD patterns of all coatings grown on MgO (100) platelets
(Fig. 4b), which were used for all further analyses, depict a clear
(100) texture. The derivable lattice parameters of TiN and WN on
MgO (100) are essentially identical to those on Si (100), since the
(200) peaks on both substrates occur at virtually the same
diffraction angle (please note that, in this approximation, we
neglect the effect of macro-stresses on the peak position). Multilayers on both substrates e Si (100) and MgO (100) (Fig. 4a and b,
respectively) e show distinct satellite peaks, which suggests the
presence of a superlattice structure with sharp interfaces in most
TiN/WN coatings. The nanolaminates with the highest and lowest
bilayer period pose the only exceptions to this trend as they fail to
show satellite peaks of signiﬁcant intensity. For the coating with
the highest bilayer period, this behaviour is expected, since its
bilayer period was estimated by SEM measurements to be 167 nm.
At such high L-values, the satellite peaks would effectively merge
with the main Bragg peaks, see for instance Ref. [45]. For the SL
with the lowest bilayer period (2.8 nm), this disappearance of the
satellite peaks could be indicative of interdiffusion between the
layers, partially replacing the sharp interfaces between TiN and WN
with a ternary TiWN interphase.
Out of all the reference patterns of the DFT-proposed structures,
the synthesised TiN/WN superlattices align most closely with that
of the rocksalt-based cubic TiN/WN0.5 structure. In fact, the TiN/WN
SLs show a better agreement with the simulated structure featuring
a nitrogen vacancy concentration of 50% within the WN layers than
the monolithic ﬁlms. This indicates that the SL architecture
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facilitates the stabilisation of WN layers with vacancy concentrations unattainable by the bulk materials at the same deposition
conditions. Moreover, we calculated a reference XRD pattern for a
theoretical TiN/WNNbO SL structure with a bilayer period of 3.64 nm
based on the theoretical lattice parameter, which we used to
extrapolate an fcc peak sequence. Upon close analysis, we were
unable to detect an alignment of our experimental peak positions
with the calculated ones in Fig. 4a, suggesting an absence of this
phase in our coatings. Also, a full simulated reference pattern of
WNNbO (not depicted) reveals additional peaks, as a consequence of
vacancy ordering, which are not covered by the standard fcc
sequence seen in our experimental data (Figs. 3 and 4). Lastly, the
XRD data presented in Figs. 3 and 4 also excludes rs-W0.5N, as well
as TiN/W0.5N as possible constituents of our monolithic WN and
TiN/WN SLs respectively. These phases were already found to be
dynamically unstable by our calculations (see previous section),
and the comparison of the experimental XRD-derived lattice parameters of our WN and TiN/WN (~4.25 Å) with the calculated
lattice parameters of the W-deﬁcient structures (Table 1) further
reinforces our notion that these structures are non-existent in our
synthesised ﬁlms.
The coatings on Si (100) were only used for XRD analyses,
because Si facilitates the growth of polycrystalline ﬁlms, which
show the full fcc peak sequence, making the comparisons of our
experimental XRD patterns with referential patterns considerably
clearer. TMN thin ﬁlms on MgO (100) are usually highly textured
and produce a (200) peak only.
3.3. HRTEM analyses
An overview of high-angle annular dark ﬁeld scanning transmission electron microscopy (HAADF-STEM) images of epitaxial
TiN/WN multilayers with bilayer periods L of 2.8 nm, 8 nm and
10.2 nm on MgO (100) is presented in Fig. 5a, b and c, in which the
distinct contrast represents the WN (bright) and TiN (dark) layers.
Accordingly, three typical HRTEM phase contrast images recorded
all along the [001] viewing direction are displayed in Fig. 5d
(L ¼ 2.8 nm), Fig. 5e (L ¼ 8 nm), and Fig. 5f (L ¼ 10.2 nm), respectively. The atomically resolved HRTEM images clearly reveal the
bilayer atomic structure, in which respective TiN and WN layers
(labeled) are distinguished, and interface atomic structure.
The Fast Fourier Transform (FFT) patterns of the HRTEM images
(insets) conﬁrm the presence of stabilised fcc phase in the multilayers, which is consistent with the XRD measurement, and further
indicate a close match of the lattice constants between the layers,
supporting our previous conclusions on the structure in the WN
layers. According to the atomic resolution images, it is also noticed
that there are dislocations (exempliﬁed in Fig. 5f) and more distorted regions (labeled by arrows in Fig. 5f) distributed within the
WN layers. The [100] growth direction and cubic/cubic coherent
interfaces are also found in Fig. 5d (L ¼ 2.8 nm), Fig. 5e (L ¼ 8 nm),
and Fig. 5f. The measured interplanar spacing of WN layers, d(200), is
0.210 nm in Fig. 5d, 0.210 nm in Fig. 5e and 0.209 nm in Fig. 5f.
These values show an excellent agreement with the calculated
lattice parameter of rs-WN0.5 (4.181 Å, see Table 1).
3.4. Nanoindentation

Fig. 4. X-ray diffraction patterns of all SL coatings deposited on Si (100) (a) and of
selected coatings deposited on MgO (100) (b). The arrows in (b) exemplify the positions of satellite peaks, the dashed black line in (a) illustrates the progression of these
satellite peaks with changing bilayer period. The referential peak positions for the two
variant SL structures were calculated by DFT.

The hardness data of coatings deposited on MgO (100) presented in Fig. 6a shows that all TiN/WN superlattice structures
possess higher readings than the monolithic TiN and WN coatings.
A clear maximum of 36.7 ± 0.2 GPa is uncovered for the TiN/WN SL
with a bilayer period of 8.1 nm. Above and below that bilayer
period, the hardness of the TiN/WN system declines distinctly and
can be ﬁtted by logarithmic trends in accordance with the model of
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Fig. 5. Cross-sectional HAADF-STEM and HRTEM images of the TiN/WN multilayer coatings with bilayer periods L of 2.8 nm (a and d), 8 nm (b and e) and 10.2 nm (c and f).
Distorted regions in WN are indicated by arrows.

Chu and Barnett [2]. Due to the very close match of the lattice
parameters as obtained from XRD, it seems reasonable that our TiN/
WN SLs roughly follow a model that neglects coherency strains and
centres on differences in the elastic moduli of the layers.
The hardness values recorded for TiN and WN reside at
31.7 ± 0.2 GPa and 32.0 ± 0.4 GPa, respectively. In contrast, the
indentation modulus of ﬁlms on MgO (100) (Fig. 6b) shows a
minimum of 387 ± 2 GPa for a SL structure with a bilayer period of
12.5 nm. Together with the TiN/WN coating featuring a bilayer
period of 10.2 nm, this specimen seemingly fails to adhere to the
rule of mixture, as its indentation modulus falls below those of both
monolithic coatings. In fact, all other SL ﬁlms exhibit indentation
moduli that lie between those of the plain constituents. However,
the XRD patterns and HRTEM images implied a difference in vacancy concentration between the monolithic WN and the WN
layers in the SLs. Therefore, the monolithic WN is an imprecise
reference for the SLs. While in the case of TiN the indentation
modulus of 452 ± 3 GPa agrees perfectly with the ab initio polycrystalline Young's modulus E ~451 GPa (cf. Table 1), the
389 ± 4 GPa recorded for the WN coating resides above the polycrystalline Young's moduli calculated for WNx structures (Table 1),
but still below the E[100] value of b-WN0.5 (448 GPa), a variant rsstructure featuring ordered vacancies on the N-sublattice. Therefore, this deviation may be caused by small differences in the vacancy concentration and distribution between theory and
experiment.
The indentation moduli of the SLs consistently fall in between

the calculated polycrystalline and directional [100] Young's moduli.
This set of data thus cannot serve as the sole conﬁrming factor for
any structural questions. However, the substantial divergence of
the theoretical Young's modulus of WNNbO from our experimental
readings further reinforces the previously established notion that
this phase is absent from our coatings. The two entities e hardness
and indentation modulus e were combined to deduce an H/E ratio,
depicted in Fig. 6c, unveiling that the SL structure in general enhances this empirical indicator of toughness. Also, the H/E ratio of
TiN/WN SLs is noticeably maximised by a bilayer period of 10.2 nm.
3.5. Fracture toughness evaluation
The results of the micromechanical bending tests of coatings on
MgO (100) are presented in Fig. 7a in terms of the calculated critical
stress intensity KIC. Perhaps the most striking feature in Fig. 7a is
the strongly pronounced dependence of the fracture toughness on
the bilayer period. The highest fracture toughness was
4.6 ± 0.2 MPa√m for the SL coating with a bilayer period of
10.2 nm. The maximum constitutes an increase of KIC of 67%
compared to monolithic TiN and 53% compared to the pure WN
coating, for which we measured values of 2.8 ± 0.1 MPa√m and
3.1 ± 0.1 MPa√m, respectively. To put that into perspective, other
coatings grown within the same deposition system and tested via
the same procedure as the TiN/WN ﬁlms were TiN/CrN SLs, TiSiN
(both grown on Si (100)) and TiAlN (grown on Al2O3 (1102)
platelets). Depending on their bilayer period or composition, these
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Fig. 7. Plot of the critical stress intensity (a) and the critical strain energy release rate
(b) against the bilayer period for TiN/WN superlattices. The values of the monolithic
coatings are included as references.

Fig. 6. Plots of hardness (a), indentation modulus (b), and the H/E ratio of the
monolithic coatings and of the SLs as a function of the bilayer period.

materials reached maxima of 2.0, 3.0 and 2.7 (as deposited)
MPa√m respectively [4,46,47]. TiAlN and TiAlTaN deposited in an
industrially scaled arc evaporation system exhibited maximum
fracture toughness readings of 3.5 and 4.7 MPa√m, resepctively
[48].
Moving below and beyond a bilayer period of 10.2 nm, the
values decrease markedly, but consistently surpass the monolithic
coatings e a trend that mimics the behaviour of the H/E ratio
presented further above. This suggests an interplay between at
least two different mechanisms. The right-hand sided branch of the
trend e showing an increase of the fracture toughness and decrease
of Young's modulus e with decreasing bilayer period may be
caused partially by changes of the bonding characteristics in the
material. Furthermore, a proportionality of 1/√(L) can be ﬁtted to
the three points along this branch of the trend. In doing so, our
fracture toughness trend shows similarities to the predicted fracture strength enhancement of laminar composites consisting of
layers with vastly different elastic moduli [49].
Since the HRTEM and HAADF images in Fig. 5def, as well as the
XRD patterns, indicate that the rs-WN0.5 structure is stabilised in

the WN layers of the SLs with bilayer periods at and above the
fracture toughness peak, the elastic moduli of the WN in these ﬁlms
differ signiﬁcantly from those of TiN (theoretical values given in
Table 1). Thus, we assume that these signiﬁcant periodic ﬂuctuations of the elastic properties across the ﬁlm are the main
contributing factor of the fracture toughness enhancement with
decreasing bilayer period. We envision that the decreasing fracture
toughness with decreasing bilayer period could be attributed to a
gradient of the nitrogen concentration in the WN layers close to the
interface. WN in the bulk of the layers appears to lie rather close to
rs-WN0.5 in stoichiometry, according to our XRD patterns and
HRTEM images. However, a more detailed comparison of the (200)
peak positions of the SL with bilayer periods of 8 nm and 5.2 nm
uncovers a miniscule downward shift of the diffraction angle. This
could be associated with an enlargement of the lattice parameter,
due to a higher occupancy of the nitrogen sites.
The high-energy-environment during sputtering, as a result of
the elevated deposition temperature combined with the impact
energy of the sputtered atoms, could induce diffusion of nitrogen
between the perfect stoichiometric TiN and the vacancy-rich WN.
Due to the dependence of the mechanical properties of WN on the
defect type and concentration (see Fig. 2 and Table 1), a varying
degree of N-vacancies along the interfaces could noticeably alter
the fracture properties of TiN/WN SLs with a lower bilayer period
and thus higher concentration of interfaces. A larger proportion of a
stiffer phase within the WN layers would also diminish the markedness of elastic ﬂuctuations, leading to a decrease of both the
fracture toughness and the elastic fracture energy.
Lastly, the SL with the lowest bilayer period evidently diverges
from the suggested trend, showing an increase of KIC compared to
the next lowest bilayer period. In combination with the diminished
intensity of the satellite peaks recorded for that coating, the trend-
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breaking value serves as a strong testimony to the formation of a
ternary TiWN across the interfaces. The literature generally ascribes
a high potential for toughness to this compound, which would
coincide with our measurements [12,50]. Fig. 7 may evoke the
impression that the outlier deviates from the rule of mixture,
however, the reference for the properties of TiWN would be a
theoretical pure rs-WN0.5, which we did not observe in our
monolithic WN coating.
We further combined our experimental results from the
bending tests and nanoindentation with our DFT-calculated Poisson's ratios to derive an estimate of the fracture energy (i.e. the
critical strain energy release rate) GC (in J/m2) via the basic relationship for plane strain conditions in Equation (4) [51]. Therein n
represents the Poisson's ratio and E the Young's modulus in Pa.

GC ¼ K 2IC

n2

1
E

(4)

This methodology is accompanied by inherent limitations.
Firstly, the indentation modulus derived from nanoindentation
measurements may deviate from the actual Young's modulus.
Secondly, the bilayer periods of the majority of our SL coatings
reside above the explorable realm of DFT calculations. Thus, we
assumed the Poisson's ratio of 0.32 calculated for TiN/WN0.5 with
L ¼ 3.327 nm to remain constant for higher bilayer periods, since
the Poisson's ratios in Table 1 appear to stabilise around this value.
Also, this theoretical bilayer period already overlapped with our
experimental ones. Lastly, plane strain is an idealised scenario,
which represents the geometry of our cantilevers fairly closely. For
the contrasting case (i.e. plane stress), the (1-n2)-term disappears,
increasing all our readings by roughly 10%. Following this model,
we derive fracture energies of 15.2 ± 1.4 and 22.2 ± 1.3 J/m2 for our
monolithic TiN and WN ﬁlms, respectively. The TiN/WN SL with a
bilayer period of 10.2 nm reaches an impressive fracture energy of
48.8 ± 3.5 J/m2, which is roughly triple the value measured for TiN.
The cross-sectional SEM micrographs of the fracture surface
reﬂect the conclusions drawn from the micromechanical bending
tests. Firstly, Fig. 8a shows an illustrative SEM image of the spherical indenter tip and a cantilever directly before testing. Fig. 8b

through 8f depict various cross sections of cantilevers after testing.
The fracture surface of a cantilever belonging to the sample with
highest bilayer period (Fig. 8b) shows a small degree of delamination, predominantly in the WN layers, suggesting that deformation is concentrated in the more compliant WN layers. In
contrast to Fig. 8b, the fracture surfaces of TiN (Fig. 8c) and WN
(Fig. 8d) have a much smoother appearance, implying that crack
propagation is more energetically demanding in the nanolaminated structures.
Furthermore, Fig. 8c depicts a distinctly brittle and intergranular
fracture surface for TiN. WN and two more exemplary TiN/WN SLs
feature a less faceted texture (Fig. 8def). The TiN/WN specimens
(Fig. 8e and f) in particular show a series of ﬁne fracture lines that
originate at the narrow bridges. The pattern of the fracture lines
concurs with simulations of Brinckmann et al., who predicted the
bridges to be the region where a crack would nucleate [35]. Also,
their model recommends displacement controlled tests on cantilevers with narrow bridges and deep notches in order to obtain the
most accurate critical stress intensity values [32]. While we conducted all our tests displacement-controlled, it is apparent that the
geometries of the WN and TiN/WN samples depicted in Fig. 8
adhere more closely to these criteria than the TiN cantilevers.
The higher degree of deformability implied by both the toughness data in Fig. 7, as well as the micrographs in Fig. 8 is conﬁrmed
by the load-deﬂection curves. Based on cross-sectional SEM images
we measured a thickness of 2.6 mm for TiN and around 1.9 mm for
WN, as well as the represented TiN/WN SLs. The resulting size
differences of the cantilevers are unaccounted for in the absolute
deﬂection plotted against the applied force in Fig. 9a. In Fig. 9b,
however, the dimensions are considered, as the stress intensity of
one representative cantilever per selected sample is confronted
with the corresponding relative deﬂection (expressed in %). For this
purpose, the absolute deﬂection values of each presented curve
were divided by the thickness of the respective cantilever, as all
other dimensions of the cantilevers were chosen in relation to their
thickness. The absolute values of this relative deﬂection on their
own possess limited signiﬁcance; however, they enable a qualitative comparison between the coatings. The normalised curves

Fig. 8. SEM micrographs of a cantilever, cavity and the indenter before testing (a), as well as several fracture cross sections. (b) shows an enhanced cross-section of the TiN/WN SL
with a bilayer period of 166.7 nm. (c) and (d) represent TiN and WN respectively. The fracture surfaces of the toughest (L ¼ 10.2 nm) and least tough (L ¼ 5.2 nm) SLs are depicted
accordingly in (e) and (f).
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Fig. 10. Comparison of experimental indentation moduli with theoretically calculated
bilayer-dependent Young's moduli (based on the Grimsditch-Nizzoli method).

Fig. 9. Load-deﬂection curves (a) and plots of the stress intensity vs. the relative
deﬂection in terms of the respective thickness for all cantilevers of TiN, WN, and
selected SL coatings. The curves of particularly representative cantilevers are depicted
opaquely in (a) and shown in (b).

suggest a two times larger elastic deformability for the toughest
TiN/WN superlattices compared to monolithic TiN. In combination
with the increased critical stress intensity, this doubled elastic
deformation limit contributes towards the substantially enhanced
fracture energy (emulated by the shaded areas under the curves).
Additionally, the slopes of the curves reﬂect the trend observed in
the indentation modulus, as the coatings with higher indentation
moduli also produce a steeper slope in Fig. 9b.
3.6. Modelling-based interpretations of bilayer-dependent trends
In view of the compositional ﬂuctuations (i.e. variations of the
vacancy concentration on the N-sublattice) suggested by both XRD
and mechanical investigations, we employed the generalised linear
elasticity Grimsditch-Nizzoli method (see the Methodology section
for details) and simulated bilayer dependent elastic data for various
nanolayered systems. Thereby, we aimed to match the observed
experimental trend of the indentation modulus, to assess the
possible inﬂuence of changes in the vacancy concentration and/or
the stabilisation of metastable phases in the WN layers of our SL
ﬁlms. The interface region was approximated by either TiN/WN0.5
or TiN/WN SLs, while the bulk-like layers in TiN were modelled by
rs-TiN. The N vacancy gradient was achieved by changing the
volumetric ratio of (i) the tetragonally distorted z-WN and (ii) the N
substoichiometric rs-WNx (x ¼ 0.5e0.88) within the WN layers.
Fig. 10 depicts the Grimsditch-Nizzoli based models succeeding to
reproduce the evolution of indentation data (Fig. 6b) to the highest
degree of precision. Notably, depending on the chosen

approximation of the interface - TiN/WN0.5 or TiN/WN SLs - either
the polycrystalline Young's modulus or the (100) directional variant
resulted in a reasonable agreement with the experiment.
The model implementing interface effects through the 2.5 nm
TiN/WN0.5 SL leads to a hypothesis that the indentation moduli
below and at the peak at L~6 nm originates from populating the N
sublattice in the WN layers. Speciﬁcally, the volume fraction of the
stoichiometric z-WN in WN layers increases (to the detriment of rsWN0.5) from ~20 to 40 at. %. The indentation modulus decrease at
higher L can be attributed (i) to the diminishing contribution of
interfaces and (ii) to the fact that a partial stabilisation (20e40 at. %
in the WN layers) of (nearly) stoichiometric WN in the SL is no
longer possible (similarly to, e.g., cubic AlN which can form in AlN/
TiN, AlN/TiAlN and AlN/CrN SLs only if its thickness does not exceed
~2 nm [52e56]). The second model based on the defect-free 3.6 nm
TiN/WN interface suggests that the z-WN constitutes ~85 at. % of
the WN layers below and at the peak at L~6 nm. The volume
fraction of the stoichiometric WN, however, decreases rapidly
when going to higher bilayer periods and the rs-WN0.88 (expectably
also the rs-WN0.50) is stabilised instead.
All in all, the above ﬁndings clearly speak for ﬂuctuations of the
vacancy concentration across the WN layers in our SL thin ﬁlms.
The proposed compositional evolution may further shed light on
the trends in fracture toughness. As a next step, we calculated
cleavage energy, Ec, for brittle cleavage and estimated KIC according
to a simple formula

KIC ¼

pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
cEhkl Ec

(5)

where Ehkl represents directional Young's modulus and c is a scaling
factor, conventionally set to 4 [57]. To properly represent the
experimental data, SLs were cleaved perpendicular to the interfaces. Supporting the experimental ﬁnding that our SL coatings
outperform their monolithic constituents, the 2.5 nm TiN/WN0.5
interface (KIC ~2.92 MPa√m) exceeds the fracture toughness of the
monolithic WN0.5 (KIC ~2.66 MPa√m) and TiN (KIC ~2.50 MPa√m).
These results, however, are incapable of reproducing the complete
experimental bilayer-dependent KIC trend.
Essentially, the overall KIC of the SL may reﬂect the fracture
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behaviour of the individual layer components (featuring, moreover,
inhomogeneous defect distributions) in a very intricate fashion. The
strong WN and the interface layers can be substantially weakened
in a SL arrangement, which is not captured by the present simulations. Nevertheless, the model demonstrates that a certain
contribution to the overall toughness enhancement can be found
on the bonding level.
4. Summary & conclusions
By conducting DFT calculations, we identiﬁed TiN/WN0.5
superlattices as a feasible system with a supposed potential for
ductility clearly exceeding that of the monolithic constituents as
well as many other established TMNs. Based on the insight acquired
from our calculations we synthesised a series of TiN/WN SLs with
varying bilayer periods in addition to monolithic TiN and WN. The
desirable composition of WN0.5 is achievable only in the SL
arrangement, while in the monolithic case a higher occupancy of
the N-sublattice was reached under the applied deposition conditions. Lowering the overall amount of nitrogen leads to the formation of metallic W. The experimentally measured maximum
fracture toughness of 4.6 ± 0.2 MPa√m for TiN/WN with a bilayer
period of 10.2 nm ranks among the highest recorded values within
the ﬁeld of TMNs and signiﬁcantly surpasses our monolithic TiN
and WN e which yielded 2.8 ± 0.1 and 3.1 ± 0.1 MPa√m, respectively. This progression of the fracture toughness mirrors the trend
of our calculated Pugh's and Pettifor's criteria for these materials,
thus conﬁrming their applicability for qualitatively comparing
materials of similar categories. Furthermore, the fracture energy of
48.8 ± 3.5 J/m2 of our toughest SL coating constitutes an enhancement by a factor of 3 compared to monolithic TiN (15.2 ± 1.4 J/m2).
These results underline the effectiveness of the superlattice architecture for improving TMN thin ﬁlms. We attribute this conspicuous effect to the difference in the elastic constants between TiN and
rs-WN0.5. By employing a theoretical model based on the
Grimsditch-Nizzoli method, we conclude that the decrease in
toughness observed for low bilayer periods, may be caused by the
formation of a N-enriched stiff WN-phase along the interfaces.
Beyond the toughness evaluation, highlights of our study include a
hardness peak of 36.7 ± 0.2 GPa, a minimum of the indentation
modulus of 387 ± 2 GPa and a concentration of deformation in the
more compliant WN layers within the SL structure.
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A B S T R A C T
Combining ﬁrst-principles and experimental techniques, we establish Young’s modulus dependence of
AlN/TiN superlattices on the ﬁlm-forming phases, their thicknesses and crystallographic orientations. The
disparate character of cleavage properties within different layers of the superlattice—providing indications
regarding crack initiation processes—is linked to the changes in bond lengths. Such changes present a direct
consequence of the predicted interplanar spacing oscillations which are experimentally conﬁrmed by high
resolution transmission electron microscopy analyses.
© 2019 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

Microstructural design that allows to tune materials properties
presents a great challenge, but also promises enhanced performance
for industrial applications [1-5]. Synthesis of alternate nano-layers
of different materials, i.e. superlattices (SLs), is a particularly elegant
strategy for design of atomic-scale architectures. The non-intuitive
behaviour of interfaces in SLs cannot be rationalised based on solely
the knowledge of its monolithic components. For example, when
the bi-layer period, K, of TiN/NbN and TiN/VN SLs is 5 and 9 nm,
respectively, their hardness can exceed that of their bulk components by about 100% [6, 7]. Analogously to the superlattice effect on
hardness, a surprising fracture toughness increase was predicted for
TiN/MN (M = V, Nb, Ta, Mo, and W) superlattices [8]. Moreover, Hahn
et al. [9] revealed that both effects (hardness increase and fracture
toughness increase) can be induced simultaneously in TiN/CrN SLs

* Corresponding author at: Institute of Materials Science and Technology, TU Wien,
Getreidemarkt 9, Vienna A-1060, Austria.
E-mail address: nikola.koutna@tuwien.ac.at (N. Koutná).

with K≈6 nm. Such ﬁndings clearly underpin the strong potential of
superlattice design, yet not well understood in terms of its relation
to the SL structure.
Our work focuses on AlN/TiN system, promising an outstanding
versatility in mechanical properties through epitaxial stabilisation
of the metastable cubic rocksalt (rs) as well as the ground-state
wurtzite (w) AlN [10-12]. Despite SLs are usually understood as
nano-layers of coherently grown materials, for the sake of simplicity
we will use this term also for the w-AlN/rs-TiN laminates. The cubic
AlN exhibits higher hardness and elastic modulus than the hexagonal counterpart [13]. Furthermore, the disparate elastic behaviour of
AlN and TiN (demonstrated by e.g. the different anisotropy of their
directional Young’s moduli [14]) together with the considerable lattice mismatch d(Da/a) ≈ 0.05 (inducing high coherency stresses)
are prerequisites for a pronounced superlattice effect and a fracture toughness enhancement. Here, a complex relationship between
structural and mechanical properties of AlN/TiN SLs is revealed by
theoretically exploring different crystallographic orientations, bilayer periods and phase variants (rs-AlN vs. w-AlN). An increase of
the out-of-plane directional Young’s modulus with K derives from

https://doi.org/10.1016/j.scriptamat.2019.02.021
1359-6462/© 2019 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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the decreasing interface density, while a tensile strength enhancement correlates with shrinking bonds due to coherent stresses and
interface-induced Friedel oscillations.
Our results were obtained by combining theoretical and experimental methods. Density functional theory [15] (DFT) simulations were performed using the Vienna Ab-initio Simulation Package (VASP) [16] together with projector augmented plane-wave
(PAW) pseudopotentials [17]. The Perdew-Burke-Ernzerhof generalised gradient approximation [18] incorporated the exchangecorrelation effects. The plane-wave cutoff energy of 600 eV together
with the reciprocal space sampling (C-centred Monkhorst-Pack mesh
[19] equivalent to at least 25, 000 k-points) ensured a total energy
accuracy of 1 meV/at. The rs-AlN(100)/rs-TiN(100), rs-AlN(111)/rsTiN(111), and w-AlN(0001)/rs-TiN(111) SLs with various bi-layer
periods (≈1–6 nm) and volume ratios of AlN-to-TiN were constructed using the desired number of the conventional B1 cubic
and/or wurtzite cells, resulting in 8- up to 80-atom supercells. All
SLs were fully optimised (in terms of atomic positions, cell shape,
and volume), hence the forces on ions did not exceed 0.005 eV/Å.
The 6 × 6 matrices of elastic constants obtained by applying the
stress-strain [20-22] or the energy-strain method [21] were projected onto a desirable (cubic, tetragonal or hexagonal) symmetry
[23]. The directional Young’s modulus was evaluated following Nye
[24], [pp. 144–145]. The brittle cleavage properties were estimated
using the rigid-block displacement method [25,26].
Experiment-wise, a series of AlN/TiN superlattice ﬁlms with a
total thickness of ≈1.5lm were prepared in an AJA Orion 5 deposition system. The ﬁlms were DC reactive magnetron sputtered
on MgO(100) substrates in an Ar/N2 gas atmosphere (Ar/N2 ﬂow
ratio = 7 sccm/3 sccm, total pressure = 0.4 Pa) at 700 ◦ C by powering one three-inch Ti (Titanium Grade 2) and one two-inch Al target
(99.8 at.% purity) target in constant current mode applying 1 and
0.5 A, respectively. The nano-layer architectures were realised using
a computer controlled shutter system in front of the targets. During
the deposition, a constant bias potential of −40 V (ﬂoating potential
≈−20 V) was applied to the substrates to ensure a dense ﬁlm morphology. Prior to the depositions, the substrates were ultrasonically

cleaned in acetone and ethanol for 5 min each, thermally cleaned at
700◦ C for 20 min under vacuum conditions (base pressure at room
temperature before the deposition was < 10−3 Pa) and Ar-ion etched
(Ar pressure = 6 Pa) at the same temperature for 10 min. Indentation moduli were measured using an Ultra Micro Indentation System
(UMIS, Fischer-Cripps Laboratories) with a Berkovich diamond tip
following Ref. [27]. To minimise the substrate inﬂuence, only indents
with indentation depth < 10% of the total ﬁlm thickness were considered. The K≈2.5 nm AlN/TiN SL was used for transmission electron
microscopy (TEM) studies employing the 200 kV ﬁeld emission TEM
(JEOL2100F) and an image-side CS -corrector ensuring a resolution of
1.2 Å. The high-resolution TEM (HRTEM) images were recorded on a
2004 × 1335 pixel CCD camera at a magniﬁcation of 600k× (pixel resolution 0.0207808 nm) using an acquisition time of 1 s. The slightly
over-focus conditions (close to Scherzer defocus) were achieved by
setting the aberration to ≈1l m.
Fig. 1 depicts Young’s modulus dependence on the bi-layer period
and AlN layer thickness. In order to compare DFT predictions and
indentation measurements, we present Young’s modulus in the
direction perpendicular to the interface, E⊥ . As intuitively expected
E⊥ values of the SLs are found between the bulk AlN and TiN limits resulting in a large data spread for the cubic-based SLs but a less
pronounced K dependence for w-AlN(0001)/rs-TiN(111). Noteworthy, the order of stiffness (AlN vs. TiN) changes depending on the
crystallographic direction. Starting with rs-AlN(100)/rs-TiN(100), an
increase of K for a ﬁxed AlN layer thickness—corresponding to an
increase of TiN volume fraction—is accompanied by an increase of
E⊥ . Not only the trend but also the absolute E⊥ values are in line
with the indentation measurements. Deviations stem from the fact
that (i) the theoretical Young’s modulus does not exactly represent
the indentation modulus (though it gives a reasonable approximate especially for highly-textured ﬁlms [28]) and (ii) the in-plane
lattice constant of the experimental SLs is dictated by the MgO
substrate, while our simulation cells are fully relaxed. Unlike the
theoretical E⊥ , the indentation moduli show a drop for K≥4.5 nm.
A possible interpretation is that the coherence stresses relaxation
weakens the in-plane (in-interface) Young’s moduli strengthened by

Fig. 1. Young’s modulus of the rs-AlN(100)/rs-TiN(100), rs-AlN(111)/rs-TiN(111), and w-AlN(0001)/rs-TiN(111) SLs in the out-of-plane direction (perpendicular to interfaces) as
a function of the bi-layer period and AlN layer thickness. Red and blue symbols represent theoretical (directional Young’s modulus) values from stress-strain and energy strain
method, respectively, while the grey symbols are the experimental (indentation) moduli. The horizontal lines show the bulk values for comparison.
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the coherency stresses; these do not show themselves in E⊥ , but
could be of great importance for the indentation modulus. Changing to the rs-AlN(111)/rs-TiN(111) SLs, a comparable behaviour is
observed but the bulk rs-TiN now represents the lower bound: E⊥ of
SLs with ﬁxed AlN layer thickness thus decreases with increasing K.
Interestingly, E⊥ of SLs containing w-AlN is very close to the value for
pure TiN, though exhibiting a slight dependence on the TiN volume
fraction in the same sense as the rs-AlN/rs-TiN SLs.
A critical issue for many industrial applications is low material resistance to fracture. Though presenting a very complex phenomenon, resistance to fracture and fracture initiation processes
can be realistically modelled employing ﬁrst-principles molecular
dynamics [29] (or to a certain extent also interatomic-potential
molecular dynamics [30]). On a qualitative level, a relative tendency of different materials to fracture (in a brittle manner) can
be estimated by comparing their cleavage energy, Ec , and critical
stress, s c , i.e. minimum stress necessary to initiate and/or propagate
a crack. These values can be determined for different superlattice
planes. Fig. 2 shows contrasting trends in cleavage properties of three
SL architectures (with K≈{2.5, 2.9, 2.6}nm) when cleaved along the
interface planes. Clearly, Ec and s c strongly correlate. Considering
that Ec represents the energy to separate a solid material into two
blocks, while s c corresponds to the maximum tensile stress perpendicular to the cleavage plane before cleavage happens (cf. tensile
strength), such proportionality is not a general rule. Interestingly,
both quantities are nearly tripled for the wurtzite–rocksalt combination and the [111]-oriented rocksalt-based SL as compared with the
rs-AlN(100)/rs-TiN(100), making this interface signiﬁcantly stronger
than the [100]-oriented one. Following Lazar et al. [25], such remarkable orientation-dependent difference can be related to the number
of broken nearest-neighbour bonds per atom, i.e., one and three
for the (100) and (111) stacking in the cubic cell, respectively, as
well as to the higher density of atoms in the (111) planes. A comparable trend was predicted also for the (100) and (111) oriented
surface energies of rs-AlN [31] and rs-TiN [32]. In the case of wAlN, nearest-neighbour bonds alternate periodically (between one
and three along the [0001] direction) inducing massive oscillations

161

in the cleavage properties (cf. panel (c) in Fig. 2). The cubic-based SLs
exhibit similarities in terms of Ec (s c ) fast converging in the AlN layers (when moving away from the interface) but oscillating in the TiN
layers. Interestingly, cleavage energies (stresses) for the monolithic
-AlN(100)
phases follow the order of Young’s moduli, i.e., (Ec
< Ec-TiN(100) )
AlN(111)
AlN
TiN
AlN
TiN
↔ (E[100]
< E[100]
) and (Ec
> EcTiN(111) ) ↔ (E[111]
> E[111]
). While
AlN is strengthened (as compared to bulk) in the [100]-oriented SL,
TiN—harder to cleave in a monolithic form—represents a weaker
phase (the limiting factor) due to the pronounced minima of the Ec
(s c ) oscillations. Such ﬁndings corroborate ab initio calculations for
rs-AlN(100)/rs-TiN(100) [26]; the difference in actual Ec (s c ) values
stems from ﬁxing the SL in-plane lattice constants to that of MgO in
the previous work.
To further shed light on the origins of the Ec (s c ) oscillations, we
calculate length and density of bonds broken due to the cleavage
(lower panels in Fig. 2). The changes in bonds clearly capture trends
in fracture behaviour. Viewing the atomic bond densities as scaling
factors for the bond lengths, the pronounced oscillations in w-AlN
layers and the ≈3 times higher tensile strength of the [111]-oriented
cubic SLs (as compared to the [100]-oriented ones) come straightforward. Noteworthy, since the [111]-oriented SL represents a polar
orientation, purely N and purely metallic planes alternate. Regarding
the rocksalt–rocksalt SLs, an elongation/contraction of the AlN inplane lattice constant (equilibrium aAlN
eq = 4.07 Å) causes a Poisson’s
effect—i.e., shortening/extending the AlN bond—in the out-ofplane direction. Simultaneously, Ec (s c ) increases/decreases as compared to the reference monolithic value. Intuitively, a shorter/longer
bond is energetically more/less expensive to break than the equilibrium one. The interface in rs-AlN(100)/rs-TiN(100) SLs induces an
interesting effect, since Ti and N atoms occupying the same (100)
planes in bulk, are slightly shifted with respect to each other. Consequently, two types of TiN bonds for this SL architecture are
presented in Fig. 2.
Since DFT calculations correlated cleavage and bond characteristics, a veriﬁcation of whether the bonds change accordingly in
real samples was needed. Therefore, the ≈2.55 nm rs-AlN/rs-TiN
SL coating with AlN and TiN layer thickness of 0.9 nm and 1.6 nm,

Fig. 2. Cleavage energy, Ec , and cleavage stress, s c , of AlN/TiN SLs calculated along the planes parallel to the interface (upper panels). The metalnitrogen bond lengths in the
direction perpendicular to interfaces are evaluated in the corresponding simulation cells together with the bond densities; these are presented in the lower panels. The dashed
horizontal lines (in the upper and lower panels) are reference equilibrium bulk values. The two different bond lengths (d1 and d2 , indicated by diamond and triangle symbols)
in the lower panel of (a) represent the non-equivalent lines of atoms (cf. [26]), while the two Ec (s c ) reference bulk values for w-AlN(0001) in the upper panel of (c) represent
cleavage along two non-equivalent planes.
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respectively, was studied by TEM. The interplanar spacings in the
growth direction were evaluated from an HRTEM quantitative measurement, while the peak ﬁtting with split Gaussian function was
applied to the average intensity proﬁles to reﬁne the centre of
maximum intensities. The distance between two maximum average
intensities corresponded to the interplanar spacings. Supporting the
theoretical ﬁndings, our experimental data (Fig. 3a–b) reveal oscillatory behaviour in TiN layers, while much less pronounced changes
of d200 are observed in AlN. Furthermore, AlN layers show generally
smaller d200 values than TiN, stemming from the lower lattice constant of the monolithic AlN which is even shortened in the SL due
to the out-of plane Poisson’s contraction caused by bi-axial stresses.
The d200 values, nonetheless, do not properly represent the metalN
bond lengths from Fig. 2 but correspond rather to the metalmetal
distances in the direction perpendicular to interfaces (N atoms are
not easily visible in our TEM due to low intensities). On the modelling side, we thus evaluate the interplanar spacing between metal
and nitrogen atoms separately. Fig. 3 (c) demonstrates that the
oscillations in TiN layer appear irrespective of the AlN layer thickness, while the interplanar spacings in AlN saturate fast to ≈0.05 Å
below the equilibrium bulk value. The damping of oscillations in

TiN, however, is apparent: the thicker the TiN layer is, the lower is
the amplitude of oscillations. A small shift between the experimental and theoretical values mainly derives from the relatively high
deposition temperature (700◦ C). The larger thermal expansion coefﬁcient of the MgO(100) substrate in comparison with AlN and TiN
[33,34] causes substantial in-plane compressive thermal stresses in
the ﬁlm when cooling down from deposition to room temperature,
which leads to a larger lattice parameter (for both AlN and TiN)
in the out-of-plane direction. Moreover, the overall trends in Fig. 3
are in line with experimental and ab initio investigations by Zhang
et al. [35], reporting interplanar spacings’ oscillations in CrN layers
of cubic-based CrN/AlN SLs but rather constant values in AlN. The
authors proposed that the peculiar distribution of interplanar distances origins from the intrinsic differences in bonding of AlN and
CrN, which applies also to the present system, AlN/TiN. Furthermore,
the interface-induced perturbation of the periodic crystal potential
results in Friedel oscillations of the charge density [36], enforcing
also the oscillatory behaviour of the interplanar distances. These
oscillations, however, get almost immediately damped in AlN layers due to the lack of mobile electrons which can redistribute, thus
screening the interface-induced perturbation [26].
In conclusion, design guidelines for tuning the elasticity of
AlN/TiN SLs based on the orientation, bi-layer period, AlN thickness and crystallographic variant have been proposed. The directional Young’s moduli lied within the monolithic AlN and TiN limits;
increasing the TiN volume fraction shifted the SL Young’s modulus closer to the TiN value. Our calculations further showed a slight
K-dependence for a constant AlN/TiN volume fraction, leading to a
Young’s modulus increase upon lowering K. The tensile strength simulations uncovered a direct link between cleavage characteristics—
cleavage energy and critical stress along the direction parallel to
interfaces—and the changes in lengths and densities of the broken bonds. Furthermore, the periodic features of cleavage properties
were explained by the oscillatory character of the interplanar spacings. These trends were corroborated by our HRTEM measurements,
demonstrating a predictive power of modelling as well as the important role of the interfaces and atomic-level design.
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a b s t r a c t
Superlattices—alternating coherently grown materials of nm thicknesses—proved their potential for enhancing typically antagonistic properties of ceramics: ductility, hardness, and fracture toughness. Material
selection, however, is far from trivial, as superlattice ﬁlms do not simply combine mechanical properties
of their layer components. Here we employ high-throughput density functional theory calculations to develop design guidelines for nanolaminates combining cubic transition metal nitride and/or carbide ceramics. Out of 153 MX/M∗ X∗ superlattices (M, M∗ = Al, Ti, Zr, Hf, Nb, V, Ta, Mo, W, and X, X∗ = C, N) 145 are
chemically and mechanically stable and most often contain vacancies on the non-metallic sublattice. Superior ductility together with moderate-to-high fracture toughness and interface strength (above that of
the cubic TiN) narrow the set of perspective candidates. Key ingredients promoting the interface-induced
enhancement of hardness and/or fracture toughness are lattices parameter and shear modulus mismatch
of the layer components. Adding the requirement of phonon stability yields MoN/M∗ N, M∗ = Nb, Ta, Ti;
TiN/WN (nitrides); HfC/M∗ N, M∗ = Mo, W; NbC/M∗ N, M∗ = Mo, W; TaC/M∗ N, M∗ = Mo, W; VC/M∗ N,
M∗ = Hf, Ta, Zr (carbonitrides); as the top candidates for novel superlattice ﬁlms.
© 2021 Acta Materialia Inc. Published by Elsevier Ltd.
This is an open access article under the CC BY-NC-ND license
(http://creativecommons.org/licenses/by-nc-nd/4.0/)

1. Introduction
Thin ceramic ﬁlms based on transition metal nitrides and/or
carbides are employed as protective and functional materials in
various industrial sectors which concern machining, sensors, or diffusion barriers [1]. Among their strong suits are excellent hardness, high Young’s moduli, chemical and thermal stability, as well
as good oxidation resistance [2,3]. A typical downside, however,
is their low fracture resistance and low damage tolerance, which
leads to a premature failure. Advancing commercial use of thin ceramic ﬁlms in harsh application environments therefore requires
enhancing their fracture toughness, i.e. the resistance against crack
initiation and propagation.
The most successful strategies to tune fracture toughness of
ceramics include alloying and ductile phase toughening [4–9],
toughening via nanostructural and vacancy engineering [10–12], or
toughening by multilayered structures [13–16]. The central topic of
our work is the last-mentioned concept of multilayers; speciﬁcally,
the so-called superlattice (SL) architecture. Alternating coherently
∗

Corresponding author.
E-mail address: nikola.koutna@tuwien.ac.at (N. Koutná).

grown nanolayers of two or more materials, superlattices have
been employed to tune optical, magnetic, electronic, mechanical or
tribological properties of thin ﬁlms [15,17–22]. Pioneering studies
by Helmersson et al. [23], and by Barnett and Madan [24] revealed
that the hardness of SL ﬁlms can exceed that of their monolithic
components by about 100% when the bilayer thickness, conventionally referred to as bilayer period, reaches its “optimal” value: 5
and 9 nm in the case of TiN/VN and TiN/NbN nanolaminated coatings, respectively. Such remarkable hardness enhancement can be
understood via hindering the dislocation glide within SL layers and
across interfaces [25]. As a consequence of the dislocation-based
model, the essential prerequisite for the SL effect on hardness
is the shear modulus difference between SL-forming phases, as
demonstrated by TiN/Nbx V1−x N [26] and recently also by TiN/WN
[15] SLs. Both TiN/Nbx V1−x N and TiN/WN were designed to achieve
a signiﬁcant shear modulus difference, while minimising the effect of coherency strains by a nearly zero lattice mismatch. Recent micromechanical cantilever bending tests for TiN/CrN [16],
TiN/WN [15], and MoN/TaN [27] indicate that the SL effect can
induce also a signiﬁcant fracture toughness enhancement. Among
the proposed mechanisms are: coherency strains, misﬁt dislocation
arrays at the interface, spatially oscillating elastic moduli inﬂuenc-

https://doi.org/10.1016/j.actamat.2020.116615
1359-6454/© 2021 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access article under the CC BY-NC-ND license
(http://creativecommons.org/licenses/by-nc-nd/4.0/)
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variants of the SL model where some lattice sites remained unoccupied. Speciﬁcally, each of the 153 superlattices had 9 competing structural polymorphs in which M, X, M∗ , and X∗ sublattice contained 0, 25, or 50% of lattice vacancies, e.g. MX/M∗ X∗ ,
M0.75 X/M∗ X∗ , MX/M∗ X∗ 0.5 . In some cases, models combining more
vacancy types, e.g. MX0.5 /M∗ X∗ 0.75 , were also considered. Vacancies in SLs were distributed in an ordered manner, inspired by
the tetragonal β -Mo2 N phase prototype (I41 /amd, #141) [39], unit
cell of which can be viewed as a stacking of 2 conventional fcc
cells with 50% of N sites unoccupied. Populating half of the vacant
sites yields a model for MX0.75 structure and M0.75 X, by switching the metal, M, and nonmetal, X, sublattice. Representative structural snapshots of these vacancy modes are depicted in the Supplementary material. The overall superlattice symmetry after full
relaxation was: (i) tetragonal (P4/nmm, #129) for defect-free cells,
or (ii) orthorhombic (Pmma, #51) for cells containing lattice vacancies. The case (ii) yielded generally three different lattice constants, a, b, c (= , the bilayer period), though b differed from a
only slightly (by less than 0.7%), i.e. these cells were only slightly
non-tetragonal. Binary superlattice bulding blocks, e.g. MX, M0.75 X,
M∗ X∗ 0.5 , were modelled in a 2×2×2 replica of the 8-atom fcc cell,
in which vacancies (if desirable) were introduced according to Special Quasirandom Structure method [40]. When fully relaxed, these
fcc cells generally exhibited three slightly different lattice parameters. Imposing the macroscopic cubic√symmetry, the cubic lattice
3
parameter was calculated as a = 1/2 · V , where V denotes the supercell volume.
Chemical stability of SLs and their binary constituents was
quantiﬁed with the energy of formation

Ef =

1
s

ns

n s µs

Etot −

(1)

s

where Etot is the total energy of the supercell (corresponding to
the last ionic step in a VASP relaxation), ns and µs are the number of atoms and the chemical potential, respectively, of a species
s. Chemical potentials µs ; s =Al, Ti, Zr, Hf, Nb, V, Ta, Mo, W, C, N;
were conventionally set to the total energy per atom of fcc-Al, hcpTi, -Zr, -Hf; bcc-V, -Ta, -Mo, -W; graphite-C; and the N2 molecule,
respectively. In principle, chemical potentials depend on temperature and pressure, and can reach any value up to the limit given by
their ground state total energy, referred to as the s-rich state [41–
43]. Ab initio studies most typically omit these considerations, as
conventional chemical potentials are good trend-givers and yield
plausible agreement with experiment, hence are a straightforward
choice for the present high-throughput approach.
The stress-strain method [44–46] was applied to calculate
fourth-order elasticity tensors of the MX binaries as well as the
lowest-energy SL conﬁgurations according to the Hooke’s law. Using the Voigt’s notation, these fourth-order tensors were transformed to symmetric 6 × 6 matrices of elastic constants, {Ci j }. Positive deﬁniteness of the {Ci j } matrix (equivalent to positivity of its
minimal eigenvalue) served as a necessary and suﬃcient criterion
for a mechanical stability of the corresponding structure [47]. Imposing the macroscopic symmetry, elastic matrices for binaries and
superlattices were projected on those of a cubic and tetragonal
system, respectively, yielding 3 independent elastic constants (C11 ,
C12 , C44 ) for the cubic and 6 independent elastic constants (C11 ,
C12 , C13 , C44 , C66 ) for the tetragonal symmetry. The polycrystalline
Young’s modulus, E = 9BG/(3B + G ) was calculated using the Hill’s
average of the bulk, B, and shear modulus, G [48,49].
Rigid-block displacement method [50,51] was employed to
modell brittle cleavage of SLs and their binary constituents by sequentially increasing the separation of chosen cleavage planes from
0 (corresponding to equilibrium bond lengths) up to 6 nm. All
cleavage simulations were carried out in a 4×1×4 replica of the
conventional 8-atom rocksalt structure (resulting in a 128-atom su-

2. Methods
All simulations were performed within the framework of the
Density Functional Theory (DFT) as implemented in the Vienna
Ab-initio Simulation Package (VASP) [34,35] combined with projector augmented plane-wave (PAW) pseudopotentials [36]. Exchange and correlation effects were treated via the Perdew-BurkeErnzerhof generalized gradient approximation [37]. Total energies
were evaluated to an accuracy of 10−5 eV/atom, employing centered Monkhorst-Pack sampling of the Brillouin-zone [38] and a
plane-wave cutoff energy of 600 eV. All structures were fully optimised (in terms of atomic positions, cell shape, and volume), while
the forces on ions did not exceed 0.005 eV/Å.
Elementary building blocks of MX/M∗ X∗ superlattices; M,
M∗ = Al, Ti, Zr, Hf, Nb, V, Ta, Mo, W, and X, X∗ = C, N; were based
on the 8-atom cubic fcc structure (Fm3m), replicated 4 times in
the (001) direction to produce a cell with lattice parameters a, a,
4a. Prior to full structural relaxation, a was set to 12 (aMX + aM*X* ),
i.e. to the average value of the building blocks MX, M∗ X∗ in bulk.
The interface was orthogonal to the longest axis, hence the unrelaxed (initial) bilayer period was equal to 4a ≈ (1.6–1.9) nm. Excluding the case of M = M∗ & X = X∗ (e.g. AlC/AlC), the model
resulted in 153 superlattices: 36 carbide systems (X = X∗ = C, e.g.
TiC/MoC), 36 nitride systems (X = X∗ = N, e.g. TaN/WN), and 81
carbonitride systems (X = C, X∗ = N, e.g. AlC/AlN, AlC/VN).
Owning to their strong driving force for vacancy formation,
many cubic transition metal nitrides and carbides can be stabilised
in a wide stoichiometry range. Our study therefore assumed few
2

115

Publication VI

ing crack growth, and changes in stoichiometry together with a
stabilisation of a metastable phase at low bilayer periods. Investigations on TiN/CrN, TiN/WN, and MoN/TaN further imply that
SL architecture can be employed to develop ceramics with seemingly antagonistic properties: superior ductility, hardness, and/or
fracture toughness. Speciﬁcally, a close overlap between the hardness and fracture toughness peak was recorded for TiN/CrN [16] as
well as for TiN/WN [15] SL ﬁlms. In terms of ductility, TiN/WN
SLs clearly out-performed both their monolithic TiN and WN constituents, and ranked extraordinary high also within the family of
transition metal (carbo)nitrides. MoN/TaN showed decent ductility
and a distinct fracture toughness peak overlapping with the indentation modulus minimum [27].
The latest research on nitride-based superlattices rises high expectations. Our study starts with a simple question: do transition metal nitrides offer even better material combinations for SL
coatings? Likewise transition metal nitrides, carbides often crystallise in the cubic rocksalt phase (Fm3m, #225), are similar mechanically, and possess remarkably high melting points [28,29]. Yet
carbide- or carbonitride-based superlattices remain almost unexplored. Here we develop design guidelines for SLs that combine
transition metal (and Al-) nitrides and/or carbides in their cubic
structure. Density functional theory calculations are employed to
assess chemical and mechanical stability, theoretical ductility and
fracture toughness, as well as interfacial tensile strength of 153
MX/M∗ X∗ SLs; M, M∗ = Al, Ti, Zr, Hf, V, Nb, Ta, Mo, W, and X,
X∗ = C, N, excluding cases of M = M∗ & X = X∗ (e.g. AlC/AlC).
Lattice mismatch and shear modulus difference serve as indicators for the occurrence/signiﬁcance of the SL effect. To account
for vacancy-induced off-stoichiometry—common in nitride and carbide ceramics [30–33]—we assume 10 competing structural models including defect-free and various vacancy-stabilised SLs. The ﬁnal outcome of our high-throughput search comprises a set of the
most perspective SL candidates: the already researched TiN/WN
and MoN/TaN together with novel carbonitride SLs (e.g. NbC/MoN,
TaC/WN, VC/TaN, or HfC/WN) which are waiting to be deposited
for the ﬁrst time.
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percell), containing vacancies if desirable. Tensile load was applied
cl ,
along the c-axis. Total energy of the cleaved and relaxed cell, Etot
with the largest separation distance of 6 nm was used to calculate
sep
cl − E eq )/A, where E eq denotes
the energy of separation, E(hkl ) = (Etot
tot
tot

AlC, MoC, and WC is positive (irrespective of the structural variant), suggesting that these cubic systems are chemically unstable,
or potentially stable only under other than standard chemical potentials. Clearly, formation energy is not the only decisive factor:
additional information on elastic constants (presented later) and
phonon spectra is necessary to address mechanical and dynamical
stability.
Moving to superlattices (Fig. 1 II–III), most of them are predicted to form with 25 or 50% of vacancies on the non-metallic
(X or X∗ ) sublattice. The only SLs with metallic vacancies are
nitride–nitride combinations, MN/M∗ N, containing Ta, Nb, or W as
the M element. Depending on the second metallic element M∗ ,
however, TaN, NbN, and WN can also crystallise with N vacancies (e.g. NbN0.75 /VN), or even in a 1-to-1 stoichiometric phase
(e.g. AlN/NbN). When combined with nitrides, AlC, VC, NbC, TaC,
MoC, and WC most often adopt the MX0.5 structure (e.g. HfN/TaC0.5
SL). The only SLs with positive formation energy are AlC0.5 /MoC,
AlC/WC0.5 , and MoC/WC0.5 , i.e. combinations of carbides that
themselves possess positive formation energy. In line with energetic trends for the cubic binaries (Fig. 1 I), SLs with the overall
lowest formation energy contain TiN, ZrN, or HfN as one of the
layer materials. Consequently, TiN/ZrN, ZrN/HfN, and TiN/HfN (all
defect-free and hence, very dense) are predicted to be the most
stable ones with E f ≈ −2 eV/at.
Our results demonstrate that the most stable structural variants of SLs do not always incorporate the most stable polymorphs
of their MX, M∗ X∗ components. Nonetheless, particularly surprising is the fact that structural models with vacancies in both layer
materials, such as M0.75 X/M∗ X∗ 0.5 , did not appear as the most
stable structure even once (hence a missing label in Fig. 1 II).
A good illustration is the MoN/WN0.5 SL, in which MoN layers
are stabilised as defect-free despite the driving force for N vacancies known for the monolithic MoN, which typically stabilises
as MoN0.5 . The obvious explanation might be the simplicity of
our model: (i) small simulation cell size in the interface plane,
(ii) ordered vacancy distribution, (iii) crude steps in the vacancy
content—either 0, 25, or 50%—allowing for e.g. MoN0.75 /WN0.5 but
not for e.g. MoN0.85 /WN0.6 . The main reason, however, can be
more fundamental. High bi-axial coherency stresses at low bilayer
thicknesses may reduce vacancy formation in comparison to the
bulk state with equilibrium lattice constants. Interfaces—as defects in the electronic charge density distribution—cause Friedel
oscillations which manifest by oscillations of the (100) interplanar spacings [61]. Strong Friedel oscillations lead to severe tetragonal distortions of the originally cubic SL building blocks. Breaking the symmetry via rocksalt-to-ζ [15,62,63] phase transformation can—in a similar way as breaking the symmetry locally
by vacancies—help to stabilise materials that preferentially crystallise in other than cubic phases, e.g. TaN, MoN, WN. Clearly,
this interface-induced effect diminishes with increasing the bilayer
period. For illustration, the critical bilayer period below which
tetragonally distorted TaN formed in MoN0.5 /TaN SLs was about
5.5 nm [27].
Analysing M–M, M–X, M∗ –M∗ , and M∗ –X∗ ﬁrst and second
neighbour distances with the aid of element-resolved radial distribution function (an example is shown in the Supplementary) suggests that some vacancy-free layers of MX/M∗ X∗ SLs indeed relaxed
towards the ζ -phase. Speciﬁcally, the transformation occurred in
layers composed of vacancy-free VN, NbN, TaN, MoN, and WN;
e.g. in the TaN sublattice of TaN/MoC0.5 SL. When fully relaxed
as bulks, ζ -XN, X = Ta, Mo, W, exhibit c/a ratio of 1.22, 1.07 and
1.02, respectively, and yield signiﬁcantly lower E f than their rocksalt counterparts (for details see the Supplementary), which further underlines the driving force for their stabilisation in SLs.
Having found the lowest-energy structural polymorph for each
out of the 153 MX/M∗ X∗ SLs, Fig. 1 (II), following sections target

total energy of the cell in equlibrium and A is the surface area created by the cleavage.
Vibrational stability of selected SLs was addressed by examining
their phonon spectra with the aid of the Phonopy package [52],
employing a 2×2×1 replica of the fully relaxed SL, i.e. a 128-atom
cell in the case of fully occupied lattice sites.
3. Results and discussion
3.1. Chemical stability
Our primary search space contains MX/M∗ X∗ superlattices,
where M, M∗ = Al, Ti, Zr, Hf, Nb, V, Ta, Mo, W, and X, X∗ = C,
N. Excluding the case of M = M∗ & X = X∗ (e.g. AlC/AlC), this results in 153 systems: 36 carbide SLs (X = X∗ = C, e.g. TiC/MoC),
36 nitride SLs (X = X∗ = N, e.g. TaN/WN), and 81 carbonitride SLs
(X = C, X∗ = N, e.g. AlC/AlN, AlC/VN). The reason for adding Al to
the M elements set—otherwise composed of transition metals—are
beneﬁcial effects of Al-alloying on phase stability, oxidation resistance, and mechanical properties of nitrides, e.g. TiN [53,54], MoN
[55,56], TaN or NbN [57]. The MX/M∗ X∗ SLs are composed of cubic rocksalt building blocks, have sharp (100) interfaces and bilayer
period ≈(1.6–1.9) nm (2 times the lattice parameter of MX + 2
times the lattice parameter of the M∗ X∗ ).
The ﬁrst aim is to ﬁnd the lowest-energy structural variant
for each out of the 153 SLs by considering 10 competing polymorphs with 0, 25, or 50% of vacancies on either the M, X, M∗ ,
X∗ sublattice, or combining some of them. These structural models reﬂect the fact that physical vapour deposited (PVD) coatings
containing group 4–6 transition metal nitrides/carbides (MX) are
often stabilised by metallic (M) or non-meatallic (X) vacancies,
content of which can reach up to 50% [5,30,31,58,59]. Nevertheless, SLs with low bilayer periods do not simply combine/average
properties of their monolithic components. For example, while
the most stable variant of the cubic MoN and TaN is MoN0.5
and Ta0.75 N, respectively, the chemistry of MoN/TaN SLs with bilayer period ≤ 5.5 nm is MoN0.5 /TaN [11]. The intuitively expected
metal-substoichiometric Ta0.75 N stabilises for higher layer thicknesses. To pinpoint this anomaly, we brieﬂy overview the impact
of vacancies on the energetics of cubic MX phases (Fig. 1, panel I)
prior to discussing SLs (Fig. 1, panel II–III).
Already simple variants of the rocksalt AlC, MoC, WC, NbN, TaN,
MoN, and WN phase with ordered vacancies yield lower formation energy, E f , than their defect-free counterparts (Fig. 1, panel I).
Consequently, typical experimental conditions—mimicked by standard chemical potentials—should favour off-stoichiometric structures. Indeed such strong driving force of cubic MN (M = Nb, Ta,
Mo, W) for vacancies has been frequently reported [30,31,43,58].
Distributing vacancies in a disordered manner can strengthen this
effect even at 0 K without accounting for conﬁguration entropy
[58]. However, as vacancy disorder requires suﬃciently “large”—
and thus computationally heavier—cells, we chose an ordered distribution based on variants of the teragonal β -MoN0.5 [39], consisting of two fcc cells, with 1/2 of N sites vacant, stacked along
(001). Despite cubic VN, TiC, ZrC, VC, NbC, and TaC prefer fully occupied lattice sites, subtle energetic differences between the perfect and defected polymorphs may vanish under a small change of
chemical potentials or at ﬁnite temperatures [5,60]. Since metallic
vacancies in carbides show the highest E f , they are very unlikely.
On the other hand, NbN, TaN, MoN, and WN can potentially crystallise in a metal-deﬁcient cubic structure. All the lowest-energy
polymorphs of nitrides yield E f < 0, while formation energy of
3
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Fig. 1. (I) Formation energy of MX binaries—(a) carbides, X = C, and (b) nitrides, X = N—in the cubic rocksalt phase with fully occupied lattice sites (MX) or containing
vacancies (M0.75 X, MX0.75 , MX0.5 ). (II) The most stable structural variants (marked by different symbols) of MX/M∗ X∗ SLs with cubic rocksalt building blocks. The two shades
of grey denote sublattice occupation y = {0.5, 0.75} in the case vacancies are present. If a box is empty (no symbol), the corresponding SL is already plotted (e.g. if AlN/TiN
SL is plotted, the box for TiN/AlN remains empty). (III) Formation energies corresponding to conﬁgurations in panel (II). The crosses denote chemically unstable SLs with
positive formation energy.

on selection of the most promising (MX, M∗ X∗ ) elemental combinations.

toughness formula [67]

K1C (100 ) =

3.2. Theoretical ductility, fracture toughness, and interface strength

4 · E(sep
E
100 ) <100>

(2)
sep

considers the energy of separation, E(100 ) , of two atomic planes, i.e.
a perfectly brittle fracture, together with the directional Young’s
modulus, E<100> . Typical experimental setup of in situ microcantilever bending tests for SL coatings [15,16] motivates our assumption that brittle fracture happens in the direction perpendicular to
interfaces; or analogically along (100) when dealing with MX binaries. Clearly, this is only one of somewhat realistic—but still largely
simpliﬁed—scenarios and other low-index directions, such as (110)
or (111), should be considered in further studies.
Prior to evaluating ductility and fracture toughness estimates,
even more fundamental assumption was tested: mechanical stability of all superlattices (in their lowest-energy structural variant, see Fig. 1). The necessary and suﬃcient criterion, irrespec-

Transition metal nitrides and carbides show excellent hightemperature strength and heat resistance, but critically lack in ductility and fracture toughness. While both ductility and fracture
toughness are very complex phenomena, their estimates derived
from valence electron concentration, elastic constants, and energy
of separation can serve as reliable trend-givers [6,64]. Speciﬁcally,
shear to bulk modulus ratio, G/B, together with Cauchy pressure
divided by polycrystalline Young’s modulus, PCauchy , separate brittle from ductile materials, for which G/B < 0.5 and PCauchy /E > 0
[65,66]. Such boundary, however, should not be understood as a
strict line but rather as an indicator showing which of two/more
materials is/are more ductile (less brittle). The applied fracture
4
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Fig. 2. Qualitative comparison of (a) carbide, (b) nitride, and (c) carbonitride SLs in terms of brittleness/ductility estimated using conventional limits for the Cauchy pressure
to Young’s modulus ratio, PCauchy /E, and the shear to bulk modulus ratio, B/G. The colour code (left legend) is based on the theoretical fracture toughness, K1C . Panels (d) and
(e) depict equally evaluated data for binary components of ductile SLs as identiﬁed in (a–c).

tive of the crystal symmetry, is the positive deﬁniteness of the
6×6 elastic matrix, Ci j [47]. Consequently, further analysis excludes
the mechanically unstable MoN0.5 /ZrN, TaN/W0.5 N, AlC0.5 /MoN,
MoC0.5 /WN, and WC0.5 /MoN SLs.
Four out of 36 mechanically stable carbide SLs shows G/B < 0.5
& PCauchy /E > 0, indicating good ductility (Fig. 2a). Among them
√
only HfC/VC0.5 yields reasonable fracture toughness ≈2.5 MPa m,
comparable to that of TiN, HfN, or HfC (Fig. 2d,e). Speciﬁcally,
theoretical K1C of the cubic TiN—as a typical benchmark ma√
terial within (carbo)nitride thin ﬁlms—reaches ≈ 2.52 MPa m,
√
which falls within 2.5–2.9 MPa m recorded experimentally via
in situ microcantilever bending tests [15,68]. Majority of carbide
SLs supports the common hypothesis that high fracture toughness is traded for brittleness. Following Balasubramanian et al.
[64], brittleness of carbide SLs (MC/M∗ C) can be attributed to
the strong covalent bonding of their binary constituents (MC and
M∗ C). On the other hand nitride and carbonitrides SLs (Fig. 2b,c)
are excellent counter-examples: many of them combine exceptional ductility with superior fracture toughness, as compared

to the class of ceramics [8,69]. In line with previous studies
[7,12,64,70–72], the most ductile SLs contain VN, NbN, TaN, MoN,
or WN; or their vacancy-stabilised variants: VN0.75 , VN0.5 , NbN0.75 ,
Ta0.75 N, MoN0.5 , or WN0.5 , all having high valence electron concentration, VEC, of 8–10. Restricting ourselves to ductile SLs with
X = X∗ =N, the second nitride, M∗ X∗ , is either again one of the
above (i.e. intrinsically ductile), or a rather brittle but very stable
TiN, ZrN, or HfN predominantly crystallising in 1:1 stoichiometric rocksalt phase. This perfectly supports Sangiovanni’s suggestion that structural metastability—via combining transition metal
nitrides that prefer different phases (cubic and hexagonal)—and
electronic effects (high valence electron concentration) result in
superior toughness [73]. Nitride SLs exhibiting superior ductil√
ity and fracture toughness—above 2.5 MPa m ≈ K1C (TiN )—always
∗
∗
contain Mo or W: MoN0.5 /M N, M = Ti, Hf, Nb, Ta; and WN0.5 /M∗ ,
M∗ = Ti, Zr, Hf, V, Mo. Applying the same criteria, ductile and
fracture-tough carbonitride SLs include HfN/M∗ C0.5 , M∗ = Mo,
W; VN/M∗ C, M∗ C = TiC, ZrC, TaC0.75 ; NbN/M∗ C, M∗ C = NbC0.75 ,
TaC0.75 , MoC0.5 , WC0.5 ; TaN/M∗ C, M∗ C = NbC0.75 , TaC0.75 , MoC0.5 ,

5
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Energies and (II) stresses for brittle cleavage of (a) carbide, (b) nitride, and (c) carbonitride SLs cleaved perpendicularly to interfaces. The data correspond to
polymorphs as presented in Fig. 1 (II), e.g. the NbN–HfN and NbN–VN boxes stand for Nb0.75 N/HfN and NbN0.75 /VN SLs, respectively. The crosses mark meunstable SLs. The bold squares guide the eye for promising SLs candidates, i.e. chemically and mechanically stable, with moderate-to-high fracture toughness
√
MPa m ≈ K1C (TiN )) and ductility (PCauchy /E > 0 & G/B < 0.5)).

WC0.5 ; MoN0.5 /TaC; WN0.5 /M∗ C, M∗ = V, Nb, Ta. Most of
the above pre-ﬁltered SLs also show improved ductility and/or
fracture toughness compared to their binary constituents, see
Fig. 2(d,e).
Polycrystalline elastic moduli (B, G, E) as well as the directional
Young’s modulus (E<100> ) do not only enter ductility estimates
[65,66] and the K1C formula, Eq. (2), but are of interest themselves.
Depicted in the Supplementary, bulk moduli of all SLs except of
those containing Al are found within 220–320 GPa. Shear moduli
reach from 50 to 210 GPa, while the so far most promising ductile and fracture tough SLs fall to the lower part of the range (50–
150 GPa). Trends for shear moduli are closely reproduced by polycrystalline Young’s moduli which vary between ≈ 50 and 500 GPa.
For comparison the calculated B, G, and E moduli of TiN are 279,
183, and 451 GPa, respectively. In this context we recall the ratio
between the indentation hardness and modulus, H/E, often employed as an empirical toughness indicator [74–76]. Rather low Emoduli predicted for our most perspective SL candidates therefore
further underline their potential for high toughness.
Interface strength of all mechanically stable SLs was qualitatively compared employing the rigid block displacement method
[50]. The energetic cost of crack initiation perpendicularly to SL
interfaces was estimated by monitoring the total energy proﬁle
during brittle cleavage, i.e. stretching bonds between two selected
planes step-wise up to the fracture point. The point of fracture deﬁnes the maximum stress, σc , perpendicular to cleavage planes. Increasing the separation distance beyond the fracture point leads to
the saturation of the total energy. The (unrelaxed) energy plateau
is referred to as cleavage energy, Ec . According to Fig. 3, the highest
cleavage energy and stress is predicted for carbide and carbonitride
SLs containing VC, NbC, TaC, MoC, WC, or their vacancy-stabilised
polymorphs. With Ec and σc of about 4.8–4.9 Jm−2 and 36–38 GPa,
respectively, TiC/WC0.5 , TaC/WC0.5 , WN/WC0.5 rank the highest.

For comparison, Řehák et al. [50] reported Ec ≈ 3.0–3.2 Jm−2 and
σc ≈ 28–33 GPa for the cubic rocksalt AlN, TiN, and VN. Our own
reference values reach 2.6–3.0 Jm−2 and 27–29 GPa, respectively,
where the differences might stem from a smaller supercell size.
HfC/VC0.5 , the only carbide SLs that is both ductile and reasonably
fracture resistant, yields moderate Ec and σc values of 3.8 Jm−2
and 31 GPa, respectively. Comparable or slightly higher energies
and stresses for brittle cleavage are predicted for the most promising nitride SLs, identiﬁed previously in Fig. 2 (b), e.g. HfN/MoN0.5
or TiN/WN0.5 . Designing SLs that combine nitrides and carbides—
especially those including TaN, TaC, or WC—appears to be a vital strategy to achieve ductility, high tensile strength, and reasonable fracture resistance. Fig. 3 further reveals that cleavage energies and stresses do not follow exactly the same trend. Especially
for MN/M∗ N SLs, Ec of these containing Al and/or group 4 nitrides
is notably below Ec of SL based on the group 5–6 nitrides; while
their σc does not differ much.
So far the overall most auspicious SL candidates—with negative formation energy, mechanical stability, high interface strength,
√
theoretical ductility, and fracture toughness above 3 MPa m—are
∗
∗
∗
TaN/M C0.5 , M = V, Mo, W; and TaC/M N0.5 , M = Mo, W. Notably,
all represent a carbide–nitride combination, contain Ta as one of
the metallic elements, and form non-metallic vacancies.
3.3. Lattice and shear modulus mismatch between layer constituents
Although some of MX/M∗ X∗ SLs offer high ductility, fracture
toughness and interface strength, further aspects must be considered prior to experimental synthesis. From the deﬁnition SLs require coherent growth. This leads to the assumption of a “reasonable” lattice mismatch, a = |aMX − aM*X* |, where MX and M∗ X∗
have the same vacancy content as the corresponding superlattice
layers. Material combinations like NbC–TaC, TiN–WN0.5 , or TaN–
6
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TaC0.75 yield essentially zero lattice mismatch (Fig. 4 I). While this
positively contributes to coherency, SL-induced enhancement of
certain mechanical properties might be signiﬁcantly diminished.
Buchinger et al. [15] proved that SLs with negligible lattice mismatch can exhibit a pronounced SL effect if their layer components
exhibit large shear modulus mismatch, G = |GMX − GM*X* | (where
again the reference MX and M∗ X∗ materials should have comparable chemistry as they adopt in the SL). In particular, magnetronsputtered SL TiN/WN0.5 ﬁlms showed overlapping peaks for both
hardness and fracture toughness, which further exceeded reference values for monolithic TiN and WN0.5 , differing in G by about
60 GPa. SLs that combine materials with fairly matched shear moduli ( G < 30GPa) are of interest in the case they present a suﬃciently “large” lattice mismatch, as the associated coherency strains
(and the consequential stresses) impede crack growth across interfaces. Excellent example are MoN/TaN SL, with a ≈ 0.225 Å and
G ≈ 30 GPa, showing a distinct fracture toughness peak at the bilayer period of ≈5.5 nm but no signiﬁcant hardness enhancement
[27].
Final criteria to narrow the set of promising SLs—chemically
and mechanically stable, ductile, with moderate-to-high K1C and
interface strength (above that of TiN)—were the following: G >
40 GPa and/or a > 0.2 Å. Therefore, simultaneously low lattice
and shear modulus mismatch excluded NbN/MC0.75 , M = Nb, Ta;
and TaN/MC0.75 , M = Nb, Ta. With G ≈ 80–120 GPa and a ≈
0.5–0.6 Å, HfC/VC0.5 , ZrN/VC0.5 , and HfN/VC0.5 SLs rank remarkably high in both categories but one may see the lattice mismatch
as too large to achieve coherent growth. Nitride SLs, MoN0.5 /M∗ N,
M∗ = Hf, Nb, Ta; WN0.5 /M∗ N, M∗ = Hf, Zr, and carbonitride SLs,
TaC/M∗ N0.5 , M∗ = Mo, W; show high yet reasonable a ≈ 0.2–
0.4 Å, while their shear modulus differences do not exceed 33 GPa.
TiN perfectly matches lattice parameter of MoN0.5 and WN0.5 but
exceeds their shear moduli by about 60 GPa, making TiN/MoN0.5

and TiN/WN0.5 chanceful SL candidates. Experiments targeting on
SLs composed of materials notably different in both a and G should
focus on HfC/MN0.5 , M∗ = Mo, W; NbC/MN0.5 , M∗ = Mo, W;
VC0.5 /TaN with a ≈0.26–0.43 Å and G ≈55–80 GPa.
3.4. Top candidates for novel superlattices
Our analysis uncovered 7 nitride–nitride (MN/M∗ N) and 9
carbide–nitride (MC/M∗ N) systems as promising candidates for
excellent superlattice coatings. Among the former ones are
MoN0.5 /M∗ N, M∗ = Ti, Hf, Nb, Ta; WN0.5 /M∗ N, M∗ = Ti, Zr, Hf,
while the latter include HfC/M∗ N0.5 , M∗ = Mo, W; NbC/M∗ N0.5 ,
M∗ = Mo, W; TaC/M∗ N0.5 , M∗ = Mo, W; VC0.5 /M∗ N, M∗ = Hf, Ta;
VC0.75 /ZrN. Noteworthily, all SLs stabilise with vacancies on one of
the non-metallic sublattices. While most of the top SL candidates
have never been explored, the credibility of our predictions underpin especially the ones that have already proven their excellent
mechanical properties: TiN/WN and MoN/TaN [11,15,27]. Furthermore, the intrinsically high toughness of Tix W1−x N and Zrx W1−x N
solid solutions also points towards TiN/WN and ZrN/WN as potentially interesting SL candidates [73,77].
Vibrational stability addressed with the aid of phonon spectra (see the Supplementary material) provides additional argument
for feasibility of the proposed SLs. Our calculations reveal that
MoN0.5 /MN, M = Nb, Ta, Ti; WN0.5 /TiN; HfC/M∗ N0.5 , M∗ = Mo, W;
NbC/M∗ N0.5 , M∗ = Mo, W; TaC/M∗ N0.5 , M∗ = Mo, W; VC0.5 /M∗ N,
M∗ = Hf, Ta; and VC0.75 /ZrN yield no imaginary phonon frequencies, hence are dynamically stable. Already the low c44 lattice constant (below 10 GPa) calculated for ZrN/WN0.5 , HfN/MoN0.5 , and
HfN/WN0.5 indicate that these SLs are close to mechanical instability and the presence of imaginary frequencies in their phonon
spectra is therefore no surprise. However, only slightly non-zero
phonon DOS in the imaginary frequency region predicted for some
7
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Fig. 4. (I) Lattice mismatch and (II) shear modulus differences for the energetically most stable MX/M∗ X∗ SLs, as depicted in Fig. 1 with respect to their (vacancy-containing)
MX and M∗ X∗ components. The crosses mark mechanically unstable SLs, while stars denote SL for which one or both binary components are mechanically unstable as
equilibrium bulks. The bold squares guide the eye for promising SLs candidates, i.e. chemically and mechanically stable, with moderate-to-high fracture toughness (K1C >
√
2.5 MPa m ≈ K1C (TiN )) and ductility (PCauchy /E > 0 & G/B < 0.5)).
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Table 1
Selected structural, mechanical and cleavage properties of the proposed top SL candidates: energy of formation, E f (in eV/at.); lattice and shear modulus mismatch,

a and

MN

M∗ N

SL

Ef

MoN
MoN
MoN
TiN

NbN
TaN
TiN
WN

MoN0.5 /NbN
MoN0.5 /TaN
MoN0.5 /TiN
TiN/WN0.5

−0.741
−0.719
−1.28
−1.201

MC

M∗ N

SL

Ef

HfC
HfC
NbC
NbC
TaC
TaC
VC
VC
VC

MoN
WN
MoN
WN
MoN
WN
HfN
TaN
ZrN

HfC/MoN0.5
HfC/WN0.5
NbC/MoN0.5
NbC/WN0.5
TaC/MoN0.5
TaC/WN0.5
VC0.5 /HfN
VC0.5 /TaN
VC0.75 /ZrN

−0.797
−0.738
−0.459
−0.391
−0.502
−0.428
−1.214
−0.704
−1.099

a
0.21
0.21
0.04
0.03
a
0.43
0.43
0.27
0.26
0.26
0.26
0.49
0.38
0.57

G
8
4
60
58
G
56
55
80
78
33
32
94
67
84

C11

C12

C13

C33

C44

C66

B

G

E

E<100>

G/B

PCauchy

Ec

σc

K1C

550
609
576
596

159
161
133
139

210
213
161
181

409
377
503
546

56
62
70
78

136
136
151
159

295
302
285
304

99
106
124
133

268
285
326
347

433
485
511
524

0.34
0.35
0.44
0.44

154
151
91
103

3.88
4.03
3.76
3.87

30.77
32.03
30.21
31.47

2.59
2.8
2.77
2.85

C11

C12

C13

C33

C44

C66

B

G

E

E<100>

G/B

PCauchy

Ec

σc

K1C

461
466
580
608
621
642
531
631
484

94
103
126
137
130
141
98
118
88

150
176
155
180
159
187
130
150
128

479
513
545
586
551
601
344
288
341

65
81
46
58
28
45
67
85
57

150
155
155
159
159
161
135
119
120

243
260
286
311
299
324
232
250
220

112
122
109
121
95
113
112
122
99

291
318
290
322
258
304
290
315
259

409
401
523
540
563
572
478
549
432

0.46
0.47
0.38
0.39
0.32
0.35
0.48
0.49
0.45

85
95
109
122
131
142
63
65
71

3.9
3.99
3.94
4.05
4.08
4.18
3.93
4.29
3.68

29.5
30.37
30.9
32.04
32.54
33.64
31.9
35.64
29.32

2.53
2.53
2.87
2.96
3.03
3.09
2.74
3.07
2.52

other SL candidates (e.g. MoN0.5 /TaN, HfC/WN0.5 ) does not imply they are impossible to produce but rather pinpoints limitations of our model featuring ordered vacancies. In particular, imaginary phonon frequencies represent the situation when atoms displaced due to lattice vibrational waves remain trapped in a local
energy minimum corresponding to other than equilibrium lattice
sites. Such displacements are typically modelled in a supercell containing several replicas of the investigated structure [52,78]. Lateral
sizes of our SLs (all containing vacancies) thus enlarge enough to
allow for modelling local symmetry decrease via relaxations further from the perfect fcc lattice sites (caused by lattice vibrations),
hence resembling locally to a disordered vacancy model or to a
lower-symmetry (e.g. hexagonal) phase. Using this argumentation
it is no surprise that the dynamically unstable SLs contained WN0.5
and MoN0.5 —favouring vacancy disorder[30,58]—as one of their binary constituents.
In view of all the performed calculations, Table 1 details energetic, structural, mechanical, and cleavage properties of SLs we
identiﬁed as the top candidates for novel nanolaminated coatings.
These candidates are chemically, mechanically and dynamically
stable (E f < 0, Ci j matrix positive deﬁnite, no imaginary phonon
frequencies), ductile (G/B < 0.5 & PCauchy /E > 0), exhibit moderate√
to-high fracture toughness (K1C > 2.5 MPa m ≈ K1C (TiN )), interface strength (high cleavage energy and cleavage stress), together
with signiﬁcant lattice and/or elastic mismatch ( a > 0.2Å and/or
G > 40 GPa) promoting the superlattice effect of hardness and
fracture toughness enhancement.

Chemical and mechanical stability, high theoretical ductility in
combination with moderate-to-high fracture toughness and interface strength (above that of TiN) served as ﬁrst ﬁlters in ﬁnding the most promising SL systems. Intrinsic brittleness and low
theoretical K1C ruled out carbide-based superlattices, with the exception of HfC/VC0.5 . Contrarily, the best ranking candidates included TaN/M∗ C0.5 , M = V, Mo, W; and TaC/M∗ N0.5 , M∗ = Mo, W,
especially owning to their high theoretical fracture toughness (>
√
3 MPa m) which assumed brittle failure to occur perpendicularly
to SL interfaces. Though largely simpliﬁed, such crack-formation
scenario is in line with recent in situ microcantilever bending
tests for magnetron-sputtered TiN/CrN, TiN/WN, or MoN/TaN SL
ﬁlms [15,16,27]. Excellent mechanical properties recently recorded
for SLs with bilayer periods as low as 1.4–2.5 nm [11,79] further
underpin the relevance of our guidelines for lab-scale deposited
nanolaminates.
Industrial potential of the investigated MX/M∗ X∗ SLs primarily stems from the effect of nanolayered arrangement that possibly leads to a hardness and/or toughness enhancement, even
above the limits of the MX, M∗ X∗ constituents. Key ingredients
promoting such effect are “signiﬁcant” differences in lattices parameter and shear modulus of MX and M∗ X∗ . Together with
the requirement of vibrational stability, these additional criteria
yield MoN0.5 /MN, M = Nb, Ta, Ti; WN0.5 /TiN (nitride SLs); and
HfC/M∗ N0.5 , M∗ = Mo, W; NbC/M∗ N0.5 , M∗ = Mo, W; TaC/M∗ N0.5 ,
M∗ = Mo, W; VC0.5 /M∗ N, M∗ = Hf, Ta; VC0.75 /ZrN (carbonitride SLs)
as the overall most promising candidates for novel nanolaminated
coatings.

4. Summary and conclusions
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G of the layer components (in Å and GPa, respectively); elastic constants Ci j (in GPa); polycrystalline bulk, shear, and Young’s modulus, B, G, E (in GPa); directional Young’s
modulus, E<100> (in GPa); the B/G ratio and Cauchy pressure (in GPa) indicating ductile character; cleavage energy and stress, Ec and σc (in J/m2 and GPa, respectively); and
√
theoretical fracture toughness, K1C (in MPa m).
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[22] N. Koutná, P. Řehák, Z. Chen, M. Bartosik, M. Fallmann, M. Černý, Z. Zhang,
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Chapter

5

Summary and Conclusions
In this thesis I employed quantum-mechanical density functional theory calculations to design
nanolaminated thin ﬁlms based on transition metal nitrides. Motivated by recent literature
reports, the superlattice architecture was introduced as an elegant concept to improve industrially important properties of nitride ceramics, especially their hardness and fracture resistance, as well as to control formation of metastable phases. General description of transition
metal nitrides—in terms of their typical applications, phases and compositions, structural
stability, and mechanical properties—allowed to see the selected MoN/TaN, TiN/WN, and
AlN/TiN superlattice systems in a wider context of nitride-based ceramic materials. The
thesis further overviewed fundamental concepts of the Density Functional Theory (DFT),
the primary method applied within the practical part.
The core chapter of the thesis demonstrated my contribution to the ﬁeld, as illustrated by 6
most important publications. The remaining studies I (co-)authored show that my scientiﬁc
work was not strictly limited to superlattices and transition metal nitrides. Among key results of my doctoral research is the hypothesis on the ζ-phase stabilisation in superlattices;
the linear-elasticity model for calculating eﬀective elastic constants of superlattices with various layer thicknesses and the validation of the model against experimental data for MoN/TaN
and TiN/WN superlattices; ﬁnding a cut of the 3D (chemical-potential-dependent) phase
diagram for MoN/TaN that well represents speciﬁc deposition conditions; as well as the
prediction of yet completely unexplored carbonitride superlattices with a great potential for
hardness and fracture toughness enhancement.
Future work could focus especially on experimental proof of the ζ-phase stabilisation (in
superlattices containing group V–VI transition metal nitrides) at low bilayer periods, although few experimental hints have been presented already in this work. Furthermore,
carbonitrides superlattices (some of which I studied already during my Ph.D.) as well as
superlattices with cubic/hexagonal interfaces, such as nitride/boride, present an extremely
interesting topic which could lead to novel exceptionally hard and fracture-tough thin ﬁlms.
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