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A B S T R A C T   

Metal additive manufacturing (AM) has now become the perhaps most desirable technique for producing 
complex shaped engineering parts. However, to truly take advantage of its capabilities, advanced control of AM 
microstructures and properties is required, and this is often enabled via modeling. The current work presents a 
computational modeling approach to studying the solid-state phase transformation kinetics and the micro
structural evolution during AM. Our approach combines thermal and thermo-kinetic modelling. A semi- 
analytical heat transfer model is employed to simulate the thermal history throughout AM builds. Thermal 
profiles of individual layers are then used as input for the MatCalc thermo-kinetic software. The microstructural 
evolution (e.g., fractions, morphology, and composition of individual phases) for any region of interest 
throughout the build is predicted by MatCalc. The simulation is applied to an IN738 part produced by electron 
beam powder bed fusion to provide insights into how γ′ precipitates evolve during thermal cycling. Our simu
lations show qualitative agreement with our experimental results in predicting the size distribution of γ′ along the 
build height, its multimodal size character, as well as the volume fraction of MC carbides. Our findings indicate 
that our method is suitable for a range of AM processes and alloys, to predict and engineer their microstructures 
and properties.   

1. Introduction 

Additive manufacturing (AM) is an advanced manufacturing method 
that enables engineering parts with intricate shapes to be fabricated 
with high efficiency and minimal materials waste. AM involves building 
up 3D components layer-by-layer from feedstocks such as powder [1]. 
Various alloys, including steel, Ti, Al, and Ni-based superalloys, have 
been produced using different AM techniques. These techniques include 
directed energy deposition (DED), electron- and laser powder bed fusion 
(E-PBF and L-PBF), and have found applications in a variety of industries 
such as aerospace and power generation [2–4]. Despite the growing 
interest, certain challenges limit broader applications of AM fabricated 
components in these industries and others. One of such limitations is 
obtaining a suitable and reproducible microstructure that offers the 

desired mechanical properties consistently. In fact, the AM as-built 
microstructure is highly complex and considerably distinctive from its 
conventionally processed counterparts owing to the complicated ther
mal cycles arising from the deposition of several layers upon each other 
[5,6]. 

Several studies have reported that the solid-state phases and solidi
fication microstructure of AM processed alloys such as CMSX-4, CoCr [7, 
8], Ti-6Al-4V [9–11], IN738 [6], 304L stainless steel [12], and IN718 
[13,14] exhibit considerable variations along the build direction. For 
instance, references [9,10] have reported that there is a variation in the 
distribution of α and β phases along the build direction in Ti-alloys. 
Similarly, the microstructure of an L-PBF fabricated martensitic steel 
exhibits variations in the fraction of martensite [15]. Furthermore, some 
of the present authors and others [6,16–20] have recently reviewed and 
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reported that there is a difference in the morphology and fraction of 
nanoscale precipitates as a function of build height in Ni-based super
alloys. These non-uniformities in the as-built microstructure result in an 
undesired heterogeneity in mechanical and other important properties 
such as corrosion and oxidation [19,21–23]. To obtain the desired 
microstructure and properties, additional processing treatments are 
utilized, but this incurs extra costs and may lead to precipitation of 
detrimental phases and grain coarsening. Therefore, a through-process 
understanding of the microstructure evolution under repeated heating 
and cooling is now needed to further advance 3D printed microstructure 
and property control. 

It is now commonly understood that the microstructure evolution 
during printing is complex, and most AM studies concentrate on the 
microstructure and mechanical properties of the final build only. Post- 
printing studies of microstructure characteristics at room temperature 
miss crucial information on how they evolve. In-situ measurements and 
modelling approaches are required to better understand the complex 
microstructural evolution under repeated heating and cooling. Most in- 
situ measurements in AM focus on monitoring the microstructural 
changes, such as phase transformations and melt pool dynamics during 
fabrication using X-ray scattering and high-speed X-ray imaging 
[24–27]. For example, Zhao et al. [25] measured the rate of solidifica
tion and described the α/β phase transformation during L-PBF of 
Ti-6Al-4V in-situ. Also, Wahlmann et al. [21] recently used an L-PBF 
machine coupled with X-ray scattering to investigate the changes in 
CMSX-4 phase during successive melting processes. Although these 
techniques provide significant understanding of the basic principles of 
AM, they are not widely accessible. This is due to the great cost of the 
instrument, competitive application process, and complexities in terms 
of the experimental set-up, data collection, and analysis [26,28]. 

Computational modeling techniques are promising and more widely 
accessible tools that enable advanced understanding, prediction, and 
engineering of microstructures and properties during AM. So far, the 
majority of computational studies have concentrated on physics based 
process models for metal AM, with the goal of predicting the tempera
ture profile, heat transfer, powder dynamics, and defect formation (e.g., 
porosity) [29,30]. In recent times, there have been efforts in modeling of 
the AM microstructure evolution using approaches such as phase-field 
[31], Monte Carlo (MC) [32], and cellular automata (CA) [33], 
coupled with finite element simulations for temperature profiles. How
ever, these techniques are often restricted to simulating the evolution of 
solidification microstructures (e.g., grain and dendrite structure) and 
defects (e.g., porosity). For example, Zinovieva et al. [33] predicted the 
grain structure of L-PBF Ti-6Al-4V using finite difference and cellular 
automata methods. However, studies on the computational modelling of 
the solid-state phase transformations, which largely determine the 
resulting properties, remain limited. This can be attributed to the 
multi-component and multi-phase nature of most engineering alloys in 
AM, along with the complex transformation kinetics during thermal 
cycling. This kind of research involves predictions of the thermal cycle in 
AM builds, and connecting it to essential thermodynamic and kinetic 
data as inputs for the model. Based on the information provided, the 
thermokinetic model predicts the history of solid-state phase micro
structure evolution during deposition as output. For example, a 
multi-phase, multi-component mean-field model has been developed to 
simulate the intermetallic precipitation kinetics in IN718 [34] and 
IN625 [35] during AM. Also, Basoalto et al. [36] employed a compu
tational framework to examine the contrasting distributions of 
process-induced microvoids and precipitates in two Ni-based superal
loys, namely IN718 and CM247LC. Furthermore, McNamara et al. [37] 
established a computational model based on the Johnson-Mehl-Avrami 
model for non-isothermal conditions to predict solid-state phase trans
formation kinetics in L-PBF IN718 and DED Ti-6Al-4V. These models 
successfully predicted the size and volume fraction of individual phases 
and captured the repeated nucleation and dissolution of precipitates that 
occur during AM. 

In the current study, we propose a modeling approach with appre
ciably short computational time to investigate the detailed microstruc
tural evolution during metal AM. This may include obtaining more 
detailed information on the morphologies of phases, such as size dis
tribution, phase fraction, dissolution and nucleation kinetics, as well as 
chemistry during thermal cycling and final cooling to room temperature. 
We utilize the combination of the MatCalc thermo-kinetic simulator and 
a semi-analytical heat conduction model. MatCalc is a software suite for 
simulation of phase transformations, microstructure evolution and 
certain mechanical properties in engineering alloys. It has successfully 
been employed to simulate solid-state phase transformations in Ni-based 
superalloys [38,39], steels [40], and Al alloys [41] during complex 
thermo-mechanical processes. MatCalc uses the classical nucleation 
theory as well as the so-called Svoboda-Fischer-Fratzl-Kozeschnik 
(SFFK) growth model as the basis for simulating precipitation kinetics 
[42]. Although MatCalc was originally developed for conventional 
thermo-mechanical processes, we will show that it is also applicable for 
AM if the detailed time-temperature profile of the AM build is known. 
The semi-analytical heat transfer code developed by Stump and Plot
kowski [43] is used to simulate these profile throughout the AM build. 

1.1. Application to IN738 

Inconel-738 (IN738) is a precipitation hardening Ni-based superalloy 
mainly employed in high-temperature components, e.g. in gas turbines 
and aero-engines owing to its exceptional mechanical properties at 
temperatures up to 980 ◦C, coupled with high resistance to oxidation 
and corrosion [44]. Its superior high-temperature strength (~1090 MPa 
tensile strength) is provided by the L12 ordered Ni3(Al,Ti) γ′ phase that 
precipitates in a face-centered cubic (FCC) γ matrix [45,46]. Despite 
offering great properties, IN738, like most superalloys with high γ′ 
fractions, is challenging to process owing to its propensity to hot 
cracking [47,48]. Further, machining of such alloys is challenging 
because of their high strength and work-hardening rates. It is therefore 
difficult to fabricate complex INC738 parts using traditional 
manufacturing techniques like casting, welding, and forging. 

The emergence of AM has now made it possible to fabricate such 
parts from IN738 and other superalloys. Some of the current authors’ 
recent research successfully applied E-PBF to fabricate defect-free IN738 
containing γ′ throughout the build [16,17]. The precipitated γ′ were 
heterogeneously distributed. In particular, Haghdadi et al. [16] studied 
the origin of the multimodal size distribution of γ′, while Lim et al. [17] 
investigated the gradient in γ′ character with build height and its cor
relation to mechanical properties. Based on these results, the present 
study aims to extend the understanding of the complex and site-specific 
microstructural evolution in E-PBF IN738 by using a computational 
modelling approach. New experimental evidence (e.g., micrographs not 
published previously) is presented here to support the computational 
results. 

2. Materials and Methods 

2.1. Materials preparation 

IN738 Ni-based superalloy (59.61Ni-8.48Co-7.00Al-17.47Cr-3.96Ti- 
1.01Mo-0.81W-0.56Ta-0.49Nb-0.47C-0.09Zr-0.05B, at%) gas-atomized 
powder was used as feedstock. The powders, with average size of 60 
± 7 µm, were manufactured by Praxair and distributed by Astro Alloys 
Inc. An Arcam Q10 machine by GE Additive with an acceleration voltage 
of 60 kV was used to fabricate a 15 × 15 × 25 mm3 block (XYZ, Z: build 
direction) on a 316 stainless steel substrate. The block was 3D-printed 
using a ’random’ spot melt pattern. The random spot melt pattern in
volves randomly selecting points in any given layer, with an equal 
chance of each point being melted. Each spot melt experienced a dwell 
time of 0.3 ms, and the layer thickness was 50 µm. Some of the current 
authors have previously characterized the microstructure of the very 
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same and similar builds in more detail [16,17]. A preheat temperature of 
~1000 ◦C was set and kept during printing to reduce temperature gra
dients and, in turn, thermal stresses [49–51]. Following printing, the 
build was separated from the substrate through electrical discharge 
machining. It should be noted that this sample was simultaneously 
printed with the one used in [17] during the same build process and on 
the same build plate, under identical conditions. 

2.2. Microstructural characterization 

The printed sample was longitudinally cut in the direction of the 
build using a Struers Accutom-50, ground, and then polished to 0.25 µm 
suspension via standard techniques. The polished x-z surface was elec
tropolished and etched using Struers A2 solution (perchloric acid in 
ethanol). Specimens for image analysis were polished using a 0.06 µm 
colloidal silica. Microstructure analyses were carried out across the 
height of the build using optical microscopy (OM) and scanning electron 
microscopy (SEM) with focus on the microstructure evolution (γ′ pre
cipitates) in individual layers. The position of each layer being analyzed 
was determined by multiplying the layer number by the layer thickness 
(50 µm). It should be noted that the position of the first layer starts 
where the thermal profile is tracked (in this case, 2 mm from the bot
tom). SEM images were acquired using a JEOL 7001 field emission mi
croscope. The brightness and contrast settings, acceleration voltage of 
15 kV, working distance of 10 mm, and other SEM imaging parameters 
were all held constant for analysis of the entire build. The ImageJ soft
ware was used for automated image analysis to determine the phase 
fraction and size of γ′ precipitates and carbides. A 2-pixel radius 
Gaussian blur, following a greyscale thresholding and watershed seg
mentation was used [52]. Primary γ′ sizes (>50 nm), were measured 
using equivalent spherical diameters. The phase fractions were consid
ered equal to the measured area fraction. Secondary γ′ particles (<50 
nm) were not considered here. The γ′ size in the following refers to the 
diameter of a precipitate. 

2.3. Hardness testing 

A Struers DuraScan tester was utilized for Vickers hardness mapping 
on a polished x-z surface, from top to bottom under a maximum load of 
100 mN and 10 s dwell time. 30 micro-indentations were performed per 
row. According to the ASTM standard [53], the indentations were suf
ficiently distant (~500 µm) to assure that strain-hardened areas did not 
interfere with one another. 

2.4. Computational simulation of E-PBF IN738 build 

2.4.1. Thermal profile modeling 
The thermal history was generated using the semi-analytical heat 

transfer code (also known as the 3DThesis code) developed by Stump 
and Plotkowski [43]. This code is an open-source C++ program which 
provides a way to quickly simulate the conductive heat transfer found in 
welding and AM. The key use case for the code is the simulation of larger 
domains than is practicable with Computational Fluid Dynamics/Finite 
Element Analysis programs like FLOW-3D AM. Although simulating 
conductive heat transfer will not be an appropriate simplification for 
some investigations (for example the modelling of keyholding or pore 
formation), the 3DThesis code does provide fast estimates of tempera
ture, thermal gradient, and solidification rate which can be useful for 
elucidating microstructure formation across entire layers of an AM 
build. The mathematics involved in the code is as follows: 

In transient thermal conduction during welding and AM, with uni
form and constant thermophysical properties and without considering 
fluid convection and latent heat effects, energy conservation can be 
expressed as: 

ρc
∂T
∂t

= k∇2T + Q̇ (1)  

where ρ is density, c specific heat, T temperature, t time, k thermal 
conductivity, and Q̇ a volumetric heat source. By assuming a semi- 
infinite domain, Eq. 1 can be analytically solved. The solution for tem
perature at a given time (t) using a volumetric Gaussian heat source is 
presented as: 

T(x, y, z, t) − T0 =
3
̅̅̅
3

√
ηQ

ρcπ3
2

∫ t

0

1
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ϕxϕyϕz

√ exp

(

− 3

(
x′(t′)2

ϕx
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y′(t′)2

ϕy

+
z′(t′)2

ϕz

))

dt′ (2)  

and ϕi = 12α(t − t′) + σ2
i fori = x, y, z (3)  

and x′(t′) = x − xb(t′) (4)  

Where x is the vector 〈x, y, z〉 and xb is the location of the heat source. 
The numerical integration scheme used is an adaptive Gaussian 

quadrature method based on the following nondimensionalization: 

s =
α

σ2
xy

t, s′ =
α

σ2
xy

t′, X =
x

σxy
, Y =

y
σxy

, Z =
z

σxy
, δ =

σz

σxy
(5) 

A more detailed explanation of the mathematics can be found in 
reference [43]. 

The main source of the thermal cycling present within a powder-bed 
fusion process is the fusion of subsequent layers. Therefore, regions near 
the top of a build are expected to undergo fewer thermal cycles than 
those closer to the bottom. For this purpose, data from the single scan’s 
thermal influence on multiple layers was spliced to represent the ther
mal cycles experienced at a single location caused by multiple subse
quent layers being fused. 

The cross-sectional area simulated by this model was kept constant at 
1 × 1 mm2, and the depth was dependent on the build location modelled 
with MatCalc. For a build location 2 mm from the bottom, the maximum 
number of layers to simulate is 460. Fig. 1a shows a stitched overview 
OM image of the entire build indicating the region where this thermal 
cycle is simulated and tracked. To increase similarity with the conditions 
of the physical build, each thermal history was constructed from the 
results of two simulations generated with different versions of a random 
scan path. The parameters used for these thermal simulations can be 
found in Table 1. It should be noted that the main purpose of the thermal 
profile modelling was to demonstrate how the conditions at different 
locations of the build change relative to each other. Accurately pre
dicting the absolute temperature during the build would require vali
dation via a temperature sensor measurement during the build process 
which is beyond the scope of the study. Nonetheless, to establish the 
viability of the heat source as a suitable approximation for this study, an 
additional sensitivity analysis was conducted. This analysis focused on 
the influence of energy input on γ′ precipitation behavior, the central 
aim of this paper. This was achieved by employing varying beam ab
sorption energies (0.76, 0.82 - the values utilized in the simulation, and 
0.9). The direct impact of beam absorption efficiency on energy input 
into the material was investigated. Specifically, the initial 20 layers of 
the build were simulated and subsequently compared to experimental 
data derived from SEM. While phase fractions were found to be 
consistent across all conditions, disparities emerged in the mean size of 
γ′ precipitates. An absorption efficiency of 0.76 yielded a mean size of 
approximately 70 nm. Conversely, absorption efficiencies of 0.82 and 
0.9 exhibited remarkably similar mean sizes of around 130 nm, aligning 
closely with the outcomes of the experiments. 

2.4.2. Thermo-kinetic simulation 
The numerical analyses of the evolution of precipitates was 
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performed using MatCalc version 6.04 (rel 0.011). The thermodynamic 
(‘mc_ni.tdb’, version 2.034) and diffusion (‘mc_ni.ddb’, version 2.007) 
databases were used. MatCalc’s basic principles are elaborated as 
follows: 

The nucleation kinetics of precipitates are computed using a 
computational technique based on a classical nucleation theory [54] 
that has been modified for systems with multiple components [42,55]. 
Accordingly, the transient nucleation rate (J), which expresses the rate 
at which nuclei are formed per unit volume and time, is calculated as: 

J = N0Zβ∗ • exp
(
− G∗

k • T

)

• exp
(− τ

t

)
(6)  

where N0 denotes the number of active nucleation sites, β∗ the rate of 
atomic attachment, k the Boltzmann constant, T the temperature, G∗ the 
critical energy for nucleus formation, τ the incubation time, and t the 
time. Z (Zeldovich factor) takes into consideration that thermal excita
tion destabilizes the nucleus as opposed to its inactive state [54]. Z is 
defined as follows: 

z =
[
− 1

2πkT
∂2ΔG
∂n2

⃒
⃒
⃒
⃒

n∗

]1
2

(7)  

where ΔG is the overall change in free energy due to the formation of a 
nucleus and n is the nucleus’ number of atoms. ΔG’s derivative is 
evaluated at n* (critical nucleus size). β∗ accounts for the long-range 
diffusion of atoms required for nucleation, provided that the matrix’ 
and precipitates’ composition differ. Svoboda et al. [42] developed an 
appropriate multi-component equation for β∗, which is given by: 

β∗ =
4πρ∗2

a4Ω

[
∑n

i=1

(cki − c0i)
2

c0iD0i

]− 1

(8)  

where ρ∗ denotes the critical radius for nucleation, a represents atomic 
distance, and Ω is the molar volume. cki and c0i represent the concen
tration of elements in the precipitate and matrix, respectively. The 
parameter D0i denotes the rate of diffusion of the ith element within the 
matrix. The expression for the incubation time τ is expressed as [54]: 

Fig. 1. (a) Stitched overview OM image of the cross-section (X-Z) of the entire crack-free build. The red point represents the region where a thermal cycle was 
simulated. Z is the build direction, and the height is measured from the simulated region to the top. (b-e) SEM micrographs showing γ′ size evolution along X-Z cross- 
section of (a). (f) and (g) SEM micrographs showing secondary γ′ and carbides, respectively. The carbides are observed at the bottom of the build. Arrows in (g) show 
examples of carbides. 

Table 1 
A list of parameters used in thermal simulation of E-PBF.  

Parameter Value 

Spatial resolution 5 µm 
Time step 0.5 s 
Beam diameter 200 µm 
Beam penetration depth 1 µm 
Beam power 1200 W 
Beam absorption efficiency 0.82 
Thermal conductivity 25.37 W/(m⋅K) 
Chamber temperature 1000 ◦C 
Specific heat 711.756 J/(kg⋅K) 
Density 8110 kg/m3  
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τ =
1

2β∗Z2 (9) 

and G∗, which represents the critical energy for nucleation: 

G∗ =
16π

3
γ3

(ΔGvol)
2 (10)  

where γ is the interfacial energy, and ΔGvol the change in the volume free 
energy. The critical nucleus’ composition is similar to the γ′ phase’s 
equilibrium composition at the same temperature. γ is computed based 
on the precipitate and matrix compositions, using a generalized nearest 
neighbor broken bond model, with the assumption of interfaces being 
planar, sharp, and coherent [56–58]. 

In Eq. 7, it is worth noting that G∗ represents the fundamental vari
able in the nucleation theory. It contains γ3/(ΔGvol)

2 and is in the 
exponent of the nucleation rate. Therefore, even small variations in γ 
and/or ΔGvol can result in notable changes in J, especially if G∗ is in the 
order of k • T. This is demonstrated in [38] for UDIMET 720 Li during 
continuous cooling, where these quantities change steadily during pre
cipitation due to their dependence on matrix’ and precipitate’s tem
perature and composition. In the current work, these changes will be 
even more significant as the system is exposed to multiple cycles of rapid 
cooling and heating. 

Once nucleated, the growth of a precipitate is assessed using the 
radius and composition evolution equations developed by Svoboda et al. 
[42] with a mean-field method that employs the thermodynamic 
extremal principle. The expression for the total Gibbs free energy of a 
thermodynamic system G, which consists of n components and m pre
cipitates, is given as follows: 

G =
∑n

i
N0iμ0i +

∑m

k=1

4πρ3
k

3

(

λk +
∑n

i=1
ckiμki

)

+
∑m

k=1
4πρk

2γk. (11) 

The chemical potential of component i in the matrix is denoted as 
μ0i(i = 1, …, n), while the chemical potential of component i in the 
precipitate is represented by μki(k = 1,…,m,i = 1,…,n). These chemical 
potentials are defined as functions of the concentrations μki(k = 1,…,m,i 
= 1, …, n). The interface energy density is denoted as γ, and λk in
corporates the effects of elastic energy and plastic work resulting from 
the volume change of each precipitate. 

Eq. (12) establishes that the total free energy of the system in its 
current state relies on the independent state variables: the sizes (radii) of 
the precipitates ρk and the concentrations of each component cki. The 
remaining variables can be determined by applying the law of mass 
conservation to each component i. This can be represented by the 
equation: 

Ni = N0i +
∑m

k=1

4πρ3
k

3
cki, (12) 

Furthermore, the global mass conservation can be expressed by 
equation: 

N =
∑n

i=1
Ni (13)  

When a thermodynamic system transitions to a more stable state, the 
energy difference between the initial and final stages is dissipated. This 
model considers three distinct forms of dissipation effects [42]. These 
include dissipations caused by the movement of interfaces, diffusion 
within the precipitate and diffusion within the matrix. 

Consequently, ρ̇k (growth rate) and ċki (chemical composition’s rate 
of change) of the precipitate with index k are derived from the linear 
system of equation system: 

Aijyj = Bi (14)  

where yj symbolizes the rates ρ̇k and ċki [42]. Index i contains variables 
for precipitate radius, chemical composition, and stoichiometric 
boundary conditions suggested by the precipitate’s crystal structure. Eq. 
(10) is computed separately for every precipitate k. For a more detailed 
description of the formulae for the coefficients Aij and Bi employed in 
this work please refer to [59]. 

The MatCalc software was used to perform the numerical time 
integration of ρ̇k and ċki of precipitates based on the classical numerical 
method by Kampmann and Wagner [60]. Detailed information on this 
method can be found in [61]. Using this computational method, calcu
lations for E-PBF thermal cycles (cyclic heating and cooling) were 
computed and compared to experimental data. The simulation took 
approximately 2–4 hrs to complete on a standard laptop. 

3. Results 

3.1. Microstructure 

Fig. 1 displays a stitched overview image and selected SEM micro
graphs of various γ′ morphologies and carbides after observations of the 
X-Z surface of the build from the top to 2 mm above the bottom. Fig. 2 
depicts a graph that charts the average size and phase fraction of the 
primary γ′, as it changes with distance from the top to the bottom of the 
build. The SEM micrographs show widespread primary γ′ precipitation 
throughout the entire build, with the size increasing in the top to bottom 
direction. Particularly, at the topmost height, representing the 460th 
layer (Z = 22.95 mm), as seen in Fig. 1b, the average size of γ′ is 110 
± 4 nm, exhibiting spherical shapes. This is representative of the 

Fig. 2. (a) Average size and fraction of primary γ′ versus distance from the top 
of the build towards the bottom. (b) is a magnified view of the first few layers 
in (a). 
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microstructure after it solidifies and cools to room temperature, without 
experiencing additional thermal cycles. The γ′ size slightly increases to 
147 ± 6 nm below this layer and remains constant until 0.4 mm 
(~453rd layer) from the top. At this position, the microstructure still 
closely resembles that of the 460th layer. After the 453rd layer, the γ′ 
size grows rapidly to ~503 ± 19 nm until reaching the 437th layer 
(1.2 mm from top). The γ′ particles here have a cuboidal shape, and a 
small fraction is coarser than 600 nm. γ′ continue to grow steadily from 
this position to the bottom (23 mm from the top). A small fraction of γ′ is 
> 800 nm. 

Besides primary γ′, secondary γ′ with sizes ranging from 5 to 50 nm 
were also found. These secondary γ′ precipitates, as seen in Fig. 1f, were 
present only in the bottom and middle regions. A detailed analysis of the 
multimodal size distribution of γ′ can be found in [16]. There is no 
significant variation in the phase fraction of the γ′ along the build. The 
phase fraction is ~ 52%, as displayed in Fig. 2. It is worth mentioning 
that the total phase fraction of γ′ was estimated based on the primary γ′ 
phase fraction because of the small size of secondary γ′. Spherical MC 
carbides with sizes ranging from 50 to 400 nm and a phase fraction of 
0.8% were also observed throughout the build. The carbides are the light 
grey precipitates in Fig. 1g. The light grey shade of carbides in the SEM 
images is due to their composition and crystal structure [52]. These 
carbides are not visible in Fig. 1b-e because they were dissolved during 
electro-etching carried out after electropolishing. In Fig. 1g, however, 
the sample was examined directly after electropolishing, without 
electro-etching. 

Table 2 shows the nominal and measured composition of γ′ pre
cipitates throughout the build by atom probe microscopy as determined 
in our previous study [17]. No build height-dependent composition 
difference was observed in either of the γ′ precipitate populations. 
However, there was a slight disparity between the composition of pri
mary and secondary γ′. Among the main γ′ forming elements, the pri
mary γ′ has a high Ti concentration while secondary γ′ has a high Al 
concentration. A detailed description of the atom distribution maps and 
the proxigrams of the constituent elements of γ′ throughout the build can 
be found in [17]. 

3.2. Hardness 

Fig. 3a shows the Vickers hardness mapping performed along the 
entire X-Z surface, while Fig. 3b shows the plot of average hardness at 
different build heights. This hardness distribution is consistent with the 
γ′ precipitate size gradient across the build direction in Figs. 1 and 2. The 
maximum hardness of ~530 HV1 is found at ~0.5 mm away from the 
top surface (Z = 22.5), where γ′ particles exhibit the smallest observed 
size in Fig. 2b. Further down the build (~ 2 mm from the top), the 
hardness drops to the 440–490 HV1 range. This represents the region 
where γ′ begins to coarsen. The hardness drops further to 380–430 HV1 
at the bottom of the build. 

3.3. Modeling of the microstructural evolution during E-PBF 

3.3.1. Thermal profile modeling 
Fig. 4 shows the simulated thermal profile of the E-PBF build at a 

location of 23 mm from the top of the build, using a semi-analytical heat 
conduction model. This profile consists of the time taken to deposit 460 
layers until final cooling, as shown in Fig. 4a. Fig. 4b-d show the 
magnified regions of Fig. 4a and reveal the first 20 layers from the top, a 
single layer (first layer from the top), and the time taken for the build to 
cool after the last layer deposition, respectively. 

The peak temperatures experienced by previous layers decrease 
progressively as the number of layers increases but never fall below the 
build preheat temperature (1000 ◦C). Our simulated thermal cycle may 
not completely capture the complexity of the actual thermal cycle uti
lized in the E-PBF build. For instance, the top layer (Fig. 4c), also rep
resenting the first deposit’s thermal profile without additional cycles 
(from powder heating, melting, to solidification), recorded the highest 
peak temperature of 1390 ◦C. Although this temperature is above the 
melting range of the alloy (1230–1360 ◦C) [62], we believe a much 
higher temperature was produced by the electron beam to melt the 
powder. Nevertheless, the solidification temperature and dynamics are 
outside the scope of this study as our focus is on the solid-state phase 
transformations during deposition. It takes ~25 s for each layer to be 
deposited and cooled to the build temperature. The interlayer dwell time 
is 125 s. The time taken for the build to cool to room temperature (RT) 
after final layer deposition is ~4.7 hrs (17,000 s). 

3.3.2. MatCalc simulation 
During the MatCalc simulation, the matrix phase is defined as γ. γ′, 

and MC carbide are included as possible precipitates. The domain of 
these precipitates is set to be the matrix (γ), and nucleation is assumed to 
be homogenous. In homogeneous nucleation, all atoms of the unit vol
ume are assumed to be potential nucleation sites. Table 3 shows the 
computational parameters used in the simulation. All other parameters 
were set at default values as recommended in the version 6.04.0011 of 
MatCalc. The values for the interfacial energies are automatically 
calculated according to the generalized nearest neighbor broken bond 
model and is one of the most outstanding features in MatCalc [56–58]. It 
should be noted that the elastic misfit strain was not included in the 
calculation. The output of MatCalc includes phase fraction, size, nucle
ation rate, and composition of the precipitates. The phase fraction in 
MatCalc is the volume fraction. Although the experimental phase frac
tion is the measured area fraction, it is relatively similar to the volume 
fraction. This is because of the generally larger precipitate size and 
similar morphology at the various locations along the build [63]. A 
reliable phase fraction comparison between experiment and simulation 
can therefore be made. 

3.3.2.1. Precipitate phase fraction. Fig. 5a shows the simulated phase 
fraction of γ′ and MC carbide during thermal cycling. Fig. 5b is a 

Table 2 
Bulk IN738 composition determined using inductively coupled plasma atomic emission spectroscopy (ICP-AES). Compositions of γ, primary γ′, and secondary γ′ at 
various locations in the build measured by APT. This information is reproduced from data in Ref. [17] with permission.  

at% Ni Cr Co Al Mo W Ti Nb C B Zr Ta Others 

Bulk  59.12  17.47  8.48  7.00  1.01  0.81  3.96  0.49 0.47 0.05  0.09 0.56  0.46 
γ matrix                        
Top  50.48  32.91  11.59  1.94  1.39  0.82  0.44  0.8 0.03 0.03  0.02 -  0.24 
Mid  50.37  32.61  11.93  1.79  1.54  0.89  0.44  0.1 0.03 0.02  0.02 0.01  0.23 
Bot  48.10  34.57  12.08  2.14  1.43  0.88  0.48  0.08 0.04 0.03  0.01 -  0.12 
Primary γ′                        
Top  72.17  2.51  3.44  12.71  0.25  0.39  7.78  0.56 - 0.03  0.02 0.05  0.08 
Mid  71.60  2.57  3.28  13.55  0.42  0.68  7.04  0.73 - 0.01  0.03 0.04  0.04 
Bot  72.34  2.47  3.86  12.50  0.26  0.44  7.46  0.50 0.05 0.02  0.02 0.03  0.04 
Secondary γ′                        
Mid  70.42  4.20  3.23  14.19  0.63  1.03  5.34  0.79 0.03 -  0.04 0.04  0.05 
Bot  69.91  4.06  3.68  14.32  0.81  1.04  5.22  0.65 0.05 -  0.10 0.02  0.11  
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magnified view of 5a showing the simulated phase fraction at the center 
points of the top 70 layers, whereas Fig. 5c corresponds to the first two 
layers from the top. As mentioned earlier, the top layer (460th layer) 

represents the microstructure after solidification. The microstructure of 
the layers below is determined by the number of thermal cycles, which 
increases with distance to the top. For example, layers 459, 458, 457, up 

Fig. 3. (a) Hardness maps throughout an entire X-Z cross section, as measured by HV1 microhardness testing. (b) A plot of the average hardness as a function of the 
build height. 

Fig. 4. Simulated thermal profile of the E-PBF build at 23 mm from the top using a semi-analytical heat conduction model. (a) Profile for 460 layers. (b) Magnified 
region of (a) to show the first 20 layers from the top. (c) Magnified region of (b) to show a single layer (1st layer only). (d) Time taken for the build to cool after the 
last layer deposition. 
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to layer 1 (region of interest) experience 1, 2, 3 and 459 thermal cycles, 
respectively. In the top layer in Fig. 5c, the volume fraction of γ′ and 
carbides increases with temperature. For γ′, it decreases to zero when the 
temperature is above the solvus temperature after a few seconds. Car
bides, however, remain constant in their volume fraction reaching 
equilibrium (phase fraction ~ 0.9%) in a short time. The topmost layer 
can be compared to the first deposit, and the peak in temperature 
symbolizes the stage where the electron beam heats the powder until 
melting. This means γ′ and carbide precipitation might have started in 
the powder particles during heating from the build temperature and 
electron beam until the onset of melting, where γ′ dissolves, but carbides 
remain stable [28]. 

During cooling after deposition, γ′ reprecipitates at a temperature of 
1085 ◦C, which is below its solvus temperature. As cooling progresses, 
the phase fraction increases steadily to ~27% and remains constant at 
1000 ◦C (elevated build temperature). The calculated equilibrium frac
tion of phases by MatCalc is used to show the complex precipitation 
characteristics in this alloy. Fig. 6 shows that MC carbides form during 
solidification at 1320 ◦C, followed by γ′, which precipitate when the 
solidified layer cools to 1140 ◦C. This indicates that all deposited layers 
might contain a negligible amount of these precipitates before subse
quent layer deposition, while being at the 1000 ◦C build temperature or 
during cooling to RT. The phase diagram also shows that the equilibrium 
fraction of the γ′ increases as temperature decreases. For instance, at 
1000, 900, and 800 ◦C, the phase fractions are ~30%, 38%, and 42%, 

respectively. 
Deposition of subsequent layers causes previous layers to undergo 

phase transformations as they are exposed to several thermal cycles with 
different peak temperatures. In Fig. 5c, as the subsequent layer is being 
deposited, γ′ in the previous layer (459th layer) begins to dissolve as the 
temperature crosses the solvus temperature. This is witnessed by the 
reduction of the γ′ phase fraction. This graph also shows how this phase 
dissolves during heating. However, the phase fraction of MC carbide 
remains stable at high temperatures and no dissolution is seen during 
thermal cycling. Upon cooling, the γ′ that was dissolved during heating 
reprecipitates with a surge in the phase fraction until 1000 ◦C, after 
which it remains constant. This microstructure is similar to the solidi
fication microstructure (layer 460), with a similar γ′ phase fraction 
(~27%). 

The complete dissolution and reprecipitation of γ′ continue for 

Table 3 
Computational parameters used in the simulation.  

Precipitation domain γ 

Nucleation site γ′ Bulk (homogenous) 
Nucleation site MC carbide Bulk (Homogenous) 
Precipitates class size 250 
Regular solution critical 

temperature γ′ 
2500 K[64] 

Calculated interfacial energy γ′ = 0.080–0.140 J/m2 and MC carbide 
= 0.410–0.430 J/m2  

Fig. 5. Simulated phase fractions of γ′ and MC carbide during thermal cycling at 2 mm from the bottom. (a) Full cycle. (b) First 70 layers from top. (c) First 2 layers 
from the top (layer 460 and 459). (d) Layer 411 and 410. 

Fig. 6. Calculated equilibrium fraction of phases in IN738 using MatCalc.  
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several cycles until the 50th layer from the top (layer 411), where the 
phase fraction does not reach zero during heating to the peak temper
ature (see Fig. 5d). This indicates the ‘partial’ dissolution of γ′, which 
continues progressively with additional layers. It should be noted that 
the peak temperatures for layers that underwent complete dissolution 
were much higher (1170–1300 ◦C) than the γ′ solvus. 

The dissolution and reprecipitation of γ′ during thermal cycling are 
further confirmed in Fig. 7, which summarizes the nucleation rate, phase 
fraction, and concentration of major elements that form γ′ in the matrix. 
Fig. 7b magnifies a single layer (3rd layer from top) within the full 
dissolution region in Fig. 7a to help identify the nucleation and growth 
mechanisms. From Fig. 7b, γ′ nucleation begins during cooling whereby 
the nucleation rate increases to reach a maximum value of approxi
mately 1 × 1020 m− 3s− 1. This fast kinetics implies that some rear
rangement of atoms is required for γ′ precipitates to form in the matrix 
[65,66]. The matrix at this stage is in a non-equilibrium condition. Its 
composition is similar to the nominal composition and remains un
changed. The phase fraction remains insignificant at this stage although 
nucleation has started. The nucleation rate starts declining upon 
reaching the peak value. Simultaneously, diffusion-controlled growth of 
existing nuclei occurs, depleting the matrix of γ′ forming elements (Al 
and Ti). Thus, from Eqs. (7) and (11), ΔGvol continuously decreases until 
nucleation ceases. The growth of nuclei is witnessed by the increase in 
phase fraction until a constant level is reached at 27% upon cooling to 
and holding at build temperature. This nucleation event is repeated 
several times. 

At the onset of partial dissolution, the nucleation rate jumps to 
1 × 1021 m− 3s− 1, and then reduces sharply at the middle stage of partial 
dissolution. The nucleation rate reaches 0 at a later stage. Supplemen
tary Fig. S1 shows a magnified view of the nucleation rate, phase frac
tion, and thermal profile, underpinning this trend. The jump in 
nucleation rate at the onset is followed by a progressive reduction in the 
solute content of the matrix. The peak temperatures (~1130–1160 ◦C) 
are lower than those in complete dissolution regions but still above or 
close to the γ′ solvus. The maximum phase fraction (~27%) is similar to 

that of the complete dissolution regions. At the middle stage, the 
reduction in nucleation rate is accompanied by a sharp drop in the 
matrix composition. The γ′ fraction drops to ~24%, where the peak 
temperatures of the layers are just below or at γ′ solvus. The phase 
fraction then increases progressively through the later stage of partial 
dissolution to ~30% towards the end of thermal cycling. The matrix 
solute content continues to drop although no nucleation event is seen. 
The peak temperatures are then far below the γ′ solvus. It should be 
noted that the matrix concentration after complete dissolution remains 
constant. Upon cooling to RT after final layer deposition, the nucleation 
rate increases again, indicating new nucleation events. The phase frac
tion reaches ~40%, with a further depletion of the matrix in major γ′ 
forming elements. 

3.3.2.2. γ′ size distribution. Fig. 8 shows histograms of the γ′ precipitate 
size distributions (PSD) along the build height during deposition. These 
PSDs are predicted at the end of each layer of interest just before final 
cooling to room temperature, to separate the role of thermal cycles from 
final cooling on the evolution of γ′. The PSD for the top layer (layer 460) 
is shown in Fig. 8a (last solidified region with solidification micro
structure). The γ′ size ranges from 120 to 230 nm and is similar to the 44 
layers below (2.2 mm from the top). 

Further down the build, γ′ begins to coarsen after layer 417 (44th 
layer from top). Fig. 8c shows the PSD after the 44th layer, where the γ′ 
size exhibits two peaks at ~120–230 and ~300 nm, with most of the 
population being in the former range. This is the onset of partial disso
lution where simultaneously with the reprecipitation and growth of 
fresh γ′, the undissolved γ′ grows rapidly through diffusive transport of 
atoms to the precipitates. This is shown in Fig. 8c, where the precipitate 
class sizes between 250 and 350 represent the growth of undissolved γ′. 
Although this continues in the 416th layer, the phase fractions plot in
dicates that the onset of partial dissolution begins after the 411th layer. 
This implies that partial dissolution started early, but the fraction of 
undissolved γ′ was too low to impact the phase fraction. The reprecipi
tated γ′ are mostly in the 100–220 nm class range and similar to those 

Fig. 7. Correlation of concentration of major γ′ forming elements in the matrix, phase fraction, γ′ nucleation rate, and temperature during thermal cycling. (a) 
Thermal profile for 460 layers. (b) Magnified region of (a) to show a single layer (3rd layer from top, equivalent to layer 458). 
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observed during full dissolution. 
As the number of layers increases, coarsening intensifies with 

continued growth of more undissolved γ′, and reprecipitation and 
growth of partially dissolved ones. Fig. 8d, e, and f show this sequence. 
Further down the build, coarsening progresses rapidly, as shown in 
Figs. 8d, 8e, and 8f. The γ′ size ranges from 120 to 1100 nm, with the 
peaks at 160, 180, and 220 nm in Figs. 8d, 8e, and 8f, respectively. 
Coarsening continues until nucleation ends during dissolution, where 
only the already formed γ′ precipitates continue to grow during further 
thermal cycling. The γ′ size at this point is much larger, as observed in 
layers 361 and 261, and continues to increase steadily towards the 
bottom (layer 1). Two populations in the ranges of ~380–700 and 
~750–1100 nm, respectively, can be seen. The steady growth of γ′ to
wards the bottom is confirmed by the gradual decrease in the concen
tration of solute elements in the matrix (Fig. 7a). It should be noted that 
for each layer, the γ′ class with the largest size originates from contin
uous growth of the earliest set of the undissolved precipitates. 

Figs. 9, 10 and supplementary Figs. S2 and S3 show the γ′ size evo
lution during heating and cooling of a single layer in the full dissolution 
region, and early, middle stages, and later stages of partial dissolution, 
respectively. In all, the size of γ′ reduces during layer heating. Depending 
on the peak temperature of the layer which varies with build height, γ′ 
are either fully or partially dissolved as mentioned earlier. Upon cooling, 
the dissolved γ′ reprecipitate. 

In Fig. 9, those layers that underwent complete dissolution (top 
layers) were held above γ′ solvus temperature for longer. In Fig. 10, 
layers at the early stage of partial dissolution spend less time in the γ′ 
solvus temperature region during heating, leading to incomplete disso
lution. In such conditions, smaller precipitates are fully dissolved while 
larger ones shrink [67]. Layers in the middle stages of partial dissolution 
have peak temperatures just below or at γ′ solvus, not sufficient to 
achieve significant γ′ dissolution. As seen in supplementary Fig. S2, only 
a few smaller γ′ are dissolved back into the matrix during heating, i.e., 
growth of precipitates is more significant than dissolution. This explains 
the sharp decrease in concentration of Al and Ti in the matrix in this 
layer. 

The previous sections indicate various phenomena such as an in
crease in phase fraction, further depletion of matrix composition, and 
new nucleation bursts during cooling. Analysis of the PSD after the final 
cooling of the build to room temperature allows a direct comparison to 
post-printing microstructural characterization. Fig. 11 shows the γ′ size 
distribution of layer 1 (460th layer from the top) after final cooling to 
room temperature. Precipitation of secondary γ′ is observed, leading to 
the multimodal size distribution of secondary and primary γ′. The sec
ondary γ′ size falls within the 10–80 nm range. As expected, a further 
growth of the existing primary γ′ is also observed during cooling. 

3.3.2.3. γ′ chemistry after deposition. Fig. 12 shows the concentration of 

Fig. 8. Histograms of γ′ size distributions at different positions along the build height during deposition just before cooling to room temperature begins.  
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the major elements that form γ′ (Al, Ti, and Ni) in the primary and 
secondary γ′ at the bottom of the build, as calculated by MatCalc. The 
secondary γ′ has a higher Al content (13.5–14.5 at% Al), compared to 
13 at% Al in the primary γ′. Additionally, within the secondary γ′, the 
smallest particles (~10 nm) have higher Al contents than larger ones 
(~70 nm). In contrast, for the primary γ′, there is no significant variation 
in the Al content as a function of their size. The Ni concentration in 
secondary γ′ (71.1–72 at%) is also higher in comparison to the primary γ′ 
(70 at%). The smallest secondary γ′ (~10 nm) have higher Ni contents 
than larger ones (~70 nm), whereas there is no substantial change in the 
Ni content of primary γ′, based on their size. As expected, Ti shows an 
opposite size-dependent variation. It ranges from ~ 7.7–8.7 at% Ti in 
secondary γ′ to ~9.2 at% in primary γ′. Similarly, within the secondary 
γ′, the smallest (~10 nm) have lower Al contents than the larger ones 
(~70 nm). No significant variation is observed for Ti content in primary 
γ′. 

4. Discussion 

A combined modelling method is utilized to study the microstruc
tural evolution during E-PBF of IN738. The presented results are dis
cussed by examining the precipitation and dissolution mechanism of γ′ 
during thermal cycling. This is followed by a discussion on the phase 
fraction and size evolution of γ′ during thermal cycling and after final 
cooling. A brief discussion on carbide morphology is also made. Finally, 
a comparison is made between the simulation and experimental results 
to assess their agreement. 

4.1. γ′ morphology as a function of build height 

4.1.1. Nucleation of γ′ 
The fast precipitation kinetics of the γ′ phase enables formation of γ′ 

upon quenching from higher temperatures (above solvus) during ther
mal cycling [66]. In Fig. 7b, for a single layer in the full dissolution 

Fig. 9. γ′ size evolution during heating and cooling of a single layer in the full dissolution region. (a) Thermal profile of a single layer. γ′ size distribution: (b) upon 
holding at the elevated build temperature before subsequent layer deposition, (c, d) Upon dissolution of γ′ indicated by size reduction during deposition of further 
layers. Full dissolution occurs after 1200ºC. (e) Upon re-precipitation of dissolved γ′ and (f, g) upon growth of re-precipitated γ′. 
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region, during cooling, the initial increase in nucleation rate signifies the 
first formation of nuclei. The slight increase in nucleation rate during 
partial dissolution, despite a decrease in the concentration of γ′ forming 
elements, may be explained by the nucleation kinetics. During partial 
dissolution and as the precipitates shrink, it is assumed that the regions 
at the vicinity of partially dissolved precipitates are enriched in γ′ 
forming elements [68,69]. This differs from the full dissolution region, 
in which case the chemical composition is evenly distributed in the 
matrix. Several authors have attributed the solute supersaturation of the 
matrix around primary γ′ to partial dissolution during isothermal ageing 

[69–72]. The enhanced supersaturation in the regions close to the pre
cipitates results in a much higher driving force for nucleation, leading to 
a higher nucleation rate upon cooling. This phenomenon can be closely 
related to the several nucleation bursts upon continuous cooling of 
Ni-based superalloys, where second nucleation bursts exhibit higher 
nucleation rates [38,68,73,74]. 

At middle stages of partial dissolution, the reduction in the nucle
ation rate indicates that the existing composition and low supersatura
tion did not trigger nucleation as the matrix was closer to the 
equilibrium state. The end of a nucleation burst means that the 

Fig. 10. γ′ size evolution during heating and cooling of a single layer in the early stages of the partial dissolution region. (a) Thermal profile of a single layer. γ′ size 
distribution: (b) upon holding at the elevated build temperature before subsequent layer deposition. Two different precipitate classes are seen. (c) Upon dissolution of 
γ′ indicated by size reduction. Smaller γ′ dissolve more rapidly than larger ones. (d) Upon complete dissolution of the smaller γ′ precipitate class, (e) upon re- 
precipitation of dissolved γ′ and growth of undissolved ones, (f) upon further γ′ re-precipitation, growth of precipitated γ′ and undissolved ones, and (g) upon 
further growth of re-precipitated γ′ and undissolved ones. 
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supersaturation of Al and Ti has reached a low level, incapable of 
providing sufficient driving force during cooling to or holding at 
1000 ◦C for further nucleation [73]. Earlier studies on Ni-based super
alloys have reported the same phenomenon during ageing or continuous 
cooling from the solvus temperature to RT [38,73,74]. 

4.1.2. Dissolution of γ′ during thermal cycling 
γ′ dissolution kinetics during heating are fast when compared to 

nucleation due to exponential increase in phase transformation and 
diffusion activities with temperature [65]. As shown in Figs. 9, 10, and 
supplementary Figs. S2 and S3, the reduction in γ′ phase fraction and size 
during heating indicates γ′ dissolution. This is also revealed in Fig. 5 
where phase fraction decreases upon heating. The extent of γ′ dissolution 
mostly depends on the temperature, time spent above γ′ solvus, and 
precipitate size [75–77]. Smaller γ′ precipitates are first to be dissolved 
[67,77,78]. This is mainly because more solute elements need to be 
transported away from large γ′ precipitates than from smaller ones [79]. 
Also, a high temperature above γ′ solvus temperature leads to a faster 
dissolution rate [80]. The equilibrium solvus temperature of γ′ in IN738 
in our MatCalc simulation (Fig. 6) and as reported by Ojo et al. [47] is 
1140 ◦C and 1130–1180 ◦C, respectively. This means the peak temper
ature experienced by previous layers decreases progressively from γ′ 
supersolvus to subsolvus, near-solvus, and far from solvus as the number 
of subsequent layers increases. Based on the above, it can be inferred 

that the degree of dissolution of γ′ contributes to the gradient in pre
cipitate distribution. 

Although the peak temperatures during later stages of partial 
dissolution are much lower than the equilibrium γ′ solvus, γ′ dissolution 
still occurs but at a significantly lower rate (supplementary Fig. S3). 
Wahlmann et al. [28] also reported a similar case where they observed 
the rapid dissolution of γ′ in CMSX-4 during fast heating and cooling 
cycles at temperatures below the γ′ solvus. They attributed this to the γ′ 
phase transformation process taking place in conditions far from the 
equilibrium. While the same reasoning may be valid for our study, we 
further believe that the greater surface area to volume ratio of the small 
γ′ precipitates contributed to this. This ratio means a larger area is 
available for solute atoms to diffuse into the matrix even at temperatures 
much below the solvus [81]. 

4.2. γ′ phase fraction and size evolution 

4.2.1. During thermal cycling 
In the first layer, the steep increase in γ′ phase fraction during heating 

(Fig. 5), which also represents γ′ precipitation in the powder before 
melting, has qualitatively been validated in [28]. The maximum phase 
fraction of 27% during the first few layers of thermal cycling indicates 
that IN738 theoretically could reach the equilibrium state (~30%), but 
the short interlayer time at the build temperature counteracts this. The 
drop in phase fraction at middle stages of partial dissolution is due to the 
low number of γ′ nucleation sites [73]. It has been reported that a 
reduction of γ′ nucleation sites leads to a delay in obtaining the final 
volume fraction as more time is required for γ′ precipitates to grow and 
reach equilibrium [82]. This explains why even upon holding for 150 s 
before subsequent layer deposition, the phase fraction does not increase 
to those values that were observed in the previous full γ′ dissolution 
regions. Towards the end of deposition, the increase in phase fraction to 
the equilibrium value of 30% is as a result of the longer holding at build 
temperature or close to it [83]. 

During thermal cycling, γ′ particles begin to grow immediately after 
they first precipitate upon cooling. This is reflected in the rapid increase 
in phase fraction and size during cooling in Fig. 5 and supplementary 
Fig. S2, respectively. The rapid growth is due to the fast diffusion of 
solute elements at high temperatures [84]. The similar size of γ′ for the 
first 44 layers from the top can be attributed to the fact that all layers 
underwent complete dissolution and hence, experienced the same 
nucleation event and growth during deposition. This corresponds with 
the findings by Balikci et al. [85], who reported that the degree of γ′ 
precipitation in IN738LC does not change when a solution heat treat
ment is conducted above a certain critical temperature. 

The increase in coarsening rate (Fig. 8) during thermal cycling can 
first be ascribed to the high peak temperature of the layers [86]. The 
coarsening rate of γ′ is known to increase rapidly with temperature due 
to the exponential growth of diffusion activity. Also, the simultaneous 
dissolution with coarsening could be another reason for the high 
coarsening rate, as γ′ coarsening is a diffusion-driven process where 
large particles grow by consuming smaller ones [78,84,86,87]. The 
steady growth of γ′ towards the bottom of the build is due to the much 
lower layer peak temperature, which is almost close to the build tem
perature, and reduced dissolution activity, as is seen in the much lower 
solute concentration in γ′ compared to those in the full and partial 
dissolution regions. 

4.2.2. During cooling 
The much higher phase fraction of ~40% upon cooling signifies the 

tendency of γ′ to reach equilibrium at lower temperatures (Fig. 4). This is 
due to the precipitation of secondary γ′ and a further increase in the size 
of existing primary γ′, which leads to a multimodal size distribution of γ′ 
after cooling [38,73,88–90]. The reason for secondary γ′ formation 
during cooling is as follows: As cooling progresses, it becomes increas
ingly challenging to redistribute solute elements in the matrix owing to 

Fig. 11. Histogram of γ′ size distribution of layer 1 after final cooling to RT.  

Fig. 12. Al, Ti, and Ni content variations as a function of precipitate diameter 
after final cooling to RT predicted by MatCalc. 
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their lower mobility [38,73]. A higher supersaturation level in regions 
away from or free of the existing γ′ precipitates is achieved, making them 
suitable sites for additional nucleation bursts. More cooling leads to the 
growth of these secondary γ′ precipitates, but as the temperature and in 
turn, the solute diffusivity is low, growth remains slow. 

4.3. Carbides 

MC carbides in IN738 are known to have a significant impact on the 
high-temperature strength. They can also act as effective hardening 
particles and improve the creep resistance [91]. Precipitation of MC 
carbides in IN738 and several other superalloys is known to occur during 
solidification or thermal treatments (e.g., hot isostatic pressing) [92]. In 
our case, this means that the MC carbides within the E-PBF build formed 
because of the thermal exposure from the E-PBF thermal cycle in addi
tion to initial solidification. Our simulation confirms this as MC carbides 
appear during layer heating (Fig. 5). The constant and stable phase 
fraction of MC carbides during thermal cycling can be attributed to their 
high melting point (~1360 ◦C) and the short holding time at peak 
temperatures [75,93,94]. The solvus temperature for most MC carbides 
exceeds most of the peak temperatures observed in our simulation, and 
carbide dissolution kinetics at temperatures above the solvus are known 
to be comparably slow [95]. The stable phase fraction and random 
distribution of MC carbides signifies the slight influence on the gradient 
in hardness. 

4.4. Comparison of simulations and experiments 

4.4.1. Precipitate phase fraction and morphology as a function of build 
height 

A qualitative agreement is observed for the phase fraction of car
bides, i.e. ~0.8% in the experiment and ~0.9% in the simulation. The 
phase fraction of γ′ differs, with the experiment reporting a value of 
~51% and the simulation, 40%. Despite this, the size distribution of 
primary γ′ along the build shows remarkable consistency between 
experimental and computational analyses. It is worth noting that the 
primary γ′ morphology in the experimental analysis is observed in the as- 
fabricated state, whereas the simulation (Fig. 8) captures it during 
deposition process. The primary γ′ size in the experiment is expected to 
experience additional growth during the cooling phase. Regardless, both 
show similar trends in primary γ′ size increments from the top to the 
bottom of the build. The larger primary γ’ size in the simulation versus 
the experiment can be attributed to the fact that experimental and 
simulation results are based on 2D and 3D data, respectively. The 
absence of stereological considerations [96] in our analysis could have 
led to an underestimation of the precipitate sizes from SEM measure
ments. The early starts of coarsening (8th layer) in the experiment 
compared to the simulation (45th layer) can be attributed to a higher 
actual γ′ solvus temperature than considered in our simulation [47]. The 
solvus temperature of γ′ in a Ni-based superalloy is mainly determined 
by the detailed composition. A high amount of Cr and Co are known to 
reduce the solvus temperature, whereas Ta and Mo will increase it 
[97–99]. The elemental composition from our experimental work was 
used for the simulation except for Ta. It should be noted that Ta is not 
included in the thermodynamic database in MatCalc used, and this may 
have reduced the solvus temperature. This could also explain the rela
tively higher γ′ phase fraction in the experiment than in simulation, as a 
higher γ′ solvus temperature will cause more γ′ to precipitate and grow 
early during cooling [99,100]. 

Another possible cause of this deviation can be attributed to the 
extent of γ′ dissolution, which is mainly determined by the peak tem
perature. It can be speculated that individual peak temperatures at 
different layers in the simulation may have been over-predicted. How
ever, one needs to consider that the true thermal profile is likely more 
complicated in the actual E-PBF process [101]. For example, the current 
model assumes that the thermophysical properties of the material are 

temperature-independent, which is not realistic. Many materials, 
including IN738, exhibit temperature-dependent properties such as 
thermal conductivity, specific heat capacity, and density [102]. This 
means that heat transfer simulations may underestimate or overestimate 
the temperature gradients and cooling rates within the powder bed and 
the solidified part. Additionally, the model does not account for the 
reduced thermal diffusivity through unmelted powder, where gas 
separating the powder acts as insulation, impeding the heat flow [1]. In 
E-PBF, the unmelted powder regions with trapped gas have lower 
thermal diffusivity compared to the fully melted regions, leading to 
localized temperature variations, and altered solidification behavior. 
These limitations can impact the predictions, particularly in relation to 
the carbide dissolution, as the peak temperatures may be 
underestimated. 

While acknowledging these limitations, it is worth emphasizing that 
achieving a detailed and accurate representation of each layer’s heat 
source would impose tough computational challenges. Given the sub
stantial layer count in E-PBF, our decision to employ a semi-analytical 
approximation strikes a balance between computational feasibility and 
the capture of essential trends in thermal profiles across diverse build 
layers. In future work, a dual-calibration strategy is proposed to further 
reduce simulation-experiment disparities. By refining temperature- 
independent thermophysical property approximations and absorptivity 
in the heat source model, and by optimizing interfacial energy de
scriptions in the kinetic model, the predictive precision could be 
enhanced. Further refining the simulation controls, such as adjusting the 
precipitate class size may enhance quantitative comparisons between 
modeling outcomes and experimental data in future work. 

4.4.2. Multimodal size distribution of γ′ and concentration 
Another interesting feature that sees qualitative agreement between 

the simulation and the experiment is the multimodal size distribution of 
γ′. The formation of secondary γ′ particles in the experiment and most E- 
PBF Ni-based superalloys is suggested to occur at low temperatures, 
during final cooling to RT [16,73,90]. However, so far, this conclusion 
has been based on findings from various continuous cooling experi
ments, as the study of the evolution during AM would require an in-situ 
approach. Our simulation unambiguously confirms this in an AM 
context by providing evidence for secondary γ′ precipitation during slow 
cooling to RT. Additionally, it is possible to speculate that the chemical 
segregation occurring during solidification, due to the preferential 
partitioning of certain elements between the solid and liquid phases, can 
contribute to the multimodal size distribution during deposition [51]. 
This is because chemical segregation can result in variations in the local 
composition of superalloys, which subsequently affects the nucleation 
and growth of γ′. Regions with higher concentrations of alloying ele
ments will encourage the formation of larger γ′ particles, while regions 
with lower concentrations may favor the nucleation of smaller pre
cipitates. However, it is important to acknowledge that the elevated 
temperature during the E-PBF process will largely homogenize these 
compositional differences [103,104]. 

A good correlation is also shown in the composition of major γ′ 
forming elements (Al and Ti) in primary and secondary γ′. Both exper
iment and simulation show an increasing trend for Al content and a 
decreasing trend for Ti content from primary to secondary γ′. The slight 
composition differences between primary and secondary γ′ particles are 
due to the different diffusivity of γ′ stabilizers at different thermal con
ditions [105,106]. As the formation of multimodal γ′ particles with 
different sizes occurs over a broad temperature range, the phase 
chemistry of γ′ will be highly size dependent. The changes in the 
chemistry of various γ′ (primary, secondary, and tertiary) have received 
significant attention since they have a direct influence on the perfor
mance [68,105,107–109]. Chen et al. [108,109], reported a high Al 
content in the smallest γ′ precipitates compared to the largest, while Ti 
showed an opposite trend during continuous cooling in a RR1000 
Ni-based superalloy. This was attributed to the temperature and cooling 
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rate at which the γ′ precipitates were formed. The smallest precipitates 
formed last, at the lowest temperature and cooling rate. A comparable 
observation is evident in the present investigation, where the secondary 
γ′ forms at a low temperature and cooling rate in comparison to the 
primary. The temperature dependence of γ′ chemical composition is 
further evidenced in supplementary Fig. S4, which shows the equilib
rium chemical composition of γ′ as a function of temperature. 

5. Conclusions 

A correlative modelling approach capable of predicting solid-state 
phase transformations kinetics in metal AM was developed. This 
approach involves computational simulations with a semi-analytical 
heat transfer model and the MatCalc thermo-kinetic software. The 
method was used to predict the phase transformation kinetics and 
detailed morphology and chemistry of γ′ and MC during E-PBF of IN738 
Ni-based superalloy. The main conclusions are:  

1. The computational simulations are in qualitative agreement with the 
experimental observations. This is particularly true for the γ′ size 
distribution along the build height, the multimodal size distribution 
of particles, and the phase fraction of MC carbides.  

2. The deviations between simulation and experiment in terms of γ′ 
phase fraction and location in the build are most likely attributed to a 
higher γ′ solvus temperature during the experiment than in the 
simulation, which is argued to be related to the absence of Ta in the 
MatCalc database.  

3. The dissolution and precipitation of γ′ occur fast and under non- 
equilibrium conditions. The level of γ′ dissolution determines the 
gradient in γ′ size distribution along the build. After thermal cycling, 
the final cooling to room temperature has further significant impacts 
on the final γ′ size, morphology, and distribution.  

4. A negligible amount of γ′ forms in the first deposited layer before 
subsequent layer deposition, and a small amount of γ′ may also form 
in the powder induced by the 1000 ◦C elevated build temperature 
before melting. 

Our findings confirm the suitability of MatCalc to predict the 
microstructural evolution at various positions throughout a build in a 
Ni-based superalloy during E-PBF. It also showcases the suitability of a 
tool which was originally developed for traditional thermo-mechanical 
processing of alloys to the new additive manufacturing context. Our 
simulation capabilities are likely extendable to other alloy systems that 
undergo solid-state phase transformations implemented in MatCalc 
(various steels, Ni-based superalloys, and Al-alloys amongst others) as 
well as other AM processes such as L-DED and L-PBF which have 
different thermal cycle characteristics. New tools to predict the micro
structural evolution and properties during metal AM are important as 
they provide new insights into the complexities of AM. This will enable 
control and design of AM microstructures towards advanced materials 
properties and performances. 
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P.J. Uggowitzer, S. Pogatscher, Ultrafast artificial aging of Al–Mg–Si alloys, Scr. 
Mater. 112 (2016) 148–151, https://doi.org/10.1016/J. 
SCRIPTAMAT.2015.09.037. 

[42] J. Svoboda, F.D. Fischer, P. Fratzl, E. Kozeschnik, Modelling of kinetics in multi- 
component multi-phase systems with spherical precipitates I: theory, Mater. Sci. 
Eng. A 385 (2004) 166–174, https://doi.org/10.1016/j.msea.2004.06.018. 

[43] B. Stump, A. Plotkowski, An adaptive integration scheme for heat conduction in 
additive manufacturing, Appl. Math. Model. 75 (2019) 787–805, https://doi.org/ 
10.1016/j.apm.2019.07.008. 

[44] A.V. Sotov, A.V. Agapovichev, V.G. Smelov, V.V. Kokareva, M.O. Dmitrieva, A. 
A. Melnikov, S.P. Golanov, Y.M. Anurov, Investigation of the IN-738 superalloy 
microstructure and mechanical properties for the manufacturing of gas turbine 
engine nozzle guide vane by selective laser melting, Int. J. Adv. Manuf. Technol. 
107 (2020) 2525–2535, https://doi.org/10.1007/s00170-020-05197-x. 

[45] F. Theska, A. Stanojevic, B. Oberwinkler, S.P. Ringer, S. Primig, On conventional 
versus direct ageing of Alloy 718, Acta Mater. 156 (2018) 116–124, https://doi. 
org/10.1016/j.actamat.2018.06.034. 

[46] T.M. Pollock, S. Tin, Nickel-based superalloys for advanced turbine engines: 
chemistry, microstructure, and properties, J. Propuls. Power 22 (2006) 361–374, 
https://doi.org/10.2514/1.18239. 

[47] O.A. Ojo, N.L. Richards, M.C. Chaturvedi, On incipient melting during high 
temperature heat treatment of cast Inconel 738 superalloy, J. Mater. Sci. 39 
(2004) 7401–7404, https://doi.org/10.1023/B:JMSC.0000048761.32712.eb. 

[48] A.T. Egbewande, R.A. Buckson, O.A. Ojo, Analysis of laser beam weldability of 
Inconel 738 superalloy, Mater. Charact. 61 (2010) 569–574, https://doi.org/ 
10.1016/j.matchar.2010.02.016. 

[49] S. Sanchez, P. Smith, Z. Xu, G. Gaspard, C.J. Hyde, W.W. Wits, I.A. Ashcroft, 
H. Chen, A.T. Clare, Powder Bed Fusion of nickel-based superalloys: a review, Int. 
J. Mach. Tools Manuf. 165 (2021), https://doi.org/10.1016/j. 
ijmachtools.2021.103729. 

[50] C.L.A. Leung, R. Tosi, E. Muzangaza, S. Nonni, P.J. Withers, P.D. Lee, Effect of 
preheating on the thermal, microstructural and mechanical properties of selective 
electron beam melted Ti-6Al-4V components, Mater. Des. 174 (2019), 107792, 
https://doi.org/10.1016/j.matdes.2019.107792. 

[51] S. Griffiths, H. Ghasemi Tabasi, T. Ivas, X. Maeder, A. De Luca, K. Zweiacker, 
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