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Abstract
The impact of corrosion phenomena is significant across a wide range of modern technological
fields. To address this challenge, protective physical vapor deposited (PVD) coatings and
surface modifications present new opportunities for enhancing material properties and extend-
ing the operational lifespan of machining components. However, a lacking understanding of
corrosion processes within PVD coatings has led to a limited availability of high-performance
corrosion resistant thin films in industrial settings. Particularly salt-rich environments repre-
sent regimes, where PVD coated machining elements continue to suffer accelerated breakdown.
Factors contributing to this issue include inherent coating defects, porosity, the presence of
embedded macroparticles, and the overall columnar growth orientation, which make PVD
coatings especially vulnerable to the infiltration of corrosive substances.

The first part of this thesis provides a systematic approach on highlighting preferred diffusion
pathways of Cl--rich aqueous media in Al0.7Cr0.3N PVD thin films. Intended as a model
system, the study was designed to discern differences in the passive behavior between cathodic
arc evaporated (CAE) and direct current magnetron sputtered (DCMS) Al0.7Cr0.3N coatings.
Through use of a three-electrode electrochemical setup in conjunction with an array of
high-resolution analytical techniques (e.g., transmission electron microscopy (TEM), time-of-
flight secondary ion mass spectrometry (ToF-SIMS), atom probe tomography (APT), and
transmission electron backscatter diffraction (t-EBSD)), the study presents a meticulous
breakdown of the most prevalent diffusion pathways taken by chemically active species. The
results emphasize that accelerated infiltration occurs along embedded macroparticles in CAE
Al0.7Cr0.3N coatings, whereas preferential diffusion along under dense column boundaries
constitute the predominant weak points in DCMS coatings. Subsequent investigations were
directed towards assessing the level of coating passivity of pristine and unimpaired coating
sites. Notably, ToF-SIMS was employed to collect Cl- diffusion profiles, which unveiled
an intrinsically inferior passive behavior of DCMS coatings in comparison to their CAE
counterparts. Thus, a dense coating morphology with a randomized growth orientation and
minimal fast-track diffusion routes along embedded macroparticles are viewed as beneficial
attributes that corrosion resistant coatings should possess.

Based on these findings, two approaches were chosen to counter the prevailing diffusion routes
that were identified earlier and improve the corrosion behavior of the Al0.7Cr0.3N system: (i)
a grain-refining doping strategy for imparting complexity to the diffusion routs along grain
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ABSTRACT

boundaries using vanadium (V), and (ii) a subsequent annealing treatment for generating a
surface-oxide that functions as a sealing layer. It was found that both, grain-refinement of
the Al0.7Cr0.3-xVxN coatings and the development of a continuous and dense top-oxide were
directly related to the amount of doped V. Through extensive electrochemical analysis, using
potentiodynamic polarization techniques, it was shown that both, grain-refining effects and
the formation of a dense V-rich top oxide layer translated to an improved corrosion behavior
of the initial AlCrN base-system.

The second part of the thesis focuses on hot corrosion (HC) phenomena and proposes CAE
Ti1-xAlxN as a potential candidate for providing corrosion protection in high-temperature
settings. Ti1-xAlxN coatings with varying metal content ratios were deposited on an industri-
ally established NiCoCr-based superalloy (alloy c-263) and investigated in an in-house built
HC testing rig. After applying a Na2SO4-MgSO4 salt mixture onto both Ti1-xAlxN coated
and uncoated samples, HC experiments were conducted in a SOx-rich atmosphere under two
distinct sets of conditions: low-temperature hot corrosion (LTHC) settings at 700 ◦C, and
high-temperature hot corrosion (HTHC) settings at 850 ◦C. Here, the primary objective was
to extend the understanding of the corrosion mechanisms that govern Ti1-xAlxN coatings
when investigated under LTHC and HTHC parameters, and to directly compare the corrosion
resistance between Ti1-xAlxN coated samples and the bare c-263 alloy. Notably, the Ti1-xAlxN
coatings demonstrated superior resistance to both LTHC and HTHC compared to the bare
c-263 alloy.

Regarding the LTHC behavior of Ti1-xAlxN, a highly accelerated and localized attack was
observed. Initiated by a nitride-to-sulphate transformation and formation of a low-melting
liquid salt interface, a synergistic fluxing mechanism was found to be the dominant degradation
process. Due to the acidic nature of the liquid salt interface under LTHC conditions, the
development of a porous Al2O3-dominated top-oxide was observed, which is known for its
enhanced stability under acidic conditions. Underneath, the corrosion scale exhibited a
lamellar structure composed of TiO2- and Al2O3-rich oxide domains below which a more
globular scale morphology was featured.

Conversely, under HTHC conditions, a more uniform development of the corrosion scale
was noted. Similar to the corrosion behavior observed under LTHC conditions, a sequential
fluxing mechanism was found to be the predominant corrosion process, resulting in the
formation of a layered corrosion scale. Owing to the higher melt basicity under HTHC, a
porous TiO2 scale was primarily formed at the salt-scale interface, followed by a layered
corrosion scale of Al2O3-rich and TiO2-rich domains.

In summary, this thesis emphasizes the importance of developing a fundamental understanding
of the governing corrosion mechanisms in thin films, in order to help establish PVD coatings
as a viable solution for highly demanding environments.
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Chapter 1

Introduction
Corrosion is a common phenomenon that is observed in every facet of industrial ingenuity
and is a manifestation of the chemical interaction between a material and its respective
environment over time. Coming from the Latin word “corrodere”, meaning to gnaw to pieces,
the concept of material degradation and/or transformation has been known for a long time.
With an ubiquitous presence among materials design and their application, the control over
the rate, under which a certain material degrades, is a beneficial tool in areas of chemical,
mechanical, electrical, material, and civil engineering.

Particularly under extreme conditions, such as marine settings [1–5] or high-temperature
regimes [6–9], accelerated corrosion poses a great challenge. In order to prolong the longevity
of materials, the use of protective physical vapor deposited (PVD) coatings remains an
attractive approach for material engineers. To extend the lifespan of materials, the use
of protective physical vapor deposited (PVD) coatings presents an appealing solution for
material engineers, especially when cost-effective bulk materials are unavailable or when bulk
materials do not fully meet the desired property profile for a given application.

Such environments are often encountered when salt impurities (e.g., from marine environments,
road salts, or combustion byproducts) interact with in-service machining surfaces. Particularly
alloys and metals, which depend on their ability to form passivating oxide scales in order to
circumvent further oxidation and/or corrosion, are particularly prone to the depassivating
nature of salt-induced corrosion mechanisms [10]. For this reason, this study aims to evaluate
the effectiveness of PVD transition metal nitride (TMN) coatings as a viable option for
corrosion protection in both aqueous and high-temperature settings.

Aqueous corrosion is a prevalent form of corrosion observed in humid and marine environments.
It involves an electrochemical process, which can be described using four components: An
anode, where dissolution of a material occurs (oxidation half-reaction) with the release
of electrons; a cathode, were an oxidation agent (O2 or H3O+) is reduced through the
consumption of electrons (cathodic half-reaction); an electrolyte allowing for the migration of
ionic species and for retaining charge neutrality; and an electrically conductive pathway that

3



1. INTRODUCTION

closes the loop between the anode and cathode [11]. Pitting corrosion represents a particularly
insidious form of aqueous corrosion, characterized by chloride-induced localized attack on a
passive surface (pit initiation), followed by localized acidification and autocatalytic pit-growth
propagation [12–14]. Given that these pits can remain concealed beneath a material’s surface
for extended periods, pitting is considered exceptionally pernicious. For this reason, the first
part of this thesis will aim to simulate this mechanism using a three-electrode cell setup
with a potentiostat workstation in order to study the corrosion behavior of Al1-xCrxN-based
coating materials deposited on low-alloyed steel.

Hot corrosion, on the other hand, describes the accelerated degradation of a material surface
that occurs within a temperature range of 575-950 ◦C in the presence of a salt deposit [15, 16].
Many engineering systems operating within these temperatures, such as gas turbines [16–18],
waste incinerators [19–21], power plants [22–24], and internal combustion engines [25, 26],
frequently experience failures due to hot corrosion. While most metals and alloys undergo
oxidation in the presence of oxygen, producing native oxides that act as a protective layer
against further bulk-material oxidation [27] the presence of contaminants such as sulfates,
chlorides, or vanadates can lead to the formation of low-melting eutectic mixtures. Through
degradative fluxing mechanisms, the protective oxide is depassivated or even dissolved,
exposing the underlying alloy and allowing for anew oxidative attack [28]. Depending on
the aggregate phase of the initial salt-deposit, two distinct types of hot corrosion, high-
temperature hot corrosion (HTHC) and low-temperature hot corrosion (LTHC), can be
differentiated.

In order to emulate these processes in their most true way, a versatile laboratory scaled
hot corrosion rig was designed and built to allow hot corrosion testing. Consisting of a
quartz flow-reactor, a three-zone gradient oven, and a gas-mixing system (SO2, O2 and
Ar), experiments can be run at various temperatures ranges (<1200 ◦C) and atmospheric
conditions. With focus on well-established industrial materials (Ni- and Co- base super
alloys) that readily find application in high-temperature settings [29–32], the objective here
is to improve the hot corrosion behavior (HTHC and LTHC) of these materials, through
application of protective PVD Ti1-xAlxN based coatings. Additionally, the study aims to
provide a fundamental understanding of the corrosion mechanisms specific to such thin films.
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Chapter 2

Physical vapor deposition
All coatings throughout this thesis were grown by using PVD techniques. During PVD, a
source material (target) is first vaporized and then transported to a desired surface (substrate),
where it condenses, nucleates and grows as a thin coating [33, 34]. Depending on the method
that is utilized to vaporize the target material, PVD processes can be further categorized.
Two of the most common PVD techniques include cathodic arc evaporation (CAE) and direct
current magnetron sputtering (DCMS), which are also the two techniques utilized throughout
this thesis.

2.1 Sputtering
Sputtering involves the bombardment of a target material by energetic species (plasma), in
order to generate a vapor. Through a momentum exchange between the plasma particles and
the target surface, atoms of the target are physically removed, transported across a vacuum
chamber to a substrate, where it condenses and forms the coating [33–35].

First, however, a stable plasma must be generated. In sputtering, a discharge is formed by
applying a high voltage between a cathode (target) and anode (vacuum wall). Electrons and
ions that are already present within the vacuum chamber (generated by cosmic radiation) are
swept out by the electric field and pulled to the respective electrode. When electron emissions
between the cathode and anode obtain high enough velocities, ionization of neutral gas atoms
occurs. Electron-electron (valence electrons) collisions liberate secondary electrons, which are
pulled towards the anode and ionize more gas atoms. This collision cascade is a favorable
process and contributes to a stable and efficient plasma (see Fig.2.1). However, electrons may
also recombine with ionized species, and by falling into their respective energetic positions, a
photon is released that is susceptible to the human eye [35–37].

The probability of ionization is therefore proportional to the mean free path existing between
the electron’s origin (cathode or ionization event) and its consumption (anode or recombination
processes). In order to shorten the mean-free-path, and encourage a more frequent collision
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2.1 SPUTTERING

Figure 2.1: Illustration of a magnetron sputter source showing the effect of a guided electron
orbit. Adapted from [36].

cascade, an external magnetic field is applied by a magnetron. This has the effect that
electrons are no longer guided in a linear fashion from their origin to the anode, but instead
are guided along the magnetic field lines and inherit a longer life time–or time of flight (ToF).
With a longer ToF, electrons gain a significantly higher probability of ionizing gas atoms and
generating a higher plasma density [36–38].

Once a stable plasma is present (consisting of neutrals, electrons and ionized process gas),
the ionized species (e.g., Ar+-ions) are accelerated towards the cathode (negative voltage),
where they collide and interact with the surface atoms (see Fig.2.2) If the energy from its
momentum transfer is high enough, surface atoms are ejected and sputtering is possible. This
so-called “threshold energy” of the striking species must be reached in order to overcome the
surface binding energy of the target atoms [33–38].

Once the threshold energy is exceeded, sputtering of the target material ensues. The ratio
between the sputtered atoms and impinging energetic species is referred to as sputter yield.
The more surface atoms are ejected through the bombardment of a striking species, the higher
the sputter yield. This, however, is dependent on the final energy of the impinging species

6



2.1 SPUTTERING

Figure 2.2: Possible collision events that occur during bombardment with energetic atomic-
sized particles.

and the angle of incidence. If the energy of the energetic particle is too high, the species
becomes implanted into the target lattice and does not participate into a collision cascade of
surface near atoms, causing the sputter yield to decrease. Similarly, if the angle of incidence
is too vertical (0◦) or too shallow (>70◦), the collision cascade is either not translated to
surface near atoms, or the impinging species are reflected by the target surface, respectively
[36–38].

There are several benefits to the sputtering deposition technique, one of which includes the
used of compound targets. Since sputtering relies solely on momentum transfer between
energetic species from the plasma and surface near atoms from the targets, sputtering is rather
insensitive to target chemistries that are comprised of elements with varying vapor pressures.
This is a particular problem for PVD processes, which hinge on thermally vaporizing the
target material. Here, selective vaporization of elements with lower vapor pressures can
occur, offsetting the chemical composition of the coating compared to that of the target (e.g.,
cathodic arc evaporation) [39].
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2.2 CATHODIC ARC EVAPORATION

2.2 Cathodic arc evaporation
Cathodic arc evaporation (CAE)uses a high-current, low-voltage arc, to thermally vaporize
the target material. The high-current densities that pass through the target material during
an arc-discharge thermally melt and vaporize the material in localized melting pools, or
so-called “cathode spots”. By introduction of a reactive process gas, such as nitrogen, ceramic
films can be grown onto the substrate surface. In order to initiate the arc, a short contact is
made between an auxiliary electrode and the cathode, after which it is separated again (trigger
arc). Once the initial discharge is extinguished, the inductance in the arc power supply will
induce a voltage spike and reignite a new arc-spot at a nearby location. Which location (in
the case of random arc-systems) will be determined upon the condition of the molten cathode
spot and state of the surrounding target material, particularly surface protuberances such as
oxide and nitride inclusions. In general, a new arc-discharge will ignite where electrical field
lines are condensed, or places where the conduction of electrons is preferential. However, the
arc-movement may also be influenced by an external magnetic field, which is referred to as a
steered arc [33–38].

The material that is ejected from the cathodic surfaces by arc erosion comprise thermionic
electron emissions, ionized target species, neutrals, and molten droplets. Thermionic electrons
are essential for the stabilization of the arc-plasma, through their collation with neutral
gas atoms and generation of secondary electrons (see Fig.2.3). In contrast to sputtering
techniques, where the material is primarily ionized through momentum transfer mechanisms,
such as electron-atom collisions that ultimately lead to the formation of ions in the classic
glow discharge regime, the arc evaporation process involves the ionization of the evaporated
material primarily through the use of high-power density and elevated temperature generated
by the arc-spot. The essential mechanism for arc evaporation revolves around maintaining
electrons free from the conduction band within the cathode material and subsequently
releasing them to the atmosphere (vacuum or gas). In the case of arcs, electrons are not
liberated by individual ion impact but rather through a collective process, which involve
thermionic emission, strong electric fields, or a combination of these factors. Both, thermally
evaporated metallic ions, as well as ions of the reactive gas are then accelerated to the
substrate, where both nucleation and condensation of a coating occurs [33, 34, 36, 38].

There are several advantages that speak for CAE. Compared to DCMS, arc evaporation
provides significantly higher ionization and vaporization rates. Higher ratios of ionization of
the process gas, as well as vaporized target material are therefore achieved, which generate a
higher flux of ions available for sputter cleaning procedures. A higher flux of ions also provides
advantages in modifying deposition processes and fine-tuning coating properties through
application of a substrate bias, which promotes additional bombardment (densification) at the
coating surfaces during deposition. Disadvantages on the other hand include the formation of
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2.3 TRANSPORT OF VAPORIZED MATERIAL

Figure 2.3: Illustration of a cathodic arc evaporation source, plasma generation and its
constituents. Adapted from [36].

macroparticles during vaporization of the target surface, which incorporate into the coating
structure and inherently diminish its quality [33, 34, 36, 38].

2.3 Transport of vaporized material
Irrespective of the method used for vaporizing the target material, the transport of the vapor
across the vacuum chamber is a key element in PVD and decisive for depositing coatings with
desirable properties. As atoms are ejected from the target surface and enter the vapor phase,
they initially pursue a linear trajectory, while carrying a certain amount of kinetic energy.
However, through a series of collisions with gas particles within the deposition chamber, a
reduction of the ejection energy is caused (thermalization), as well as deflection of the initial
trajectory (scattering). Naturally, higher pressures within the deposition chamber result in
higher thermalization rates and increased scattering ratios, resulting in less energetic species
reaching the substrate surface [33, 34, 38].
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2.4 CONDENSATION AND FILM GROWTH

2.4 Condensation and film growth
After reaching the substrate surface, the vaporized atoms condensate and give off their energy
(condensation energy). Depending on the energy that arriving particles carry, atoms may
rearrange in order to attain the lowest, most stable energy state possible (surface diffusion).
As more atoms arrive at the substrate surface and adhere (adatoms), adatoms form new
bonds and agglomerate to clusters, also referred to as nucleation. In this regard, classical
nucleation theory provides a rational explanation to why nucleation and subsequent crystal
growth is a thermodynamically favorable process and is given by Eq.2.1. In its simplest
form, the nucleation of crystals, whether they arise from solution or a vapor phase, must
fulfill the requirement ∆Gbulk< 0. Moreover, nucleating particles must overcome an energy
barrier, which can be thought as to disconnect solute-solvent interactions, or condensation-
re-evaporation processes. It is thus favorable for adatoms and early nucleating clusters to
reduce their collective surfaces that stand in direct contact with their environment. In other
words, the thermodynamic favorability of forming a crystal is size dependent [36, 40].

∆Gcrystal = ∆Gbulk + ∆Gsurface (2.1)

where,
∆Gcrystal is the change in Gibbs free energy of the crystal
∆Gbulk is the chemical potential difference of the compound in its crystalline form per volume,
with respect to the solution or vapor
∆Gsurface is the surface/interface energy term, opposing crystal formation

By assuming spherical particles as nucleating species, the above relationship can be extended
by the respective geometric terms as follows:

∆Gf = −4
3π3|∆Gv| + 4πr2γ (2.2)

where,
∆Gf is the change in Gibbs free energy of formation
r is the radius of the adatom cluster
∆Gv is the favorable energy contribution related to the volume of the cluster
γ is the unfavorable energy contribution related to the surface of the cluster
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2.4 CONDENSATION AND FILM GROWTH

Figure 2.4: Thermodynamic barrier for nucleation. Adapted from [40].

When considering the exponential factors of both, the volume and surface contributions, it
becomes apparent that the thermodynamic benefit for nucleation generated by the volume
term will dominate at a certain critical cluster radius, and continue to dominate afterwards.
This is visualized by Fig.2.4, where r* referrers to the critical radius of the nucleating particle,
and ∆G* refers to the nucleation barrier.
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Chapter 3

Transport mechanisms
The significance of diffusion processes cannot be understated in thin film technologies, as
they significantly influence the crystal structure, morphology, and the resulting properties of
coatings. However, diffusion processes also play a pivotal role in the field of application that
a coating is later indented for. Whether designed for high-temperature environments, where
oxidation rates and inward oxygen diffusion dictate the efficacy of the protective coating, or
intended for corrosion protection, where the diffusion of aggressive media governs the rate of
coating deterioration and potential corrosion of the underlying bulk material, a thorough
understanding of the specific diffusion dynamics is essential in the customization of durable
coating systems [41].

Within solid materials, the movement of atoms is significantly restricted owing to the fixed
arrangement of the crystal lattice. Unlike in gases and liquids, where atoms, ions, and
molecules move freely due to Brownian motion, the movement of atoms and ions in solids
is confined by the array of their unit cells, which collectively constitute a crystal lattice.
Nonetheless, crystalline solids are not flawless structures and exhibit a notable number of
crystallographic defects, which serve as the basis for diffusion processes [42].

In the domain of solid-state chemistry, diffusion mechanisms can be elucidated through
thermally activated species that acquire sufficient vibrational energy to depart from their
respective lattice position and move randomly to another. However, various conditions within
a material can exert forces that yield a measurable mass transport or net diffusion, where
the probability of certain species is more inclined to occur in one direction than in the other.
Such driving forces include crystallographic defects, concentration gradients, variations in
pressure, and/or thermal gradients traversing a material component [41–44].

3.1 Crystallographic defects
The crystallographic integrity of a solid can be disrupted through various structural flaws,
which are classified as 0-, 1-, 2-, and 3-dimensional defects [42, 43, 45].
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3.1 CRYSTALLOGRAPHIC DEFECTS

0-dimensional or point defects are by far the most common and simple impairments in crystals
and comprise vacancies, substitutional, and interstitial defects, which are shown in Fig.3.1.

Further disruption of an ideal crystal lattice can be caused by linear defects or dislocations,
which generate a 1-dimensional distortion of multiple crystal planes. The most common
linear defects are edge dislocations and screw dislocations. While edge dislocations move
parallel to an applied stress, screw dislocations progress along a perpendicular axis and are
characterized by their helical appearance.

More crystallographic disturbance is caused by 2-dimensional defects, or planar defects,
which are formed by either grain boundaries, phase boundaries, or stacking faults between
individual crystal planes. These defects form accelerated pathways for diffusion process and
greatly enhance mobility of diffusive species.

Lastly, there may also exist 3-dimensional defects, which comprise voids, precipitations,
embedded macroparticles and inclusions within the crystal matrix. Particularly for thin film
materials such as protective coatings, voids and macroparticles represent fast-track diffusion
pathways for diffusive media and have detrimental impact on the coatings ability to function
as a barrier against chemical attack [46–49].

In summary, diffusion occurs more readily on surfaces than through the tightly packed bulk
of a crystal. Eq.3.1 compares and rates the above mentioned diffusion processes on the basis
of their probability, as well as the rate at which diffusion will occur.

Dsurface > Dphase boundary > Dgrain boundary > Dbulk (3.1)

Figure 3.1: Schematic representation of 0-dimensional crystal defects.

To gain a deeper understanding about the concept of diffusion, let us examine the foundation
of any transport phenomenon, known as flux. Whether it involves matter, heat, or electricity,
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3.2 FICK’S 1ST AND 2ND LAW OF DIFFUSION

flux is manifested as an observable movement of species from one location to another (Eq.3.2)
[50].

flux = conductivity · drivingforce (3.2)

where,
flux is expressed as a quantifiable net drift of particles
conductivity is referred to as the diffusivity or diffusion constant (D) and describes the ease
of particle mobility in a given environment
driving force is in most cases the presence of a concentration gradient

3.2 Fick’s 1st and 2nd law of diffusion
Just like the diffusion mechanisms, which seek to rectify or improve the energetic setting of
atoms in the vicinity of a crystal defect (by reducing the chemical potential of a species or
Gibbs free energy), diffusion processes serve to equilibrate chemical gradients. In 1855, Adolf
Fick put forward his initial proposition, suggesting that a molar flux resulting from diffusion
could be directly linked to its chemical gradient (Fick’s 1st law, Eq.3.3) [41–43, 45].

J = −D · dΦ
dx

= −D0 · e
Qd
RT · dΦ

dx
(3.3)

where,
J is the molar flux or the amount of substance transitioning per unit area per unit time,
given in (mol·m-2·s-1)
D is the diffusion coefficient or diffusivity, given in (m2·s-1)
Φ is the concentration, given in (mol·m-3)
x is the position of the solute or distance from its origin, given in (m)
D0 is the diffusion constant, given in (m2·s-1)
Qd is the activation energy (J·mol-1), given by the sum of energies of formation (Qf) and
energies of migration (Qm)

By rearranging Eq.3.3 and solving for D, the following proportionality is obtained in an
Arrhenius type equation, which clarifies that diffusivity is dependent on temperature (T),
energies of formation (Qf) and energies of migration (Qm) [41–43, 45].

D = −D0 · e− Qd
RT (3.4)

D0 = α2
0 · N · ω (3.5)
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3.3 OXIDATION

D0 here is a material specific constant and includes factors such as jump distance (α0),
vibrational frequency (ω) and crystal defect densities and is mostly determined experimentally.

Fick’s 1st law is employed to depict diffusion phenomena under conditions of steady state. In
such scenarios, the molar flux dΦ

dx
across an interface remains consistent over time, rendering

the process independent of time, dΦ
dx

=0. In cases where the molar flux dΦ
dx

does not remain
constant over time, thus becoming a time-dependent process, Fick’s 2nd law is consulted and
is represented by Eq.3.6. In this context, the time-dependent driving force is articulated as a
concentration gradient [51].

∂c(x, t)
∂t

= ∂J

∂x
= D · ∂2

∂x2 (3.6)

3.3 Oxidation
Whenever a metal is exposed to oxygen at high temperatures, it will ultimately undergo
oxidation (with some exception of noble metals), leading to the formation of a thermodynam-
ically favored metal oxide (MeO) on its surface— an electrochemical process where the metal
releases electrons to an oxidizing agent that, in turn, undergoes reduction. The development
of a surface oxide layer holds significant importance for various metals and alloys. As oxide
scales form and expand on the metal or alloy surface, further oxidation of the underlying bulk
material is impeded, thereby serving as a protective coating against subsequent oxidative
attacks. The efficacy of this oxide layer depends on several factors, including the thermody-
namic stability of the scales in relation to their environment, the permeability of the surface
oxide layer to other reactive substances, its mechanical properties, and the interference from
competing scales that may compromise the formation of a continuous and unbroken oxide
structure [10][11][12].

3.3.1 Oxide scale-growth kinetics
In addition to the thermodynamic criteria, the kinetics of MeO development also play a
crucial role. Measurement of the diffusion depth of oxygen into a material ∆x (or oxide
scale thickness) over time (t) allows for the description of several different oxidation rate
laws, providing valuable insights into the diffusivity of oxygen through a specific material,
the affinity of oxygen to form an oxide, and the passivity of the forming scale. As shown in
Fig.3.2, various rate laws exist, which are dependent on temperature, oxygen pressure, as
well as the surface preparation and pre-treatment of the exposed material surface [52].
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3.3 OXIDATION

Linear oxidation kinetics

The linear rate law, presents an empirical connection between the formation of a non-protective
oxide and time and can be described by Eq.3.7. Typically, as an oxide film develops, it
functions as a diffusion barrier for further oxidation, resulting in a reduction in the growth
kinetics over time. However, owing to the highly porous structured oxide that is formed
under such circumstances, unobstructed and ’steady’ oxygen diffusion remains feasible, thus
leading to the generation of fresh MeO layers beneath. At specific temperatures, metals that
obey to a linear growth pattern (e.g., Mo) are susceptible to catastrophic oxidation, which is
often referred to as break-away corrosion [52, 53].

x = kl · t (3.7)

where,
x is the oxide film thickness (or mass gain due to oxidation)
kl is the linear diffusion rate constant
t is the elapsed time

Parabolic oxidation kinetics

The parabolic rate law (Eq.3.8), also referred to as the Tammann Pilling Bedworth parabolic
law (TPB), delineates an oxide growth mechanism where the diffusion of oxygen species
dictates the rate-determining step [54]. Illustrated in Fig.3.2, the decline in the oxide growth
rate over time has been derived from Fick’s 1st law of diffusion, indicating a decrease in the
diffusivity of oxygen with the development of the oxide scale. This suggests the formation
of a non-porous, continuous, and protective oxide that, unlike in the case of catastrophic
oxidation, is resistant to breakaway processes [52].

For parabolic oxidation kinetics, similar assumptions are upheld as those proposed by
Fick’s 1st law, implying that the concentrations of diffusing species at the oxide-metal
and oxide-atmosphere interface remain constant, and that the diffusion coefficient remains
independent of the concentration. Generally, high-temperature oxidation of most metals
follows a parabolic growth pattern.
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3.3 OXIDATION

x2 = kp · t + C (3.8)

where,
x is the oxide film thickness (or mass gain due to oxidation)
kp is the parabolic diffusion rate constant
C is a constant
t is the elapsed time

Logarithmic oxidation kinetics

Finally, the logarithmic rate law (Eq.3.9) represents an empirical growth correlation without
a defined mechanism. It is commonly used to analyze the development of thin oxide layers
that emerge at low temperatures [42, 52, 55].

x = klog · log(C · t + B) (3.9)

where,
x is the oxide film thickness (or mass gain due to oxidation)
klog is the logarithmic diffusion rate constant
B and C are a constants
t is the elapsed time

Figure 3.2: Schematic representation of different oxidation rate laws. Adapted from [56].
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3.3 OXIDATION

Combination of simple rate laws

In numerous instances, particularly in the case of alloys, it has been demonstrated that no
single rate equation (linear, parabolic, or logarithmic) is fully capable of characterizing certain
oxidation processes. This holds true for both low-temperature and high-temperature oxidation
growth. For instance, in the oxidation of several metals at lower temperatures, a cubic oxide
growth rate was observed, indicating the presence of a combination of growth processes.
Therefore, a blend of the parabolic and logarithmic rate laws has been suggested. In the
case of metals undergoing oxidation at higher temperatures, a rate amalgamation between
a linear and parabolic progression has been noted. This behavior involves a rapid initial
oxidation, typical of a parabolic rate equation, followed by a linear pattern. Referred to as a
para-linear growth rate, this phenomenon is characterized by the emergence of micro-cracks
within developing oxide scales, facilitating direct gas access to the oxide-metal interface and
leading to increased oxidation of the exposed metal [51, 56, 57].
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Chapter 4

Corrosion
Ever since materials have become an integral part of human and technological advancement,
the process of generating new materials has always involved the acquisition and refinement of
ores, as well as purification of their minerals and elemental constituents. Energy-demanding
metallurgical processes have been designed to separate stable forms, such as oxides, silicides,
carbonates, sulphates etc., in order to make available the ‘ingredients’ for technologically
relevant materials. However, once such materials are exposed to the environment of their
utilization, their deterioration by corrosion often returns them back to their native and most
stable form they were drawn from [58].

In classical thermodynamics, Gibbs free energy (G) provides the means of defining the
equilibrium of a system, or by extension, the tendency of a reaction in a given direction,
if the system is not at equilibrium. Under standard conditions (e.g., 298.15 K, 1 bar and
activity (α) =1) G◦ represents a thermodynamic standard potential that is used to calculate
work of a closed and well-defined system of constant temperature (isothermic) and constant
pressure (isobaric). Therefore, changes in the standard Gibbs energy (∆G◦) is related to
the amount of non-volumetric work that can be obtained from a closed system, again at
fixed temperature and pressure. From this came the understanding of spontaneous and
non-spontaneous reactions, where a reaction occurs spontaneously at isobaric and isothermic
conditions when the term ∆G◦<0, and non-spontaneously when ∆G◦>0 [58, 59].

G◦ = H◦ − TS◦ (4.1)
∆G◦ = ∆H◦ − T∆S◦ (4.2)

where,
G is the Gibbs energy (in Joule)
H is enthalpy (in Joule)
T is temperature (in kelvin)
S is entropy (in Joule/kelvin)
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4.1 AQUEOUS CORROSION

To be able to determine the Gibbs free energy at nonstandard conditions, changes in
temperature and reaction quotients have to be considered.

∆G = ∆G◦ + RT lnQ (4.3)

where,
R is the universal gas constant (8.314 kJ · mol-1)
T is temperature (in kelvin)
Q is reaction quotient

However, the Gibbs free energy criteria can only provide insight into the direction a chemical
reaction will progress, while its final state ultimately hinges on the laws of chemical equilibria
and chemical potentials.

The chemical potential µ is defined as the partial derivative of the Gibbs free energy with
respect to the particle number (∂G/∂ni), while keeping all other variables constant. In other
words, the chemical potential of a system describes the change in Gibbs free energy ∆Gi if
the number/concentration of particles ni changes, while keeping temperature and pressure
constant. It’s important to note that particles ni within the context of thermodynamics
are not limited to atoms, but instead extend to other countable things, such as holes and
electrons [59–61].

This is important when considering chemical systems and reactions, which involve the transfer
of electrons– a field better known as electrochemistry.

4.1 Aqueous corrosion
The electrode-potential

In the 1790s, Alessandro Volta laid the foundation for much of the electrochemical science
we know today, through his invention of the voltaic pile. By stacking alternating zinc (Zn)
and copper (Cu) discs, separated by a cloth socked in brine, he was the first to produce
an electrical battery that could continuously generate current to a circuit. Now, having a
constant source of electricity at disposal, other discoveries such as the electrical decomposition
of water into oxygen and hydrogen (hydrolysis), as well as the isolation of chemical elements
such as sodium, potassium, magnesium, calcium, strontium etc. by Humphry Davy became
possible. Later, Davy demonstrated a relationship between chemical reactivity and electricity.
He recognized that different ’galvanic powers’ were needed to isolate different substances,
and in doing so, postulated what is probably known as the first galvanic series [62, 63].
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4.1 AQUEOUS CORROSION

Classifying elements and their reactions according to an electrical potential became useful.
Michael Faraday, initially an assistant to Humphry Davy, was able to demonstrate a correlation
between electrical current and the quantity of metal corroded. Through a series of experiments,
Faraday established two laws: (i) the amount of chemical change generated by the current
at an electrode-electrolyte boundary is directly proportional to the quantity of electricity
utilized, and (ii) the amount of chemical changes induced by the same quantity of electricity
in different substances is directly proportional to their equivalent weights [63, 64]. Together,
these laws can be written as:

mi = ξQM

neF
(4.4)

where,
mi is the mass of the species i produced
ξ is the stoichiometric factor
Q is the total electric charge transferred
M is the molecular weight
F is the Faraday constant (9.6485·104 C)

Through further experiments conducted by Evans, who emphasized the importance of
considering the energetic impact of electrons in the form of an electrode potential, further
insights were gained regarding the understanding that corrosion processes are primarily
electrochemical in nature, rather than solely chemical reactions. However, in order to
determine equilibrium conditions of various electrochemical reactions, and by extension their
electrode-potential, an arbitrary zero-potential (reference potential) had to be established
first. For this, electrochemists of the past have agreed on the standard hydrogen electrode
(SHE), where the reversible electrochemical reaction (Eq.4.5) is utilized.

H2 ↔ 2H+ + 2e− (4.5)

where a platinized platinum wire is immersed in a 1.17 M HCl solution (αH+=1) under pH2=
1 atm and a pH=0 [65].
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4.1 AQUEOUS CORROSION

In order to bridge thermodynamics of chemical reaction and the electro-potential for non-
standard conditions the following equations hold true, which ultimately lead to the formulation
of the Nernst equation [59–61, 66].

∆G = nFE (4.6)

∆G◦ = nFE◦ (4.7)

nFE = −nFE◦ + RT lnQ (4.8)

E = E◦ − RT

nF
lnQ (4.9)

where,
∆G is Gibbs free energy under nonstandard conditions
∆G◦ is Gibbs free energy under standard conditions
n is the number of electrons transferred
F is the Faraday constant
E is the electrode potential under nonstandard conditions
E◦ is the electrode potential under standard conditions
Q is the reaction quotient at non-equilibrium conditions
R is the ideal gas constant
T is absolute temperature

4.1.1 Mixed potential theory
Electrochemical reactions (or oxidation-reduction reactions) convert chemical energy to
electrical energy and vice versa. The transfer of electrons thereby occurs between two half-
reactions, namely, an oxidation reaction which generates electrons, and a reduction reaction
which consumes the electrons, and by doing so form a red-ox-pair. Which of the reactions will
proceed as an electron donator (oxidation) and which as an electron consumer (reduction) is
determined by the electrochemical half-cell potential. Whichever half-cell potential is higher
will take the role of the oxidation agent, while the half-cell with the lower chemical potential
will act as the reduction agent [67].

In 1938, Wagner and Traud formulated the mixed potential theory in order to better describe
such electrochemical processes. By obeying the conservation of charge, the mixed potential
theory postulates that the rate of electron production by oxidation reactions must equal the
rate of electron consumption by reduction reactions. Thus, spontaneously occurring red-ox
reactions take place at specific potentials where the two half-reactions occur at identical rates,
and is referred to as the mixed potential (Emp) [68, 69]. Unlike the standard electrochemical
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4.1 AQUEOUS CORROSION

potentials that solely describe half-cell reactions, the mixed potential contains information of
the sum of all reactions within an electrochemical system.

When considering a piece of iron (Fe) immersed in deaerated dilute HCl solution (under
standard conditions), multiple reactions occur simultaneously, and are summarized by Eq.4.10
& Eq.4.11, and can be plotted in the form of an Evan’s diagram (Fig.4.1).

oxidation :Fe → Fe2+ + 2e− (E◦
F e = −0.44 VSHE) (4.10)

reduction :2H+ + 2e− → H2 (E◦
H+/H2 = 0.00 VSHE) (4.11)

With both half-cell reactions occurring on the Fe surface simultaneously, the system strives
for an intermediate potential (corrosion potential), where the rate of electron generation by
the oxidation reaction (Fe dissolution) and the rate of electron consumption by the cathode
reaction (hydrogen generation) are equal, also referred to as corrosion current (icorr). By
plotting the change in current densities against changes of applied potential, the anodic
branch of Fe eventually intersects with the cathodic branch of hydrogen. This intersection
represents the equilibrium potential (corrosion potential, Ecorr) at which the net current
between metal dissolution and hydrogen generation is zero (see Fig.4.1a). In a similar manner,
it is possible to determine the corrosion potential for a variety of metals, if the participating
half-reactions and their electrochemical parameters are known, such as standard electrode
potentials, E◦ and exchange current densities, i0 [59–61, 67].

4.1.2 Kinetics of electrochemical systems
Evans diagrams also provide valuable information about the corrosion kinetics of metals.
Again, we shall use Fe as an example. When considering iron (Fe) and zinc (Zn) in a deaerated
HCl solution, having standard reduction potentials of -0.44 V and -0.76 V, respectively, it may
be tempting to assume that Zn will corrode more likely and thus more quickly. However, when
constructing a superimposed Evans diagram for both cases, a much higher corrosion current
is obtained for Fe than for Zn under identical conditions (see Fig.4.1b). This emphasizes, that
the thermodynamic factor of the standard electrode potential only tells us, which half-cell
reaction will proceed to function as the anode, and which as the cathode, but does not reveal
any information about the reaction rate. Since the corrosion current and thus the corrosion
rate of a metal is defined at the potential where the net current between metal dissolution
and hydrogen evolution is 0, it is clear that the exchange current of hydrogen for a specific
metal has a big influence on overall corrosion rate. In other words, if the hydrogen exchange
current on a metal surface is high, then the corrosion rate of that metal is also likely to be
high, if the exchange current is small, then the corrosion of the metal is low.
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4.1 AQUEOUS CORROSION

Figure 4.1: Behavior of Fe and Zn in deaerated acidic HCl-solution. Adapted from [67, 69].

In the case of Zn and Fe immersed in a deaerated HCl solution, a much higher hydrogen
exchange current is featured for Fe, despite having the higher reduction potential, which
ultimately translates to a faster dissolution of Fe into solution [69].

4.1.3 Galvanic corrosion and corrosion rate
Galvanic corrosion describes a degradative process, when two or more dissimilar materials
are brought in electrical contact within the same environment (electrolyte). It is clear, that
depending on the materials’ thermodynamic potentials, one will act anodically, while the
other will act cathodically. In the case of Fe and a noble couple (e.g., gold), which will not
oxidize, a significant decrease in the exchange current density i0(H2 on Fe) is observed, while an
increased exchange current density i0(H2 on Au) is featured. Moreover, an accelerate dissolution
of Fe is featured when coupled with gold, than without. This effect can be seen for many
galvanic couples, whose electrode potentials differ substantially. However, as discussed in the
previous section, the eventual corrosion rate of the oxidizing metal is more likely determined
by the exchange current i0(H2 on noble metal) than the relative difference of electrode potential
between the noble and less-noble partners [67, 69, 70].

Once more, a great example is to consider a piece of Fe immersed in a solution of HCl, where
in one case, Fe (E◦

Fe=0.447 V) is coupled with gold (Au) (E◦
Au=1.5 V), in another case

with platinum (Pt) (E◦
Pt= 1.2 V), and in a third case remains in its original uncoupled

state. Despite the larger potential difference between Fe and gold, a slower corrosion rate is
observed compared to the Fe-Pt couple (see Fig.4.2).
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Figure 4.2: Galvanic corrosion of Fe in deaerated HCl solution. Adapted from [67, 69].

4.1.4 Cathode-to-anode surface ratio
With the understanding that corrosion rates of less-noble metals (anodic reaction) are
dependent on the exchange current of the cathodic half-reaction, it becomes clear that the
relative surface areas of the respective cathodic and anodic partial reactions have a profound
influence on the corrosion current and by extension the corrosion rate. This is made clear
when reviewing Fig.4.2b, which shows the corrosion rate of Fe in deaerated HCl solution under
standard conditions. When Fe is not coupled with a noble metal (Me), its dissolution rate is
proportional to the reaction rate of the cathodic reaction (hydrogen generation), and thus is
limited by the exchange current that hydrogen experience on the Fe surface. If however, Fe is
electrically coupled with a more noble metal, whose exchange current i0 (H on Me) > i0 (H onFe),
then higher dissolution rates of Fe are made possible. As the surface ratio between the noble
Me and less noble Fe increases, so does the overall exchange current for the Me-Fe couple
i0 (H on Me/Fe), resulting in a higher corrosion rate of the less noble Fe partner [70, 71].

In summary, increasing the exposed cathodic-to-anodic surface ratio increases the cathodic
exchange current, which in turn exerts a higher corrosion rate of the anodic metal dissolution.
Moreover, the large the cathode to anode ratio is, the more noble the corrosion potential of
the couple becomes.
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4.1.5 Activation energy
A metallic electrode in solution at equilibrium will generally exhibit a forward (rf) and a
reverse reaction (rr), between which an exchange current is flowing (net current=0). If we
now consider the dissolution of a metal, formation of cationic metal-ions will accumulate at
the metal-electrolyte interface while leaving behind electrons. This accumulation of charge
(cationic charge build-up in the solution and electronic charge build up at the metal surface)
will progress until equilibrium is reached (rf=rr). Respectively, separation of the opposing
negative and positive charged layers generate a potential difference across the metal surface-
electrolyte interface, called the Helmholtz double layer. Under standard conditions, this
potential difference can be interpreted as the standard electrode potential [72]. [76]. Since
water is polar, its positive dipole moment is attracted by the negative charge of the metal
surface, contributing to the potential difference across the double layer. There, solvation
of metallic cations occurs, which are then distanced away from the electrode surface by a
hydration shell. Since such hydrated ions still experience electrostatic attraction to the metal
surface, they form a second layer charge layer. While this second layer is referred to as the
outer Helmholtz plane (OHP,φ2), the inner Helmholtz plane (OHP, φ1) is generated by the
adsorbed water molecules by means of their dipole moment [73].

This means that for a metal atom to become dissolved, it must first overcome an energy
barrier in order to dislodge from its lattice and overcome the Helmholtz layers.

4.1.6 Pitting corrosion
Pitting corrosion is a form of extreme localized galvanic corrosion, which is most often observed
in the presence of aggressive halide-ions such as chloride-ions (Cl-) and is characterized by
the formation of small caverns (pits). According to Richardson and Wood [74] the state of
a materials passivity (stability of the oxide scale) is determined by the rate of reoccurring
depassivation and repassivation events. In the presence of Cl- however, repassivation events
become dysfunctional while depassivation events continue to occur [75, 76]. Consequently,
this triggers a localized breakthrough of the protective oxide, followed by the formation of a
metastable pit, referred to as pit-initiation [75]. This exposes a small area of unprotected
alloy (small anode), enabling the aqueous electrolyte to make contact and to forms a galvanic
couple with the surrounding oxide scale (large cathode). The driving power of the large
cathode (high exchange currents that occur at the cathode surface) promotes high reaction
rates at the comparatively small anode, which promotes an accelerated metal dissolution at
the pit initiation site (metastable pit). This represents a crucial moment within the pitting
mechanism as either, the alloy repassivates the metastable pit, or the pit exceeds a critical
volume after which repassivation becomes increasingly unlikely [59]. Thus, depassivation and
repassivation processes are essential processes for successful engineering materials.
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Figure 4.3: Common pit initiation events of PVD coated steel: (i) pit initiation along
embedded macro-particles, (ii) diffusion along incoherent column boundaries, (iii) exposed
substrate areas due to crack- formations or spallation, (iv) chemical depassivation of the
coating structure itself.

Unfortunately, not all machining components self-generate a native and passivating oxide
scale, but instead require protection by industrially deposited protective coatings. Such
coatings, particularly ceramic transition metal nitride coatings, exhibit exceptional chemical
stability (noble), but do not possess the ability to repassivate in the event of damage or other
defect related occurrences. Thus, when such inert coatings are deposited on steels and are
breached by an aggressive electrolyte, a galvanic couple forms and pitting initiation ensues at
the coating-alloy interface [77–82].

Limiting the locations and probability for pit-initiation in PVD coated alloys is thus of
upmost importance, however also extremely challenging. Due to the an array of inherent
PVD coating characteristics, such as unidirectional growth orientation, columnar morphology
[83], defect rich structure that include embedded macroparticles [46–49] or pin-holes [84],
as well as the noble character in comparison to many alloys, pose weak points in providing
exceptional corrosion protection. Therefore, PVD coatings allow for a selection of pit-initiation
mechanisms, which are summarized as follows (see Fig.4.3):

i. Direct bypass of corrosion media at pin-holes, defect-sites and embedded macro-particles

ii. Local delamination of protective coating caused by inward-diffusion of corrosive media
along column boundaries, followed by the formation of corrosion products and stress
states at the metal-coating interface

iii. Diffusion along incoherent column boundaries

iv. Local depassivation by film breakdown, most often caused by halide-ions (mostly pertains
to metallic coatings)
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Pitting mechanism

Once a metastable pit has surpassed its critical size, it begins to grow. In basic aerated
solution, the Fe dissolution reaction is thermodynamically favored (anodic reaction) and is
powered by the reduction of oxygen dissolved in water (reduction reaction), whose red-ox
reaction is given by:

2Fe(s) → 2Fe2+
(aq) + 4e−(anodic) (4.12)

O2(diss) + 2H2O(l) + 4e− → 4OH−
(aq)(cathodic) (4.13)

2Fe(s) + 2H2O(l) + O2(diss) → 2Fe(OH)2(s)(redox) (4.14)

In an aerated neutral or acidic solution, however, the dissolution of Fe occurs according to:

2Fe(s) → 2Fe2+
(aq) + 4e−(anodic) (4.15)

O2(diss) + 4H+
(aq) + 4e− → 2H2O(l)(cathodic) (4.16)

2Fe(s) + O2(diss) + 4H+
(aq) → 2Fe2+

(aq) + 2H2O(l)(redox) (4.17)

By reviewing the corrosion products more closely, it becomes apparent that under basic
conditions, the corrosion product of Fe (Fe(OH)2) is solid, while under neutral and acidic
conditions, Fe remains dissolved. This is a decisive detail in the pitting mechanism, which
shall be highlighted again later.

Fig.4.4a shows a schematic of the pitting mechanism of coated carbon steel in neutral aerated
solution and highlights several electrochemical reactions that play an important role in
promoting pit growth. Even though all reactions are occurring simultaneously, with no
particular sequence, a numerated depiction is nevertheless chosen for an easier understanding
of the mechanism.

When Fe dissolves into solution within the metastable pit (i, anode), its electrons are con-
ducted to the surface (ii, cathode) where the reduction of dissolved oxygen occurs (iii,
reduction reaction). As a result, hydroxyl-ions are generated and increase the alkalinity
in the vicinity of the pit-opening. With Fe dissolution continuing within the pit cavity, a
concentration gradient and positive charge build up develops (iv, ionic charge build up).
Positively charged Fe2+-ions build up within the cavity and diffuse down the concentration
gradient to the surface of the pit, where they experience a more alkaline environment (v,
diffusion of Fe to pit-mouth). Referring back to Fe dissolution under alkaline conditions
(Eq.4.14), Fe will react with the hydroxyl-ions and solidify as Fe(OH)2 and Fe(OH)3, and
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Figure 4.4: Pitting mechanism of PVD coated steel. (a) shows the correlation and synergy of
various chemical processes during pitting. (b) shows an example of a matured pit forming
due to an embedded macroparticle within an arc evaporated AlCrN coating. (c) illustrates a
collapsed pit, due to the failing mechanical integrity of the coating structure. (d) shows a
wide-view of a PVD coated steel suffering from pitting corrosion.

seals the pit opening (vi+viii, sealing of pit-opening through corrosion products). Conse-
quently, a porous oxide scale develops, which remains penetrable for Cl- and H+ (vii, high
ionic mobility of Cl- and H+ through porous oxide). With the consumption of OH- at the
alkaline pit opening, and Fe2+ build up at the bottom of the pit, Cl- ions are drawn to
the bottom pulling along H+ and acidify the pit. While the dissolution of Fe is favored
at low pH levels, an autocatalytic environment is generated that allows for a continuous
growth of the pit-cavern [85]. As one of the reaction products of Fe dissolution in acidic
solutions is hydrogen evolution (reduction of hydronium-ions, H3O+), a gradual pressure
build up will eventually rupture the cavity and elicit its collapse. SEM images of such
pitting mechanism are presented in Fig.4.4b-d, which show a cross section of a matured
pit cavity caused by an embedded macroparticle initiation site (Fig.4.4b), a top view of a
collapse pit (Fig.4.4c) and a PVD coated steel substrate that is studded with open pit-caverns.

4.1.7 Assesment of corrosion
During electrochemical corrosion measurements, anodic and cathodic reactions are coupled
together on the same electrode surface. Thus, when a metal or alloy corrodes in an electrolyte,
the sum of all partial cathodic reactions and the sum of all partial anodic reactions are
measured at the same instance. An anodic branch thus comprises all oxidation processes,
while a cathodic branch represents all partial reduction processes, whose intersection (in the
form of an Evans-diagram) provides the mixed potential (or corrosion potential, Ecorr,) and
corrosion current (icorr) [26][27].
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4.1.8 Corrosion potential
The measurement of the equilibrium potential of a corroding electrode (working electrode)
is performed by using a non-polarizable reference electrode. By connecting the two by a
voltmeter and salt-bridge, and immersing them in the same electrolyte, the open circuit
potential of the freely corroding working electrode can be determined (Ecorr) [26][27].

4.1.9 Corrosion current
Measuring the corrosion current under equilibrium conditions, however, is not possible. Since
at Ecorr the current contribution from the sum of all anodic reactions is equal to the current
consumption by all cathodic reactions, no net current can be measured (ia= -ic=icorr at Ecorr).
Since the net current for all occurring reactions at Ecorr is 0, the system must be brought out
of equilibrium by application of an external voltage (overpotential, η) in order to encourage
non-equilibrium reaction rates, which is referred to as polarization. While a sufficient positive
overpotential induces oxidation processes (ia>ic), a sufficient negative overpotential induces
reduction processes (ic>ia). In order to describe the relationship between overpotential and
the change in anodic and cathodic current within a simple electrode (an electrode where
reduction and oxidation processes occur on the same surface), John Butler and Max Volmer
established the following equation, which is known today as the Butler-Volmer equation
[59, 60, 86].

j = ja + jc = j0
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(4.18)

j = ja + jc = j0
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��
(4.19)

j is the electrode current density (A·m-2)
j0 is the exchange current density (A·m-2)
αa is the anodic symmetry factor (1-αc)
αc is the cathodic symmetry factor (1-αa)
z is the number of electrons involved in the anodic or cathodic reaction
F is the Faraday constant (96 485 C·mol-1)
R is the universal gas constant (8.314 J·K-1·mol-1)
E is the electrode potential (V)
Ecorr is the equilibrium potential (V)
η is the overpotential (V)
T is the absolute temperature (K)
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Fig.4.5a shows the relationship of the relative cathodic (blue) and anodic (yellow) current
density contributions with changing overpotential on an electrode. At positive overpotentials,
the net current density (purple) becomes positive with an exponentially growing anodic
contribution, whereas at negative overpotentials, the net current density grows exponentially
negative due to an increasing cathodic current density contribution [87].

Fig.4.5b shows the same data, however, with the current density plotted logarithmically
over the electrode potential. The obtained graph, also known as a Tafel-plot, provides the
necessary means for experimentally approximating the corrosion current density (Icorr). Its
mathematical description, given by Eq.4.20, can further be simplified when deviating far
enough away from Ecorr. Thus, at high positive overpotentials Eq.4.21, the cathodic term
becomes negligible, while at sufficiently low overpotentials Eq.4.22, the anodic term becomes
negligible. As a result, a linear relation is given between the change in potential E and
logarithm of the measured current density (log inet), (Eq.4.23) [66].

inet = icorr

�
10

E−Ecorr
βa − 10− E−Ecorr

|βc|

�
(4.20)

E = Ecorr + βa


log(inet) − log(icorr)


for η ≫ 0 (4.21)

E = Ecorr − βc


log(inet) − log(icorr)


for η ≪ 0 (4.22)

η = ±A · log


i

i0


(4.23)

where,
η is overpotential
A is the Tafel slope
i is the measured current density
i0 is the exchange current density

This allows for a rather simple way of empirically approximating the corrosion current density
for a simple electrode. Making use of these linear Tafel regions, an extrapolation technique
can be used to experimentally determine the corrosion current. Assuming that there are only
two half-reactions occurring at on the electrode surface, the intersection point of both cathodic
and anodic linear fits translates to the corrosion current. The slope of the individual Tafel
slopes are referred to as Tafel-slopes (βa and βc for the anodic and cathodic Tafel-branches,
respectively). The shallower the slope (∆log(i)

∆E
) the higher the resistance required for the
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Figure 4.5: Effect of electrode polarization: (a) an i/E graph shows the net current that
originates at negative and positive overpotentials. (b) illustrates the same relationship in the
form of a Tafel-plot, where the net current density is plotted logarithmically. (c) illustrates
the Stern-Geary relation of the linear i/E relationship at small overpotentials. (d) shows a
graphical representation of a variety of i/E curves with increasing polarization resistances
(Rp)- adapted from [66, 87, 88].

reaction and the slower the reaction rate. Naturally, the steeper the slope (∆log(i)
∆E

), the lower
the resistance and the faster the reaction rate.

4.1.10 Polarization resistance
Instead of extrapolating icorr from a Tafel-plot (Fig.4.5b), icorr can also be calculated according
to the Stern-Geary relation, which provides a relationship between the polarization resistance
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and the corrosion current (Fig.4.5c), and is expressed as follows [59, 60, 88]:

icorr = βa · |βc|
Rp · 2.303(βa + |βc|) =

βa·|βc|
βa+|βc|
2.303 · 1

Rp

= B

Rp

(4.24)

where,
icorr is corrosion current density (A·m-2)
Rp is polarization resistance Ω·m-2

βa is anodic Tafel slope in V/dec
βc is cathodic Tafel slope in V/dec

Derived from the Butler-Volmer equation, the Stern-Geary relation considers the presence
of a linear relationship between the potential and current at very small overpotentials (±25
mV or smaller), whose slope is referred to as the polarization resistance (Rp). By reviewing
Eq.4.24 once more, the corrosion current, and by extension the corrosion rate, is inversely
proportional to the polarization resistance of an electrochemical system [59, 60].

Since polarization resistance is a measure of the transition resistance between the electrode
reactions and the electrolyte, changes to the magnitude of polarization resistance can occur
due to (i) a potential drop across the electrode-electrolyte interface caused by changes of the
electrical double layer, (ii) or due to insulation effects that arise through the formation of
corrosion products at the electrode surface. In either cases, a high polarization resistance
implies a high corrosion resistance, whereas a low polarization resistance infers poor corrosion
resistance [26][27].

4.1.11 Open-porosity
PVD coatings offer a multitude of different defects and porosities that an electrolyte can utilize
to gain access to the underlying substrate material. The subsequent formation of galvanic
couples at such porosities are thus a common circumstance that material scientists need to
take into consideration. Several approaches have been devised over the years to strategically
obstruct open-pore transmissivity for an electrolyte, which may include increasing the overall
coating thickness, the incorporation of interlayered barrier coatings, by surface treatments
[89], or by thermally induced formation of a dense oxides scale.

However, in order to develop and devote such strategies to improve the passivity of a coating,
analytical techniques must be able to quantify the degree of coating porosity. An easy and
quick estimation of the porosity index, or open-porosity value, can be electrochemically
determined at the corrosion potential of a given coating-substrate couple, assuming that
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the coating functions solely as the cathode and is chemically inert (Eq.4.25). Luckily, most
ceramic coatings deposited on low-alloy steels fulfill this requirement in Cl--enriched neutral
aqueous solutions [90].

P =


Rp,bs

Rp,c


·10

|∆Ecorr |
βa (4.25)

where,
Rp,c is the polarization resistance of the coating in Ω·m-2

Rp,bs is the polarization resistance of the bare substrate in Ω·m-2

∆Ecorr is the difference in the corrosion potential between coating and substrate in V
βa,bs is the anodic Tafel slope of the bare substrate in V/dec

4.1.12 Corrosion rate
Probably one of the most coveted corrosion parameter by material scientists is the corrosion
rate expressed in mass-loss over time per unit area. According to Faraday’s Law and by
knowing the corrosion current density of the material under investigation, the corrosion rate
can be determined as follows:

m = 1
F

· M

n
icorr · t (4.26)

with,
m is the mass of product removed (g)
F is the Farraday’s constant 96 485 (C·mol-1)
M is the molar mass of product or atomic weight (g·mol-1)
icorr is the corrosion current density (A·cm-2 or C·s-1·cm-2

t is time (s)
n is the number of electrons transferred
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4.2 Hot corrosion
Hot gas corrosion, also known as molten salt-induced corrosion, is a phenomenon commonly
observed in aviation and stationary land-based gas turbines [91]. Occurring within a temper-
ature range of 575-950 ◦C, the formation of salt deposits leads to accelerated degradation of
machining components, particularly affecting transition lines from the combustion chamber,
as well as blades and vanes of the high-pressure turbine (HPT) and low-pressure turbine
(LPT) [18]. When sulfur impurities from the kerosene (<0.3 m.%) are combusted, they
oxidize entirely and form a mixture of SO2 and SO3 (SOx), as presented by Eq.4.27-4.28 [92].

S + O2 → SO2 (4.27)

SO2 + 1
2O2 ↔ SO3 (4.28)

When operating in marine environments, salt-rich aerosols can infiltrate the turbine sections
through the air intake (e.g., NaCl, KCl, MgCl2 etc.), where they react with the SOx-rich
exhaust gases and form high-melting sulfate-salt deposits (Eq.4.29-4.30) [91, 93].

2NaCl + S + 2O2 → Na2SO4 + Cl2 (Tm = 884 ◦C) (4.29)

MgCl2 + S + 2O2 → MgSO4 + Cl2 (Tm = 1124 ◦C) (4.30)

Over time, these adherent deposits can introduce a series of aggressive corrosion mechanism
that lead to premature failure of turbine components.

One particular reason for the aggressive nature of the salt deposits is their ability to form
low-melting eutectic mixtures, which can attain much lower melting temperatures than those
of their individual constituents. For instance, while Na2SO4- and MgSO4-deposits have
melting points of 884 ◦C and 1124 ◦C, respectively, their binary system features an eutectic
temperature of merely 665 ◦C [93]. This significantly complicates the study of hot corrosion
phenomena in industrial settings, as not only temperature and atmospheric composition, but
also the mole-fractions of the salt-deposit impart substantial influence on the hot corrosion
mechanism.

4.2.1 Hot Corrosion and salt-chemistry
Hot corrosion of metals and alloys that are exposed to salt-rich environments at high
temperatures can occur by a variety of degenerative mechanisms: Either through a sulfidation-
oxidation mechanism, or the acidic and/or basic dissolution of the protective oxide scale
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(fluxing mechanism). Whether or not conditions for sulfidation or fluxing are met, depends on
the chemical make-up of the protective oxide scales, temperature profile, chemical composition
of the atmosphere and, as a result, on the melt basicity of the salt-deposit.

When considering a melt of pure Na2SO4, it partially dissociates into its basic (Na2O)
and acidic (SO3) components (Eq.4.31), whereby its decomposition occurs quite slowly
(>884 ◦C). Simultaneously, there is an exchange between the molten salt deposit and the
surrounding SOx-rich atmosphere, which substantially influences the character of the melt,
and by extension the interaction between the melt and the protective oxide scale of a machine
element. Since out of all constituents of exhaust gas (SO2, SO3, O2, N2 CO2 etc.) SO3 is by
far the most soluble within the Na2SO4 melt, its concentration in the atmosphere and its
solubility drastically influences the basicity of the melt. In other words, the higher the ρSO3

is, the more acidic the melt becomes [94].

Na2SO4(l) ↔ Na2O(diss) + SO3(g) (4.31)

In a sense, the sodium sulfate melt can be described by acid-base chemistry, similar to a
pH-scale of aqueous solution:

Na2SO4(l)log(K)(1200K) ↔ Na2O(diss) + SO3(g) = −16.7 (4.32)

log(αNa2O) + log(αSO3) = −16.7 (4.33)

4.2.2 Solubility of protective oxides in Na2SO4

In a series of electrochemical studies, Zheng [95], Luthra and Rapp [96] have investigated
the solubility of various oxides in fused Na2SO4 at 1200 K. By varying the basicity of the
melt, the solubility of most oxides (with the exception of SiO2) feature distinct solubility
minima, and thereby indicate at which melt-basicity they are most stable. Fig.4.6a shows
a compilation of such measured solubilities, where concentration of the dissolved oxide is
plotted over the basicity of the melt.

When oxides come in contact with fused Na2SO4, their dissolution can occur in two ways:
Basic dissolution (basic fluxing), where the oxide reacts with the basic component (Na2O)
of the melt, or acidic dissolution (acidic fluxing), where the oxide reacts with the acidic
component of the melt (SO3). Which reaction dominates depends on the chemical stability of
the oxide (position of the solubility minimum). While Al2O3 and Cr2O3 are considered acidic
oxides, exhibiting their solubility minima at the acidic end of the melt-basicity spectrum,
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Figure 4.6: (a) Solubility diagram of common oxides in fused Na2SO4 as a function of
melt-basicity (adapted from [97]), (b) region of synergistic fluxing between NiO and Cr2O3
(shaded area).

Co2O3 and NiO are viewed as basic oxides with solubility minima at the basic end of the
spectrum. Therefore, Co2O3 and NiO are predominantly dissolved via an acidic fluxing
mechanisms (reacts with SO3), while Al2O3 and Cr2O3 are more frequently dissolved in more
neutral and basic melts (basic fluxing by reacting with Na2O).

Acidic fluxing (acidic dissolution)

During acidic fluxing, dissolution of the protective metal-oxide scale occurs by reacting with
Na2SO4 and by releasing Na2O, to form porous metal-sulfates [44]. In the case of NiO, NiSO4

and Na2O are produced and dissolve into the Na2SO4 melt (Eq.4.34-4.35). A more accurate
notation of the acidic fluxing of NiO is given by Eq.4.36-4.37, which considers the solubility of
the main oxidant SO3 in form of disulfate (Eq.4.38), as the solubility and thus participation
of SO2 and O2 in Na2SO4melts is negligibly low [98].

NiO(s) + SO3(g) = NiSO4(diss) (4.34)

NiO(s) + Na2SO4(l) = NiSO4(diss) + Na2O(diss) (4.35)

NiO(s) + Na2S2O7(l) = NiSO4(diss) + Na2SO4(l) (4.36)

NiO(s) + S2O
2−
7 = NiSO4(diss) + SO2−

4 (4.37)

SO2−
4 + SO3(g) = S2O

2−
7 (4.38)
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Basic fluxing (basic dissolution)

In the case of the basic dissolution of the protective oxide-scale (known as basic fluxing), Na2O
(O2-) present in the liquid salt film reacts with the metal oxide, resulting in the formation of
soluble anionic species, as demonstrated by (Eq.4.39-4.41). However, because the availability
of O2--ions necessary for basic-fluxing is limited by the amount of the deposited salt and
its dissociation, basic-fluxing alone is not self-sustaining [97]. Thus, basic-fluxing normally
predominates at higher-temperatures (HTHC 900 ◦C), where the production of O2--ions
through decomposition of the salt melt is sufficiently high, and the presence of the acidic
atmospheric component SO3 is negligible [99].

NiO(s) + Na2O(diss) = Na2NiO2(diss) (4.39)

NiO(s) + Na2SO4(l) = Na2NiO2(diss) + SO3(g) (4.40)

NiO(s) + O2−
(diss) = NiO2−

2(diss) (4.41)

Synergistic fluxing (acid-base-dissolution)

Synergistic fluxing describes a dissolution mechanism where at least two different oxides in
close proximity to one another stand in contact with the salt-melt. If the salt basicity of the
melt falls between the solubility minima of the two oxides, then the solubility of the one oxide
can facilitate melt conditions that accelerates the dissolution of the other (see Fig.4.6b).

Let’s consider the solubility curves of NiO and Cr2O3 (common protective oxides for Ni-base
superalloys) and a Na2SO4 melt basicity –log(αNa2O)= 11. As the solubility minimum of
NiO places left (more basic conditions) of the melt basicity, NiO will preferably undergo acidic
fluxing, and in doing so, increases the local basicity of the melt according to Eq.4.42-4.43
(increases αNa2O). Simultaneously, Cr2O3 has its solubility minimum on the right side of the
initial melt basicity, and would therefore undergo basic fluxing, whilst decreasing the melt
basicity (increases αSO3) according to Eq.4.44-4.45.

As each fluxing mechanisms generates reaction products (Na2O or SO3) which supports the
dissolution of the other, a co-dissolution with a synergistic effect develops.
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NiO(s) + SO3(g) = NiSO4(diss) (4.42)

NiO(s) + Na2SO4(l) = NiSO4(diss) + Na2O(diss) (4.43)

Cr2O3(s) + Na2O(diss) = 2NaCrO2(diss) (4.44)

Cr2O3(s) + Na2SO4(l) = 2NaCrO2(diss) + SO3(g) (4.45)

4.2.3 Two types of hot corrosion
Depending on the physical aggregate of the adhering salt-deposit, hot corrosion is further
divided into two types: High temperature hot corrosion (HTHC), where the salt-deposit
exits in a molten state (exposure temperature > melting temperature of salt deposit), and
low temperature hot-corrosion (LTHC), where the salt adheres in a solid form (exposure
temperature < melting temperature of salt deposit). However, the temperature dependent
salt aggregate is not the only factor that differentiates LTHC from HTHC. With the SO3-rich
atmosphere being an integral part of the fluxing mechanisms, its presence or absence in
the atmosphere has a huge impact on the hot corrosion mechanism. Fig.4.7a illustrates the
thermodynamic and kinetic properties of the SO2-SO3 equilibrium reaction. Considering
a homogeneous reaction (no catalytic effects), it is apparent that the formation of SO3 is
thermodynamically favored at low temperatures and approaches negligible amounts when
approaching temperature close to 900 ◦C. With the kinetics behaving the other way, namely
higher conversion rates with increasing temperature, it is evident that neither, very low
temperatures < 500 ◦C nor very high temperatures > 950 ◦C can produce HC conditions
where SO3 plays a central role. Therefore, SO3 driven HC reactions, such as acidic fluxing is
generally expected in the LTHC regime, while basic fluxing is expected to dominate at low
ρSO3 in the HTHC regime.

Fig.4.7b illustrates a summary of the aforementioned parameters that predetermine which
type of HC is expected, as well as which chemical reactions tend to dominate the mechanism.

39



4.2 HOT CORROSION

Figure 4.7: (a) Thermodynamic and kinetic properties of the homogeneous SO2 to SO3
conversion- adapted from [100]. (b) Illustration of the corrosion severity and predomi-
nant corrosion mechanisms of LTHC, HTHC and HT oxidation processes plotted over
temperature.[101]

Low temperature hot-corrosion (LTHC)
Considering Na2SO4 as the sole component of the salt-deposit, the presence of SO3 in the
environmental atmosphere is a crucial component in both the initiation, as well as subsequent
propagation of the mechanism [102]. Thermodynamically favored at lower-temperatures [100],
the formation of SO3 in the atmosphere first facilitates an oxide to sulphate transition of
the protective oxide scale. In the case of a Ni-based superalloy, this involves the sulphation
of NiO scale. Once sulphation of the surface oxide has occurred, the formation of a low-
melting NiSO4-Na2SO4 eutectic develops. The higher the SO3 content in the atmosphere,
the higher the solubility of NiO in NiSO4-Na2SO4 becomes, which again makes the partial
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pressure of SO3 a controlling parameter [103]. Other protective oxides such as Al2O3 and
Co2O3 may also react with SO3 and form mixed metal sulfate eutectics with the Na2SO4

deposit (NiSO4-Na2SO4 (671 ◦C), Al2(SO4)3-Na2SO4 (640 ◦C) and CoSO4-Na2SO4 (575 ◦C))
[104, 105]. This establishes a liquid oxide-salt interface that then functions as a transport
medium for subsequent fluxing of the protective oxides scale [98]. It is generally accepted that
a liquid salt deposit is necessary at the oxide-salt-interface to initiate the LTHC mechanism
and provide a dynamic medium for accelerated dissolution reactions to occur.

From a thermodynamic perspective, many protective oxides, such as Al2O3, NiO and Cr2O3

react with SO3 to form their respective sulphates. This highly depends on the temperature
and partial pressure of SO3 within the atmosphere. At 700 ◦C, however, the metal-oxide to
metal-sulfate transformation for all three oxides is favored, making them all vulnerable to
LTHC attack [97].

High temperature hot corrosion (HTHC)
HTHC occurs at significantly higher temperatures than LTHC. Premise for its initiation is
an adherent molten salt-deposit, whereby two common propagation mechanisms can pursue:
An alloy-induced acidic fluxing mechanism, or a basic fluxing mechanism [106]. Particularly
interesting is the alloy-induced acidic fluxing, where acidic transient oxides of elements,
such as W, Mo and V (solid solution hardeners in Ni-base super alloys) diffuse to the oxide
scale surface and acidify the melt. For instance, MoO3 reacts with Na2O from the Na2SO4

melt to form a complex metal oxide (Na2MoO4). By doing so, the local activity of NaO
(basicity of the melt) is lowered, allowing for the acidic fluxing of Cr2O3 by expendable
MoO3 (Eq.4.46-4.47). Soluble within the Na2SO4 melt, the metal oxyanions (MoO4

2-) and
Cr3+ cations diffuse towards the melt-surface, where MoO3 evaporates (900 ◦C) and Cr2O3

precipitates as a porous non-protective oxide due to the higher O2--activity. Through the
evaporation of MoO3 and thus the transport of O2--species to the salt-gas interface, a negative
concentration gradient for the Cr2O3 is ensured and provides a self-sustaining character [106].

Cr2O3 + 3MoO3 ↔ Cr2(MoO4)3 (4.46)

Cr2(MoO4)3 ↔ 2Cr3+ + 3MoO2−
4 (4.47)

On the contrary, HTHC may also elicit basic fluxing of the protective oxides. Unlike acidic-
fluxing, basic-fluxing is considered non-self-sustaining, and is ultimately dependent on the
amount of salt-deposit available for the reactions.
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Overall, it can be suggested that alloys with high contents of chromium and aluminum
(chromia and alumina formers) are more prone to basic fluxing, whereas alloys with high
contents of Mo, W and V are more sensitive to acidic fluxing.
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Chapter 5

Methodology
Several analytical methods were used to experimentally test and examine the coating materials
under study. This chapter will briefly touch on the most important methods, with additional
information provided by the individual publications I-IV.

5.1 Electrochemical techniques
There is a plethora of tools that have been devised to mimic and study the corrosion
phenomena that surround us. Ranging from its simplest form of ‘immersing a material into a
corrosive solution and observing it over time’, to the more sophisticated implementation of
electrochemical techniques that allow for a more accelerated and sensitive monitoring of a
corrosion mechanism, the study of corrosion has come a long way from its inception in the
late 1700s [107].

A powerful tool for investigating electrochemical corrosion phenomena is the three-electrode
cell set-up coupled with a potentiostat. The system consist of a working electrode (sample
under study, WE), a Ag/AgCl(sat) reference electrode (RE) and a Pt-counter electrode (CE),
all housed within a press fit compartment that holds the electrolyte (Fig.5.1a). When in
potentiostatic/potentiodynamic mode, the system will control the potential of the counter
electrode against the working electrode. While the purpose of the RE is to measure the
potential difference between itself and the WE, without exchanging any current, the function
of the CE is to balance the current, which is generated/consumed by the working electrode.
Fig.5.1b further illustrates how the individual electrodes are arranged within the cell. An
external voltage is exerted by the potentiostat and passed through a control amplifier (CA).
By switching the cell on and connecting the counter electrode, a potential difference is
exerted against the working electrode, thereby polarizing it. Depending on the direction
of the generated overpotential, either the oxidation half-reaction (electron generation) or
the reduction half-reaction (electron consumption) will occur at the WE, while the CE
will always host the opposite half-reaction. The generated currents are then measured by
a current follower (CF) and communicated back to the system. Being operated in the
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Figure 5.1: Schematic of (a) a three electrode corrosion cell and (b) its respective electrical
circuit diagram-adapted from [108].

potentiostatic/potentiodynamic mode, the signal generated by the RE and voltage follower
is fed back to the summation point (	), where it will be used as an input of the control
amplifier.

Linear potentiodynamic polarization (LPP)

As mentioned in previous sections, electrochemical systems can be perturbed by an external
potential referred to as polarization. Electrochemical techniques that make use of such
polarization phenomena by means of applying potentials include polarization resistance
measurements, linear and cyclic potentiodynamic polarization experiments, as well as poten-
tiostatic techniques. In all cases, an external potential is imposed onto an electrode, whose
electrical response is monitored in the form of current. I-E plots are then generated and
consulted for elucidating an electrode’s electrochemical parameters, such as corrosion potential
(Ecorr), corrosion current density (icorr) and polarization resistance (Rp). By departing further
from the corrosion potential, additional electrochemical characteristics can be measured,
which give further insight about the corrosion behavior of a particular material. Illustrated
in Fig.5.2a is a generic representation of a potentiodynamic polarization curve highlighting
distinctive electrochemical features that may be observed and interpreted when conducting
such measurements.

For most metallic specimens in an aqueous environment, the cathodic branch (region of
cathodic polarization) remains rather straightforward. Hydrogen evolution and oxygen
reduction provide the majority of the cathodic current contribution, while the cathodic
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Tafel-slope βc renders one of the necessary parameters for calculating (or extrapolating) the
corrosion current density (icorr). Unlike the cathodic region, the anodic branch provides much
more divers correlations between the applied overpotential and measured current response.
First there is the anodic Tafel slope, which, complementary to the βc, provides a necessary
parameter for the determination of icorr. By increasing the positive overpotential further,
inherent material properties, such as the ability to form a passivating oxide, have profound
influence on the i-E relationship. Whereas metals which do not produce a thermodynamically
stable corrosion product or passive oxides will follow an active dissolution with increasing
overpotential (disregarding concentration polarization of the electrolyte), metals which do
passivate follow an immediate passivation (spontaneous passivation) or activation delayed
passivation (active to passive transition). In the case of the latter two, a passive region
is usually featured where the measured current density does not change with increasing
overpotential. At even higher potentials, localized breakdown of the previously formed passive
layer can occur, which may further lead to accelerated galvanic corrosion (pitting) of the
exposed alloy (if repassivation does not occur). Lastly, at sufficiently high overpotentials,
dissolution and uniform breakdown of the passive oxide can ensue (transpassive dissolution),
followed by the breakdown and oxidation of the aqueous electrolyte (oxygen generation) [109].

For aqueous solutions, hydrogen evolution on the cathodic spectrum and oxygen evolution
on the anodic spectrum define the thermodynamic corridor within which corrosion can occur,
which for neutral solutions covers a potential range of +1.23 V and -0.83 V (measured against
SHE, Fig.5.2b) [110].

Cyclic potentiodynamic polarization (CPDP)

An extension of the linear potentiodynamic polarization measurement is the cyclic potentio-
dynamic polarization method (CPDP). As the name infers, the applied potential is swept
in a cyclic manner, where one cycle is comprised of a forward scan followed by an upper
vertex point (where the potential sweep direction is reversed), and a revers scan followed by a
lower vertex point, after which the potential is returned to the original start potential. Even
though CPDP scans often involve multiple repetitions of such individual scans, a rudimentary
execution of just one cycle can often provide sufficient information.

Fig.5.2c-d, for example illustrate such shortened cyclic potentiodynamic polarization mea-
surements, each providing distinct electrochemical characteristics, which would have not been
apparent by using the LPP method.

For instance, Fig.5.2c displays the log i-E plot of a material, which exhibits two things: Pitting
corrosion and the proficiency to spontaneously passivate and repassivate. After the scan is
swept through the materials initial corrosion potential (1→2, Ecorr) the material enters a
prolonged passive regime (2→Epit). Subsequently, the material encounters its break-through
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Figure 5.2: (a) shows a potentiodynamic polarization diagram that highlights the relationship
between applied potential and the obtained external current densities for a variety of electro-
chemical processes. (b) features the Pourbaix diagram of water under standard conditions.
(c-d) feature quasi-cyclic polarization measurements and highlight the effects of pitting and
repassivation- adapted from [109–111].

potential (pitting potential) at which a sudden surge of current can be observed (Epit).
After reaching the measurements upper vertex point (return potential) the measured current
continues to rise despite the applied potential being decreased (3). After a certain amount of
time, and sufficient reduction of the overpotential, the current begins to drop and forms a
positive hysteresis, which is indicative for pitting (3→4). Lastly, a second current minima is
reached, however, at a significantly more noble potential then the initial Ecorr, suggesting
that the surface of the material has changed and produced a protective oxide. Depending on
parameters such as the materials repassivation capability, the size of the forming pits, as well
as the pit environment, pitting can progress more severely, which results in a larger hysteresis
loop (highlighted by the dotted lines [111].
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A different scenario is depicted by the cyclic measurement in Fig.5.2d. Similar to Fig.5.2c, a
positive hysteresis is featured, however with the second current minima appearing at a lower
potential in respect to Ecorr. This infers that the material has suffered severe pitting, after
which the exposed cavities are not repassivated and now provide a less noble and more active
surface-electrolyte interaction. The resulting corrosion minimum is thus referred to as the
new protection potential (Ep), which may or may not feature a higher corrosion current than
the original Ecorr. Such a behavior often pertains to PVD coated steel substrates, particularly
for low alloy steels with no repassivation abilities [111].

5.2 Hot corrosion experiments
Over the years, a broad variety of techniques for analyzing hot corrosion phenomena has
been devised in order to mimic hot corrosion mechanisms. Ranging from electrochemical
arrangements as the likes from Rapp and Gotto [112], to crucible immersion test by Kameswary
[113], to flow-reactor experiments of this work, and finally set-ups that involve real application
combustion processes, all methods aim to further uncover the decisive driving forces that
steer hot corrosion processes.

In order to combine the key elements of hot corrosion phenomena (e.g., SOx-rich atmosphere,
temperature, the dynamic flow of the atmosphere, and the influence of salt-deposits) in a
lab sized and practical way, a flow-reactor set-up was chosen. Comprised of a gas-mixing
system, a quartz-tube reactor, and a three-zone gradient furnace, the set-up allows for a
precise modulation of the corrosion parameters, which have an immense influence on the
resulting corrosion mechanism.

In order to generate a well-defined and controlled atmosphere for the hot corrosion experi-
ments, three mass flow controlled (MFC) gas feeds were installed, each with a separate flow
line to the quartz-reactor. In order to provide a continuous and homogeneous atmospheric
condition, Ar was chosen as the carrier gas with the purpose of carrying and replenishing the
reactive gas components throughout the reaction chamber (500-5000 sccm MFC). The reactive
gases O2 and SO2 provide the corrosive character to the atmosphere and are controlled by
50-500 sccm and 1-10 sccm MFCs, respectively. According to reported SO3 levels present in
gas turbine exhaust gases [114–116], the concentrations of SO2, O2 and Ar were chosen such
(2118 sccm(Ar), 375 sccm(O2), and 7 sccm(SO2)), that homogeneous conversion of SO2 to
SO3 generated similar values over the course of the specific residence time of the gas mixture
within the quartz-reactor [117].

For housing the corrosive atmosphere, together with the sample arrangement under study,
a quartz-tube was chosen and positioned within a three-zone gradient furnace (Fig.5.3).
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Figure 5.3: Schematic of a gas-turbine. Highlighted are sections of the HPT and LPT, whose
operational condition (temperature and atmosphere) stand at the center of the HC testing
rig concept. Featured is a hot corrosion quartz-tube reaction chamber, positioned within a
three-zone gradient furnace, allowing for adjustments in gas-flow, temperature, composition
of the atmosphere and sample positioning.

Providing excellent heat-conduction, the first heating zone (T1) is devoted to the heating
of the gas mixture, whereas the second heating zone (T2) is designated for controlling
the temperature of the corrosion reaction. The control samples (C) without salt deposits
are thereby positioned before the samples loaded with salt (S) in order to avoid cross
contamination through volatile salt fumes that are carried downstream. In zone T3 the gas is
cooled down before exiting the quartz-reactor and washed in a neutralization bath.
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Chapter 6

Scientific contributions

6.1 Assessing the corrosion behavior of PVD coatings
in chloride-rich aqueous media

Publication I

Pitting corrosion – Preferred chloride diffusion pathways in physical
vapor deposited AlCrN coatings
O.E. Hudak, A. Bahr, P. Kutrowatz, T. Wojcik, F. Bohrn, L. Solyom, R. Schuster, L. Shang,
O. Hunold, P. Polcik, M. Heller, P. Felfer, G. Ball, and H. Riedl. Corrosion Science, 211
(2022), 110901.

The general incentive for depositing PVD hard coatings is clear- to improve the wear resistance
of softer and cheaper materials (often steels) in order to make them more applicable in highly
demanding environments. However, particularly for applications in energy production sectors,
automotive-industries, and aviation, aggressive environments such as coolants, exhaust gases,
and salt-particulates from coastal areas and road salts bring forth new, corrosion related
challenges. Even though PVD hard coatings are extremely stable and chemically inert
throughout a broad range of environments, they are nevertheless notorious for inducing
pitting corrosion of the steel it is intended to protect. Due to their nature of having a
myriad of coating defects, imperfections and porosities, salt-rich media is able to permeate
the coatings protective barrier and form an aggressive galvanic couple between the coating
and the underlying steel.

This study intends to showcase preferred diffusion paths that exist for cathodic arc evaporated,
as well as magnetron sputtered Al1-xCrxN coatings. Using a three-electrode electrochemical
approach in order to induce pitting behavior, an array of analytical methods was devoted to
systematically reveal the weak spots for each coating method. Substantial EDX and SEM
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investigation revealed for arc evaporated Al1-xCrxN coatings, fast-tracked diffusion of the
NaCl-rich electrolyte was exclusively observed along incoherently incorporated macroparticles,
resulting in rapid oxidation of their metallic cores and consequent pit initiation. For sputtered
Al1-xCrxN coatings, on the other hand, the most abundantly observed pit initiation mechanism
resulted from diffusion routes along open column domains, with a partially coarse-grained
microstructure and unidirectional column growth facilitating fast-track diffusion to the
coating-substrate interface.

Lastly, high-resolution techniques, such as t-EBSD, APT and SIMS, provided novel insights
about the distinct differences in the diffusion behavior of aggressive ions (e.g., chloride)
through pristine sputtered and arc evaporated coating sites. The obtained results strongly
suggest that a fine-grained morphology together with a randomly orientated growth orienta-
tion are key properties that translate to improved diffusion resistance.

Publication II

Improved corrosion resistance of cathodic arc evaporated Al0.7Cr0.3-xVxN
coatings in NaCl-rich media
O.E. Hudak, P. Kutrowatz, T. Wojcik, E. Ntemou, D. Primetzhofer, L. Shang, J. Ramm,
O. Hunold, S. Kolozsvári, P. Polcik, and H. Riedl. Corrosion Science 221 (2023), 111376.

With current state-of-the-art corrosion resistant coatings being far from optimized, saline
environments remain a technological frontier, where machining elements suffer accelerated
breakdown through a localized corrosion mechanism called – pitting. Particularly PVD hard
coatings with their intrinsically high degree of porosities, macroparticles, and the overall
columnar growth orientation makes are susceptible to inward-diffusion of corrosive media
and allow for an accelerated attack at the coating substrate interface.

This study showcases two concepts for mitigating fast-track diffusion pathways in cathodic
arc evaporated Al0.7Cr0.3N coatings- a doping strategy with vanadium, and an annealing
treatment- as viable approaches for improving the corrosion behavior of the previously
discussed Al0.7Cr0.3N system. In order to investigate the beneficial effects of vanadium, a
series of Al0.7Cr0.3-xVxN coatings were deposited on a low-alloy steel, with V-contents ranging
between 0 and 22.3 at.% on the metal sublattice. Electrochemical tests of the as-deposited, as
well as annealed coatings were conducted in a 0.1 M NaCl solution using a three-electrode cell
set up, whereupon extrapolations of Tafel-plots were used to evaluate the corrosion resistance.
According to the Stern-Geary relation, polarization resistances, as well as an approximation
of the related open porosity values were calculated.

The key findings of the experiments reviled a direct relationship between the V-content



and grain-refinement of the coating morphology. The more V was doped to the Al0.7Cr0.3N
base system, the more refined the coating morphology turned out. Interestingly, a direct
correlation was also noted between the V-content and corrosion current densities obtained
from the Tafel extrapolations, leading to the belief, that grain-refinement promotes improved
corrosion resistance.

Further reduction in the corrosion current densities and related open porosity values
was achieved through an annealing step. In a second series of corrosion experiments,
Al0.7Cr0.3-xVxN coatings deposited on a low-alloy steel, with V-contents ranging between 0
and 22.3 at.% on the metal sublattice were first annealed at 700 ◦C for 3 h before undergoing
electrochemical analysis. Results showed that coatings with higher V-contents not only
featured more prominent oxidation (scale formation), but also significantly lower corrosion
currents. The improved corrosion resistance by Al0.7Cr0.3-xVxN coatings with elevated V
contents was credited to the sealing of open porosities by the growing oxide scale and therefore
reduced reactive sites between unprotected alloy and the electrolyte.

6.2 Hot corrosion behavior of arc evaporated coatings

Publication III

Low-temperature hot corrosion of arc evaporated Ti1-xAlxN on
Ni-Cr-Co based superalloys
O.E. Hudak, A. Scheiber, P. Kutrowatz, T. Wojcik, L. Shang, O. Hunold, S. Kolozsvári,
P. Polcik, and H. Riedl. Corrosion Science 224 (2023), 111565.

Throughout this study, the low-temperature hot corrosion (LTHC) resistance of arc evapo-
rated Ti1-xAlxN coatings is discussed. In a series of LTHC experiments, Ti1-xAlxN coatings
were deposited onto an industrially established NiCrCo-based superalloy (Nimonic c263) and
treated with a MgSO4/Na2SO4 salt-mixture (20:80 mol/mol) before annealing them at 700 ◦C
in a 3000 ppm(volume) SOx-rich atmosphere for 1, 5, 15 and 30 h. Significant reduction in
the corrosion severity was exhibited by all Ti1-xAlxN variants over the uncoated NiCrCo-
based superalloy, which substantiates the notion that PVD coatings can be implemented
as protective measures for superalloys in hot corrosion environments. Delving deeper into
the specific corrosion mechanism of Ti1-xAlxN, a synergistic fluxing mechanism was found
to be the dominant factor for film breakdown. Depending on the relative Al-to-Ti content
on the metallic sublattice, differences in the coatings’ corrosion and scaling behavior were
observed. For compositions approaching a 1:1 Al to Ti ratio, a thin Al2O3 top-oxide, followed
by a highly sequenced TiO2/Al2O3 laminate structure was featured. Contrarily, for Al-Ti



ratios >1:1, a pronounced Al2O3 top scale with a more broadened layering of the TiO2/Al2O3

domains was noticed. The findings of this study highlight the profound interplay that exists
between the chemical makeup of the protective coating and the resulting scaling behavior in
HC environments.

Publication IV

High-temperature hot corrosion kinetics of arc evaporated Ti1-xAlxN
on Ni-Cr-Co-based superalloys
O.E. Hudak, A. Scheiber, P. Kutrowatz, T. Wojcik, R. Hahn, J. Ramm, O. Hunold,
S. Kolozsvári, P. Polcik, and H. Riedl. Submitted at Surface & Coatings Technology, since
31.10.2023

Ti1-xAlxN is a well-studied material class that has established its place among the most
widely used protective coatings in high temperature environments, due to its high hardness,
age-hardening effect an excellent oxidation resistant up to 850 ◦C. However, quite little
is known about its behavior in hot corrosion settings at similar temperatures. For this
reason, this study intents to extend the knowledge surrounding the Ti1-xAlxN system by
presenting new insights about the structural evolution, oxidation kinetics and scaling behavior
of cathodic arc evaporated (CAE) Ti1-xAlxN coatings in high-temperature hot corrosion
environments. Ti1-xAlxN coatings were deposited on an industrially established NiCrCo-based
superalloy and tested using an in-house built hot corrosion testing rig at 850 ◦C in a SOx-rich
atmosphere. Preliminary annealing experiments were conducted over a temperature range of
700-850 ◦C (without salt deposits) in order to evaluate the oxygen inward diffusion behavior
of Ti1-xAlxN coatings in a SOx-rich environments. Evaluation of EDX measurements provided
oxygen diffusion profiles that best fit a quasi-cubic rate-law.

Thereafter, salt loaded experiments were performed at 850 ◦C by applying a MgSO4-Na2SO4

salt mixture to the sample surface and corroded in a SOx-rich atmosphere for a maximum of
30 h. Analysis by EDX and TEM revealed a significant increase in the oxidation kinetics when
salt deposits were added under identical SO2-enriched atmospheric conditions. Compared
to the quasi-cubic rate laws exhibited for the c-263 alloy and Ti1-xAlxN coatings in the
absence of a salt deposit, the c-263 alloy now followed a compounded parabolic-linear rate law
(n=1.5). At the same time, both Ti0.52Al0.48N and Ti0.34Al0.66N feature a parabolic-like rate
behavior (n=2.3 and n=2.2, respectively). Thus, a significantly improved corrosion resistance
is expressed by the cae-Ti1-xAlxN samples over the bare c-263 alloy.

The HTHC mechanism was described according to the growth behavior of the corrosion scale.
In summary, a sequential fluxing mechanism of Ti-rich and Al-rich oxide domains was found



to be the dominating corrosion mechanism, resulting in the formation of a layered corrosion
scale. Due to the more basic character of TiO2 (more stable under basic conditions) over
Al2O3, a porous TiO2 scale predominantly develops at the scale-salt interface, followed by
a voluminous Al-rich oxide band below. Lastly, no internal sulfidation was observed at the
corrosion front of the Ti1-xAlxN-coatings, which was regarded as one of the main reasons for
their improved corrosion resistance over the c-263 alloy.



6.3 Co-author publications
Influence of the non-metal species on the oxidation kinetics of Hf, HfN, HfC, and
HfB2 coatings
T. Glechner, O.E. Hudak,T. Wojcik, L. Haager, F. Bohrn, H. Hutter, O. Hunold, J. Ramm,
S. Kolozsvári, E. Pitthan, D. Primetzhofer, and H. Riedl. Materials & Design, 211 (2021)
110136.

TGO formation and oxygen diffusion in Al-rich γ-TiAl PVD-coatings on TNM
alloys
S. Kagerer, O.E. Hudak,M. Schloffer, H. Riedl, and P.H. Mayrhofer. Scripta Materialia,
210 (2022), 114455.

Oxidation protection of TNM alloys with Al-rich γ-TiAl-based coatings
S. Kagerer, O.E. Hudak,T. Wojcik, R. Hahn, A. Davydok, M. Schloffer, H. Riedl, and
P.H. Mayrhofer. Journal of Alloys and Compounds, 969 (2023) 172343.

6.4 Supervised students
Alexander Scheiber
Design and Mechanical Construction of a Hot-Corrosion Testing System
Master thesis
Finished 11. 2020

Bernhard Ivo Mittenecker
A study on the effect of V-doping on the mechanical-, oxidation-, and corrosion properties of
physical vapor deposited (Ti,Al)1-xVxN hard coatings
Bachelor thesis
Finished 11. 2023
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and H. Riedl.

AVS 67 Virtual Symposium 2021
Online, 25–28.10.2021
Corrosion induced diffusion pathways in thin film materials investigated by atom probe tomog-
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O.E. Hudak, E. Aschauer, V. Dalbauer, L. Shang, O. Hunold, M. Arndt, P. Polcik, P. Felfer,
and H. Riedl.

ICMCTF 2022
San Diego, USA, 22-27.05.2022
Arc evaporated Ti1-xAlxN coatings in hot corrosion settings
O.E. Hudak, A. Scheiber, L. Shang, O. Hunold, M. Arndt, S. Kolozsvári, and H. Riedl.

Plansee Seminar 2022
Reutte, Austria, 30.05-03.06.2022
Arc evaporated Ti1-xAlxN coatings in hot corrosion settings
O.E. Hudak, A. Scheiber, L. Shang, O. Hunold, M. Arndt, S. Kolozsvári, and H. Riedl.

PSE 2022
Erfurt, Germany, 12-15.09.2022
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ICACC 2023
Daytona, USA, 22-27.01.2023
Ti1-xAlxN PVD coatings in hot corrosion environments
O.E. Hudak, A. Scheiber, L. Shang, O. Hunold, M. Arndt, S. Kolozsvári, and H. Riedl.



Chapter 7

Concluding remarks
This thesis presents a framework for studying and understanding corrosion driven phenomena
in physical vapor deposited coatings and intends to extend their range of application. Focusing
on transition metal nitride (TMN) coatings, salt induced corrosion phenomena, such as pitting
corrosion and hot corrosion, provide the scope within which the corrosion behavior of TMNs
will be discussed.

As far as evaluating the corrosion resistance of PVD coated alloys goes, passivity is without
doubt the most decisive property of all. Possessing the ability of structurally separating an
aggressive medium from a base material, while remaining chemically stable must therefore be of
upmost importance, if PVD coatings are to be considered as feasible approaches. In this regard,
Publication I showcased that chemically inert PVD Al0.7Cr0.3N coatings, whether sputtered
or arc evaporated, provide substantial coating defects and diffusion routs for aggressive
media to permeate the coating structure. By exposing both magnetron sputtered and arc
evaporated Al0.7Cr0.3N coated low steel using a potentiodynamic polarization technique,
preferred chloride diffusion was identified along underdense column boundaries, as well as
along embedded macroparticles. Moreover, Publication I provides novel insights about the
degree of passivity of pristine coating sites - locations exhibiting no apparent defects. Using
an array of high-resolution analytical techniques, such as atom probe tomography (APT),
time of flight secondary ion mass spectroscopy (ToF-SIMS), and transmission electron back
scattered diffraction (t-EBSD), it was possible to interrelate a higher degree of passivity with
a random crystallographic growth orientation and a refined grain morphology.

Considering these findings, Publication II investigated additional approaches for increasing
the passive behavior of arc evaporated Al0.7Cr0.3N coatings in aqueous NaCl-rich solutions. By
means of a doping strategy, which involved substituting Cr with V on the metal sublattice, sig-
nificant grain refinement of the Al0.7Cr0.3-xVxN coatings compared to the original Al0.7Cr0.3N
base system was achieved. Standing in good agreement with the findings from Publication I,
electrochemical investigations of the Al0.7Cr0.3-xVxN showed a positive correlation between
grain-refined morphologies (more dense) and improved corrosion resistance. To further reduce
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fast-track diffusion routs along embedded macroparticles and defect related coating features,
an annealing strategy was implemented in addition to the grain-refinement by V-doping.
Through the formation of a coarse grained V-rich top oxide and an underlying nanocrystalline
V-depleted Al-rich oxide band, additional reduction in fast track-diffusion pathways and
open-porosity values was achieved, further improving the corrosion resistance and lowering of
the measured corrosion current densities.

Having investigated the passive behavior of chemically inert Al0.7Cr0.3N and Al0.7Cr0.3-xVxN
coatings in aqueous media, where structural impairments determined the passivity of the
coatings, Publication III and IV extend the scope of protective PVD coating to aggressive
high temperature environments, where chemical factors such as chemical stability, oxide scale
formation and corrosion rate gain in importance. To better understand the underlying driving
forces that lead to the loss of passivity during hot corrosion, Publication III investigated the
low-temperature hot corrosion mechanism of Ti1-xAlxN at 700 ◦C, whereas Publication IV
studied the effect of high-temperature hot corrosion of Ti1-xAlxN at 850 ◦C, when exposed to
Na2SO4/MgSO4 salt deposits.

In Publication III, the mechanisms of LTHC stands at the forefront of the investigations,
and has revealed a highly localized degradative process that is very similar to that found
in Ni-based superalloys. Initiated by the oxidation of the Ti1-xAlxN and growth of a mixed
TiO2/Al2O3 oxide scale, followed by an oxide-to-sulphate transformation, a synergistic
fluxing mechanism has been proposed as the predominant corrosion mechanism. Alternating
basic and acidic fluxing of TiO2-rich and Al2O3-rich oxides contributed to an accelerated
degradation of the coating structure. Lastly, Ti1-xAlxN with higher Al-content have been
suggested to be more effective in retarding the onset of the accelerated hot corrosion, due to
the inherently better stability of the Al2O3 in acidic environments, which is imposed by the
SO3-rich atmosphere.

Lastly, Publication IV investigated the high-temperature hot corrosion behavior of Ti1-xAlxN
coatings at 850 ◦C in order to directly compare their proficiency against industrially established
NiCrCo-superalloys. With the overall HTHC mechanisms progressing in a more uniform
manner than the LTHC mechanism, evaluation of the oxidation rate constants and underlying
rate-laws for was possible. In order to highlight the aggressive effect that salt deposits impose
on alloys and protective coatings during hot corrosion, oxidation rates were determined for
both, samples that were loaded with salt and samples annealed without salt under identical
atmospheric conditions. Results showed, that the presence of salt during annealing at 850
◦C in a SO2-rich atmosphere elevated the oxidation rates from a quasi-cubic rate law to
a compounded parabolic-linear rate law for the bare NiCrCo alloy, while an increase from
a quasi-cubic rate law to only a parabolic-like rate law was observed for the Ti1-xAlxN
coated samples.The improved corrosion resistance of the Ti1-xAlxN coatings is attributed to



the lack of internal sulfidation, which is a key sequence of the HTHC mechanism found in
most high-temperature alloys. Instead, the suggested rate-determining step of the HTHC
mechanism for Ti1-xAlxN is the nitride-to-oxide transformation, followed by the acidic and
basic fluxing of the formed oxides.

In summary, this thesis provides novel insights about the passive behavior of physical vapor
deposited TMN coatings in salt-rich aqueous and high temperature settings. Moreover, it
provides a framework of experimental and analytical techniques that intend to systematically
reveal inherent weak-points of TMN coatings as corrosion resistant coatings, and helps to
develop strategies to improve their applicability in the discussed environments.
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A B S T R A C T   

Pitting corrosion of sputtered and arc evaportaed fcc-AlCrN coated low-alloy steel substrates was studied in a 0.1 
M NaCl solution, using a three-electrode-cell. Depending on the deposition technique, several diffusion mech
anisms were identified by high-resolution techniques (i.e. APT, TOF-SIMS). For arc evaporated AlCrN, inco
herently embedded macro-particles provided the majority of fast-track diffusion pathways and pit-initiation sites, 
while their pristine coating matrix proved protective against chloride inward diffusion. Contrarily, the more 
coarse-grained sputtered AlCrN morphology with a highly orientated crystal growth featured diffusion paths 
along column boundaries, where chloride permeated the coating structure and initiated pit formations at the 
coating-substrate interface.   

1. Introduction 

Corrosion processes epitomize the chemical interaction between a 
material and its surrounding, which ultimately leads to an altered or 
even degradative state of the material itself. Particularly saline envi
ronments represent a technological frontier, where machining elements 
suffer accelerated breakdown through a localized corrosion mechanism 
called – pitting. Being a highly insidious and self-sustaining process, 
pitting corrosion consistently shortens the lifespan of operating ele
ments [1–3]. Therefore, the pitting behavior is an essential variable that, 
if properly understood, may drastically extend the longevity of material 
components. 

The ingenuity of next-generation physical vapor deposited (PVD) 
coatings has given rise to a wide range of material concepts and has 
become a profitable method amongst high-tech industries. Particularly 
for technological avenues where there is no practicable low-priced bulk 
material at disposal, coatings provide a lucrative solution for protecting 
highly stressed machining components. For this reason, more and more 
industries resort to the application of protective coatings through means 

of sputtering and arc evaporation, rather than investing in the devel
opment of high-end bulk materials. However, with current state-of-the- 
art corrosion resistant coatings being far from optimized, it is of great 
interest to further investigate the fundamental mechanisms and under
lying driving forces that dominate the degradative process. 

Several corrosion mechanisms exist through which a coating can lose 
its protective quality: (i) local de-passivation by film-breakdown [4–6]; 
(ii) local delamination of the coating, caused by inward diffusion of 
corrosive media followed by the formation of corrosion products at the 
coating-substrate interface [7]; (iii) direct bypass of corrosive media at 
pin-holes [8,9]; and (iv) anodic dissolution of embedded metal based 
macroparticles [9–12], where the latter particularly pertains to cathodic 
arc evaporated (cae) thin films. 

It is no secret that the production of metallic-macroparticles (drop
lets) during PVD processes poses a significant drawback in light of the 
coating’s corrosion resistance [13]. Voids and rugged grain boundaries 
that surround such droplets, allow for fast-tracked diffusion of corrosive 
media to the substrate-coating interface. Furthermore, weakly bonded 
macroparticles may become dislodged from the coating matrix and 
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produce pin-holes that may function as initiation sites for localized 
corrosion. 

For instance, Abusuilik and Inoue [10] have identified surface 
droplets and inclusions as particularly susceptible to corrosive attack, 
and illustrated how intermediate surface treatments can improve the 
corrosion resistance of arc evaporated CrN coating-substrate systems. 
Furthermore, Cedeño-Vente et al. [12] highlighted the relationship be
tween macroparticle-size, deposition conditions, and corrosion behavior 
in aqueous NaCl-rich media for arc evaporated CrN coatings. However, 
not only arc-coatings with their evenly distributed droplets are vulner
able to corrosion, but also sputtered coatings have their weak spots. A 
study from Panjan et al. [9] on sputtered TiAlN hard coatings also 
identifies growth defects and pin-holes as significant contributors for 
pit-formations. Also combinations of arc evaporated and sputtered 
coating systems have been investigated, such as the CrN/NbN multilayer 
system by Wang et al. [11], with similar conclusions, namely, that 
macroparticles and growth defects stand at the center of the pitting 
mechanisms. 

Despite these findings, transition metal nitrides (TMN) remain a 
versatile representative in the realm of protective coatings, convincing 
with good thermal stability, outstanding hardness, as well as noticeable 
oxidation and corrosion resistance [14–17]. 

This paper aims to expose possible diffusion pathways of chloride- 
rich media in both, arc evaporated- and sputtered AlCrN coatings 
beyond the already known diffusion routes along defect-sites and 
embedded macroparticles. We intend to first verify the aforementioned 
fast-track diffusion routes, upon which the focus will be extended to 
diffusion pathways through pristine, unimpaired coating sites that in 
theory should provide the best corrosion protection possible. 

2. Experimental methods 

2.1. Deposition parameters 

All coatings were deposited in an industrial scale deposition system 
(INNOVA, Oerlikon Surface Solutions AG, Balzers). AlCr (70/30 at. %) 
targets were powder-metallurgically manufactured by Plansee Com
posite Materials GmbH and used for all, arc evaporated- and sputtered- 
coating variants. Single-crystalline Si-stripes (100-oriented, 20x7x 0.38 
mm3), 0.05 mm thick steel-foil, and low-alloy steel rounds (90MnCrV8) 
were utilized as substrates. Whereas coated Si-strips and steel-foil were 
solely used for as-deposited characterizations (e.g. analysis of the coat
ings morphology via fracture cross-section, coating thickness measure
ments and crystal-phase investigations by X-ray diffraction (XRD)), the 
coated low-alloy steel rounds were exclusively used for electrochemical- 
corrosion experiments and post-corrosion analysis. All substrates were 
ultrasonically cleaned with acetone and ethanol before mounting them 
into the deposition chamber. With a base pressure of at least 5·10-3 Pa, 
the substrates were further cleaned for 25 min by a central-beam etching 
procedure (Oerlikon Surface Solutions AG). 

All sputtered coatings were deposited at 500 ◦C, at a deposition 
pressure of 1.3 Pa, with a DC-bias voltage of −160 V and an Ar/N2 ratio 
of 70/30, respectively. The arc evaporated coatings were grown at 
slightly lower temperature (480 ◦C), in a pure N2 atmosphere at 3.2 Pa 
and a bias voltage of up to −100 V. 

2.2. Structural and morphological characterization 

For studying the morphology of the coatings, such as thickness, 
surface texture, and the integrity of the substrate-coating interfaces, a 
Zeiss Sigma 500 VP high-resolution field emission gun scanning electron 
microscope (FEGSEM) was used. With an acceleration voltage, ranging 
between 3 kV and 7 kV, characterization of coating thickness and 
coating morphology were performed on fracture cross sections of coated 
steel-foil substrates. Equipped with an EDAX Octane elect system, en
ergy dispersive spectroscopy (EDS) was utilized for quantitative 

elemental investigations. Moreover, transmission electron back scat
tered diffraction (t-EBSD) was done to obtain an averaged evaluation of 
the as-deposited grain-size distribution of both, sputtered and arc 
evaportaed samples, as well as to gain knowledge about possible tex
turisation and preferred growth orientations (Velocity Super, EDAX). 

For a more detailed investigation of the coating morphologies, 
transition electron microscopy (TEM, FEI TECNAI F20) was conducted. 
Bright field (BF) imaging was utilized to learn more about the micro
structure, crystallinity and texture. For the preparation of the TEM 
lamella, a standard lift-out procedure during focused-ion beam (FIB) 
milling was utilized (Scios 2 DualBeam system, ThermoFisher 
Scientific). 

For crystallographic investigations, Bragg-Brentano X-ray diffraction 
was utilized, using a PANalytical XPert Pro MPD system equipped with a 
Cu-Kα radiation source (wavelength λ = 1.54 Å). 

2.3. Electrochemical corrosion experiments 

Linear potentiodynamic polarization experiments were performed 
using a three-electrode set-up. With a saturated Ag/AgCl reference 
electrode (SSC), a Pt-counter electrode (CE) and the coated-steel sample 
as working electrode (WE), the pitting-corrosion resistance was 
measured in a 0.1 M NaCl solution. Each sample was mounted into a 
press-fit corrosion cell, accomodating a sample contact area of 1.58 cm2. 
All samples were left to equilibrate for 20 min, after which the open 
circuit potential (OCP) was measured over an additional duration of 5 
min. Linear sweep voltammetry (LSV) measurements were started 
cathodically at OCP- 300 mV and swept into the anodic region with a 
sweep-rate of 1 mV/s up to + 1.2 VSSC. With a current-density cut-off 
value set to 1 mA/cm2, the electrochemical tests were controlled and 
monitored by a potentiostat (Autolab PGSTAT302N, Metrohm). 

Additional cyclic potentiodynamic polarization experiments were 
carried out using the same three-electrode and potentiostat set-up. In an 
identical manner, the samples were left to equilibrate for 20 min in a 0.1 
M NaCl solution and the OCP was measured over the course of an 
additional 5 min. With a sweep-rate of 20 mV/min, the measurements 
were started at OCP, swept to an upper vertex potential of + 1.2 VSSC, 
and stopped at a potential of −0.8 VSSC (see Fig. 1). If, however, an 
anodic current limit of 1 mA/cm2 was reached, the scan direction was 
reversed instantaneously at the corresponding potential Erev ≤ +1.2 
VSSC. 

By conducting Tafel-extrapolations and evaluating the cyclic 
potentiodynamic polarization curves, electrochemical parameters such 
as the breakdown voltage (Eb), the passive current density (ip), as well as 
the protection or re-passivation potential (Eprot) were determined, see 
Fig. 1. 

2.4. Characterization of electrochemically tested surfaces 

Corroded samples were embedded in a conductive polymer-matrix, 
their cross-sections ground and polished, and analyzed via SEM and 
EDX. Accordingly, pit-formations, coating-substrate adherence, and fast- 
track diffusion routes of the electrolyte were examined. 

High-resolution analytical techniques such as Time-of-Flight Sec
ondary Ion-Mass-Spectroscopy (TOF-SIMS) and Atom Probe Tomogra
phy (APT) were consulted for tracing chloride species across pristine 
coating sites (no macroparticles, pin-holes, voids, etc.). For the TOF- 
SIMS measurements a TOF-SIMS 5 instrument (IONTOF GmbH, 
Münster, Germany) was used. Depth profiles were acquired in a high 
vacuum (~4·10-7 Pa) using a 25 keV Bi+ primary ion beam. A high 
current bunched mode (HCBU) was used for depth profile measure
ments, which require a high mass resolution and low limit of detection. 
[18–21] As non-metal elements were the focus of the research, a 2 keV 
Cesium gun was used as the sputter source with the polarity set to 
negative and a cycle time of 60 µs. Low energy electron flooding of 21 V 
was used to reduce surface charging. In HCBU, the analysis area was set 
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to 100 × 100 µm2 with 1 shot/pixel, whereas the sputter crater was set 
to 300 × 300 µm2 to ensure homogeneous material removal at the 
measurement site. The measurements were stopped after around 8000s 

Lastly, APT was chosen as a quantitative method for measuring the 
diffused Cl-content within surface-near coating regions. At pristine 
coating sites of electrochemically stressed samples, tip lift-outs of 2 µm 
length were prepared by a focused ion beam (Scios 2 DualBeam system, 
ThermoFisher Scientific). Prior to the milling process, a thin protective 
tungsten layer was deposited in order to preserve the surface vicinity of 
the coating. The final sharpening of the tips was performed with 30 kV 
acceleration voltage and 50 pA, after which a clean-up sequence ensued 
with 5 kV and 28 pA for generating a Ga damage-free tip. The APT 
analysis was carried out on a Cameca LEAP 4000X HR in pulsed laser 
mode, equipped with a 355 nm UV laser and a reflection lens. The ex
periments were done with a laser pulse energy of 50–90 pJ with a pulse 
rate of 200 kHz at a target evaporation rate of 1 %, whose mass-spectra 
were then analyzed using a MATLAB tool-box for quantifying the 
diffused Cl-contents. [22]. 

3. Results and discussion 

3.1. Microstructure and compositional analysis 

The as-deposited SEM cross-sections, as well as respective top-view 
micrographs are illustrated in Fig. 2 and highlight the intrinsic differ
ences in coating microstructure and texture. Coating thicknesses of 2.5, 
5.1, and 7.5 µm were obtained for the arc evaporated depositions, 
compared to 2.8, 4.9 and 7.1 µm for the sputtered variants (see Fig. 2a-f, 
respectively). While all coatings feature a typical columnar structure, 
the sputtered coatings produced a more pronounced and textured 
morphology. This is related to the inherently lower energetics and ion- 
flux, as well as lower ion-mobility of arriving species present during 
sputtering (decreased self-surface diffusion and densification of the 
coating morphology) [23]. Top-view SEM-micrographs (Fig. 2a*-f*), 
further highlight the differences in the coating morphology and 
surface-texturing between arc evaporated and sputtered coatings. 
Whereas no surface texturing is visible for any of the arc evaporated 
samples, distinct pyramidal features dominate the surface of the sput
tered coatings, particularly with increasing coating thickness (see 
Fig. 2f*). 

Fig. 3 presents the diffractograms and peak-patterns for all as- 
deposited coatings. All coatings feature a face-centered-cubic (fcc) 
crystal-structure with mixed [111]/[200] growth orientations. Here as 

well, the texture of the sputtered coatings stands out, as the diffracto
grams clearly display a shift from a highly [200] orientated crystal 
structure (see Fig. 3d) to a preferred [111] crystal orientation (see 
Fig. 3f), with increasing coating thickness. 

All in all, the as-deposited states can be summarized as follows: The 
arc evaporated coatings share a columnar and dense morphology with a 
fcc-crystal structure composed of mixed [111] and [200] crystal orien
tations. Similarly, all sputtered coatings feature a fcc-crystal structure 
with a pronounced columnar morphology. However, with higher 
coating thicknesses, the crystal growth orientation changes from a 
mixed [111]/[200] to a preferred [111] orientation, which results in the 
formation of a highly faceted surface. Lastly, by utilizing EDX analysis, 
the metal content ratios for the sputtered- and arc evaporated coatings 
were determined to be Al0.67Cr0.33N and Al0.68Cr0.32N, respectively. 

3.2. Electrochemical corrosion properties 

The Tafel-plots of the bare 90MnCrV8 alloy and the AlCrN coated 
samples are shown in Fig. 4a. The corrosion current (icorr) and open 
circuit potential (EOCP) were determined from the intersection of the 
extrapolated anodic and cathodic Tafel-branches (Fig. 1a) [27]. All ex
trapolations were performed manually with no additional software 
package for data analysis. The corrosion potential of the uncoated steel 
substrate leveled at about −569 mVssc, whereas the open circuit po
tentials of the AlCrN coated samples all settled within the range of 
−378 mVssc to −326 mVssc (OCP(mean)= −352 mVssc), regardless of the 
deposition route used. The positive shift from −569 mVssc to 
−352 mVssc indicates reduced anodic activity of the AlCrN-coated 
samples over the bare alloy. Minimal improvement in icorr was 
measured for all AlCrN coated samples over the bare substrate, again 
with similar values across all coating variants (see Table 1). 

Fig. 4b and c illustrate the cyclic potentiodynamic polarization 
curves of all arc evaporated coatings and sputtered coatings, respec
tively. Starting from the corrosion potential (EOCP) and sweeping into 
the anodic region, all samples show a similar corrosion behavior. From 
about +100 mVssc upwards, the AlCrN-coated samples enter their pas
sive region, where the current densities (ipass) of the sputtered coatings 
measure slightly lower than those of the arc evaporated variants. Also 
within each coating group (sputtered and arc evaporated), the obtained 
passive current values decrease with increasing coating thickness (see 
Table 1). Despite being rather small reductions in the measured currents, 
it may be suggestive of a sealing-effect of initial defect sites and open 
porosities. In other words, initial fast-track diffusion routes may be 

Fig. 1. Schematic of (a) Tafel-Plot and (b) course of a cyclic potentiodynamic polarization measurement. The scan starts with (1) the open circuit potential (OCP), 
sweeps at 20 mV/min to (2) the reverse potential (Erev) + 1.2 VSSC (or any lower potential if a current density value larger than 1 mA/cm2 was reached). From Erev 
the scan returns through (3) the re-passivation/protection potential (Eprot) and (4) stops at −0.8 VSSC. 
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overgrown by longer deposition times and result in an improved passive 
behavior of the coating. When increasing the applied potential further, 
all measurements indicate a drop in the current density values at 
~300 mVssc, followed by a spike in the measured current shortly after, 
which we interpreted as the breakdown potential (Eb) for each coating. 
This is indicative for the equilibria reaction Fe2++2OH- → Fe(OH)2, 
prematurely passivating the pit-mouth openings. Subsequent internal 
acidification then leads to a rapid elevation in the alloy dissolution and 
drastically increases the corrosion current values. Interestingly, despite 
the coating thickness within the arc evaporated and sputtered groups, all 
arc evaporated AlCrN samples reach the current cut-off value (1 mA/ 
cm2) at similar potentials (Erev= ~360 mVssc), whereas Erev for all 
sputtered variants is found more anodic (Erev= ~420–450 mVssc). A 
summary of the electrochemical properties is presented in Table 1. 
Together with the results from the Tafel-plots, these findings further 
strengthen the argument, that coating thickness plays a subordinate role 
in the corrosion mechanism of AlCrN-coated low alloy steel samples. For 
this reason, from here onwards, further investigations will focus solely 
on the ~5 µm thick arc evaporated- and sputtered coatings. 

3.3. Morphological investigations of preferential pitting sites 

SEM cross-sections of the electrochemically stressed AlCrN samples 
are shown in Figs. 5–7, highlighting the preferred diffusion pathways 
and pit-initiation sites for both, arc evaporated and sputtered coating 
variants. Cross-sections of the arc evaporated AlCrN samples (see Figs. 5 
and 6) evidently single out intrinsically deposited macroparticles as the 
dominating weak-spot for pit-formations. Fig. 5a shows the polished 
cross-section of an as deposited arc evaporated AlCrN coating. Visible 
through the mass-contrast is the bright chrome-rich inner core of the 
droplet, which has been verified by EDX analysis. Also highlighted are 
porous domains below the core that have evolved through shadowing 
effects throughout the growth of the macroparticle. While exposed to 
NaCl-rich aqueous media during electrochemical testing, these metallic 
cores are prone to accelerated oxidation. Whereas some droplets only 
suffer premature oxidation (Fig. 5b), others oxidize much more severely, 
depending on how coherently the droplets sit within the coating matrix. 
Fig. 5c and the respective EDX line-scan illustrate such a matured state. 
Specifically, the EDX line-scan emphasizes the oxygen enriched 

Fig. 2. As-deposited SEM cross-sections of arc evaporated coatings (a-c) with 
thicknesses of 2.5, 5.1, and 7.5 µm, and sputtered coatings (d-f) with thick
nesses of 2.8, 4.9 and 7.1 µm, respectively. Related top-view morphologies are 
shown in (a*-f*). 

Fig. 3. XRD spectra of the as-deposited arc evaporated fcc-AlCrN coatings (a-c) 
with thicknesses of 2.5, 5.1 and 7.5 µm, respectively, as well as sputtered fcc- 
AlCrN coatings (d-f) with thicknesses of 2.8, 4.9, and 7.1 µm, respectively. 
Reference patterns were taken from Ref. [24–26]. 
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chromium core, as well as surrounding areas, where the corrosive media 
has permeated the droplet-coating boundaries. 

Particularly, droplets located near the coating-substrate interface 
and permeate the entire coating structure (see Fig. 6a-c), offer fast-track 
diffusion routes along the particle-coating interface. Once a pit has 
initiated (Fig. 6b), the exchange of both, corrosion product out of the pit, 
as well as transport of the aqueous media into the pit, occurs simulta
neously along these pathways. In Fig. 6d and the respective EDX maps 

this ion-exchange is further exemplified. While the pristine coating 
matrix remains chemically and structurally unchanged (alloy and 
metallic droplets are the only chemically active species) an accelerated 
metal dissolution of the substrate is observed (pit growth). 

Fig. 7, on the other hand, illustrates the most abundantly observed 
pit-initiation route for the sputtered AlCrN coating. Owed to the inher
ently fewer number of defect-sites, other diffusion routes must be pre
sent. The cross-sections in Fig. 7a-c reveal vertical channels that form 
throughout the corrosion experiments. Analogous to the diffusion paths 
along macroparticle boundaries in arc evaporated coatings, these 
channels allow for inward and outward diffusion of corrosion products 
and chloride/hydroxide-ions. The formation of channels can be related 
to the more pronounced columnar morphology of the sputtered coat
ings, as well as the intrinsically lower packing/density of the overall 
microstructure. Similar to the arc evaporated sample, Fig. 7d and the 
respective EDX maps suggest that the surrounding sputtered AlCrN 
coating matrix is chemically stable. Homogeneous distribution of 
aluminum and chromium, with no indication of coating deterioration 
through oxidation confirms this impression. Furthermore, the EDX maps 
highlight the exchange of iron and oxygen between the pit and surface 
by channels that trend along the column boundaries. 

3.4. Surface near examination of chloride inward diffusion by APT 

In order to reveal more about the actual passivity of the intact 
coating morphology to chloride species (no fast-track diffusion path
ways, e.g. droplets, macroparticles and/or underdense columnar 
morphology), APT lift-outs were taken from pristine coating sites of 
cyclic potentiodynamic polarized samples (see Fig. 4). Fig. 8a shows the 
positions chosen for the lift outs, whereas Fig. 8b-c illustrate two of the 
tip preparation steps (milling and sharpening, respectively). The mass 
spectra of the corroded arc evaporated coatings (see Fig. 8d) and sput
tered coating (see Fig. 8e) originate from the surface near regions of the 
electrochemically stressed coatings. These spectra quantitatively high
light the amount of diffused chloride for the duration of the corrosion 
experiment. Labeled are the individual chlorine-containing fragments 
that substantiate the presence of diffused chloride species through the 
pristine coating morphologies. The interpretation and quantification of 
the dataset (chlorine containing signals) render a chloride concentration 
of 600 ppm for the arc evaporated coating, whereas a 28 times higher 
chloride concentration of 16,800 ppm was determined for the sputtered 
AlCrN film (comparing the same volume). This clearly demonstrates that 
pristine coating morphologies, particularly the topmost regions, are 
indeed permeable to chloride. As expected, a significantly lower chlo
ride concentration was measured for the arc evaporated coating, sug
gesting that the arc evaporated coating has a more coherent and 
compact coating morphology than its sputtered equivalent. This also 
emphasizes the dominant role of embedded macroparticles in the pitting 
initiation mechanism of arc evaporated coatings. In contrast, 

Fig. 4. Electrochemical measurements in 0.1 M NaCl solution: (a) Tafel-Plots of 
cae-AlCrN coatings (solid red lines), sputtered-AlCrN coatings (dashed blue 
lines), and uncoated low alloy steel substrate (dotted grey line), (b-c) cyclic 
potentiodynamic polarization curves of cae-AlCrN coatings and sputtered- 
AlCrN coatings, respectively. 

Table 1 
Electrochemical properties from the cyclic potentiodynamic polarization experiments in 0.1 M NaCl solution. EOCP, corrosion potential; Eprot, protection potential; Eb, 
breakdown potential; ip, passive current density; icorr, corrosion current density.  

Coating Thickness (µm) EOCP (mVssc) Eprot (mVssc) Eb (mVssc) ip (A/cm2) icorr (A/cm2) 
bare alloy –  -569  -616 – – 2.65 × 10-6 

cae-AlCrN 2.5  -381  -567 324 7.52 × 10-4 ±
1.10 × 10-5 

9.76 × 10-7 

5.1  -374  -576 318 5.13 × 10-4 ±
5.28 × 10-5 

8.87 × 10-7 

7.5  -392  -580 334 4.01 × 10-4 ±
1.13 × 10-5 

9.11 × 10-7 

sputt.-AlCrN 2.8  -406  -567 329 5.56 × 10-4 ±
4.92 × 10-6 

1.09 × 10-6 

4.9  -398  -539 357 4.36 × 10-4 ±
3.91 × 10-6 

1.54 × 10-6 

7.1  -405  -562 371 1.92 × 10-4 ±
5.47 × 10-6 

1.51 × 10-6  
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significantly higher chloride concentrations were measured for the 
sputtered AlCrN coating. With its more directional columnar growth and 
inferior packing density, the sputtered coating matrix proves extremely 
pervious to chloride and provides no adequate diffusion barrier. In order 
to extend the scope from coating surface near regions towards the 
coating-substrate interface, it was of great interest to examine the 
chloride diffusion across the overall coating thickness. 

3.5. Depth profiling of chloride diffusion by TOF-SIMS 

In order to investigate the chloride diffusion qualitatively 
throughout the entire span of the pristine coating matrix, TEM analysis, 
as well as TOF-SIMS depth-profile measurements were carried out for 
both, arc evaporated (Fig. 9a-e) and sputtered coatings (Fig. 9f-j). 
Selected area electron diffractograms (SAED) and TEM bright field im
ages of the measured coatings provide localized information about the 
coating’s crystallinity and help to interpret the obtained TOF-SIMS data. 
The collected depth-profiles of the anionic Cl and Al species are pre
sented in Fig. 9e and j, respectively. Based on this analysis, the 

progression of chloride (diffusion front) was assessed. While the dotted 
lines represent the measurements of the as-deposited samples (consid
ering a native Cl-contamination), the solid profiles represent the mea
surements of the electrochemically stressed samples. The shaded regions 
enclosed by both, solid and dotted lines, highlight the loading behavior 
and diffusion front in both, cae and sputtered samples. 

By looking at the depth-profiles of the arc evaporated AlCrN coat
ings, a more or less typical diffusion curve is observed (Fig. 9e). With a 
chloride-enriched surface region, reaching about 500 nm into the 
coating, a gradual decline in chloride concentration follows for about 
3 µm, after which the concentration gradient bleeds out at the coating 
substrate interface. When examining the respective bright-field TEM 
image in Fig. 9d, a homogeneous morphology with discontinuous col
umn boundaries is featured. SAEDs of the surface near (Fig. 9a), 
centered (Fig. 9b) and interface near regions (Fig. 9c) exhibit random 
crystal orientations of the coating matrix with defined diffraction dots. 

On the other hand, Fig. 9j shows the chloride diffusion behavior of 
the electrochemically stressed sputtered AlCrN coating, featuring a 
uniform chloride loading profile. Only towards the coating-substrate 

Fig. 5. SEM cross-section images of (a) as deposited arc evaporated- AlCrN coating, (b) prematurely corroded droplet within the arc evaporated AlCrN coating 
matrix, and (c) matured corrosion of the metallic droplet core with the respective EDX analysis as indicated by the arrow. 

Fig. 6. SEM investigations of preferred diffusion routes in cae-AlCrN coatings: (a) as-deposited droplet routed within the coating matrix; (b-c) pit initiation and 
propagation stages; (d) fully developed pit cavern with respective EDX color maps that highlight diffusion exchange pathways between cavity and coating surface. 
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interface, a decrease in the chloride concentration occurs. Evident from 
the TEM bright-field images and SAED patterns, the difference in the 
diffusion profile must be, at least partially, due to the variation in the 
microstructure. Whereas the SAEDs that were collected near the surface 
and center of the coating show diffraction patterns with distinct 
diffraction dots, the SAED from near the coating-substrate interface 
features smeared dots, indicative of a more nanocrystalline micro
structure. It may be this property that translates to an improved diffu
sion barrier, and is responsible for the prevention of pitting at the 
coating-substrate interface. This may also explain why the corrosion 
behavior did not improve with increasing coating thickness. 

Overall, it can be asserted that the arc evaporated AlCrN morphology 
exhibits a relatively uniform grain size distribution throughout the 
entire coating thickness, providing a sufficient diffusion barrier for the 

duration of the corrosion experiments (diffusion front ~3.2 µm into the 
sample). Moreover, the sputtered microstructure features an increasing 
grain and column size distribution from the interface to the surface near 
regions that allow for accelerated chloride loading throughout most of 
the coating thickness until the nanocrystalline morphology at the 
interface is reached (diffusion front ~4.8 µm into the sample). 

3.6. Preferred growth orientations and coating texture 

Lastly, it was of great interest to further substantiate the aforemen
tioned differences in microstructure, especially grain orientation and 
grain-size distribution. For this, we resorted to transmission electron 
back-scatter diffraction and performed an averaged evaluation of the 
grain-size distribution of the AlCrN-coated samples. In this case, the goal 

Fig. 7. SEM investigations of preferred diffusion routes in sputtered-AlCrN coatings: (a) incoherent column boundary; (b-c) pit initiation and propagation stages; (d) 
fully developed pit cavern with respective EDX color maps that highlight diffusion exchange channels between cavity and coating surface. 

Fig. 8. Illustration of (a) the APT tip-site selection (b) lift-out operation and (c) sharpening sequence of a stressed arc evaporated AlCrN coating. (d) Features the APT 
mass-spectra of the arc evaporated and (e) of the sputtered coatings. Two cut-outs (12–20 Da & 30–45 Da) highlight the chloride-containing fragments, as labeled, 
whose integration was used to quantify the respective Cl-contents. 
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was to link the diffusion profiles obtained from the TOF-SIMS and APT 
analysis, to the morphological characteristics observed during TEM.  
Fig. 10 shows the TEM lamellas of the ~5 µm thick arc evaporated and 
sputtered AlCrN coatings (see Fig. 10a and d), the respective inverse 
pole figure maps (Fig. 10b and e), as well as inverse pole figures (Fig. 10c 
and f) calculated from the t-EBSD data. Correlating with the results from 
the XRD analysis, the inverse pole figures reveal a highly orientated 
{001} growth direction for the 5 µm sputtered coating, whereas a mostly 
random growth orientation, with a weak preference in the {211} plane, 
is featured by the arc evaporated coating variant. At this point, we would 
like to point out that the difference in the color range interval used for 
the arc evaporated sample (Fig. 10c) and sputtered-sample (Fig. 10f). 
Whereas the {211} orientation of the arc evaporated morphology occurs 
merely three times as often as for a random distribution of christallo
graphic orientations, the {001} orientation in the sputtered matrix ap
pears more than twenty times as often. 

From the EBSD data, averaged grain sizes of 72 and 120 nm in 
horizontal diameter were calculated for the as-deposited arc evaporated 
and sputtered samples, respectively. These numbers, again substantiate 
the notion that the highly orientated {001} morphology and the larger 
grain sizes, in combination with the open column boundaries of the 
sputtered sample, allow for unimpeded diffusion along its grain 
boundaries. In this manner, fast bridging of the protective coating and 
subsequent pit initiation at the coating-substrate interface is granted in a 
similar way, as would be observed for arc evaporated coatings with their 
droplet-streaked morphology. 

4. Conclusion 

With near to identical pitting behavior by electrochemical investi
gation, in-depth analysis of AlCrN thin films has yielded distinct diffu
sion mechanisms that pertain exclusively to either arc evaporated or 
sputtered AlCrN coating morphologies. 

For arc evaporated AlCrN coatings, fast-tracked diffusion of the 
electrolyte was exclusively observed along incoherently incorporated 
macroparticles, resulting in rapid oxidation of the metallic cores and a 
consequent dislodging from their surrounding coating structure. It has 

been found that the formation of cavities functions as the most 
frequently observed pit-initiation site. Delving deeper into other 
possible diffusion routes, pristine coating sites (droplet free) were 
investigated by APT and TOF-SIMS. Both analyses revealed surface near 
inward diffusion of chloride (600 ppm Cl), however no chloride was 
detected close to the coating-substrate interface. Featuring a depth 
profile with a rapidly decreasing chloride concentration gradient, the 
pristine coating morphology demonstrates excellent diffusion resistance 
against chloride species. By consulting t-EBSD for a detailed under
standing of the coating structure, we appoint the fine-grained 
morphology (~70 nm) and randomly orientated growth orientation as 
one of the decisive properties for improved diffusion resistance. 

On the other hand, the most abundantly observed pit-initiation 
mechanism for the sputtered AlCrN samples resulted from diffusion 
routes along open column domains. The partially coarse-grained 
microstructure and unidirectional column growth facilitated fast-track 
diffusion to the coating-substrate interface, allowing for an eased 
breaching of the coating structure. APT and TOF-SIMS analysis of pris
tine coating sites exhibited uniform chloride loading throughout most of 
the sputtered morphology (16800 ppm Cl), which is 28 times higher 
than for the arc evaporated coating. Unlike for the arc evaporated 
coating, t-EBSD of the sputtered sample revealed a coarse-grained 
morphology (~120 nm) with significant coating texturing in the 
{100} direction. A sufficient diffusion barrier was only observed at the 
coating-substrate interface, where a sufficiently fine-grained micro
structure, as well as randomized growth orientations prevailed. 

To perfectly protect the underlying alloy and to prevent pitting, 
sufficient diffusion resistance to Cl- must be warranted by the AlCrN 
coating morphology. Despite being chemically inert to the oxidative 
electrolyte, both, sputtered and arc evaporated coatings have shown 
distinctly different diffusion routes, which allow for the initiation of pits 
at the coating-substrate interface. 
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[6] A. Perez, A. Billard, C. Rébéré, C. Berziou, S. Touzain, J. Creus, Influence of 
metallurgical states on the corrosion behaviour of Al-Zn PVD coatings in saline 
solution, Corros. Sci. 74 (2013) 240–249, https://doi.org/10.1016/j. 
corsci.2013.04.048. 

[7] C. Liu, A. Leyland, Q. Bi, A. Matthews, Corrosion resistance of multi-layered 
plasma-assisted physical vapour deposition TiN and CrN coatings, Surf. Coat. 
Technol. 141 (2001) 164–173, https://doi.org/10.1016/S0257-8972(01)01267-1. 
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A B S T R A C T   

The corrosion resistance of cathodic arc evaporated Al0.7Cr0.3−xVxN coatings with a vanadium content up to 22.3 
at% has been electrochemically tested in a 0.1 M NaCl-solution. Significant improvement in the open porosity 
and corrosion rate was observed for coatings with higher V-contents, due to a denser and more refined coating 
morphology. Further reduction in the open porosity rate was achieved through an annealing step in air at 700 ◦C. 
Here, the formation of an AlVO4 top-oxide and underlying oxygen-rich V-depletion zone provides additional 
sealing of the coating surface, whilst reducing the corrosion current density to a final 1.59 × 10−9 A/cm2.   

1. Introduction 

One of the biggest drawbacks regarding the application of corrosion 
protective PVD coatings on bulk materials (e.g. steels) is the presence of 
open porosities. Pores or defect sites (e.g. embedded macroparticles, 
porosity due to highly orientated columnar growth, pin holes, etc.) allow 
the corrosive medium to travel unhindered to the coating/substrate 
interface and generate galvanic couples [1–3]. Depending on the ma
terials that make up this galvanic cell, coatings may either act as the 
anodic element (providing sacrificial protection) [4], or act as the 
cathodic element, in which anodic dissolution and pitting of the sub
strate material ensues [5]. For the latter case, which pertains to most 
ceramic protective coatings, the coating itself remains inert, whereas the 
steel underneath suffers detrimental corrosion [6–11]. 

In recent years, a great number of strategies have been pursued to 
minimize the open-porosity values in protective PVD coatings and limit 
the probability of the electrolyte to make contact with less noble sub
strates. Whether this is achieved by: i) increasing the coating thickness 
[12–14], ii) incorporating a dense interlayer between the substrate and 
coating (interlayer designs) [6,7,15,16], iii) disrupting the columnar 
growth orientation by means of multilayer architectures [17–20], or iv) 
by refining the coating morphology altogether through alloying routs 

[21], all approaches aim to obstruct fast-track diffusion pathways be
tween the electrolyte and the substrate in order to improve the corrosion 
behavior of the system. 

Following a doping strategy, this study provides novel insights into 
the positive impact that V-doping imparts on the corrosion behavior of 
cathodic arc evaporated AlCrN thin films in NaCl-rich media. An 
Al0.7Cr0.3N chemistry was chosen as the base system, whereupon chro
mium was progressively substituted with vanadium. In a series of 
Al0.7Cr0.3−xVxN depositions, with vanadium contents ranging from x =
0–22.3 at% on the metal sublattice, two strategies are being pursued: i) 
improving the corrosion behavior solely by means of vanadium-doping, 
and ii) further improving the corrosion resistance of the Al0.7Cr0.3−xVxN 
series through an annealing step and consequent development of a 
vanadium-rich top-oxide scale. Thus, the first part of this study will 
focus on the effect of vanadium content in the as-deposited state, by 
considering changes in microstructure and crystal phase composition, 
while the second part will provide a detailed investigation on the oxide 
scale formation and diffusion mechanisms of the annealed samples. 

2. Experimental methods 

All coatings were deposited in an industrial scale deposition system 
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(INNOVA, Oerlikon Balzers, Liechtenstein) by cathodic arc evaporation. 
Al0.7Cr0.3−xVx targets were powder-metallurgically manufactured by 
Plansee Composite Materials GmbH and used for all coating variants. 
Steel foil with 0.05 mm thickness, and low-alloy steel discs (90MnCrV8) 
were utilized as substrates. Whereas the steel-foil was solely appro
priated for as-deposited characterization purposes (e.g. analysis of the 
coatings morphology via fracture cross-section, coating thickness mea
surements and crystal-phase investigations by X-ray diffraction), the 
coated steel discs were exclusively used for electrochemical-corrosion 
experiments and post-corrosion analysis. All substrates were ultrasoni
cally cleaned in acetone and ethanol before they were mounted into the 
deposition chamber. With a base pressure of < 5.0−4 Pa, the substrates 
were further cleaned for 25 min by an argon plasma etching procedure 
(Oerlikon Surface Solutions AG). 

All arc evaporated coatings were deposited in a pure N2 atmosphere 

at 3.5 Pa, with a DC-bias of up to − 100 V at 480 ◦C. Regarding the 
corrosion behavior, all coatings were grown to a thickness ~5 µm for 
optimal comparison. 

2.1. Gradient coating procedure 

Fig. 1 shows the schematic of the deposition chamber equipped with 
six arc-sources. A total of 11 Al0.7Cr0.3−xVxN coatings with varying V- 
content were deposited (designated P0-P10, by using several target 
compositions: Al0.7Cr0.3, Al0.7Cr0.2V0.1, Al0.7Cr0.15V0.15 and 
Al0.7Cr0.1V0.2 at%. 

P0 designates the Al0.7Cr0.3 VxN base coating with the lowest V- 
content (0 at% V). The deposition system was equipped with four 
Al0.7Cr0.3 targets and operated with a two-fold substrate rotation, as 
shown in Fig. 1a. 

P1-P9 represent Al0.7Cr0.3−xVxN coatings with varying V-contents 
that come from a stationary deposition mode (no substrate rotation). 
Three substrates were placed between two adjacent arc sources, equip
ped with different target compositions, as shown in Fig. 1b. Depending 
on the V content of each target, together with the relative distance of the 
substrates to each of the two respective arc-sources, a slightly different 
coating composition was obtained. 

P10 denotes the Al0.7Cr0.3−xVxN coating with the highest V-content. 
The deposition system was equipped with four Al0.7Cr0.1V0.2 targets and 
operated with a two-fold substrate rotation (Fig. 1c). 

2.2. Annealing experiments in air 

Isothermal annealing experiments were conducted in air at 700 ◦C. 
For each treatment, the chamber furnace (Medlin & Naber GesmbH, 
Vienna, Austria) was preheated to 700 ◦C and let equilibrate for a 
minimum of 12 h. All temperature profiles were monitored using a 
Naber Temperature TP1 processor in conjunction with a mounted type K 
thermoelement. The coated samples were then placed into the preheated 
chamber and annealed isothermally for 3 h. 

2.3. Characterization of as-deposited and annealed coatings 

For studying the morphology of the coatings (coating thickness, 
surface texture, and the integrity of the substrate-coating interfaces), a 
Zeiss Sigma 500 VP high-resolution field emission gun scanning electron 
microscope (FEGSEM) was used. With an acceleration voltage, ranging 
between 3 kV and 7 kV, characterization of coating thickness and 

Fig. 1. : Schematic of the cathodic arc evaporation deposition chamber, showing target arrangements, sample positions used for all Al0.7Cr0.3−xVxN coatings. a) 
shows a rotary deposition run equipped with Al0.7Cr0.3 targets (P0). b) shows a stationary deposition run with varying target arrangements used for P1-P9. Gradient 1 
(P1-P3) was placed between Al0.7Cr0.3 and Al0.7Cr0.2V0.1 targets, Gradient 2 (P4-P5) was placed between Al0.7Cr0.2V0.1 and Al0.7Cr0.15V0.15 targets, and Gradient 3 
(P7-P9) was positioned between Al0.7Cr0.3 and Al0.7Cr0.1V0.2 targets. c) shows a rotary deposition run equipped with Al0.7Cr0.1V0.2 targets (P10). 

Fig. 2. : A schematic of a Tafel Plot from which several electrochemical pa
rameters can be obtained: EAcorr., corrosion potential of the bare steel; Emixcorr, 
mixed corrosion potential of the deposited coatings on steel; icorr, corrosion 
current density; βc(alloy), βa(alloy), cathodic and anodic Tafel-slopes of the bare 
alloy; βc(couple), βa(couple), cathodic and anodic Tafel-slopes of the coating- 
alloy couple. 
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coating morphology were performed on fracture cross sections of coated 
steel-foil substrates. Equipped with an EDAX Octane elect system, en
ergy dispersive X-ray spectroscopy (EDX) was utilized for quantitative 
elemental investigations. 

Complementary to the EDX measurements, Time-of-Flight Heavy Ion 
Elastic Recoil Detection Analysis (ToF-HIERDA) was employed. All 
measurements were performed at the 5 MV 15SDH-2 Pelletron tandem 
accelerator at Uppsala University [22] employing 127I8+ projectiles with 

a primary energy of 36 MeV with an incident angle of 67.5◦ with respect 
to the surface normal and a recoil detection angle of 45◦ with respect to 
the incident beam direction. Elemental composition depth profiles were 
determined using the CONTES software package [23] with the total 
systematic and statistical uncertainties estimated to be below 5% of the 
deduced value for the major constituents. For a more detailed descrip
tion of the analytical set-up, we refer the reader to Ström et. al. [24]. 

For a more detailed investigation of the coating morphologies, 

Fig. 3. : SEM micrographs showing fracture cross-sections of as-deposited Al0.7Cr0.3−xVxN with varying vanadium contents (P0 to P10). Their respective vanadium 
contents (at% on the metal sublattice) are presented above. 

Fig. 4. : TEM investigations highlighting grain-refinement, as a consequence of V-doping. a-c feature bright-field images of as-deposited cross sections of the 
Al0.7Cr0.3N, Al0.7Cr0.19V0.11N and Al0.7Cr0.08V0.22N coatings, respectively. Further SAED and HR-TEM images render information about the crystallinity, as well as 
manifestation of grain-boundaries that comprise the coating matrix. 
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transmission electron microscopy (TEM, FEI TECNAI F20, equipped 
with a field emission gun and operated at an accelerating voltage of 
200 kV) was conducted. Bright field (BF) imaging was utilized to learn 
more about the microstructure, crystallinity, and texture. For the 

preparation of the TEM lamellas, a standard lift-out procedure during 
focused-ion beam etching (FIB) milling was utilized (Scios 2 DualBeam 
system, ThermoFisher Scientific). 

For crystallographic investigations, Bragg-Brentano X-ray diffraction 
(BBHD) was utilized, using a PANalytical XPert Pro MPD system 
equipped with a Cu-Kα radiation source (wave length λ = 1.54 Å). 

Electrochemically corroded samples were embedded in a conductive 
polymer-matrix, their cross-sections ground and polished, and analyzed 
via SEM and EDX. Accordingly, pit-formations, coating-substrate 
adherence, and fast-track diffusion routes of the electrolyte were 
examined. 

2.4. Electrochemical corrosion experiments 

Linear potentiodynamic polarization experiments were performed 
using a three-electrode set-up. With a saturated Ag/AgCl reference 
electrode (SSC), a Pt-counter electrode (CE) and the coated steel sample 
as working electrode (WE), the electrochemical experiments were con
ducted in a 0.1 M NaCl solution. Each sample was mounted into a press- 
fit corrosion cell, which accommodated a sample contact area of 
1.58 cm2. All samples were left to equilibrate for 20 min, after which the 
corrosion potential (Ecorr.) was measured. Once the measured potential 
drops below a time derivative limit (dE/dt= 1 ×10−6 V/s), the recorded 
potentials from the last 5 s was averaged and taken as Ecorr. The linear 
sweep voltammetry (LSV) measurements were started cathodically at 
Ecorr. − 300 mV and swept into the anodic region with a sweep-rate of 

Fig. 5. : XRD spectra of the as-deposited arc evaporated Al0.7Cr0.3−xVxN coat
ings with increasing V-contents (at% V on the metal sublattice). Reference 
patterns were taken from Ref. [25–27]. 

Fig. 6. : Electrochemical investigations of as-deposited Al0.7Cr0.3−xVxN coat
ings with varying vanadium-content (at% V on metal sublatice): a) Shows the 
original Tafel-plots measured in 0.1 M NaCl-solution, from which b) polariza
tion resistance and open porosity values were calculated. 
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1 mV/s up to + 1.2 VSSC. With a current-density cut-off value set to 
1 mA/cm2, the electrochemical tests were controlled and monitored by a 
potentiostat (Autolab PGSTAT302N, Metrohm). 

2.5. Deductions based on polarization measurements 

Since protective coatings are prone to coating defects or open po
rosities, the measured galvanic current densities of the coated steel 
samples will depend on the contact ratio of the electrolyte and the 
coating/substrate surfaces. In other words, when the electrolyte is 
brought in contact with a "porous" coating surface, part of the electrolyte 
will contact the coating and part of the substrate material beneath, 
generating a galvanic couple. 

From the Tafel-plots, the cathodic and anodic Tafel-slopes (βc and 
βa), as well as corrosion current density values (icorr) and corrosion po
tential (Ecorr.) were extrapolated (see Fig. 2). By using the Stern-Geary 
Equation (see Eq. 1), the polarization resistance (Rp) could be calcu
lated for the uncoated substrate, as well as all Al0.7Cr0.3−xVxN coated 
samples. 

Stern − Geary Equation(Rp) = βc ∗ βa

2.33 ∗ icorr(βc+βa)
(1) 

Finally, according to the following relation (Eq. 2), the porosity of 
the coating was calculated: 

P = Rp(substrate)
Rp(coating)

∗ 10−( ∣ΔEcorr ∣
βa(substrate)

) (2)  

where P denotes the open porosity of the coating, Rp(substrate) is the po
larization resistance of the uncoated substrate material, Rp(coating) is the 
polarization resistance of the coated substrate, ΔEcorr. refers to the dif
ference in the corrosion potential between the uncoated and coated 
substrate, and βa(substrate) to the anodic Tafel-slope of the bare substrate – 
also see Fig. 2. 

Lastly, by combining the corrosion current density (Icorr) with Far
aday’s Law (see Eq.3), the corrosion rate (CR) may be calculated (see 
Eq.4). 

W = AwQ
zF

(3)  

where W is the mass material removed, Aw is the atomic weight of the 
sample, Q is the total charge passed through the system and z is the 
number of electrons transferred in the reaction. 

CR = W ∗ As
ρ (4)  

where As is the exposed surface area and ρ is the density of the material. 

3. Results and discussion 

3.1. Microstructure and composition analysis 

The as-deposited microstructures of all Al0.7Cr0.3−xVxN coatings are 
shown in Fig. 3. The fracture cross section labeled P0 represents the as- 
deposited microstructure of the base system Al0.7Cr0.3N with 0 at% va
nadium. We would like to point out that this coating does not come from 
a stationary deposition run, but instead was deposited in a conventional 
manner with rotation and four identical target compositions. P1 to P9, 
on the other hand, do originate from the stationary gradient deposition 
and are numerated according to the arrangement within the chamber 
(revisit Fig. 1). P10 represents the microstructure of the coating with the 
highest V-content and was also deposited with substrate rotation and 
four identical Al0.7Cr0.1V0.2 targets mounted within the deposition 
chamber. Above the cross-sectional SEM images the corresponding V- 
contents are plotted (at% on the metal sublattice, determined by EDX 
and verified by ERDA). For a complete overview of the chemical com
positions, we refer to Appendix A. 

First observations of the as-deposited microstructures indicate a 
gradual grain-refinement with increasing vanadium content. While a 
distinct columnar growth morphology exists for chemistries ≤ 10.7 at% 
of V on the metal sublattice (P0-P3), a reduction in the column sizes can 
be noticed for contents ≥ 10.7 but ≤ 15.0 at% (P4, 5 and 7). From 
15.0 at% upwards, the microstructure transitions into a coarse grained 
microstructure (P6 and P8) after which a featureless morphology pre
dominates (P9 and P10). 

TEM investigations further substantiate these observations. Fig. 4 
shows the bright-field cross-sections of the as-deposited coatings P0, P7 
and P10 with V-contents of 0, 11.6 and 22.3 at%, respectively (at% V on 
metal sublattice). Standing in good agreement with the previously 
shown SEM images, the effect of grain-refinement is clearly visible as the 
vanadium content increases. An initial refinement of the columnar 
structure is observed between P0 and P7, after which a featureless 
morphology develops. Selected area electron diffractograms (SAED), as 
well as high resolution TEM (HR-TEM) images were collected near the 
coating surfaces, to provide localized information about the coatings’ 
crystallinity. Starting with the Al0.7Cr0.3N coating with 0 at% V-content 
(P0), the SAED(a) provides a diffraction pattern with distinct diffraction 
dots, which is indicative of a crystalline morphology. The respective HR- 
TEM(a) image features a well-defined column-boundary, which would, 
in case of a subsequent corrosion experiment, offer a preferential 
diffusion path for chloride species. Such fast track diffusion pathways for 
chloride species have been investigated in a previous study [1], and 
deemed to be a significant draw-back in effectively providing corrosion 
protection. As vanadium is substituted for chromium, first to 11.6 at% 
(P7) and then further to 22.3 at% V-content (P10), the SAEDs feature 

Table 1 
Electrochemical properties of as-deposited Al0.7Cr0.3−xVxN coated low-alloy steel substrates in 0.1 M NaCl solution. Ecorr., corrosion potential; Ipass, passive current 
density; icorr, corrosion current density; βc, cathodic Tafel-slope; βa, anodic Tafel-slope; Rp, polarization resistance; PRp, open porosity deduced from Rp.  

material V-content on metal- sublattice 
(at%) 

Ecorr. 
(mV) 

Ipass. 
(A/cm2) 

Icorr 
(A/cm2) 

βc 
(mV/dec) 

βa 
(mV/dec) 

Rp 
(kΩ×cm2) 

PRp 
(%) 

low-alloy steel n.a.  -560 n.a. 3.17×10−6  363.6  76.9  8.6 n.a. 
AlCrN 0 (P0)  -375 6.60×10−4 ±1.12×10−4 2.57×10−6  115.7  81.7  8.0 4.22×10−1 

Al0.7Cr0.3−xVxN 
as-deposited 

5.1 (P1)  -344 4.03×10−4 ±3.00×10−5 8.50×10−6  129.4  84.7  25.9 5.48×10−2 

6.4 (P2)  -323 2.45×10−4 ±1.51×10−5 1.64×10−6  191.2  85.1  15.4 4.61×10−2 

8.1 (P3)  -297 1.94×10−4 ±1.52×10−5 9.69×10−7  146.0  93.6  25.3 1.29×10−2 

10.7 (P4)  -288 1.38×10−4 ±5.85×10−6 5.93×10−7  150.4  84.4  39.1 6.38×10−3 

11.6 (P7)  -280 1.33×10−4 ±9.77×10−6 6.89×10−7  109.6  69.4  26.6 7.39×10−3 

13.5 (P5)  -271 5.36×10−5 ±2.89×10−6 9.43×10−7  178.6  86.7  26.6 5.65×10−3 

15.0 (P6)  -240 6.02×10−5 ±3.07×10−6 9.85×10−7  135.7  109.6  26.4 2.24×10−3 

15.6 (P8)  -202 1.99×10−5 

±2.31×10−6 
5.41×10−7  149.0  125.0  53.9 3.52×10−4 

17.4 (P9)  -195 9.08×10−6 ±4.25×10−7 3.68×10−7  77.3  78.6  45.5 3.39×10−4 

22.3 (P10)  -148 4.07×10−6 

±6.64×10−7 
1.03×10−7  151.3  81.1  220.0 1.72×10−4  
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smeared diffraction dots (SAED(b)), or even a ring-like diffraction 
pattern (SAED(c)). Together with the respective HR-TEM images 
(HR-TEM(b) and HR-TEM(c)), which indicate narrowing of distinct col
umn boundaries, both HR-TEM and SAED analysis point out that the 
microstructure transitions into a more nanocrystalline structure with a 
discontinuous columnar arrangement (highlighted by the x in the 

HR-TEM(c) image of Fig. 4). 

3.2. Structural evolution in relation to V-content 

Fig. 5 features X-ray diffractograms and peak-patterns for the as- 
deposited Al0.7Cr0.3−xVxN samples P0 to P10. Analogous to Fig. 3, the 
vanadium contents and chamber locations are listed next to each dif
fractogram with increasing V-content from bottom to top. 

The Al0.7Cr0.3N base system with no vanadium content (P0) features 
a face-centered-cubic (fcc) crystal structure and exhibits a single-phase 
Cr(Al)N solid solution with mixed [111]/[200] growth orientations. 
As chromium is replaced by vanadium in the AlCrN-base-system, the 
crystal lattice is able to maintain the fcc-Cr(Al,V)N solid solution up to a 
vanadium content of 6.4 at% on the metal sublattice (P1 = 5.1 at% V 
and P2 = 6.4 at% V). However, as more vanadium is added (P3 = 8.1 at 
%), the solubility limit for Al in the fcc-Cr(Al,V)N structure is reached, 
and the formation of the wurzite-Al(Cr,V)N phase is favored. Conse
quently, from P4 (10.7 at% V) to P9 (17.4 at% V), a dual-phase, con
sisting of the fcc-Cr(Al,V)N and w-type Al(Cr,V)N phases make up the 
coating structures. While we identify the onset for the formation of w-Al 
(Cr,V) at a V-content of about 8.1 at% (Fig. 5, P3) and the formation of a 
dual-phase crystal structure thereafter (Fig. 5, P4 to P10), we can relate 
the competitive growth orientations between the w-Al(Cr,V)N and fcc- 
Cr(Al,V)N to the gradual grain-refinement first observed at P4 (Fig. 3). 
Based on this, we propose that the nucleation of the competitive w-Al 
(Cr,V)N phase with increasing V-content inhibits the growth of the 
opposing fcc-Cr(Al,V)N crystallites. 

Also interesting is the maximum phase-fraction of the w-type Al(Cr, 
V)N to fcc-Cr(Al,V)N peaking at 15 at% V (P6), after which the fcc-Cr 
(Al,V)N or rather fcc-V(Cr,Al)N phase is again stabilized and the w- 
type Al(Cr,V)N phase recedes. This observation is solely made upon the 
intensity-evolution of the predominant w-AlN 002 reflex. 

3.3. Electrochemical corrosion properties 

Tafel-plots of the bare 90MnCrV8 alloy (low alloy steel) and as- 
deposited Al0.7Cr0.3−xVxN coated samples are shown in Fig. 6a. Tafel- 
extrapolations were made manually with no additional software pack
age for data analysis. From the intersection of the anodic and cathodic 
Tafel-branches the corrosion currents (Icorr) and corrosion potentials 
(Ecorr.) have been determined for all samples (listed in Table 1). 

3.4. Current density vs. V-content 

Firstly, the corrosion currents (icorr) and passivation currents (ipass) 
that were measured decrease significantly with increasing vanadium-to- 
chromium-ratio. Whereas quite similar icorr values were obtained for the 
uncoated alloy and the Al0.7Cr0.3N-coated samples with 0 at% V-content 
(3.17 ×10−6 and 3.32 ×10−6 A/cm2, respectively), a gradual reduction 
of the corrosion current densities was measured in accordance with the 
substitution of chromium with vanadium. In more detail, for a V-content 
of 5.1 at% on the metal sublattice (P1), Icorr was determined to be 
1.23 × 10−6 A/cm2, whereas for V-contents of 11.6 and 22.3 at% (P7 
and P10), the measured Icorr values decreased to 6.01 × 10−7 and 
9.81 × 10−8 A/cm2, respectively. 

3.5. Corrosion potential vs. V-content 

Secondly, a significant positive shift of the Ecorr. can be observed 
from the uncoated alloy (low alloy steel= −569 mVssc) to all 
Al0.7Cr0.3−xVxN coated samples (P0 = −354 mVssc), which indicates a 
reduced anodic activity of the coated sample over the bare alloy. Further 
positive shifting of the Ecorr. is measured as the vanadium-to-chromium- 
ratio increases for the Al0.7Cr0.3−xVxN coatings. The most noble Ecorr. is 
therefore obtained by the coating with 22.3 at% V on the metal sub
lattice (P10 = −148 mVSSC). At this point, we again would like to point 

Fig. 7. : XRD spectra of the arc evaporated Al0.7Cr0.3−xVxN coatings isother
mally annealed at 700 ◦C in air for 3 h with increasing V-content (at% V on 
metal sublattice) from bottom to top (P0 to P10, respectively). Reference pat
terns were taken from Ref. [30,31]. 
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out that the measured Ecorr. for all coated samples are mixed potentials 
between the coating and substrate material, owed to open porosities and 
coating defects. 

3.6. Open Porosity vs V-content 

When considering that porosities and fast track diffusion sites along 
incoherent grain boundaries contribute to a more anodically active 
galvanic couple (coating/alloy), control over the open porosity of pro
tective coatings is of great importance [1]. Therefore, we would like to 
put the aforementioned electrochemical data in context with the open 
porosity values (Eqs.1–2). Fig. 6b shows a bar chart visualizing the 
correlation between the V-content the open porosity (PRp) and the po
larization resistance (Rp) of all as-deposited coatings. Standing in good 
agreement with the SEM and TEM analysis, a gradual decrease in the 
open porosity rate (PRp) is observed with increasing V-content. Natu
rally, with less contact area between the electrolyte and the substrate 
alloy, the polarization resistance of the coating/substrate couple in
creases with increasing V-content. All values are also listed in Table 1. 

3.7. Isothermal annealing of Al0.7Cr0.3−xVxN coatings 

Now that the microstructure, open porosity, and corrosion behavior 
have been thoroughly discussed in light of the vanadium content in the 
Al0.7Cr0.3−xVxN coatings, we wish to further investigate the corrosion 
resistance of their respective annealed states. With the goal to develop a 
vanadium-rich top-oxide scale — intended to function as an additional 
sealing barrier and to minimize fast-track diffusion junctions to the 
coating-substrate interface — we first investigated the oxidation 
behavior of the annealed coatings. Fig. 7 shows the Bragg-Brentano X- 
ray diffractograms for Al0.7Cr0.3−xVxN samples P0 to P10, that have been 
annealed isothermally at 700 ◦C for 3 h in air. As 700 ◦C is well below 

the phase transition temperature of fcc-Cr(Al)N to w-Al(Cr)N (>900 ◦C) 
for the Al0.7Cr0.3N system, we can assume that the overall phase-stability 
of the Al0.7Cr0.3−xVxN remains stable throughout the annealing treat
ment [28]. Moreover, 700 ◦C also falls well below the oxidation tem
perature of the fcc-Al0.7Cr0.3N system, where temperatures of > 900 ◦C 
have been reported necessary for producing Cr2O3 and Al2O3 scales 
[29]. We therefore expect a distinct vanadium threshold content, where 
predominanltly vanadium-oxides form upon annealing at 700 ◦C. 
Analogous to the XRD analysis of the as-deposited coatings (Fig. 5), the 
vanadium contents (at% V on metal sublattice) are listed next to each 
diffractogram with increasing V-content from bottom to top, together 
with their respective deposition chamber positions. A reduced corridor 
of diffraction angles was chosen for the illustration, as i) most of the 
oxides, (Cr2O3, Al2O3, VO, VnO2n+1, VnO2n-1, VnO2n) feature their 
prominent Bragg diffractions between 15 and 30 degrees, and ii) any 
diffraction reflexes larger than 30◦ would overlap with the fcc-Cr(Al,V)N 
and w-Al(Cr,V)N peaks [25–27,30–36]. Evident from the diffractograms 
in Fig. 7, no oxide peak was detected for any of the annealed 
Al0.7Cr0.3−xVxN coatings with a V-content up to 8.1 at% (P0 to P3). At a 
V-content of 10.7 at%, however, first indications of oxidation are 
noticeable (P4). A similar V-threshold has been reported by Tillmann et. 
al., observing an oxidation onset at 10.7 at% V, however, with slightly 
different Al and Cr metal ratios [37]. At V-contents of 11.6 at% and 
higher, significant oxidation of the coating surfaces is measured with the 
most prominent Bragg-reflexes identified as a mixed anorthic-AlVO4 and 
orthorhombic-V2O5 scale. 

This sudden onset of the mixed V-oxide evolution is also observed by 
SEM-analysis. Fig. 8a shows combined top-view images of the as- 
deposited (bottom half) and its respective annealed coating surfaces 
(top-half) for all vanadium containing Al0.7Cr0.3−xVxN coated samples. 
Standing in good agreement with the XRD measurements, a distinct 
onset of a developing surface-oxide is seen for the sample P4 (10.7 at% V 

Fig. 8. : SEM top-view images of Al0.7Cr0.3−xVxN coatings with varying V-contents (at% V on metal sublattice): a) shows combined images consisting of as-deposited 
(bottom) and annealed states (top, 700 ◦C for 3 h in air). b) features selected annealed coating surfaces at lower magnification. 
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on metal sublattice), where nucleation-islands of vanadium-oxides stud 
the coating surface. At slightly higher vanadium-concentrations (11.6 at 
% V on metal sublattice, P7), a converging of the nucleation islands 
results in a more pronounced oxide scale, which develops thicker and 
more matured as more vanadium is available within the Al0.7Cr0.3−xVxN 
system (P5, P6, P8 and P9). Finally, with a V-content of 22.3 at% on the 
metal sublattice (P10), distinct vanadium oxide crystals grow, that 
appear more ordered than the oxide scale at lower V-contents. 

Another interesting effect, related to the V-content, is observed at 
slightly lower magnification, see Fig. 8b. While all samples have been 
annealed for the same duration of 3 h at 700 ◦C, a faster growth of the 
vanadium-oxides-islands is featured for coatings with higher V-contents. 
While only remote nucleation sites of surface oxides are observed at a V- 
contents of 10.7 at% on the metal sublattice (P4), considerable spawn
ing of vanadium-oxide patches evolve at a V-content of 13.5 at% (P5). At 
even higher V-contents (15.0 at% and 17.4 at% V on metal sublattice for 
P6 and P9, respectively), larger oxide islands develop, which converge 
to fully cover the coating surface. This is the case for P10 (22.3 at% V on 
metal sublattice), where a continuous and crystalline vanadium oxide 
scale has developed on top of the coating. 

3.8. Electrochemical investigations of annealed Al0.7Cr0.3−xVxN-coated 
samples 

LSV measurements of the annealed samples were conducted in an 
identical manner to the electrochemical investigations of the as- 
deposited Al0.7Cr0.3−xVxN coated samples. Fig. 9a shows the Tafel- 
plots of the isothermally annealed Al0.7Cr0.3−xVxN coated samples, as 
well as the bare alloy (not annealed). As the V-content of the coatings 
increases, a shifting of the Ecorr. into more positive potentials is 
observed, accompanied by an anew decreasing in the corrosion currents 
(icorr). Tafel-extrapolations again provide the electrochemical parame
ters, such as cathodic and anodic Tafel-slopes (βc and βa, respectively), 
corrosion current densities (icorr) and corrosion potentials (Ecorr.), that 
were then used for calculating the coatings’ porosities (according to Eq. 
1 and Eq. 2). The porosity values for all as-deposited and annealed 
Al0.7Cr0.3−xVxN samples are plotted in Fig. 9b, with the intention to 
better illustrate the improved values between the as-deposited and 
annealed states, as well as to further highlight the beneficial effect of the 
V-content. A summary of the extrapolated electrochemical values, as 
well as the calculated values, such as polarization resistance and open 
porosities are also listed in Table 2. 

Lastly, corrosion rates of the as-deposited, as well as annealed coated 
steel samples were calculated. As there are no indications of dissolution 
or oxidation processes of the coating material, it is expected that the 
current densities measured during the electrochemical experiments 
must come from the low alloy steel substrate (dissolution of iron). In this 
case, together with Faraday’s Law, the mass-loss of the substrate was 
calculated by correlating the corrosion currents (icorr) with the dissolu
tion of iron (Eq. 3 and Eq. 4). Fig. 10 shows the individual corrosion 
rates (mg/cm2 per year) for each Al0.7Cr0.3−xVxN-steel couple. Evident is 
the gradual reduction in mass-loss with increasing V-content within the 
coatings and an even further reduction in the corrosion rate for the 
annealed series. With the exception of the as-deposited Al0.7Cr0.3N 
coating (P0, 0 at% V), all Al0.7Cr0.3−xVxN coated steel samples exhibit 
reduced corrosion rates over the uncoated steel substrate. 

Reason for this slightly increased corrosion rate of the Al0.7Cr0.3N 
coated samples, despite the intended protective character of the coating, 
is the galvanic couple that forms when the electrolyte makes contact 
with both, the coating matrix and the steel substrate. The more noble 
coating surface thereby acts as the cathode, whereas the steel-substrate 
adopts the role of the anode. Due to the vastly larger contact area made 
between the coating surface (large cathode) compared to the small 
contact area made between the diffused electrolyte and the steel alloy 
(small localized anode), accelerated oxidation occurs. As vanadium 
quite drastically refines the morphology of the Al0.7Cr0.3−xVxN system, it 
yields fewer porosities (direct diffusion pathways) for the NaCl- 
electrolyte to reach the coating-substrate interface. Accordingly, with 
fewer contact area between the electrolyte and the steel substrate, lower 
corrosion currents (corrosion rates) are generated. We therefore see a 
strong correlation between the open-porosity values and the calculated 
corrosion rates of the Al0.7Cr0.3−xVxN-steel couples. 

3.9. Vanadium-oxide scale investigation by TEM 

To further answer why the annealed Al0.7Cr0.3−xVxN sample with the 
highest V-content (P10 w. 22.3 at% V) performs best in light of its corro
sion resistance, additional TEM analysis have been conducted. Here, the 
aim was to verify the crystal-structures that have been identified by XRD 
measurements in earlier sections, as well as to take a closer look at the 
diffusion profiles that evolved during the annealing process. For this, 
SAEDs together with TEM bright-field images of the coating’s surface near 
region provide localized information about the crystal structure and 
crystallinity. Shown in Fig. 11a is a bright-field TEM image, which high
lights three distinctly different morphologies: a crystalline top-oxide, a 
nanocrystalline oxygen enriched band underneath, and the pristine 
coating matrix at the bottom (as found in the as deposited state). 

Fig. 9. : Electrochemical data of Al0.7Cr0.3−xVxN-coated steel samples with 
varying V-content (at% on metal sublattice) annealed at 700 ◦C in air: a) Tafel 
plots and b) calculated open-porosity values for all Al0.7Cr0.3−xVxN coatings in 
their as-deposited state, as well as annealed state. 
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Starting with the top-oxide, single-crystalline domains are detected, 
as is evident from the spot-pattern of the SAEDa in Fig. 11b. Indexing of 
the pattern renders a triclinic (anorthic) crystal structure of the AlVO4- 
oxide with the space group P1, which stands in excellent agreement with 
the findings from the XRD measurements and results from Franz et. al. 
[38,39]. 

Moving below the granular top-oxide, the SAEDb in Fig. 11c features 
a combination of an amorphous material with a characteristic halo-ring 
pattern, as well as a nanostructured polycrystalline matrix, with typical 
smeared diffraction rings that appear further away from the primary 
beam. The decomposition of the original polycrystalline matrix to a 
semi-amorphous morphology can be attributed to the oxidation process 
during annealing, where oxygen inward diffusion is accompanied by 

simultaneous dissipation of nitrogen. By integrating the SAEDb ring- 
pattern and plotting it over the reciprocal of the lattice-spacing, an in
tensity plot with broadened but still defined peaks is generated, which is 
shown in Fig. 11f. Again, we can deduce that the broadened peaks 
convey an amorphous character of the coating matrix, whereas more 
defined [200] and [220] reflexes of the fcc-CrN crystal structure suggest 
residue fragments of the original coating structure. The fact that only 
fcc-CrN residues appear in the intensity plot suggests a faster degrada
tion mechanism of the hexagonal phase fraction, which greatly affects 
the diffusion of oxygen and other alloyed elements, such as vanadium. 
Lastly, SAEDc and SAEDd are intended to show the pristine dual fcc-Cr 
(Al,V)N and w-type Al(Cr,V)N phases. Furthermore, they reveal signif
icant differences in the crystallinity of the coating morphology that is in 
close proximity of the oxygen-diffusion front (SAEDc) and the 
morphology that is further away (SAEDd). Evident from SAEDs in 
Fig. 11d and Fig. 11e, similar diffraction rings are obtained, whose 
integration in Fig. 11f also show close to identical intensity plots and, as 
expected, render the correct D-spacings for the fcc-Cr(Al,V)N and w-Al 
(Cr,V)N crystal structures. We therefore conclude that there is a sharp 
oxygen diffusion front, with little to no lattice distortion after. 

3.10. Description of diffusion mechanisms 

Next, the diffusion mechanisms are investigated in more detail. In 
accordance with the TEM analysis in Fig. 11, the same region of the 
annealed sample is chosen. First, we would like to direct the reader’s 
attention to a top view SEM image in Fig. 12a and emphasize that the 
entire coating surface is homogeneously studded with a highly crystal
line AlVO4 top-oxide, which is otherwise not apparent from other cross- 
section images. Fig. 12b then shows a scanning TEM (STEM) image of 
the cross-section, which was chosen for subsequent EDX analysis. 
Several defined layers are visible through the generated mass contrast of 
the different coating domains. While areas with heavier elements appear 
brighter, regions with lighter elements produce a darker contrast in the 
image. First, an EDX line-scan was conducted across the entire field of 
view in order to take a closer look on the oxygen diffusion profile 
(Fig. 12c). Clearly evident is the sudden drop at the oxygen diffusion 
front (as labeled in Fig. 12b), where a simultaneous surge of nitrogen is 

Table 2 
Electrochemical properties of annealed Al0.7Cr0.3−xVxN coated low-alloy steel substrates in 0.1 M NaCl solution. Ecorr., corrosion potential; Ipass, passive current 
density; icorr, corrosion current density; βc, cathodic Tafel-slope; βa, anodic Tafel-slope; Rp, polarization resistance; PRp, open porosity deduced from Rp.  

material V-content on metal- sublattice 
(at%) 

Ecorr. 
(mV) 

Ipass. 
(A/cm2) 

Icorr 
(A/cm2) 

βc 
(mV/dec) 

βa 
(mV/dec) 

Rp 
(kΩ×cm2) 

porosity 
(%) 

Al0.7Cr0.3−xVxN 
annealed at 700 ◦C f. 3 h in 

0 (P0*)  -291 2.61×10−4 

±1.81×10−5 
4.39×10−6  127.6  67.2 43.1 6.34×10−3 

5.1 (P1*)  -269 2.23×10−5 

±2.03×10−6 
3.60×10−7  86.1  86.5 51.1 2.75×10−3 

6.4 (P2*)  -248 8.80×10−6 

±8.12×10−7 
8.99×10−7  108.0  127.8 27.9 2.70×10−3 

8.1 (P3*)  -242 5.96×10−6 

±7.54×10−7 
2.45×10−7  93.4  61.8 65.2 9.66×10−4 

10.7 (P4*)  -233 1.72×10−6 

±1.79×10−7 
3.31×10−8  117.4  43.1 408.9 1.18×10−4 

11.6 (P7*)  -210 6.79×10−7 

±1.13×10−7 
2.30×10−8  128.4  102.1 1132.0 2.13×10−5 

13.5 (P5*)  -194 1.72×10−6 

±6.38×10−7 
9.15×10−9  92.9  65.1 1794.4 8.34×10−5 

15.0 (P6*)  -203 4.90×10−6 ±1.08×10−6 8.58×10−9  74.2  66.3 1751.5 1.12×10−5 

15.6 (P8*)  -147 1.40×10−7 

±3.60×10−8 
1.60×10−8  111.5  124.8 1580.9 2.32×10−6 

17.4 (P9*)  -95 5.26×10−8 

±2.64×10−8 
8.18×10−9  181.8  283.3 5813.9 1.33×10−7  

22.3 (P10*)  -47 1.61×10−8 

±1.58×10−9 
1.59×10−9  129.2  206.6 21,511.0 1.50×10−9  

Fig. 10. : Comparison of the corrosion rates of as-deposited Al0.7Cr0.3−xVxN 
coated and annealed Al0.7Cr0.3−xVxN coated low-alloy steel substrates with 
varying V-contents (at% V on metal sublattice). 
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recorded. This coincides with the understanding that there is a sharp 
interface between the oxidized coating and the remaining pristine 
coating matrix underneath. Also evident is a vanadium depletion layer, 
which results from an outward diffusion of vanadium in order to form a 
crystalline AlVO4-top oxide. These migration dynamics become clearer 
when looking at the individual EDX maps in Fig. 12d. The respective 
nitrogen and oxygen maps substantiate the sharp interface between the 
oxidized coating and the remaining pristine coating morphology. 
Moreover, a distinct vanadium depletion layer is shown. Standing in 
good agreement with the findings from the line-scan, the presence of the 
depletion layer suggests an outward directed diffusion of vanadium for 
the formation of the AlVO4-oxide. Chromium also indicates outward 
directed diffusion, however only to a marginal degree. As Cr does not 
participate in the formation of a top oxide, it instead concentrates at the 
grain-boundaries of the AlVO4-crystals as shown in Fig. 12c, as well as 
EDX map of 12d. Lastly, aluminum shows little migration across the 
oxygen/nitrogen diffusion-front. This observation suggests that suffi
cient aluminum is originally present for the formation of the AlVO4-top 
oxide, with no chemical gradient that will instigate further Al diffusion 
to the surface. 

3.11. Overview of electrochemical parameters of various coating systems 

Lastly, we wish to place the corrosion resistance of the presented 
Al0.7Cr0.3−xVxN coatings into context with other material-systems 
deposited by this research group. Fig. 13 shows an overview of Icorr vs. 
Ecorr values of various coating materials deposited on low alloy steel 
(90MnCrV8) that have been electrochemically tested in an identical 
manner, as described in the previous experimental section (deposition 
parameters and electrochemical data can be found in Appendix B). Quite 
evident is the significant spread of icorr and Ecorr values across the pre
sented material classes. However, also within a family, such as the ni
trides, significant variance in the electrochemical behavior is present, 
proving just how sensitive corrosion resistance of PVD coatings is to 
slight changes chemical composition and/or coating morphology. With 

this overview, we would like to emphasize the need for more detailed 
investigations devoted to specific material families, in order to system
atically improve the corrosion resistance of PVD coatings in NaCl-rich 
media. Moreover, we would like to stress that both, alloying strategies 
and post deposition treatments such as annealing in air, pose viable 
approaches in significantly improving the corrosion resistance of 
cathodic arc evaporated Al0.7Cr0.3−xVxN coatings. 

4. Conclusion 

To improve the corrosion resistance of cathodic arc evaporated 
AlCrN-based coatings in NaCl-rich media, this study has provided two 
effective approaches: i) a doping-strategy with vanadium, and ii) an 
annealing strategy at 700 ◦C in air for 3 h. 

In a deposition series of Al0.7Cr0.3−xVxN coatings, a direct correlation 
was found between the V-content, the coatings’ crystallinity, and their 
corrosion current densities during electrochemical investigation. With 
increasing vanadium fractions, more refined coating morphologies were 
obtained, as well as lower current densities during the corrosion ex
periments. We propose that the reason for the progressive grain 
refinement is attributed to the nucleation of the favorable w-Al(Cr,V)N 
phase at higher vanadium contents, which inhibits the growth of the 
opposing fcc-Cr(Al,V)N crystallites. As a result, diffusion paths from the 
coating surface to the coating-substrate interface become increasingly 
branched, as more grain boundaries impede the migration of the elec
trolyte through the coating. In a series of 10 Al0.7Cr0.3−xVxN coatings 
with varying V-contents, ranging from 5.1 to 22.3 at% on the metal 
sublattice, each raise in the V-fraction lowered the corrosion currents 
noticeably, and resulted in a positive shift of the respective corrosion 
potential. Using the Stern-Geary equation together with the assumption 
that the coating material remains inert throughout the electrochemical 
experiment (only the steel substrate accounts for the anodic current), an 
approximation of the coatings’ open porosity was made [3]. Appropri
ately, the approximation revealed a significant decline in the coatings’ 
porosity values, which is a result of the observed grain-refinement due to 

Fig. 11. : TEM investigations highlighting the oxidation behavior of Al0.7Cr0.08V0.22N coating isothermally annealed at 700 ◦C in air for 3 h. a) shows a bright-field 
image, highlighting the most prominent structural features, as well as the positions of SAED(a-d) measurements. (b-e) show the SAED-patterns that originate from the 
positions labeled in sub-figure (a). f) features the integrated ring-patterns from SAED(b-d). 
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increasing V-fractions. 
Moreover, a second series of Al0.7Cr0.3−xVxN coatings with V-con

tents ranging from 5.1 to 22.3 at% on the metal sublattice was annealed 
at 700 ◦C for 3 h in air and electrochemically tested in a 0.1 M NaCl- 
solution. For all annealed samples, significant shifting of the Ecorr. into 
more positive potentials was measured, accompanied by an anew 
decreasing in the corrosion currents (icorr). Compared with the electro
chemical values from the doping strategy, further improvement was 
obtained through the additional annealing step at 700 ◦C. We attribute 
this enhanced corrosion resistance to the formation of a ~1 µm thick 
AlVO4-top oxide, followed by a ~0.5 µm thick oxygen-enriched (vana
dium depleted) nanocrystalline layer underneath. We propose that this 
combination of top-oxide formation and formation of a near amorphous 
oxygen enriched layer below, drastically reduces the open-porosity rates 
of the coating structure as a whole and renders improved corrosion 
protection. 
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Fig. 12. : EDX investigations highlighting the diffusion behavior of the Al0.7Cr0.08V0.22N coating isothermally annealed at 700 ◦C in air for 3 h. a) shows a top-view 
SEM image of the crystalline top-oxide. b) features a STEM cross-section image of the top-most section of the annealed coating with the most prominent features 
labeled. c) displays an EDX-line scan that belongs to the segment shown sub-figure (b). d) displays EDX-maps, originating from the same segment as shown in sub- 
figures (b and c). 
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Table A1 
Overview showing the chemical compositions of the as-deposited Al0.7Cr0.3−xVxN coatings. All listed values reflect EDX measurements that have been corrected 
according to ERDA measurements. Accordingly, ERDA values from samples P4 and P10, with compositions equivalent to Al0.32(Cr,V)0.19N0.49, provided the correction 
standard.  

sample V- 
content 
(at%) 

Al- 
content 
(at%) 

Cr- 
content 
(at%) 

N- 
content 
(at%) 

impurities 
(Oxygen) 
(at%) 

Al- content 
on metal sublattice 
(at%) 

Cr-content 
on metal sublattice 
(at%) 

V- content 
on metal sublattice 
(at%) 

P0  0.0  32.8  14.9  48.9  3.5  68.8  31.2  0.0 
P1  2.7  34.7  15.9  45.5  1.2  65.1  29.8  5.1 
P2  3.2  32.5  14.5  47.2  2.5  64.7  28.9  6.4 
P3  4.0  32.7  13.2  47.4  2.6  65.5  26.4  8.1 
P4  5.2  32.4  10.9  48.2  3.2  66.8  22.5  10.7 
P5  7.2  31.9  9.1  48.4  3.3  66.1  18.9  15.0 
P6  6.6  31.4  10.6  48.2  3.2  64.7  21.8  13.5 
P7  5.6  31.4  11.2  48.4  3.3  65.1  23.3  11.6 
P8  7.6  30.5  10.4  48.3  3.3  63.3  21.4  15.6 
P9  8.4  30.7  9.4  48.2  3.2  63.3  19.4  17.4 
P10  10.6  30.3  6.5  48.9  3.7  63.9  13.8  22.3  

2

Fig. 13. : Summarized electrochemical data showing Icorr vs. Ecorr values of various coating materials (s = sputtered, a= arc evaporated) measured in 0.1 M 
NaCl solution. 

Table A2 
Overview of deposition parameters, as well as electrochemical parameters (Icorr. and Ecorr.) measured in 0.1 M NaCl solution, pertaining to Fig. 13.  

sample deposition technique Tdep 
(C◦) 

Pdep. 
(Pa) 

atmosphere bias 
(V) 

Idep. 
(A) 

ref. Ecorr. 
(mV) 

Icorr 
(A/cm2) 

AlCrN cae 480 3.5 N2 ≥ −100  [1]  -375 2.57 × 10−6 

AlCrVN cae 480 3.5 N2 ≥ −100  -  -148 1.03 × 10−7 

AlCrVNO cae 480 3.5 N2 ≥ −100  -  -47 1.59 × 10−9 

CrN cae 500 3.5 N2 -80 150 [40]  -384 9.57 × 10−7 

TiN cae 500 0.8 N2 -80 160 [40]  -385 9.89 × 10−6 

TiAlN cae 500 3.0–3.2 N2 -40 to − 80 200 [40,41]  -314 2.12 × 10−7 

AlCrN sputtering 500 1.3 Ar/N2 -160  [1]  -398 1.54 × 10−6 

y-TiAl sputtering ≤ 300 0.4 Ar -50 - [42]  -464 1.65 × 10−7 

HfSiB2 sputtering 550 0.56 Ar -40 0.4 [43]  -560 4.11 × 10−8 

TiB2-based sputtering 500 0.4 Ar -50 0.4 [44]  -435 5.29 × 10−8 

CrB2-based sputtering 550 0.7 Ar -40 0.4 [45]  -407 1.50 × 10−8 

CrSiB2 sputtering 550 0.56 Ar -40 0.5 [43]  -375 7.24 × 10−7 

CrSi2 sputtering 400 0.4 Ar -50 0.4   -302 1.40 × 10−8  
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A B S T R A C T   

Cathodic arc evaporated Ti1−xAlxN coatings were deposited on a Nimonic c-263 superalloy and tested under low 
temperature hot corrosion conditions. Treated with a MgSO4/Na2SO4 salt-mixture, all samples were annealed at 
700 ◦C in a 2800 ppm(volume) SOx-rich atmosphere for 1, 5, 15 and 30 h. A significantly reduced corrosion severity 
was exhibited by all Ti1−xAlxN variants over the uncoated NiCrCo alloy. A synergistic fluxing mechanism was 
found to be the dominant factor for the coating breakdown. Depending on the relative Al-to-Ti content on the 
Ti1−xAlxN sublattice, differences in the coatings’ corrosion and scaling behavior were observed.   

1. Introduction 

Superalloys are well known for their excellent mechanical strength, 
creep-profiles and fatigue properties at high-temperatures, as well as 
good corrosion and oxidation resistance in highly demanding environ
ments [1–4]. Finding wide application in industrial gas turbines (IGT) 
and jet engines, superalloys represent an indispensable material class in 
energy generation sectors and modern aviation [1,5–8]. However, su
peralloys are also known for their susceptibility to molten salt-induced 
corrosion – better known as hot corrosion (HC) [5,9–12]. 

For this reason, protective coatings provide a lucrative solution in 
combatting HC-attack of turbine elements [13]. Many coating systems 
have shown improved oxidation and corrosion resistance in high tem
perature settings, such as metallic NiCrAlY coatings [14–16], metallic 
gradient coatings [17], ceramic oxide coatings [18], nitride coatings 
[19–22], silicides [23–25], and enamel [26,27], but remain far from 
being optimal. The variety of these studies not only demonstrates the 
complexity of hot corrosion phenomena, but also confirms that there is a 
need for a more refined understanding of the corrosion mechanisms in 
thin films. 

With focus on industrially established Ni-Cr-Co- base superalloys, the 
objective of this study is to provide a detailed analysis of the hot 
corrosion behavior of protective physical vapor deposited Ti1−xAlxN 

coatings. Cathodic arc evaporated (CAE) Ti1−xAlxN depicts one of the 
most established coating system in diverse industrial sectors, based on 
its unique combination of thermo-mechanical properties. However, the 
use in HC environments is relatively unexplored and detailed under
standing of ongoing mechanisms are rare. 

1.1. Hot corrosion in gas turbines 

When salt-rich aerosols from marine environments enter the com
bustion chamber through the air intake (e.g. NaCl, MgCl2, etc.), they 
react with oxygen and sulfur baring combustion gases and form high- 
melting sulfate salts (e.g. Na2SO4 and MgSO4) [28–31] (Eqs. 1–4). 
When exiting the combustion chamber, these highly stable salts can 
build up on hot sections of the gas-turbines, where they adhere and 
cause severe degradation of the material surfaces. Especially compo
nents, which come in direct contact with the combustion gases, such as 
transition lines from the combustion chamber, as well as blades and 
vanes of the high-pressure turbine (HPT) and low-pressure turbine (LPT) 
are vulnerable to hot gas corrosion. 
S+O2→SO2 (1)  

SO2 + 1/2O2 + (M)
catalyst

↔ SO3 (2) 
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2NaCl + S + 2O2→α − Na2SO4 + Cl2 Tm(Na2SO4) = 884◦C (3)  

MgCl2 + S + 2O2→MgSO4 + Cl2 Tm(MgSO4) = 1124◦C (4) 
Depending on the physical aggregate of these salt-deposits, one of 

two corrosion mechanisms can ensue: Low temperature hot-corrosion 
(LTHC, 575–800 ◦C), where the salt adheres in a solid form, or high 
temperature hot corrosion (HTHC, 800–950 ◦C), where the deposit exits 
in a molten state. 

The corrosion of alloys and coatings by hot gas corrosion then pro
ceeds in several key steps: An incubation stage, an initiation stage, a 
propagation stage, followed by failure [32,33] The incubation stage 
features the formation of stable oxide scales (e.g. TiO2, Al2O3, NiO, and 
Cr2O3), whereby a steady state (passivity) against further oxidation is 
provided. The incubation state is especially interesting when consid
ering coated superalloys, as the oxides that form on the coating surface 
typically differ from those of the bulk material. 

The subsequent initiation stage comprises a sequence of changes in 
the materials environment that establishes the conditions where accel
erated corrosion/degradation occurs. During this stage several processes 
take place, such as the deposition of a salt-film, the melting of the salt 
deposit (HTHC), and/or the formation of low-melting eutectics between 
the salt-deposit and metal oxide surface (LTHC). Furthermore, changes 
in the melt-basicity, and local depassivation of the oxide scale allows for 
accelerated attack of the underlying alloy/metal. 

The initiation is then followed by the propagation, where an accel
erated progression of both, depassivation of the protective metal oxide 
scale, and internal sulfidation and oxidation of the now unprotected 
bulk material occurs. 

Lastly, after a given duration, the corrosion front has infiltrated the 
material to such extend, that the integrity of the component fails. 

1.2. Depassivation via fluxing mechanisms 

When protective oxides such as Al2O3, TiO2, NiO or Cr2O3 come in 
contact with fused Na2SO4, their dissolution can occur in one of two 
ways: Basic dissolution (basic fluxing), where the oxide reacts with the 
basic component (Na2O) of the melt, or acidic dissolution (acidic flux
ing), where the oxide reacts with the acidic component of the melt (SO3) 
(Eq. 5). 
Na2SO4(l) ↔ Na2O(diss.(basic)) + SO3(g,(acidic)) (5) 

In a series of electrochemical studies, Zheng [34], Rapp and Luthra 
[35] investigated the solubility of various oxides in fused Na2SO4 at 
1200 K. By varying the basicity of the melt, the solubility of most oxides 
(with the exception of SiO2) features distinct solubility minima. Fig. 1a 
shows a compilation of such measured solubilities, by plotting the 
concentration of the dissolved oxide over the basicity of the melt. 

Which reaction dominates (acidic dissolution or basic dissolution) 
depends on the chemical stability of the oxide (position of the solubility 
minimum). While Al2O3 and Cr2O3 are considered acidic oxides (stable 
in acidic conditions), Co2O3 and NiO are viewed as basic oxides (stable 
in more basic conditions). Therefore, Co2O3 and NiO are predominantly 
dissolved via an acidic fluxing mechanism (reacts with SO3), while 
Al2O3 and Cr2O3 are readily dissolved in more neutral and basic melts 
(basic fluxing by reacting with Na2O). 

However, when different oxides are situated in close proximity to 
one another and stand in contact with a fused salt deposit, a super
imposed mechanism can take place, referred to as synergistic fluxing. 
This is particularly dangerous for alloys and coatings which rely on a 
mixed and/or layered oxide scale, in order to combat hot corrosion. If 
the salt basicity of the melt falls between the solubility minima of such 
two oxides, the solubility of the one oxide can facilitate melt conditions 
that accelerates the dissolution of the other (Fig. 1b). 

As the oxidation of Ti1−xAlxN coatings is dominated by the formation 
of Al2O3 and TiO2, a central point of discussion throughout this study are 

synergistic effects in the fluxing mechanism. Thus, the authors intend to 
provide a fundamental understanding of the respective LTHC mecha
nisms for arc-evaporated Ti1−xAlxN coatings, by showcasing how 
different Al to Ti contents influence the corrosion behavior. 

2. Experimental 

2.1. Coating depositions 

All Ti1−xAlxN coatings were deposited using an industrial scale 
cathodic arc-evaporation system (Innova 1.0, Oerlikon Surface Solutions 
AG). 10 µm thick Ti1−xAlxN coatings with varied Al contents 
(Ti0.52Al0.48N and Ti0.34Al0.66N) were deposited using TiAl (50/50 at%) 
and TiAl(34/66 at%) targets, respectively (Plansee Composite Materials 
GmbH). The coatings were grown in a pure N2 atmosphere at a pressure 
of 3.5 Pa and a deposition temperature of 450 ◦C. Furthermore, a target 
current of 200 A and a bias potential up to − 40 V were chosen for all 
depositions. 

Single-crystalline Si stripes (100-oriented, 20×7x 0.38 mm) and 
Nimonic c-263 (VDM-Metals, Germany) were used as substrate mate
rials. Whereas coated Si-substrates were solely used for coating- 
characterization purposes (e.g. analysis of the coatings morphology 
via fracture cross-section, and coating thickness measurements), the 
coated Nimonic c-263 alloys (detailed chemical composition, see  
Table 1) were exclusively used for hot corrosion experiments and post- 
corrosion analysis. 

Prior to the depositions, all substrates were ultrasonically cleaned 
with acetone and ethanol before mounting them onto the carousel of the 
deposition chamber. With a base pressure of < 5.0−4 Pa, the substrates 
were further cleaned for 25 min by a central-beam argon plasma etching 
procedure (Oerlikon Surface Solutions AG). 

2.2. Corrosion experiments 

The hot gas corrosion testing-rig was conceptualized in three sec
tions: (i) the gas-mixing system (inlet), (ii) a reaction module, and (iii) a 
gas-treatment system (outlet). For the composition of the experiment’s 
atmosphere, a combination of three gas-inlet feeds were controlled via 
mass-flow controllers. A total gas-flow (total pressure, p) of 2500 sccm 
was chosen, comprised of 2118 sccm [Ar], 375 sccm [O], and 7 sccm 
[SO2]. This translates to partial pressures of p[Ar]= 8.47 × 10−1 atm, 

Fig. 1. (a) Solubility diagram of common oxides in fused Na2SO4 as a function 
of melt-basicity (reworked from [36]), (b) region of synergistic fluxing between 
NiO and Cr2O3 (shaded area). 
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p[O]= 1.5 × 10−1 atm and p[SO2]= 2.8 × 10−3 atm, respectively. The 
mixed gases then enter the reaction chamber, positioned inside a three- 
zone gradient oven (Carbolite Gero GmbH & Co. KG). A quartz-tube 
flow-reactor safely accommodates the aggressive SOx-rich atmosphere 
in liaison with the high temperatures (700 ◦C) needed for the HC ex
periments. Lastly, the exhaust gases are washed in a NaOH bath before 
exiting the set-up. A detailed illustration of the HC-testing rig is provided 
in Appendix Figure A1. 

For every corrosion experiment, two sets of sample-arrangements 
were considered: (i) a control-arrangement, were no salt was added to 
the sample surfaces, and (ii) an experimental-arrangement, where 
samples were prepped with salt-coupons to mimic hot-corrosion 
conditions. 

A mixture of anhydrous MgSO4 and Na2SO4 (Merck KGaA) with a 
molar ratio of 20:80, or mass ratio of 15.21:84.78, respectively, was 
chosen for all experiments. A saturated aqueous solution was then pre
pared. Using a pipette, small droplets were applied onto the sample 
surfaces and dried under ambient conditions for several days. 

With reference to the calculated binary-phase diagram from Yaz
henskikh et. al., a solidus temperature of ~725 ◦C and a liquidus tem
perature of ~810 ◦C were estimated for the salt-coupons, which was 
later confirmed in a series of annealing experiments [31]. In order to 
remain below the liquidus temperature of the salt-mixture (prerequisite 
for LTHC is a solid aggregate state), a temperature of 700 ◦C was chosen 
for all corrosion experiments. 

After loading the quartz tube with the control-arrangement and the 
salt-loaded samples, the chamber was sealed and purged for 10 min with 
2000 sccm Ar. Subsequently, the furnace was turned on whilst 
continuing purging with Ar. With a ramp-rate of 20 ◦C/min, 45 min 
were allocated for reaching the desired 700 ◦C, after which an additional 
15 min were allotted for ensuring a homogeneous temperature distri
bution within the quartz-tube. Following the heat-up sequence, the Ar, 
O2, and SO2 mass-flow controllers were set to 2118 sccm, 375 sccm and 
7 sccm (2800 ppm SO2 by volume), respectively, and their hand valves 
opened, marking the beginning (t0 h) of the corrosion experiment. After 
the desired duration of the experiment has elapsed (e.g. t = 1, 5, 15, and 
30 h), the furnace was turned off, the hand-valves for the O2 and SO2 
feeds closed, and the chamber purged with 2000 sccm Ar until the 
temperature within the quartz-tube was < 200 ◦C. 

2.3. Analytical methods 

For studying the morphological properties, such as coating thickness 
and the integrity of the substrate-coating interfaces, a Zeiss Sigma 500 
VP high-resolution field emission gun scanning electron microscope 
(FEGSEM) was used. With an acceleration voltage, ranging between 
3 kV and 6 kV, characterization of coating thickness and morphology 
were performed on fracture cross sections of coated Si-substrates. 
Furthermore, the FEGSEM, combined with an EDAX Octane elect sys
tem for energy dispersive X-ray spectroscopy (EDX), was used for 
quantitative chemical investigations. 

For crystallographic analysis, Bragg-Brentano X-ray diffraction 
(BBHD) was utilized, using a PANalytical XPert Pro MPD system 
equipped with a Cu-Kα radiation source (wave length λ = 1.54 Å). 

For post corrosion characterization, top-view images were taken, 
using a digital light microscope. For salt loaded samples, the deposit was 
carefully removed and any remnant salt washed off with distilled water, 
in order to expose the oxidized coating surfaces. Subsequently, anew 
XRD measurements were conducted, after which the samples were 
embedded in a conductive polymer-matrix, their cross-sections 

thoroughly grinded, polished, and analyzed using a Zeiss Sigma 500 VP 
high-resolution FEGSEM. EDX line-scans, as well as EDX-mapping, were 
utilized for identifying diffusion pathways, phase-transformations, and 
coating breakdown. 

Lastly, transmission electron microscopy (TEM), FEI TECNAI F20, 
equipped with a field emission gun and operated at an accelerating 
voltage of 200 kV) was conducted. Bright-field (BF) imaging was uti
lized to learn more about the microstructure, diffusion processes and the 
overall corrosion mechanism. For the preparation for the TEM lamella a 
standardized focused-ion beam (FIB) lift-out technique was used (Scios 2 
DualBeam system, ThermoFisher Scientific). 

3. Results 

3.1. Structure and morphology 

The as-deposited fracture cross-sections of both, low-Al content 
Ti0.52Al0.48N and high Al-content Ti0.34Al0.66N coatings are shown in  
Figs. 2a and 2b, respectively. With a thickness of 9.8 µm (Ti0.52Al0.48N) 
and 10.1 µm (Ti0.34Al0.66N) both coating variants feature a homoge
neous and dense columnar microstructure. The chemical compositions 
normalized to the metallic sublattice, Ti0.52Al0.48N and Ti0.34Al0.66N, 
were determined by EDX and deviate only slightly from their target 
compositions (50/50 and 35/65 at%, respectively). Structural analysis 
by XRD indicate a dominant cubic-Ti(Al)N crystal structure for both 
coating variants, with only slight indications of the thermodynamically 

Table 1 
Nominal chemical composition (wt%) of the Nimonic c-263 superalloy.   

Ni Co Cr Mo Ti Al Fe Si 
Nimonic c-263 [4] 47–54 19–21 19–21 5.6–6.1 1.9–2.4 0.3–0.6 0–0.7 0–0.4  

Fig. 2. Characterization of as-deposited Ti1−xAlxN coatings: (a-b) show the 
fracture cross-sections of the Ti0.52Al0.48N and Ti0.34Al0.66N on Si, respectively, 
whereas (c) features XRD spectra of the Ti1−xAlxN coatings and NiCrCo sub
strate material. Reference patterns were taken from ref. [37–39]. 
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favored wurzite-Al(Ti)N phase visible for the high Al-content 
Ti0.34Al0.66N coating see Fig. 2c. 

3.2. Low temperature hot corrosion experiments 

Fig. 3 features top-view images of all samples that have been subject 
to the hot-corrosion experiments. At 700 ◦C and a partial pressure of 
p[SO2]= 2.8 × 10−3 atm (2800 ppm by volume), all samples were 
exposed to the same corrosive atmosphere and annealed for 1, 5, 15 and 
30 h. Shown on the left is the so-called control group (samples without 
salt deposit), consisting of the uncoated NiCrCo-alloy, the Ti0.52Al0.48N 
and Ti0.34Al0.66N coated samples, listed from top to bottom. For each 
sample, gradual changes in the interference colors are observed that 
relate to evolving oxide scales. Particularly for the initially polished 
NiCrCo substrate, the evolution of the typical brownish NiO-scaling after 
30 h is quite apparent. 

On the right-hand side, the surfaces of the salt-loaded samples are 
shown before (0 h) and after the corrosion experiments (1–30 h). Sig
nificant corrosion can be observed for the uncoated NiCrCo-alloy. After 
1 h, dark brown corrosion products appear at the border of the salt- 
deposit. As the duration of the corrosion experiment is prolonged, the 
corrosion front expands radially, whilst consuming the salt deposit (5 h). 
After 15 h, the entire alloy surface is covered with porous corrosion 
products, while the consumption of the salt deposit continues. After 
30 h, all the salt has been taken up, leaving a completely deteriorated 
alloy-surface behind. 

Contrarily, the corrosion progression and uptake of the salt-deposit 
for the Ti1−xAlxN coated samples occurs much more delayed. After 
1 h, no visible corrosion products form at the salt-deposit borders. After 
5 h, an onset of surface degradation can be seen, which remains un
changed throughout 15 h. Only at 30 h, significant deterioration of the 
coating structure, as well as salt uptake is featured. We believe that the 
substantial consumption of the salt observed for the Ti0.52Al0.48N is a 
sign for a breakthrough of the coating structure, where the salt has 
breached the protective coating and is able to react with the NiCrCo- 

substrate underneath. 

3.3. Oxidation behavior without salt deposits 

The oxidation behavior and scale formation of Ti1−xAlxN coatings is 
well documented in literature, reporting the formation of a thin but 
continuous oxide scale in air at temperatures as low as 700–750 C [40, 
41] However, depending on the coating’s Al content and annealing 
temperature, distinct differences in the scale growth were observed. 
While coatings with lower Al-contents, such as Ti0.75Al0.25N and 
Ti0.56Al0.44N preferentially develop a double-layered oxide (so called 
type 1 oxidation, featuring an Al-rich upper layer and a Ti-rich sub
layer), higher Al-content coatings like Ti0.34Al0.66N tend to generate a 
mixed oxide scale (type 2 oxidation), with no separation between the Ti- 
and Al-diffusion profiles [41,42]. Coatings with Al concentrations falling 
between type 1 and type 2 follow a T-type oxidation behavior. Similar to 
type 1, the T-type oxidation exhibits a layered oxide, however, with less 
separation between the individual Al- and Ti-diffusion gradients. 

By annealing Ti0.52Al0.48N and Ti0.34Al0.66N coatings in a 2800 ppm 
SOx-rich atmosphere at 700 ◦C (control group), this behavior was only 
partially observed. While both coatings do feature the formation of 
Al2O3 and TiO2 oxide scales, their scale structure appears quite similar 
and seem to follow a T-type oxidation (layered structure with an Al-rich 
upper layer, and a Ti-rich sublayer). 

Figs. 4a and 4b, show EDX line scans obtained from the annealed 
Ti0.52Al0.48N and Ti0.34Al0.66N coatings, respectively, and intend to 
highlight the relative distribution of Al and Ti after 1, 5, 15, and 30 h at 
the coating surfaces. Apparent are layered diffusion profiles, where an 
Al-rich band forms on top and a Ti-rich zone underneath. As neither of 
the coatings demonstrates complete Al diffusion to the surface (sub
stantial Al-content >10 at% remains within the Ti-rich sublayer), both 
coating fall within the type T oxidation regime. This only partially 
agrees with the model from Greczynski et al., which predicts a type 2 
oxidation behavior for the higher Al-content Ti0.34Al0.66N samples at 
700 ◦C. At this point, the authors would like to point out that EDX may 

Fig. 3. Top-view images showing annealed samples at 700 ◦C in SOx-rich atmosphere without salt-deposits for 0, 1 h, 5 h, 15 h and 30 h (left group), as well as 
annealed samples with salt-deposits under identical conditions (right group). The first row features uncoated Nimonic c-263 substrates, while the second and third 
row show Ti0.52Al0.48N and Ti0.34Al0.66N coated c-263 substrates, respectively. 
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not be the most accurate analytical choice for making this observation 
and urge to treat this discrepancy with caution, particularly as the Al- 
chemistry Ti0.34Al0.66N sits right at the border of the type-T and type- 
2 regimes. 

As for the relative thicknesses of the Al- and Ti-rich layers, the 
Ti0.52Al0.48N coatings feature a thinner Al-rich scale on top of a thicker 
Ti-dominated layer, whereas the Ti0.34Al0.66N coatings develop a thicker 
Al-rich scale on top of a thinner Ti-band. This again stands in good 
agreement with observations made by Greczynski et al. [42], and Panjan 
et. al. [41], who reported that coatings with increasing AlN concentra
tions produce thinner overall oxides, but with a thicker Al-rich top layer. 

Figs. 5a and 5b presents the structural evolution of Ti0.52Al0.48N and 
Ti0.34Al0.66N coatings without salt deposits annealed at 700 ◦C (1, 5, 15, 
and 30 h) in a 2800 ppm SOx-rich atmosphere. Interestingly, indications 
of the rutile-TiO2 structure are observed for both coatings in their as 
deposited state, which can be explained by a post-deposition venting 
strategy that facilitates oxygen to the not yet fully cooled coating sur
faces [43]. As the coatings are annealed at 700 ◦C for 1 h, trans
formation of the metastable c-Ti(Al)N phase into the thermodynamically 
more favorable w-Al(Ti)N phase occurs for both compositions. While the 
Ti0.52Al0.48N coating features intensified reflexes of the [002]-planes, 
the Ti0.34Al0.66N coating exhibits more pronounced diffraction along 
the [100]-direction. 

With increasing annealing time (5–15 h), the formation of additional 
oxides, such as α-Al2O3 and TiO2 (anatase) occurs. For Ti0.52Al0.48N, 
reflexes of the α-Al2O3 and TiO2 (anatase) are most pronounced in the 
[012]- and [101]-direction, respectively, while for the Ti0.52Al0.48N 
coating, preferred diffraction of the same oxides occurs along the [202]- 
and [103]-planes. 

Hereafter, no additional oxides develop, apart from the already 
mentioned TiO2 (rutile), TiO2 (anatase), and α-Al2O3. Interestingly, no 
sulphation of the surface oxides occurs for the duration of the annealing 
experiments despite the oxide to sulphate transformation being ther
modynamically favored. This is a strong indication that an insufficiently 
high partial pressure of SO3 is present [44]. By consulting the global 
kinetic model by Burdett et al. [45], together with studies from Wall et. 
al [29] and Anthony et. al. [46], an approximation of the homogeneous 
SO3/SO2 conversion rate was made, rendering a partial pressure of 
p[SO3] ~2.0 × 10−3 atm (or ~200 ppm by volume). 

3.4. Oxidation behavior of salt-loaded samples 

Compared to the coatings, which have been annealed solely in a SOx- 

rich atmosphere (Fig. 5a & 5b), a significantly higher oxidation rate was 
observed for coatings that were loaded with salt deposits under identical 
annealing conditions (Fig. 6a & 6b). In order to retrieve information 
about the oxidized state of the coatings, the salt deposits were carefully 
removed from the samples prior to the XRD measurements. 

By reviewing the respective diffractograms, a more prominent onset 
of oxide formation between 1 and 5 h is readily apparent. Both 
Ti0.52Al0.48N and Ti0.34Al0.66N coatings (Fig. 6a-b) feature more distinct 
reflexes of the TiO2-anatase [101]-planes and α-Al2O3 [012]-planes, as 
well as additional peaks referring to the TiO2-rutile [110]-planes. 

After 15 h, more pronounced diffraction peaks of the previously 
mentioned TiO2-anatase and α-Al2O3 are exhibited for both composi
tions, while additional diffraction peaks of Cr2O3 appear in the dif
fractogram for Ti0.52Al0.48N. As chromium can only originate from the 
substrate, the detection of Cr2O3 indicates a breakthrough of the 
corrosion front into the substrate material. Other oxides such as Co3O4 
and NiO, which would also readily form in the case of substrate oxida
tion, unfortunately, overlap with other prominent diffraction peaks, and 
thus, cannot be clearly interpreted. Contrarily, no Cr2O3 reflexes are 

Fig. 4. EDX line scans for the annealed (a) Ti0.52Al0.48N and (b) Ti0.34Al0.66N, 
highlighting the Al- and Ti-diffusion profiles of the metal sublattice after 1, 5, 
15, and 30 h. 

Fig. 5. XRD analysis of (a) Ti0.52Al0.48N and (b) Ti0.34Al0.66N coatings after 
annealing in SOx-rich atmosphere at 700 ◦C for 0, 1, 5, 15, and 30 h (reference 
patterns were taken from ref. [37–39,47–49]. 
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shown for the Ti0.34Al0.66N coating after 15 h, suggesting that no 
breakthrough of the coating structure is present. 

After 30 h of exposure to LTHC conditions, both coating variants 
feature severe oxidation and partial breakthrough of the corrosion front, 
validated by the structural evolution of rutile-TiO2, α-Al2O3 and Cr2O3. 
Lastly, the formation of β-Al2O3 can be identified for the high Al-content 
Ti0.34Al0.66N coating, which is a metastable structure that form in the 
presence of sodium aluminate (NaAl11O17). 

3.5. Localized corrosion of Ti1−xAlxN coatings under LTHC conditions 

EDX line scans were collected along the cross-section of severely 
corroded coating sections. Fig. 7a & 7b show oxygen profiles, which 
serve as elemental indicators for the progression (depth) of the hot 
corrosion front. Since corrosion products that form during hot corrosion 
mostly comprise oxygen-containing compounds (oxides and sulfates), 
the diffusion depth of oxygen may provide first insights into the corro
sion resistance of applied coating materials. 

During the first 5 h of the corrosion experiments, the EDX profiles of 
both compositions display surface near oxygen enrichment, reaching 
diffusion depths of ~1 µm. After 15 h a significant increase in the oxy
gen diffusion rate is observed for the Ti0.52Al0.48N coating variant, 
reaching a depth of ~8 µm. This is not the case for the higher Al-content 
Ti0.34Al0.66N coating, which continues to exhibit a diffusion depth of 
only ~1 µm, however with a higher oxygen saturation than after 5 h. 

Finally, after 30 h, accelerated oxygen diffusion is also observed for 
the high Al-containing Ti0.34Al0.66N coating, with a diffusion depth of 
~8 µm. As for the Ti0.52Al0.48N coating, which already exhibited the 
accelerated diffusion behavior after 15 h, a complete bridging of the 
~10 µm coating structure was measured, with the corrosion front 
reaching well into the underlying substrate material (>12 µm total 
diffusion). 

Fig. 7c features a plot of the oxygen diffusion depths against the 
duration of the corrosion experiments, and highlights two stages: (i) an 
initiation stage, which involves surface-near oxygen enrichment and 
oxide scale development (~1 µm), and (ii) a propagation stage, which is 
characterized by accelerated oxygen inward diffusion. Apparent is that 
the higher Al-content Ti0.34Al0.66N resides much longer within the 
initiation stage than the Ti0.52Al0.48N coating (for 15 and 5 h, respec
tively), and consequently enters the propagation stage much later. 

Unfortunately, LTHC is characterized by a pitting mechanism, which 
means that the corrosion progression of the coating occurs in a non- 
uniform (localized) manner. Therefore, the authors would like to 
emphasize that the oxygen profiles shown in Fig. 7a-c strictly pertain to 
the specific location they were obtained from and do not describe the 
overall state of the coating. 

To further highlight this pitting behavior, Fig. 8 shows an EDX map 
of the salt-loaded Ti0.52Al0.48N coating after 30 h, which has shown the 
highest oxygen inward diffusion (Fig. 7a) and exhibited Cr2O3 reflexes in 
the structural analysis as a clear indication for a corrosion front far 
beyond the coating (Ti0.52Al0.48N loaded with salt after 30 h, Fig. 6a). 
Local corrosion pits emanate from regions where the coating structure 
has been breached, after which the corrosion front expands radially into 
the NiCrCo-base material. Also the corrosion of the coating itself occurs 
in homogeneously and is subject to local degradation. This is highlighted 
by the irregular diffusion profiles presented in Fig. 8 and can be sum
marized as follows:  

i. Ti remains homogeneously distributed within the deposited 
coating. 

ii. Al and N diffuse out of the coating structure and partially accu
mulate within the corrosion pit of the substrate.  

iii. O diffuses into coating regions (lattice incorporation and/or atom 
replacement), where Al and N have defused outwards.  

iv. O further diffuses into the NiCrCo-substrate material (radial pit- 
formation), where it reacts with Cr to form Cr2O3.  

v. Ni and Co readily dissolve within the corrosion pit and diffuse 
outward.  

vi. S accumulates at the corrosion front in the form of a highly 
concentrated S-band, however only within the pit of the substrate 
material. 

3.6. Salt chemistry after LTHC experiments 

Literature has shown that the LTHC mechanism hinges on the for
mation of a liquid salt/oxide interface [52]. The development of such a 
liquid interface, despite the corrosion temperature being well below the 
melting point of the salt-deposit, can occur in different ways. The 
so-called “gas phase induced acidic fluxing” is driven by high partial 
pressures of SO3 in the atmosphere at relatively low temperatures 
(500–700 ◦C). First, sulphation of surface oxides that stand in direct 
contact with the atmosphere occurs, after which the development of 
low-melting eutectic mixtures between the newly formed sulphate scale 
and the salt-deposit follows (e.g. for Na2SO4 and NiSO4 (mp= 680 ◦C) or 

Fig. 6. XRD analysis of (a) Ti0.52Al0.48N and (b) Ti0.34Al0.66N coatings, which 
have been loaded with salt-deposits and annealed in an SOx-rich atmosphere at 
700 ◦C for 0, 1, 5, 15, and 30 h. Reference patterns were taken from ref. 
[37–39,47–51]. 
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Na2SO4 and CoSO4 (mp= 575 ◦C) (see Eqs. 20–22). Other 
oxide-to-sulphate reactions are listed by Eqs. 23–25. 
NiO(s) + SO3(g) = NiSO4(s) (20)  

CoO(s) + SO3(g) = CoSO4(s) (21)  

1/3Co3O4(s) + SO3(g) = CoSO4(s) + 1/6O2 (22)  

Al2O3(s) + 3SO3(g) = 1/2Al2(SO4)3 (23)  

Fe2O3(s) + 3SO3(g) = 1/2Fe2(SO4)3 (24)  

Cr2O3(s) + 3SO3(g) = 1/2Cr2(SO4)3 (25) 
Another way is the “alloy induced acidic fluxing” referring to 

alloying elements, such as W, Mo, or V, that readily diffuse to the sur
face, oxidize, and react with Na2SO4 to form low-melting complex ox
ides that in turn induce acidic fluxing of the protective oxide scale of the 
alloy (see Eqs. 26–29) [52]. 
2SO2(g) +O2(g) = 2SO3(g) (26)  

Mo+ 3SO3(g) = MoO3 + 3SO2 (27)  

MoO3(s) +Na2SO4(l) = Na2MoO4(diss.) + SO3(g) (28)  

MoO3(diss.in Na2SO4) +Al2O3(s) = Al2(MoO4)3(diss.) (29) 
In the case of a Ti1−xAlxN-coated NiCrCo-alloy, the latter alloy- 

induced fluxing mechanism may not be the most suitable model to 
explain the formation of a liquid salt/oxide interface, as a direct diffu
sion through the coating structure of such alloying elements has not 

Fig. 7. EDX line-scan measurements of (a) the Ti0.52Al0.48N and (b) the Ti0.34Al0.66N coatings in their corroded states after 1, 5, 15, and 30 h. Depicted are the oxygen 
inward-diffusion profiles, which are indicative of the degree of oxidation that the coatings have suffered. (c) graphically highlights the prolonged oxidation resis
tance, due to the presence of the Ti1−xAlxN coatings. 

Fig. 8. Cross-section SEM imaging and EDX mapping showing localized 
breakthrough oxidation of the Ti0.52Al0.48N coating, as well as the radial pro
gression of the corrosion pit into the NiCrCo substrate material after 30 h of 
LTHC conditions. 
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been detected and is highly unlikely. Instead, the authors propose a gas- 
phase induced process, where the SOx/O2-rich atmosphere diffuses to 
locations where the deposit adheres to the coating surface. Due to the 
porous nature of the salt deposits, diffusion of the SOx/O2-rich gas 
through the salt-structure is possible, allowing the atmosphere to come 
in contact with the coating surface. There, the formation of oxides (TiO2 
and Al2O3) takes place, after which sulphation of the developed oxides 
(see Eqs. 20–25) and subsequent formation of low-melting eutectic 
sulfate mixtures with the Na2SO4 deposit occurs. 

During the formation of the liquid interface between the sulphate 
and sintered Na2SO4 deposit, a liquid junction forms that slowly acid
ifies through the uptake of the SO3-rich gas. It is important to keep in 
mind, that low partial pressures of SO3 are not enough for sulphating 
surface-oxides such as t-TiO2 and h-Al2O3 at 700 ◦C, as proven by the 
control group (SO3-rich atmosphere without Na2SO4 deposit– revisit 
Fig. 3). This implies that the salt-oxide interface is a necessary requisite 
for the oxide-sulphate transformation and essential for establishing 
conditions for the subsequent accelerated oxidation of the remaining 
coating structure. Without the acidification of the Na2SO4 deposit at the 
salt-coating interface, no stable sulphation is possible and no low- 
melting liquid film can be generated. Luthra [35] first demonstrated 
that the transport of possible ionic species through a liquid Na2SO4 film 
(e.g. S2O72-, SO32-, and O2-), and therefore its acidity, is dominated by the 
solubility of SO3 as S2O72- through exchange reactions with SO4- . Luthra 
[35] also showed that gaseous species, such as O2 and SO2, have very 
low solubilities in Na2SO4 and are unlikely to play a major role in the 
corrosion mechanism within the liquid film [35], which was later 
confirmed by Shores, Fang and Rapp [53,54]. 

Fig. 9a shows the chemical analysis (by EDX) of the Ti0.52Al0.48N 
coating surface that has been corroded with salt-deposits for 15 h at 
700 ◦C in a SOx-rich atmosphere. With the salt-deposits removed after 
the corrosion experiment, distinct differences in the severity of the 
corrosive attack are visible. Ring-like imprints reveal areas where the 
salt had contact with coating surface, and where voids/pores prevented 
the salt from causing corrosion (highlighted by the dotted circles). As the 

salt deposits are prepared by placing a drop of saturated salt-solution 
onto the surface of the coating, the subsequent drying process traps 
air within the slowly drying salt-deposit, and consequently forms a 
porous matrix. By reviewing the EDX-maps, significant depletion of Ti, 
Al and N is featured at places where the salt stood in contact with the 
coating surface. Simultaneously, O- and S-enrichment occurs where Al, 
N and Ti have diffused outward. 

Fig. 9b, on the other hand, shows EDX-maps of the underside of the 
salt-deposit, revealing that indeed, Al and Ti are absorbed by the salt- 
deposit. This suggests that Al and Ti first migrate to the coating sur
face, where they oxidize and form Al2O3 and TiO2 scales according to 
type T oxidation. Thereafter, an oxide to sulphate transformation takes 
place, after which a low melting sulphate-eutectic develops and a fluxing 
mechanism between the developing scales and salt-deposit proceeds. 

In order to substantiate this claim, structural analyses were con
ducted of the as-deposited Na2SO4-MgSO4 salt, as well as the salt- 
retrieval from the Ti0.52Al0.48N coating after 15 h corrosion time at 
700 ◦C (Figs. 10a and 10b, respectively). In the as-deposited form, the 
mixture is comprised solely of an orthorhombic Na2SO4/MgSO4 
mixture. After 15 h of corrosion time at 700 ◦C in a SOx-rich atmosphere, 
the salt composition transitions to a predominantly monoclinic Na6Mg 
(SO4)4 and orthorhombic Na2Mg3(SO4)4 composition, with residual 
orthorhombic Na2SO4 and MgSO4 grains. Furthermore, the presence of 
orthorhombic TiO2 and monoclinic NaAl(SO4)2 could be confirmed, 
which provides further evidence for the dissolution of Al2O3 and TiO2 by 
the Na2SO4-MgSO4 melt. 

3.7. Detailed morphological analysis of Ti1−xAlxN under LTHC 
conditions 

TEM analyses were conducted to further understand, to which de
gree the subsequent propagation mechanisms (accelerated oxidation) of 
the Ti0.52Al0.48N and Ti0.34Al0.66N coincide and/or differ from one 
another. 

The propagation stage (accelerated oxidation) of the Ti0.52Al0.48N 
and Ti0.34Al0.66N coating is presented throughout Figs. 11–13. Fig. 11a 
shows a bright field TEM cross-section image of the salt-loaded 
Ti0.52Al0.48N after 15 h at 700 ◦C. In order to provide better contrast 
between individual coating structures, especially corroded areas near 
the surface, STEM imaging was performed at the area highlighted by the 
dotted box and shown in Fig. 11b. There, three distinctly different 

Fig. 9. EDX mapping showing (a) a top-view of the Ti0.52Al0.48N coating sur
face after 15 h of corrosion time after the salt deposit removed, and (b) the 
underside of the respective salt-deposit extracted from the coating side shown 
in (a). 

Fig. 10. X-ray diffractograms of (a) as-deposited 80/20 mol.% Na2SO4/MgSO4 
salt-mixture, and (b) salt-retrieval from the surface of a Ti0.52Al0.48N coated 
Nimonic c-263 alloy after 15 h of annealing time in SOx-rich atmosphere at 
700 ◦C. Reference patterns were taken from ref. [55–60]. 
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coating morphologies are observed (labeled i, ii and iii). Starting from 
the top, a finely layered structure can be seen with distinct pore for
mations in between each layer (zone i). Underneath, a less ordered 
structure is featured with a more globular morphology and significant 
pore distribution (zone ii). Lastly, at the very bottom, the pristine 
coating morphology can be seen with its typical columnar structure 
(zone iii). In order to gain insight about the crystal structure of each 

distinct zone, SAEDs were collected. The location of each performed 
SAED is indicated in Fig. 11b and labeled according to the zones they 
were taken from (SAED[i], SAED[ii] and SAED[iii], pertain to the layered 
structure, globular feature, and pristine coating morphology, respec
tively, while the SAED[top oxide] refers to the oxide positioned at the 
surface). Starting from the top, the SAED[top oxide] renders single crys
talline domains, as evident from the spot-pattern. Indexing of the pattern 
renders a trigonal crystal structure of the α-Al2O3 with the space group 
R3‾c. SAED[i] and SAED[ii], on the other hand, exhibit smeared 
diffraction pattern, inferring a more distorted nanocrystalline structure. 
By integrating the SAED ring-patterns and plotting them over the 
reciprocal of the lattice-spacing, intensity plots with broadened but 
defined peaks are generated. The intensity plot obtained from zone i 
(layered structure, SAED[i]) predominantly features TiO2-reflexes, with 
minor diffraction intensity pertaining to α-Al2O3 and the c-Ti(Al)N 
crystal structure. Similarly, the intensity plot from zone ii exhibits the 
same constituents (TiO2, α-Al2O3 and c-Ti(Al)N), however with different 
intensity distribution. Finally, the diffraction pattern from SAED[iii] 
provides spot like diffraction spots, whose integration render diffraction 
vectors that match the c-Ti(Al)N crystal structure with minor indication 
of the w-AlN phase. 

By taking a closer look at zone ii (layered features) the presence of 
highly ordered TiO2 is further validated. Fig. 12 shows a HR-TEM image 
from zone ii (Fig. 12a) together with an EDX-line scan (Fig. 12b). Quite 
evident are the formations of rod-like TiO2-domains that are arranged 
periodically in a mesh composed of Ti, S, Al and O. While the individual 
TiO2-domains measure around 100 × 30 nm in size, the mesh appears 
mostly amorphous with nanocrystalline grains suspended within. 

Fig. 13 shows the corroded state of the Ti0.34Al0.66N after 15 h at 
700 ◦C, where four distinctly different coating morphologies can be 
observed (labeled i, ii, iii, and iv). Here too, the SAEDs provide insight 

Fig. 11. TEM investigation featuring the propagation stage of the Ti0.52Al0.48N coating after 15 h at 700 ◦C. (a) features a bright field TEM cross-section of the entire 
coating structure. (b) shows a STEM images of a selected surface near region (marked by the dotted box), highlighting the formation of three distinctly different 
coating microstructures (zone i,ii and iii). Lastly, SAEDs were obtained from each zone, whose integrated intensity plots are shown below. 

Fig. 12. TEM investigation of the highly lamellar coating structure (zone i), 
featuring the propagation stage of the Ti0.52Al0.48N coating after 15 h at 700 ◦C: 
(a) bright-field image, featuring sequential Ti-rich crystalline domains, sus
pended in a disrupted S-enriched Ti-Al mixed oxide matrix. (b) provides the 
respective EDX line scan profiles. 
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about the crystal structure from each zone. Integration of the SAED[i] 
indicates diffraction vectors that match a mixed α-Al2O3 and β-Al2O3 
oxide. While the α-configuration resembles the most common and 
thermodynamically stable form of Al2O3, the β-configuration represents 
a metastable structure, which forms together with sodium aluminate 
(NaAl11O17). The presence of both α- and β-crystal structures makes 
sense and validates the interaction between the Na2SO4 deposit and the 
forming Al-oxide scales. 

Underneath, two globular morphologies can be seen (zone II and III). 
According to the respective SAED[ii] and SAED[iii], both zones feature a 
mixture of α-Al2O3, anatase-TiO2 and residual c-Ti(Al)N. Unlike zone ii, 
zone iii (SAED[iii]) features more pronounced α-Al2O3 reflexes, as well as 
peaks of the w-Al(Ti)N crystal structure. 

Lastly, the SAED[iv] features diffraction vectors that fit the lattice 
spacing of the pristine as-deposited metastable c-Ti(Al)N crystal struc
ture with indications of some indication of the w-Al(Ti)N phase. 

4. Discussion 

4.1. LTHC mechanism for Ti1−xAlxN coatings 

The LTHC mechanism for cathodic arc evaporated Ti1−xAlxN coat
ings at 700 ◦C with a mixed Na2SO4-MgSO4 salt-deposit is summarized 
schematically in Fig. 14. 

4.1.1. Incubation stage 
The LTHC mechanism begins with the incubation stage and the 

formation of a passive oxide scale. For protective coatings, particularly 
nitride-based coating such as Ti1−xAlxN, this entails a nitride to oxide 
transformation. The porous structure of the salt deposit facilitates eased 
permeation and subsequent diffusion of the oxidizing atmosphere to the 

coating surface, where both Ti1−xAlxN coating variants developed a 
layered oxide scale (see Fig. 14a-b). According to the control group of 
this study, the scale formation for both, Ti0.52Al0.48N and Ti0.34Al0.66N 
coatings follow a type-T oxidation mechanism, where an Al-rich oxide 
forms on top, followed by a Ti-rich oxide underneath. 

4.1.2. Initiation stage 
The initiation stage comprises a sequence of changes in the materials 

environment that establishes the conditions where accelerated oxida
tion/degradation occurs. This is probably the most crucial step in the 
LTHC mechanism, as it roughly determines the longevity of protective 
coating. For LTHC, the initiations stage entails the formation of low- 
melting eutectics between the rigid salt-deposit and metal oxide sur
face. The formation of a liquid interface then allows for changes in the 
melt-basicity, and local depassivation of the oxide scale and/or nitride 
coating. For the establishment of a low-melting eutectic (liquid salt film) 
between the salt-deposit and the oxidized coating surface, sulphation of 
the oxide must occur. At sufficiently high pSO3 in the atmosphere, the 
oxide-to-sulphate transition proceeds quite readily, but at low pSO3, as is 
the case for this study, no sulphation of the coatings’ top-oxides was 
observed (proven by control group, Fig. 5). Instead, SO3 from the at
mosphere permeates into the salt-deposit, where it accumulates, raises 
the local pSO3 to a critical value (Fig. 14c-d) and initiates sulphation of 
the underlying oxide (Figs. 14e and 14e-i). As the formation of Al2(SO4)3 
progresses, a low melting eutectic Al2(SO4)3-Na2SO4 mixture develops 
(Fig. 14f) and by extension transitions into a liquid salt interface 
(Fig. 14g). Within the liquid salt film, dissociation of Na2SO4 into its 
basic (Na2O, O2-) and acidic (SO3) constituents (acid-base equilibrium 
SO42- ←→O2-+SO3) proceeds. Acidic and basic fluxing mechanisms are 
now possible, depending on the local basicity (activity of O2- vs S2O72-). 
At the liquid-gas interface, SO3 further acidifies the melt in the form of 

Fig. 13. TEM investigation featuring the propagation stage of the Ti0.34Al0.66N coating after 15 h at 700 ◦C. (a) features a bright field TEM cross-section of the entire 
coating structure. (b) shows a STEM images of the face near region, highlighting the formation of four distinctly different coating microstructures (zone i, ii, iii, and 
iv). Lastly, SAEDs were obtained from each zone, whose integrated intensity plots are shown below. 
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Fig. 14. Salt induced LTHC mechanism of cae-Ti1−xAlxN coatings annealed at 700 ◦C in a SOx-rich atmosphere.  
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S2O72-, which has been shown to be the major ionic carrier between the 
gas-salt-interface and the sample surface. Accordingly, dissolution of 
SO3 in the form of S2O72- produces additional acidic character, which 
further promotes the acidic fluxing of the Al-rich top oxide. This so- 
called gas-phase induced acidification of the salt-deposit is thereby a 
critical link in the LTHC mechanism and plays a crucial role in the initial 
depassivation of the oxide scale (Fig. 14g-i). Due to the relatively high 
stability of Al2O3 in acidic melts, its breakdown and acidic fluxing is 
proceeds quite slowly. This explains the different durations of the 
initiation stages, observed for both Ti1−xAlxN coatings. Hence, a thicker 
Al2O3 top oxide contributes to a longer initiation stage (Ti0.34Al0.66N), 
whereas thinner Al2O3 scales provide less initial protection 
(Ti0.52Al0.48N). 

4.1.3. Propagation stage 
Once the Al2O3 top-oxide has been breached, a synergistic fluxing 

mechanism is proposed, where cooperative co-dissolution of TiO2 and 
Al2O3 occurs. If the salt-melt basicity falls between the dissolution 
minima of two oxides (e.g. Al2O3 and TiO2) then the more basic oxide 
(TiO2 = more stable under basic conditions) undergoes acidic fluxing, 
whilst releasing oxide (O2-) ions into the melt. The local increase in O2- 

(increased basicity) then induces basic dissolution of the more acidic 
oxide (Al2O3 = more stable under acidic conditions) and in turn stim
ulates the acidic dissolution (Fig. 14g-i). In other words, when two ox
ides support the dissolution of the other, a faster degradation of the 
protective scale is expected then if both oxides were present individu
ally. When assessing the corrosion rates of the Ti0.52Al0.48N and 
Ti0.34Al0.66N coatings, a synergistic fluxing mechanism could explain the 
alternating layering of the Al-rich and Ti-rich oxide bands. The syner
gistic effect may also explain the highly frequent layering within the 
corrosion pit of the Ti0.52Al0.48N. If the Al:Ti ≈ 1, then the switching 
between acidic and basic fluxing may occur more frequently, whereas if 
the Al:Ti ‡ 1, then the changeover occurs in a more irregular manner 
(Fig. 14h and h-i). 

5. Conclusion 

The present work deals with the LTHC behavior of Ti1−xAlxN coated 
c-263 alloy when treated with a Na2SO4/MgSO4 salt mixture and 
isothermally annealed in a SOx-rich atmosphere. A series of annealing 
experiments revealed that the LTHC mechanism for Ti1−xAlxN coatings 
can be expressed in four distinct stages: incubation, initiation, propa
gation, and failure. 

First, oxidation of the Ti0.52Al0.48N and Ti0.34Al0.66N coatings occurs, 
leading to the formation of a layered oxide scale that is composed of an 
Al-rich layer on top and a Ti-rich oxide layer underneath (incubation 
stage). 

Thereafter, sulphation of the oxide scale proceeds due to the SOx-rich 
atmosphere, followed by the formation of a low-melting eutectic 
Al2(SO4)3-Na2SO4, providing the necessary liquid-salt interface for 
accelerated corrosion to commence (initiation stage). 

The ensuing propagation stage for both Ti1−xAlxN variants could best 
be described by a synergistic fluxing mechanism of the individual Al2O3- 
rich and TiO2-rich oxide layers. Depending on the relative Al-contents of 
the Ti1−xAlxN coatings, distinct differences in the development of the 

corrosion scales were observed. While low Al-containing Ti0.52Al0.48N 
coatings featured a thin Al2O3 top-oxide, followed by a highly laminated 
structure of Al-rich and Ti-rich oxide domains, higher Al-containing 
Ti0.34Al0.66N coatings exhibited a much thicker Al2O3 top-oxide with a 
more spread out layering of Al-rich and Ti-rich oxide bands. To explain 
these differences, the authors propose that a more frequent synergistic 
co-dissolution of individual oxide bands takes place when the coating 
composition on the metal sublattice approaches 1:1 (Ti:Al), while a 
more irregular and sluggish fluxing occurs when metal-sublattice com
positions are further apart. 

Synergistic corrosion phenomena, as presented here for the binary 
Ti1−xAlxN system, pose a significant challenge for developing HC pro
tective coatings. As future coating strategies and systems tend to in
crease in complexity, the authors would like to emphasize the profound 
effect that chemical composition and synergy between elements within a 
coating have on the corrosion behavior in HC settings. 
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Appendices

Fig. A1. Hot gas corrosion experimental set-up: (i) gas mixing system, (ii) quartz flow-reactor with a three-zone-gradient furnace, (iii) gas-treatment.  

. 
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Throughout this study, the HTHC behavior of bare c-263 NiCrCo alloy and Ti1-xAlxN-coated
specimens was studied with- and without an 80 mol% Na2SO4/MgSO4 salt deposit at 850 ◦C in a SOx-
rich atmosphere. While the bare c-263 NiCrCo alloy and cathodic arc evaporated Ti1-xAlxN-coated
specimens showed similar corrosion rates for the salt-free experiments, a significant acceleration in the
corrosion progression was exhibited when salt deposits were added. By directly comparing the NiCrCo
alloy and the Ti1-xAlxN coated counterparts, a significantly lower corrosion rate was featured by the
cae-Ti1-xAlxN samples. The improved corrosion resistance by the Ti1-xAlxN coatings is attributed to
the lack of internal sulfidation, a key step of the HTHC mechanism found in most high-temperature
alloys. Because there is little metallic substance in Ti1-xAlxN for the corrosive media to attack after
breaching the protective oxide, the rate-determining step of the HTHC mechanism appears to be the
nitride-to-oxide transformation, followed by the basic fluxing of the newly formed oxide.

Keywords: Hot corrosion; Thin films; Oxidation kinetics; Fluxing; HTHC; PVD; TiAlN

I. INTRODUCTION

In an attempt to improve the efficiency and robustness
of gas turbines, engineers are constantly developing new
strategies for increasing the in-service jet temperature
and resorting to materials featuring excellent mechanical
properties at high temperatures [1][2]. For these purposes,
high-temperature nickel-based superalloys have become
an indispensable choice in gas turbine construction [3–6].
Unfortunately, many of these high-temperature alloys are
prone to accelerated salt-induced corrosion called ”hot
corrosion (HC)” [7–12], for which protective physical
vapor deposited (PVD) coatings provide an attractive
solution. Many coating systems have demonstrated
beneficial corrosion resistance in high temperature

∗ oliver.hudakr@tuwien.ac.at

settings, such as metallic gradient coatings [13], NiCrAlY
[14–16], ceramic coatings [17–24], and enamel [25, 26],
but remain far from being optimal.

With a focus on industrially established Ni- and Co-
based superalloys that readily find application in high-
temperature settings, the objective of this study is to
investigate the hot-corrosion behavior of a Nimonic c-
263 alloy and to improve its corrosion behavior through
the application of protective PVD Ti1-xAlxN coatings.
Furthermore, we aim to provide a fundamental under-
standing of the respective HC rates and mechanisms.
Throughout the following sections, the authors would like
to provide a condensed background around hot corro-
sion, high-temperature hot corrosion, and the underlying
chemical reaction mechanisms that are relevant to this
study.
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A. Hot corrosion (HC)

Within a temperature range of 575-950 ◦C, formations
of salt deposits give rise to accelerated degradation of
machining components, particularly transition lines from
the combustion chamber, as well as blades and vanes of
the high-pressure turbine (HPT) and low-pressure turbine
(LPT). When sulfur from the kerosene (<0.3 m.%) is
combusted, it oxidizes entirely and forms a mixture of
SO2 and SO3 (SOx), as shown by Eq.1-2 [27].

S +O2 → SO2 (1)

SO2 +
1

2
O2 ↔ SO3 (2)

When operating in marine environments, salt-rich
aerosols can enter the turbine sections through the air
intake (e.g., Na+, K+, Mg2+, Ca2+), where they react
with the SOx-rich exhaust gases and form high-melting
sulfate-salt deposits (Eq.3-4) [28, 29].

2NaCl+ S +2O2 → Na2SO4 +Cl2 (Tm = 884◦C) (3)

MgCl2 + S + 2O2 → MgSO4 + Cl2 (Tm = 1124◦) (4)

Depending on the physical aggregate of the salt
deposit, one of two corrosion mechanisms can ensue:
High-temperature hot corrosion (HTHC, Type 1),
where the salt deposit exits in a molten state, or
low-temperature hot corrosion (LTHC, Type 2), where
the salt adheres in a solid form.

This significantly complicates the study of hot
corrosion phenomena in industrial settings, as both
temperature and mole-fractions of multi-component
salt deposits substantially influence the predominant
corrosion mechanism. For instance, while Na2SO4- and
MgSO4 deposits have melting points of 884 ◦C and 1124
◦C, respectively, their binary system features a eutectic
temperature of merely 665 ◦C [29]. Thus, machining
elements that operate at 850 ◦C and are exposed to either
Na2SO4 or MgSO4 individually would likely experience
a LTHC attack, while surfaces exposed to the eutectic
mixture of Na2SO4/MgSO4 experience HTHC. In order
to set the stage for investigating HTHC phenomena,
strict measures were set throughout this study to ensure
the proper corrosion environment. That is, isothermal
annealing experiments were conducted at 850 ◦C with an
80 mol% Na2SO4/MgSO4 salt mixture (Tm= ∼800 ◦C)
to ensure the liquefaction of the salt deposit.

B. High-temperature hot corrosion (HTHC)

HTHC of metals and alloys may involve various de-
generative processes: A sulfidation-oxidation mechanism
[7, 30–33] acidic or basic dissolution of the protective ox-
ide scale (fluxing) [33–37] or a synergistic co-dissolution
mechanism, referred to as synergistic fluxing. Whether or
not conditions for sulfidation or fluxing are met depends
on the material’s chemical makeup, temperature profile,
chemical composition of the atmosphere, and, as a result,
on the melt basicity of the salt deposit.
For many metals, sulfur behaves much more ag-

gressively than oxygen. Many metals such as iron
(Fe), Nickel (Ni), Cobalt (Co), and Chromium (Cr)
react readily with sulfur, achieving reaction rates that
are several magnitudes higher compared to oxygen
under the same conditions [35]. Reasons for the higher
reaction rates for metal-sulfides include: (i) metal-sulfide
formations that are accompanied by larger concentrations
of lattice defects than their related metal-oxide variants.
Consequently, diffusion rates in sulfides are significantly
higher, allowing further sulfidation and/or oxygen to
ensue; (ii) many metal-sulfides feature low melting
points. This is especially true for alloying elements
used in Ni-based superalloys, such as Co, and Fe,
whose sulfides (Ni3S2, Co4S3 and FeS) have melting
temperatures of 635 ◦C, 880 ◦C and 985 ◦C, respectively.
Ni-sulfides also tend to form low-melting eutectics,
which further lower the liquidus line. Lastly, (iii)
metal-sulfides exhibit much greater dissociation pressures
than their metal-oxide counterparts. As a result, high
sulfur partial pressures develop at the scale-metal in-
terface, leading to accelerated intergranular corrosion [38].

Fluxing, on the other hand, describes the reaction
between protective oxide scales and components of the
salt deposit, by which the product barrier becomes
non-protective and produces species that are soluble
within the salt. When considering a melt of pure
Na2SO4, it partially dissociates into its basic (Na2O) and
acidic (SO3) components (Eq.5). Depending on which
species reacts with the protective oxide scale of a mate-
rial, it is referred to as a basic or acidic fluxing mechanism.

Na2SO4(l) ↔ Na2O(diss) + SO3(g) (5)

C. Salt-induced basic fluxing & alloy induced acidic
fluxing

For many Ni-based superalloys, an alloy-induced acidic
fluxing mechanism represents the most dominant form of
HTHC, where acidic transient oxides of elements, such
as W, Mo, and V (solid solution hardeners in Ni-based
superalloys) form and acidify the melt [33]. For instance,
MoO3 reacts with Na2O from the Na2SO4 melt and forms
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a complex metal oxide (Na2MoO4). By doing so, the
local activity of Na2O (basicity of the melt) is lowered,
allowing for the acidic fluxing of Al2O3 by expendable
MoO3 (Eq.6-7). Soluble within the Na2SO4 melt, the
metal oxyanions (MoO4

2-) and Al3+ cations diffuse to-
wards the melt surface, where MoO3 evaporates (900 ◦C)
and Al2O3 precipitates as a porous non-protective oxide
due to the higher O2- activity. Through the evaporation
of MoO3 and thus the transport of O2--species to the salt-
gas interface, a negative concentration gradient for the
Al2O3 is ensured and provides a self-sustaining character
[12].

Al2O3 + 3MoO3 ↔ Al2(MoO4)3 (6)

Al2(MoO4)3 ↔ 2Al3+ + 3MoO2−
4 (7)

On the contrary, HTHC may also elicit basic fluxing
of the protective oxides, which applies to alloys with low
concentrations of transient oxide formers. In the event of
basic dissolution of protective oxide scales, Na2O (O2-)
in the liquid salt film reacts with the metal-oxide and
forms soluble anionic species. Basic fluxing predominates
typically at higher temperatures ( 900 ◦C), where the
production of O2--ions through decomposition of the salt
melt is sufficiently high, and the acidic component of
the atmosphere (e.g., SO3) is negligible. Unlike acidic
fluxing, basic fluxing is considered non-self-sustaining and
ultimately depends on the amount of salt deposit available
for the reactions. If, however, sufficient salt deposit is
present, and therefore a sufficiently high reservoir of O2-, a
long-term investigation of such a basic fluxing mechanism
is possible. While an alloy-induced fluxing mechanism can
be disregarded with confidence, since no refractory metals
are present in Ti1-xAlxN, the latter shall be investigated
more closely.

II. EXPERIMENTAL

A. Coating depositions

All coatings were deposited using an industrial-scale ca-
thodic arc-evaporation system (Oerlikon Innova 1.0, Oer-
likon Surface Solutions AG). Ti1-xAlxN coatings with var-
ied Al contents (Ti0.52Al0.48N and Ti0.34Al0.66N) were de-
posited using TiAl (50/50 at.%) and TiAl(35/65 at.%) tar-
gets, respectively (Plansee Composite Materials GmbH).
Single-crystalline Si stripes (100-oriented, 20x7x0.38

mm) and Nimonic c-263 (VDM-Metals, Germany) were
used as substrate materials (detailed chemical composi-
tion, see Table I). Whereas coated Si-substrates were
solely used for coating-characterization purposes (e.g.,
analysis of the coating morphologies via fracture cross-
sections, coating thickness measurements, and crystal-
phase determination by X-ray diffraction), the coated

c-263 alloys were exclusively used for hot gas corrosion
experiments and post-corrosion analysis. Prior to the
depositions, the substrates were ultrasonically cleaned
with acetone and ethanol before mounting them onto the
carousel of the deposition chamber. At a base pressure
of <5.0-3 Pa, the substrates were further cleaned for 25
min by a central-beam argon plasma etching procedure
(Oerlikon Surface Solutions AG).Arc-evaporated coatings
with thicknesses of 10 µm were deposited at a tempera-
ture of 450 ◦C in a pure N2 atmosphere (total deposition
pressure 3.2 Pa), with a target current of 200 A and a
DC bias of -40 V, respectively.

TABLE I. Nominal chemical composition (wt.%) of the Ni-
monic c-263 superalloy [39].

alloy Ni Co Cr Mo Ti Al Fe Si

c− 263 47-54 19-21 19-21 5.6-6.1 1.9-2.4 0.3-0.6 0-0.7 0-0.4

B. Corrosion experiments

The hot gas corrosion testing rig was conceptualized in
three sections: (i) the gas-mixing system (inlet), (ii) a
reaction module, and (iii) a gas-treatment system (outlet).
A combination of three gas-inlet feeds was controlled
via mass-flow controllers to regulate the experiment’s
atmosphere. A total gas flow (total pressure, ρ) of 2500
sccm was chosen, comprised of 2118 sccm [Ar], 375
sccm [O2], and 7 sccm [SO2]. This translates to partial
pressures of ρ[Ar]= 8.47·10-1 atm, ρ[O2]= 1.5·10-1 atm,
and ρ[SO2]=2.8·10-3 atm, respectively. The mixed gases
enter the reaction chamber inside a three-zone gradient
oven (Carbolite Gero GmbH & Co. KG). A quartz-tube
flow reactor safely accommodates the aggressive SOx-rich
atmosphere in liaison with the high temperatures (850
◦C) needed for the HC experiments. Lastly, the exhaust
gases are washed in a NaOH bath before exiting the
set-up. A detailed illustration of the HC-testing rig can
be found in [40].

For every corrosion experiment, two sets of sample
arrangements were considered: (i) a control arrangement,
where no salt was added to the sample surfaces, and
(ii) an experimental arrangement, where samples were
prepped with salt coupons to mimic hot-corrosion
conditions. A mixture of anhydrous MgSO4 and Na2SO4

(Merck KGaA) with a molar ratio of 20:80 or mass ratio of
15.21:84.78, respectively, was chosen for all experiments.
A saturated aqueous solution was then prepared. By
using a pipette, small droplets were applied onto the
sample surfaces and dried under ambient conditions for
several days.

Regarding the calculated binary-phase diagram from
Yazhenskikh et al., a solidus temperature of ∼725 ◦C and
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a liquidus temperature of ∼810 ◦C were estimated for
the prepared salt coupons, which was later confirmed in
a series of annealing experiments [29]. Thus, by choosing
850 ◦C for the corrosion experiments, the salt deposits
would melt and fulfill the prerequisite for HTHC.

After loading the quartz tube with the control arrange-
ment and the salt-loaded samples, the chamber was sealed
and purged for 10 min with 2000 sccm Ar. Subsequently,
the furnace was turned on while continuing purging with
Ar. With a ramp setting of 20 ◦C/min, 45 min were
allocated for reaching the desired 850 ◦C, after which an
additional 15 min were allotted for ensuring a homoge-
neous temperature distribution within the quartz tube.
Following the heat-up sequence, the Ar, O2, and SO2

mass-flow controllers were opened, marking the beginning
(th) of the corrosion experiment. After the desired dura-
tion of the experiment has elapsed (e.g., t=1, 5, 15, and
30 h), the furnace was turned off, the hand valves for the
O2 and SO2 feeds closed, and the chamber purged with
2000 sccm Ar until the temperature within the quartz
tube was <200 ◦C.

C. Analytical methods

For studying the morphological properties, such as coat-
ing thickness, surface texture, and the integrity of the
substrate-coating interfaces, a Zeiss Sigma 500 VP high-
resolution field emission gun scanning electron microscope
(FEGSEM) was used. Using an acceleration voltage of 3
to 6 kV, coating thickness and morphology were charac-
terized on fracture cross sections of coated Si-substrates.
Furthermore, the FEGSEM, combined with an EDAX Oc-
tane elect system for energy dispersive X-ray spectroscopy
(EDX), was used for quantitative chemical investigations.

Bragg-Brentano X-ray diffraction (BBHD) was utilized
for crystallographic analysis using a PANalytical XPert
Pro MPD system equipped with a Cu-Kα radiation
source (wavelength λ =1.54 Å).

For post-corrosion characterization, top-view images
were taken using a digital light microscope. The deposit
was carefully removed for salt-loaded samples, and any
remnant salt was washed off with distilled water to
expose the oxidized coating surfaces. Subsequently, XRD
measurements were conducted, after which the samples
were embedded in a conductive polymer matrix, their
cross-sections thoroughly ground, polished, and analyzed
using a Zeiss Sigma 500 VP high-resolution FEGSEM.
EDX line scans and EDX mapping were utilized for
identifying diffusion pathways, phase transformations,
and coating breakdown.

Lastly, transmission electron microscopy (TEM), FEI
TECNAI F20, equipped with a field emission gun and
operated at an accelerating voltage of 200 kV) was con-
ducted. Bright-field (BF) imaging was utilized to learn

more about the microstructure, diffusion processes, and
the overall corrosion mechanism. To prepare the TEM
lamella, a standardized focused-ion beam (FIB) lift-out
technique was used (Scios 2 DualBeam system, Ther-
moFisher Scientific).

III. RESULTS

A. Structure and morphology

The as-deposited fracture cross-sections of both,
low Al-content Ti0.52Al0.48N and high Al-content
Ti0.34Al0.66N coatings are shown in Fig.1a and 1b, re-
spectively. Both coating variants feature a homogeneous
and dense columnar microstructure with thicknesses
of 9.8 µm (Ti0.52Al0.48N) and 10.1 µm (Ti0.34Al0.66N).
The chemical compositions of the Ti0.52Al0.48N and
Ti0.34Al0.66N coatings, normalized to the metallic
sublattice, were determined by EDX and deviate only
slightly from their target compositions (50/50 and
35/65 at.%, respectively). Structural analysis by XRD
indicates a dominant c-Ti(Al)N crystal structure (B1,
NaCl-prototype) for both coating variants, with only
slight indications of the thermodynamically favored
h-Al(Ti)N phase (B4, wurzite-prototype) visible for the
higher-Al containing Ti0.34Al0.66N coating (Fig.1c).

Fig.2 presents top-view images of all samples subject
to hot-corrosion experiments. All samples were exposed
to the same corrosive atmosphere and annealed at 850
◦C with a partial pressure of ρ[SO2]= 2.8·10-3 atm (2800
ppm by volume). Shown on the top is the so-called
control group (salt-free samples), comprised of the
uncoated NiCrCo alloy, Ti0.52Al0.48N, and Ti0.34Al0.66N
coated samples, listed from top to bottom. A gradual
change in the interference colors is observed that relates
to evolving oxide scales.

On the bottom half of 2, the surfaces of the salt-loaded
samples are shown in their as-deposited state (0 h) and
after corrosion times of 1, 5, 15, and 30 h. The molten
salt deposit prerequisite is clearly met and provides the
foundation for high-temperature hot corrosion (HTHC).
Significant uptake (consumption) of the salt deposit
can be seen for the uncoated NiCrCo alloy, which is
indicative of significant corrosion. During the first hour,
the salt deposit melts and adheres to the alloy surface.
A brown oxide scale develops at the bare alloy surface,
identified as a mixed NiO-Cr2O3 oxide scale. As the
duration of the corrosion experiment is prolonged, a
gradual consumption of the salt deposit (5-15 h) is
observed. After 30 h, the entire salt deposited has been
consumed by the alloy, which is now covered with a
porous corrosion scale.

Contrarily, the corrosion progression and uptake of
the salt deposit for the Ti1-xAlxN coated samples occur
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Fig. 1. Characterization of as-deposited Ti1-xAlxN coatings:
(a-b) show the fracture cross-sections of the Ti0.52Al0.48N
and Ti0.34Al0.66N on Si, respectively, whereas (c) features
XRD analysis of their crystal structure and NiCrCo substrate
material. Reference patterns were taken from ref. [41–43].

much more delayed. First, clear indications of salt up-
take can be seen after 15 h for the Ti0.52Al0.48N coated
samples. Significant scaling and spalling of the surface
oxides can be seen after a corrosion duration of 30 h. Es-
pecially, the Ti0.34Al0.66N coated samples feature minor
salt uptake throughout 30 h of the corrosion experiments.
The authors believe that the substantial consumption
of the salt observed for the Ti0.52Al0.48N is a sign of a
breakthrough of the coating structure, where the salt has
breached the protective coating and can react with the
NiCrCo-substrate underneath.

B. Structural evolution of annealed Ti1-xAlxN in
SOx-enriched atmosphere

To gain insights into the formation of corrosion
products throughout the HTHC experiments, structural
analysis by XRD was conducted. Fig.3a presents the
structural evolution of the salt-free Ti0.52Al0.48N and
Ti0.34Al0.66N coatings annealed at 850 ◦C in a 2800 ppm
SOx-rich atmosphere. In contrast, Fig.3b features the
structural evolution for the salt-loaded samples, annealed
under identical atmospheric conditions. For reference
purposes, the diffractograms of the as-deposited coating

Fig. 2. Top-view images showing annealed samples at 850 ◦C
in a SOx-rich atmosphere without salt deposits for 0, 1, 5, 15,
and 30 h (top group), as well as annealed samples with salt
deposits under identical conditions (bottom group). The first
row features uncoated Nimonic c-263 substrates, while the
second and third rows show Ti0.52Al0.48N and Ti0.34Al0.66N
coated c-263 substrates, respectively.

states are included.

Starting with the salt-free Ti0.52Al0.48N coating, imme-
diate onset of fast-growing tetragonal-TiO2 anatase and
rutile oxides is observed after 1 h exposure time, which is
accompanied by a phase transition from the c-Ti(Al)N to
the thermodynamically favored h-Al(Ti)N (Fig.3a). Also
apparent is the development of an Al-O-phase, which
will crystalize into r-Al2O3 as the annealing duration is
prolonged. More distinct reflexes are measured between
1 h and 30 h, suggesting further development of each
aforementioned oxide. Notably, the contribution of
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rutile-TiO2 and r-Al2O3 phases seem to gain dominance
throughout the oxide scale, indicated by the relative
intensities and the receding anatase-TiO2. Similar to the
salt-free Ti0.52Al0.48N, the higher Al-content salt-free
Ti0.34Al0.66N instantaneously forms a mixed-oxide scale
within 1 h at 850 ◦C, evident from the rutile-TiO2,
anatase-TiO2 and r-Al2O3 diffraction peaks.

For both compositions further annealing at 850 ◦C
leads to thermally induced spinodal decomposition of
the c-Ti1-xAlxN solid solution, which is accompanied by
the precipitation of coherent AlN particles. By reference
to the preferential [200]-reflex at 43.27◦, unmixing of
the c-TiAlN solid solution into Ti-rich c-Ti(Al)N and
metastable Al-rich c-Al(Ti)N domains occurs, which
we interpret according to the peak-broadening of the
initial (as-deposited) c-Ti(Al)N [200]-reflex. As the
Ti0.34Al0.66N chemistry falls closer to the solubility limit
of c-Ti(Al)N, more pronounced w-AlN formation is
prevalent throughout the annealing experiments. Despite
literature reporting significantly higher temperatures
(>1000 ◦C) as a precondition for w-AlN nucleation,
the [100]-reflex positioned at 33.18◦ in Fig.3a provides
a significant argument that nucleation and growth of
w-AlN in supersaturated c-Ti(Al)N coatings may already
form at much lower temperatures (850 ◦C). This, in fact,
has also been observed by Rogström et al. in a series of
in-situ high-energy X-ray diffraction (XRD) experiments
while studying the strain and microstructure evolution
during decomposition. This discrepancy may be due to
the significantly longer annealing time.

The structural evoluation of the Ti0.52Al0.48N
and Ti0.34Al0.66N coatings after 30 h of annealing
at 850 ◦C in an SO2-enriched atmosphere without
salt deposits can be summarized as follows: Both
coatings develop a fast-growing mixed TiO2/Al2O3

oxide scale, where the TiO2 phases consist of both,
rutile and anatase. Judging from the relative peak
intensities, the scale formation for the lower Al-content
Ti0.52Al0.48N coating seems to be TiO2 dominated,
whereas a more balanced contribution between TiO2 and
Al2O3 exists for the higher Al-containing Ti0.34Al0.66N
coating. Lastly, significant nucleation and growth of
w-Al(Ti)N and spinodal decomposition of the c-Ti(Al)N
solid solution are observed throughout the annealing
experiments for the high Al-content Ti0.34Al0.66N coating.

On the other hand, the structural evolution for salt-
loaded Ti1-xAlxN coatings is much more dynamic (see
Fig.3b). After 1 h, a significantly pronounced scale for-
mation can be seen. Distinct diffraction intensities of the
r-TiO2 and a-TiO2 structure, as well as an onset of the
r-Al2O3 structure, are featured by both coating variants.
Again, the Al2O3 contribution is more dominant for the
higher Al-containing Ti0.34Al0.66N coating. Moreover, the
thermally unstable tialite structure (o-TiAl2O5) develops
throughout the first 5 h of the salt-loaded experiments as

one of the dominant structural constituents of the devel-
oping oxide scale. As the annealing duration is prolonged,
the initially fast-growing tialite phase decompose into its
parent oxides, alumina and rutile.

C. Oxidation and corrosion kinetics in SO2-rich
atmosphere

Since HTHC most often occurs in the presence of a
SOx-enriched atmosphere, all annealing and corrosion
experiments were performed at a partial pressure of
ρ[SO2]= 2.8·10-3 atm (2800 ppm by volume). In order to
describe the oxidation behavior for such an environment,
annealing experiments were first conducted without
any salt deposits to determine the oxygen diffusion
kinetics experimentally. Over periods of 1, 5, 15, and
30 h, Ti1-xAlxN coated, as well as uncoated NiCoCr
samples were annealed at temperatures of 700, 775, and
850 ◦C – temperatures, where HTHC begins to play a
factor. Depth profiles for the oxygen inward diffusion
were obtained by conducting EDX line scans along the
cross-section of each annealed sample and are shown in
Fig.4(a-i).

Material-specific diffusion rate laws were determined by
plotting the diffusion depth over time. A quasi-cubic rate
function (n=∼3) was found to best fit the oxygen inward
diffusion for the NiCrCo c-263 alloy, the Ti0.52Al0.48N and
Ti0.34Al0.66N coated samples at each annealing tempera-
ture (Fig.4j, k and l, respectively). In Eq.8, the generic
rate law is described, where x refers to the distance, dox
to the rate constant, t corresponds to the time, and n is
a constant.

xn
ox = dox · t (8)

The rate law allows for determining temperature-
dependent rate constants (dox), which can be plotted
in an Arrhenius plot (Eq.9) to further describe the oxy-
gen diffusion kinetics. By plotting the ln function of
the Arrhenius plot, the pre-exponential factors (d0,ox)
could be determined from the intersection of the linear fit
with the ordinate, and the activation energies (qox) were
derived from the slope.

dox = d0,ox · e qox
RT (9)

ln(dox) = −qox
R

· 1
T

+ ln(d0,ox) (10)

where dox denotes the mean diffusion rate, d0,ox the pre-
exponential factor, qox the activation energy, R the gas
constant, and T the temperature.
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Fig. 3. Crystal structure analysis of Ti0.52Al0.48N and Ti0.34Al0.66N coatings annealed in an SOx-rich atmosphere at 850 ◦C (a)
without salt deposits and (b) with salt deposits [41–54].

The derived activation energies for oxygen follow the
order of Q(c-263) <Q(Ti0.36Al0.66N) <Q(Ti0.52Al0.48N) (Table
II) and fall significantly lower to literature values that have
been calculated from annealing experiments conducted
in air. Particularly, the uncoated c-263 alloy shows a
drastic reduction in the Qa-value when SO2 is present in
the atmosphere (Qa=51 kJ/mol) compared to pure air
exposure (∼110 kJ/mol) [55]. This may be due to two key
reasons: (i) a not sufficiently evolved native oxide scale
prior to the annealing experiments, where the alloy was in
a polished state. Higher diffusion rates are thus observed
during the first hour of the annealing experiments, where
a passive scale is still developing. (ii) SO2 acts as a
reducing agent. It is well understood that SO2 may further
oxidize to SO3 in an oxidizing atmosphere such as air
(homogeneous conversion), which is thermodynamically
favored at lower temperatures [56, 57]. Moreover, fly ash

or metal oxide surfaces of machining components can lead
to catalytic effects that accelerate the conversion of SO2

to SO3 (heterogeneous conversion) [57–59]. We associate
this latter case with the drop in activation energies derived
throughout the annealing experiments of this study. Thus,
elevated SO2 concentrations can considerably restrict the
ability to thermally grow a passive oxide scale to function
as an oxygen diffusion barrier, whether this entails the
formation of a Cr2O3/NiO dominated scale (c-263 alloy)
or a mixed TiO2/Al2O3 scale (Ti1-xAlxN coatings).

Lastly, the oxidation rate law constants (n) were deter-
mined for the salt-loaded HTHC sample group at 850 ◦C.
Unlike the derivations of the activation energies calculated
across a temperature range (700-850 ◦C), the oxygen rate
constants for the salt-loaded corrosion experiments were
solely conducted at 850 ◦C. The reason for this is the
prerequisite for a molten salt film, which would not be
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Fig. 4. (a-i) show oxygen diffusion profiles of bare c-263 alloy, Ti0.52Al0.48N and Ti0.36Al0.66N coated samples that have been
annealed at 700, 775, and 850 ◦C in a SOx-rich atmosphere for 1, 5, 15 and 30 h without salt deposits. (j-k) features the
graphical representation of the oxygen diffusion profiles, intended to manifest the diffusion rate law and related rate constants
(dox), which best pertain to each sample

met at lower temperatures. Presented in Fig.5 are the
diffusion depth-time plots for the salt-loaded and salt-free
samples that were annealed at 850 ◦C. While the samples
without salt deposits exhibit fairly similar oxidation kinet-
ics– as previously described by their activation energies
and quasi-cubic diffusion rate laws– the oxidation rates
drastically change when salt is introduced.

Firstly, the oxidation rate law of the c-263 alloy changes
from a quasi-cubic rate law (n= 2.7) when exposed to a
SOx-rich atmosphere towards a compounded parabolic-
linear rate law (n= 1.5) when salt deposits are added. For
the latter case, a parabolic oxidation behavior governs the
first few hours of the corrosion experiments (0-15 h), after
which a linear oxidation rate takes over. Such linear rates
are characteristic of HTHC of high-temperature alloys and
essentially motivate the application of protective coatings
[60–62].

In contrast to the uncoated c-263 alloy, the oxidation
rate laws for both, Ti0.52Al0.48N and Ti0.34Al0.66N coated
samples change from a cubic-diffusion rate (n= 3.0 and
3.1, respectively) to a near-parabolic rate behavior with
n= 2.3 and n= 2.2, respectively (see Fig.5).

D. HTHC mechanism for Ti1-xAlxN coatings

Over the last few decades, a general understanding
has evolved around the behavior and stability of various
metals and their oxides when exposed to sulfate salts at
high temperatures. Particularly, Na2SO4 has stood at
the forefront of many high-temperature corrosion studies
due to its relatively high thermal stability, ability to form
low melting mixtures with other salts, and its presence
and relevance in many high-temperature applications.
However, little knowledge exists about the stability and
behavior of metal nitrides in conjunction with Na2SO4

deposits at high temperatures. For this reason, this
section intends to provide a time-resolved description of
the stability of Ti1-xAlxN when brought in contact with
a Na2SO4-based (80 mol% Na2SO4-MgSO4) at 850

◦C.

The corrosion of metals and alloys by hot corrosion
proceeds in several key steps: An incubation stage, an
initiation stage, and a propagation stage, followed by
failure [63].

i. Incubation: In absence of any salt deposit, the incu-
bation stage features the formation of stable oxide
scales (e.g., Al2O3 and Cr2O3), whereby a stable state
(passivity) against further oxidation is provided.
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TABLE II. List of logarithmic rate constants (dox) for the oxygen inward diffusion of Ti0.52Al0.48N, Ti0.34Al0.66N and the
parabolic-like rate constants (dox,n= 2.38) for the uncoated c-263 at 700, 775, and 850 ◦C. Moreover, pre-exponential factors
(d0,ox) and activation energies (Qox) are provided, which have been derived with respect to the diffusion coefficients.

T (◦C) Ti0.52Al0.48N Ti0.34Al0.66N c-263 alloy
dox d0,ox Qox dox d0,ox Qox dox d0,ox Qox

cmn/h cmn/h kJ/mol cmn/h cmn/h kJ/mol cmn/h cmn/h kJ/mol

700 1.89·10-5± 2.25·10-5± 2.57·10-5±
3.90·10-7 1.57·10-6 2.07·10-6

775 3.56·10-5 ± 4.32·10-2 62.3 4.00·10-5 ± 2.97·10-2 57.9 4.21·10-5± 1.41·10-2 51.1
1.98·10-7 1.17·10-6 2.04·10-6

850 5.27·10-5± 5.84·10-5 ± 5.94·10-5 ±
4.98·10-7 3.68·10-7 5.25·10-6

Fig. 5. Oxygen kinetics of uncoated c-263 alloy and Ti1-xAlxN
coated samples, showing the diffusion depth-time plot used
for determining the corrosion rates of salt-loaded and salt-free
samples.

ii. Initiation: The initiation stage comprises a se-
quence of changes in the material’s environment
that establishes accelerated oxidation/degradation
conditions. This comprises the deposition of a salt
film, the melting of the salt deposit (HTHC), the
formation of low-melting eutectics between the salt
deposit and metal oxide surface (LTHC), changes
in the melt-basicity, and local depassivation of the
oxide scale that allows for accelerated attack of the
underlying alloy/metal.

iii. Propagation: Propagation describes the accelerated
depassivation of the protective metal oxide scale and
internal sulfidation and oxidation of the unprotected
bulk material.

iv. Failure: Lastly, after a given duration, the corrosion
front has infiltrated the material to such an extent
that the integrity of the component fails.

In relation to these well-known sequences, the HTHC
behavior of the ceramic Ti1-xAlxN coatings is discussed
in the following.

1. Incubation stage

The mechanism begins with the incubation stage,
which generally comprises the formation of a passive
oxide scale, followed by the deposition of salts onto
that protective oxide. Particularly for a nitride-based
coating, such as Ti1-xAlxN, the growth of a passivating
oxide scale is significant for ensuring their longevity
in high-temperature environments. This entails a
nitride-to-oxide transformation, which, as discussed in
section 3.2, produces a mixed Al2O3/TiO2 scale under
atmospheric conditions (salt-free). Fig. 6a and 6b show
the diffusion profiles of Ti, Al, and O in Ti0.52Al0.48N
and Ti0.34Al0.66N coatings after isothermal annealing
in an SO2-rich atmosphere at 850 ◦C for a duration
of 1, 5, 15, and 30 h. While after 1 h, a mixed oxide
appears to develop at the coating surface, a gradual
separation of Al and Ti is exhibited for longer annealing
times. After 30 h, both Ti1-xAlxN scales follow a layered
arrangement, generating an Al-rich layer near the surface
and a Ti-rich layer below. This scaling behavior stands in
good agreement with works from Panjan et al. [64] and
Greczynski et al. [65], who have reported similar results
throughout various annealing experiments conducted in
air (no additional SO2).

However, as these coatings were exposed to salt de-
posits while being in their native (unoxidized) state, the
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incubation stage solely involves the preparation of the
salt deposits on the Ti1-xAlxN coatings.

2. Initiation stage

The initiation stage entails a sequence of changes in
the overall environment, establishing accelerated oxida-
tion/degradation conditions. This is the most crucial step
in the HTHC mechanism, as it determines the longevity
of the protective coating. For HTHC, such changes in-
clude the salt deposit’s solid-to-liquid transformation, the
salt-basicity’s equilibration according to the existing tem-
perature and present atmospheric partial pressures, and
finally, the formation of a protective oxide.

As the salt deposit liquefies at some fixed temperature,
its composition and, ultimately, its character is described
by the oxygen partial pressure and the activity of Na2O
(αNa2O), or the partial pressure of ρ(SO3), as it is directly
associated with Na2O by the equilibrium constant in
Eq.11.

Na2SO4 ↔ ρSO3 + αNa2O (11)

As the thermodynamic equilibrium between SO2 and
SO3 shifts towards SO2 with increasing temperature,
the equilibrium between Na2O and SO3 shifts towards
Na2O, increasing the Na2O activity and providing a more
basic character to the salt deposit. Together with a low
ρ(SO2) and high ρ(O2) in the atmosphere, it is safe to
say that the Ti0.52Al0.48N-coated samples are exposed to
a Na2SO4 deposit with a highly basic character.

Regarding the formation of the protective top-oxide, a
similar scaling behavior is observed as for salt-free sam-
ples, featuring an Al-rich top layer and a Ti-rich sublayer
(Fig.6c and 6d). By revisiting the sequence of the corro-
sion experiments presented in the experimental section, it
was stated that O2 and SO2 were added to the atmosphere
after the desired temperature of 850 ◦C and liquefaction
of the salt deposit was achieved. Since the solubility of
molecular O2 and SO2 exhibit poor solubility and slow
transport in Na2SO4 slags, the observed oxidation of the
coating must originate from an ionic O2- transport of
the salt-deposit rather than from dissociation and absorp-
tion processes out of the gas-phase. This also explains
why the oxidation rates (inward diffusion depth) for the
salt-loaded samples are much faster (deeper) than for the
atmospheric annealing experiments. Conducted under
identical thermal and atmospheric conditions, the salt-
induced oxidation of the Ti1-xAlxN coatings solely relies
on the ionic diffusion of O2-- species from the salt-coating
interface (high αNa2O in basic melts) into the coating
and does not rely on the kinetics of oxygen-adsorption,
-dissociation and –absorption.

3. Propagation stage

Now that a top oxide has been established, the HTHC
mechanisms transitions into its propagation stage. At this
point, an oxygen gradient is established across the liquid
film, as the coating has already consumed O2--ions from
the salt film, while molecular oxygen from the atmosphere
slowly dissolves according to Eq.12 and diffuses into the
melt [36].

O2 + 2O2− ↔ 2O2−
2 (dissolution of oxygen) (12)

Therefore, a lower oxygen activity develops at the
oxide-melt interface and increases towards the salt-gas
interface. For very thin salt films, which can only
accommodate a limited amount of O2- as the fluxing
mechanisms progress, the activity of sulphur begins to
rise at regions of low O2- concentrations, resulting in the
sulfidation of unprotected material. In the case of the
Ni-based superalloys and other high-temperature alloys
with high contents of Cr and Ni, a common feature of
HTHC is a precursive sulfide band, which forms at the
corrosion front. Kinetically favored in their evolution,
non-protective Cr- and Ni-sulfides develop first, after
which a corrosive medium can penetrate the porous
corrosion scale. Once the O2- activity recovers, the
sulfides are oxidized to a porous oxide scale, after which
the sulfur activity rises again and reacts with the new
unprotected metal below.

This typical progression, however, was not observed
throughout this study. As the coating’s metal con-
stituents (Ti and Al) are covalently bound to nitrogen,
the formation of a metal sulfide band is impeded.
Therefore, the propagation stage follows a strict basic
fluxing mechanism of repetitive oxidation of the Ti(Al)N
nitride matrix, followed by the basic dissolution of
its developing oxides. The result is a porous, layered
corrosion scale consisting of individual Al-rich and
Ti-rich bands. Unlike the dual scale structure obtained
when the Ti1-xAlxN coatings were annealed without
a salt deposit, a multitude of alternating Ti-rich and
Al-rich bands develop. Illustrated in Fig.6c and 6d
are EDX depth profiles of the corroded Ti0.52Al0.48N
and Ti0.34Al0.66N coatings, respectively, highlighting
the elemental distribution of Ti, Al, and O after 1,
5, 15 and 30 h. Moreover, a gradual switching of the
topmost layer can be observed for both coatings. While
both coating variants begin to oxidize by developing an
Al-rich top-oxide with a Ti-rich oxide layer below, the
contribution of the Al-rich layer successively diminishes,
and a Ti-rich oxide begins to occupy the topmost layer.
This can be attributed to the fact that Al2O3 is a
highly acidic oxide (Al2O3 is more stable under acidic
conditions), which is thus more prone to basic fluxing
than the more basic TiO2 oxide (TiO2 is more stable
under basic conditions).
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Fig. 6. EDX diffusion profiles highlighting the scale development of salt-free annealed Ti0.52Al0.48N (ai-iv) and Ti0.34Al0.66N
coatings (bi-iv), as well as salt-loaded Ti0.52Al0.48N (ci-iv) and Ti0.34Al0.66N (di-iv) over the course of 30 h.

The development of a TiO2-dominated top-oxide after
longer durations of salt exposure (>15 h) is further
substantiated by TEM analysis and presented in Fig.
7. A highly porous corrosion scale is observed for both,
Ti0.52Al0.48N and Ti0.34Al0.66N coatings, and shown
in the bright-field images Fig. 7a and 7c, respectively.
Differences in the granularity of the corrosion scale
are attributed to the inherently different grain sizes

making up both coatings’ morphologies. That is, an
increased granularity of the corrosion scale is produced
by the more coarse-grained Ti0.52Al0.48N morphology,
while a decreased granularity is obtained due to the
more fine-grained Ti0.34Al0.66N structure. Both coatings
feature large TiO2 grains that have formed at the
scale-melt interface, shown in (7b) and (7d). Indexing of
the respective spot patterns obtained from the SAEDs
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Fig. 7. TEM investigation featuring progressed hot corrosion of salt-loaded Ti0.52Al0.48N (a-b) and Ti0.34Al0.66N (c-e) after 15
h at 850 ◦C. (a) Features a bright field TEM cross-section of the entire Ti0.52Al0.48N coating structure, while (b) shows its
respective STEM with enhanced mass-contrast of present elements. Similarly, a bright field image of the Ti0.34Al0.66N cross
section is shown in (c), with enlarged highlights of the top-oxide and corrosion front shown in (d) and (e), respectively. For
both Ti0.52Al0.48N and Ti0.34Al0.66N, SAEDs were taken from the top-oxide scales (bi and di), underlying corroded coating
morphology (bii and dii), as well as remaining pristine coating near the coating substrate interface (biii and ei).

(bi) and (di) renders a tetragonal rutile crystal structure
(P42/mnm, space group 136), which strands in good
agreement with the previously discussed EDX results.

Further crystallographic information was gained by
integrating the SAED ring-patterns and plotting them
over the reciprocal of the lattice-spacings. The diffraction
angles and correlating lattice parameters obtained by the
SAED (7bii) and SAED (7dii) ring patterns the develop-
ment of a mixed α-Al2O3, anatase-TiO2, w-Al(Ti)N and
residual c-Ti(Al)N corrosion scale by Ti1-xAlxN coatings,
which coincides with the earlier presented XRD data de-
scribing the structural evolution during HTHC conditions.

Lastly, SAED (7biii) and (7ei) reveal the presence
of residual single-phased c-Ti(Al)N structure, which re-
mained unaffected by the corrosive attack.

IV. CONCLUSIONS

The present work deals with the HTHC behavior
of Ti1-xAlxN coated c-263 alloy when loaded with a
Na2SO4/MgSO4 salt mixture and isothermally annealed
in an SOx-rich atmosphere. In an attempt to first
describe the oxidation kinetics of the Ti1-xAlxN and
bare c-263-substrate in said SOx atmosphere, a series of
salt-free annealing experiments was conducted at 700,
775, and 850 ◦C. Next, EDX line-scan measurements were

performed of both, uncoated and Ti1-xAlxN-coated sam-
ples, which rendered oxygen diffusion profiles that best
fit a quasi-cubic rate-law (n=∼3). Activation energies of
51, 62 and 58 kJ/mol, as well as pre-exponential factors
of 1.41·10-2, 4.32·10-2, and 2.97·10-2 cmn/h were derived
for the bare c-263 alloy, Ti0.52Al0.48N and Ti0.34Al0.66N
coated samples, respectively.

A significant increase in the oxidation kinetics was
observed when salt deposits were added in a new series
of experiments and annealed at 850 ◦C under identical
SOx-enriched atmospheric conditions. Compared to the
quasi-cubic rate laws exhibited for the c-263 alloy and
Ti1-xAlxN coatings in the absence of a salt deposit, the
c-263 alloy now followed a compounded parabolic-linear
rate law (n= 1.5). At the same time, both Ti0.52Al0.48N
and Ti0.34Al0.66N feature a parabolic-like rate behavior
(n= 2.3 and n= 2.2, respectively). Thus, a significantly
improved corrosion resistance is expressed by the
cae-Ti1-xAlxN samples over the bare c-263 alloy.

The HTHC mechanism of Ti1-xAlxN can best be de-
scribed by an initial oxidation step of the Ti1-xAlxN ma-
trix, followed by the basic fluxing of the aforementioned
oxide scale. A sequential fluxing of Ti-rich and Al-rich
was found to be the dominating corrosion mechanism, re-
sulting in the formation of a layered and porous corrosion
scale. Due to the more basic character of TiO2 (more
stable under basic conditions) over Al2O3, a porous TiO2
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scale predominantly develops at the scale-salt interface,
followed by a voluminous Al-rich oxide band below. De-
pending on the available Al-reservoir of the Ti1-xAlxN,
the more pronounced the Al-rich band becomes. No in-
ternal sulfidation was observed at the corrosion front of
TiAlN-coated samples, which is regarded as one of the
reasons for the improved corrosion resistance over the
NiCrCo superalloy.
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