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The Ni-based superalloy René 41 has sparked recent interest for applications
in next-generation aircraft engines due to its high-temperature strength that
is superior to all similar grades. These desirable properties are achieved by
careful control of the microstructure evolution during thermomechanical
processing, and this is commonly informed by simulations. In particular, the
grain boundary carbides M6C and M23C6 play an essential role in controlling
the grain size and strength of the final product. Therefore, a solid under-
standing of the thermodynamic stability and thermokinetic evolution of these
carbides is essential. However, thermokinetic simulations using existing
thermodynamic databases have been demonstrated to have discrepancies
between thermodynamic stabilities and experimental observations. Here, we
collected a new experimental time–temperature–precipitation diagram. In
conjunction with improved crystallographic descriptions, these experimental
results are used to modify a CALPHAD database for M6C and M23C6. The
modified database correctly identifies temperature regions with rapid carbide
precipitation kinetics. Further, kinetic simulations and strengthening models
successfully predict the hardness increase due to c¢ precipitation. The modified
database has been applied to Udimet 700, Waspaloy, and Haynes 282,
demonstrating improved results. These updates will facilitate more accurate
simulations of the microstructure evolution during thermomechanical pro-
cessing of advanced Ni-based superalloys for aerospace and other applications.

INTRODUCTION

Cast and wrought c¢-strengthened Ni-based
superalloys are established materials for applica-
tions where high dynamic loads, corrosive environ-
ments, and high temperatures intersect.1 These
properties are achieved by solid-solution and pre-
cipitation-strengthening of coherent c¢ precipitates.
Further, the addition of Cr provides the required
corrosion resistance. Minor elements, such as B and
C, are used to modify grain boundary properties in
superalloys, either by segregation or by the forma-
tion of grain boundary precipitates.2 René 41 is a

Ni-based superalloy that is characterized by its
exceptionally high strength and good fatigue prop-
erties when compared to similar alloys in the same
class, such as Waspaloy and Haynes 282.3,4 This
has led to a renewed interest in René 41 as a
candidate material for use in future generations of
more fuel-efficient aircraft engines. However, this
alloy exhibits complex precipitation kinetics, which
makes control of the microstructural evolution and
mechanical properties during thermo-mechanical
processing challenging.5–8 Generally, desirable
properties are achieved by careful control of the
microstructure evolution during thermomechanical
processing of Ni-based superalloys, which is com-
monly supported by simulations.
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Thermodynamic and thermokinetic modeling
approaches are applied to evaluate the mechanical,
microstructural, and physical properties of superal-
loys. This is useful in the selection of appropriate
thermomechanical processing routes and heat treat-
ments, as well as in the development of new and
chemical finetuning of existing alloys.9,10 The accu-
racy of such models strongly depends on the quality of
their thermodynamic databases, which are used to
evaluate the stabilities, compositions, and precipita-
tion driving forces of the various phases present in an
alloy system.11,12 In the case of the superalloy René
41, a previous study by some of the current authors13

revealed discrepancies in the phase stabilities
between experimental observations and thermody-
namic simulations, with respect to the phase stabil-
ities and compositions of the M6C and M23C6 carbides
in particular. We showed that the currently available
MCNI1 database for the simulation package MatCalc
underestimates the M6C and M23C6 solvus tempera-
tures by 100–150 �C and 150–200 �C, respectively.
Further, thermodynamic databases often rely on
simplifications of phase descriptions. For example,
in databases for Ni-based superalloys used in the
software packages MatCalc and ThermoCalc, the
descriptions of the M6C and M23C6 carbides include
sublattice descriptions that do not reflect their phys-
ical reality.14–16 Although these simplifications in the
thermodynamic descriptions reduce the computa-
tional expense of simulations, it sacrifices descriptive
power and physical accuracy. Hence, modifications of
these simplified phase descriptions of the M6C and
M23C6 carbides will improve their simulated phase
stabilities and elemental compositions.

However, improvements in thermodynamic descrip-
tions require empirically tested data. Some long-term
stability data of precipitate phases in René 41 (up to
5000 h of thermal exposure times) have been pub-
lished, but no systematic time–temperature–precipi-
tation (TTP) data are publicly available to date.8,17,18

Therefore, an experimental TTP diagram is developed
in the present study. This will close the gap for shorter
heat-treatment times (0.1–10 h) compared to already
existing long-term heat-treatment studies. These
insights, along with results from our previous study,13

will provide a solid base for the advancement of
thermodynamic descriptions of the relevant M6C and
M23C6 carbides, which is the aim of this study.

A first revision in thermodynamic description is
applied to more accurately describe the crystal
structure of these precipitates. In the second step,
the thermodynamic parameters are fine-tuned to
yield better results with respect to the stability and
chemical composition. The adapted and original
databases are then compared in kinetic simulations,
evaluating grain boundary carbides M6C and M23C6.
The focus of these evaluations is phase stability and
qualitative precipitation kinetics. Additionally, sim-
ulation results of c¢ precipitation kinetics are pre-
sented. These results are evaluated based on the
simulated strength increase and compared to

experimental hardness tests. After optimization of
the database for René 41, it was tested on alloys with
similar constituent elements: Udimet 700, Waspaloy,
and Haynes 282. This will explore possibilities and
limitations in simulating M6C and M23C6 carbides in
other alloys. The latest version of the modified
MCNI2b database is openly available under the
name ‘mc_ni_L.tdb’ on https://www.matcalc.at/19 and
archived in Mendeley Data.20

In particular, these carbides are of interest due to
their ability to provide grain boundary pinning
during hot working, but also their ability to avoid
deterioration of mechanical properties via the for-
mation of embrittling grain boundary films.8,21 As
such, improving the predictive power of thermody-
namic simulations can give insights into more
appropriate hot-working and heat-treatment ranges
for Ni-based superalloys.

EXPERIMENTAL AND SIMULATION
APPROACH

Material and Heat Treatments

The material was provided by Western Australian
Specialty Alloys (WASA) in the form of a disk cut
from a billet after ingot-to-billet conversion, with a
thickness of approximately 2.5 cm and a radius of
approximately 30 cm. The billet was homogenized
and mill-annealed by WASA. The chemical compo-
sition is shown in Table I. Samples were taken from
a radial position of approximately 15 cm from the
center of the billet. All the samples underwent an
initial annealing step at 1200 �C for 30 min in an Ar
atmosphere followed by water quenching, as
depicted in Fig. 1a. The furnace used for these heat
treatments was a Labec HTHTF50/16 tube furnace,
and the temperature was controlled using a type K
thermocouple. The solution annealed samples were
then further sectioned into cubes with a geometry of
approximately 1 9 1 9 1 cm3. These cubes then
underwent individual heat treatments at tempera-
tures between 1150 �C and 600 �C in 50 �C inter-
vals for time periods of 0.1, 1, and 10 h. All the
cubes were inserted into the preheated furnace,
isothermally annealed, and water-quenched to min-
imize changes of the microstructure during cooling.

After heat treatments, all the cubes were hot-
mounted and metallographic preparation was con-
ducted following standard grinding and polishing
procedures, with a surface finish using a 0.04-lm
colloidal silica suspension. The metallographic sam-
ples were then unmounted and attached to Al-
sample holders to achieve better electrical conduc-
tivity for electron microscopy.

Experimental
Time–Temperature–Precipitation
and Hardness Evaluation

Scanning electron microscopy (SEM) micrographs
and energy dispersive X-ray spectroscopy (EDS) line
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scans were collected on a Carl Zeiss AURIGA�
CrossBeam� SEM. Unless otherwise specified, the
micrographs presented here were collected using an
electron backscattered detector at an acceleration
voltage of 15 kV and a working distance of 7 mm.
EDS was carried out with an acceleration voltage of
20 kV as an initial method to identify various
carbides.

The phase fraction and precipitate size analysis of
c¢ precipitates within the matrix was determined
based on SEM micrographs using a thresholding
function in ImageJ (v.1.53f51).22

The analyses of grain boundary microstructures
to determine the phase fraction of carbides were
also carried out using ImageJ. Prior to the analyses,
the matrix was manually cropped out of each image,
leaving only the grain boundaries for further eval-
uation. Afterwards, selected precipitates at the
grain boundaries were used to train the automated
Weka segmentation plugin, generating a classifier
function, which was then used on multiple grain
boundaries to evaluate the various grain-boundary
precipitates.23 Prior to the evaluation of the precip-
itate size, a watershed function was applied. This
function helps to more accurately evaluate adjacent
precipitates that may wrongly be identified as the
same precipitate. The precipitate diameters and
respective standard deviations reported here were
volume-weighted. This method was successfully
applied to grain boundary precipitates at tempera-
tures ranging from 1100 to 900 �C. At lower tem-
peratures, the grain boundary precipitates
were< 50 nm in diameter and deemed too small
for accurate image analysis. Multiple grain bound-
ary segments were analyzed, ensuring the results

are representative of the microstructure. An elec-
tron backscatter diffraction (EBSD; JEOL 7001
SEM) map was used to determine the grain bound-
ary length density, i.e., the grain boundary length
per unit area. This EBSD map has been published
elsewhere (see Fig. 2c in Ref. 24). Using this grain
boundary length density of 64.5 cm�1, the total
phase fraction of grain boundary precipitates was
estimated based on their occupancy at the grain
boundaries.

Vickers hardness values were measured using a
Struers Duramin 40 hardness tester with a load of
5 kg. To increase the reliability of the data pre-
sented here, each reported value is an average of 10
measurements. Based on the hardness test results,
an empirical value of the yield strength was calcu-
lated based on the experimentally derived equations
from Wang et al.,25 This is shown as Eq. 1, which
correlates the Vickers hardness HV in MPa to yield
strength, r YS, also in MPa. This correlation was
chosen as the hardness and yield strength values in
Ref. 25 are in the same range as the ones of René
41:4,6

HV � 3:01 � 0:07ð Þ � rYS ð1Þ

Thermodynamic and Kinetic Simulations

Thermodynamic and thermokinetic simulations
were conducted using the MatCalc simulation soft-
ware package (http://matcalc.at; version 6.04
release 0.111). For equilibrium simulations, the
desired input composition and phases of interest
were selected. The predicted stable phases were

Table I. The chemical composition of René 41 used in this study

Ni Cra Coa Moa Tia Ala Fea Cb Ba Na

at. % Bal. 20.59 10.79 5.75 3.8 3.29 1.31 0.276 0.033 0.015
wt. % Bal. 18.51 11 9.55 3.15 1.54 1.27 0.057 0.006 0.004

aDetermined by X-ray fluorescence spectroscopyb Determined by low-element combustion oxidation

Fig. 1. (a) Initial solution-annealing profile at 1200 �C followed by rapid cooling (water quenching). (b) Numerical approximation of the time–
temperature profiles during the heat treatments as used in the MatCalc simulations.
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then evaluated as a function of temperature over a
range from 600 to 1600 �C. In most of the simula-
tions, Ni, Cr, Co, Mo, Al, Ti, Fe, C, B, and N were
included. In the benchmarking calculations for
Waspaloy, Zr was included as well. All the remain-
ing elements are considered to be impurities and,
thus, were discarded. The results were compared to
simulations using the commercial TCNI9 database
(v.9.1) in ThermoCalc. The equilibrium simulations
were evaluated based on the phase stability regions
as well as the phase compositions.

In the kinetic simulations, the initial condition
was approximated using an equilibrium calculation
at 1200 �C. Only the matrix c phase and Ti-rich
M(C,N)-type carbonitrides were predicted to be
stable in René 41 at this temperature. In accor-
dance with experimental observations, an M(C,N)
precipitate population with a size distribution from
0.5 to 1.5 lm was generated, and the phase
fraction of these precipitates was set to the equi-
librium M(C,N) fraction at 1200 �C. c¢ precipitates
were set up as homogeneous precipitates with an
initial phase fraction of 0%. To approximate the
diffuse interface between the c¢ precipitates and the
matrix, the regular solution-critical temperature
model, as implemented in MatCalc, was used with
the critical temperature being set to 2500 K.26

Additionally, the diffusion enhancement coeffi-
cients for both substitutional and interstitial ele-
ments with respect to the c¢ precipitates were
changed from the default value of 1–0.2, which
yielded a good prediction of the precipitate size, as
can be seen in the supplementary figures Fig. S-1,
S-2, and S-3 (refer to online supplementary mate-
rial). The adjustment of the diffusion enhancement
coefficients are reasoned on the basis that the
default value of 1 strictly applies to dilute solu-
tions27 and, thus, does not apply to René 41, as the
c¢ phase fraction exceeds 10%.3 The M6C and
M23C6 carbides were introduced as grain-boundary
precipitates with initial phase fractions of 0%. In
the simulations, an initial mean grain diameter of
200 lm was selected to approximate the as-re-
ceived grain size. Using this setup, a simulated

initial heat treatment of isothermal holding at
1200 �C for 0.5 h followed by cooling at a rate of
200 �C s�1 was applied. The condition after this
simulated heat treatment was then used as the
starting point for all following simulations.

The heating curves for the kinetic simulations
were approximated based on the assumption that
the heat transfer from the furnace to the sample
occurred by radiation. Based on an assumed sample
geometry of a cube with 1-cm side length, the
absorbing surface was assumed to be 6 9 10�4 m2

and the density as 8250 kg m�3, as reported in
Ref. 4. The heat capacity was approximated using a
linear fitting curve based on literature data.4,6

Despite the Ar atmosphere, the samples still exhib-
ited slight surface oxidation. As the reflectivity of
these surface oxides was unknown, the reflectivity/
emissivity of the samples was assumed to be equal
to 1. The temperature was then numerically
approximated using the Stefan Boltzmann law of
radiation.28 Resulting exemplary time-temperature
profiles can be seen in Fig. 1b. The curves were
approximated up to 100 h. A level of 95% of the
absolute target temperature was reached between
85 and 230 s according to these approximations,
with shorter times associated with higher target
temperatures.

The thermodynamic databases used for simula-
tions in MatCalc were the openly available MC-NI
database (v.2.034), designated here as MCNI1. This
database was modified to improve the thermody-
namic descriptions. The modified database that we
developed contains the improved crystallographic
descriptions of M6C and M23C6 and is labeled
MCNI2a. The further fine-tuned database using
the experimental data is MCNI2b. The improve-
ments in crystallographic descriptions of the ther-
modynamic database can be understood based on
Table II, which shows the physical description
based on the Wyckoff designations of the metal
(M) and interstitial (I) sites for M6C and M23C6,
respectively. The available databases MCNI1 and
TCNI9 use simplified descriptions that do not reflect
the true crystallographic site multiplicities. This

Table II. Wyckoff designations, resulting relative multiplicities, and used relative multiplicities of metal (M)
and interstitial (I) sites in the crystal structures compared to their thermodynamic descriptions for M6C and
M23C6. These thermodynamic descriptions are used in the MCNI1 (original) and the TCNI9 databases. The
correct crystallographic multiplicities are used in the modified databases MCNI2a and MCNI2b

M6C
Wyckoff designation 48f 32e 16d 16c
Site type (M, I) M M M I
Crystallographic site multiplicity 3 2 1 1
Multiplicity description in MCNI1 and TCNI9 2 2 2 1

M23C6

Wyckoff designation 48 h 32f 24e 8c 4a
Site type (M, I) M M I M M
Crystallographic site multiplicity 12 8 6 2 1
Multiplicity description in MCNI1 and TCNI9 20 6 3
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has been corrected in the improved MCNI2a and
MCNI2b databases.

Yield Strength Evaluation of Simulation Data

Descriptions for the strengthening of superalloys
by c¢ precipitates are derived in.1 The change in the
critical resolved shear stress, DsCRSS, for weakly
coupled dislocations by coherent c¢ precipitates is
described as a function of the precipitate diameter,
d, volume fraction, f, and anti-phase boundary
energy, CAPB, in Eq. 2, where the Burgers vector,
b, and shear modulus, G, are scaling parameters. In
this case, the spacing between dislocations is large
compared to the precipitate size:1

DsCRSS ¼ CAPB

2 � b
6 � CAPB � f � d
2 � p � 1

2 �G � b2

 !1
2

� f

2
4

3
5 ð2Þ

For sufficiently large d or for antiphase boundary
energy CAPB increases, the spacing between dislo-
cations is of the same order as the c¢ precipitate size.
In this case, the behavior changes to that of strongly
coupled dislocations, which is described in Ref. 1:

DsCRSS ¼
ffiffiffi
3

2

r
� 2 �G � b

d
� f 1

2 � w

p
3
2

� p � CAPB � d
w �G � b2

� 1

� �1
2

ð3Þ

where w is a dimensionless parameter of the order
of unity that will be assumed to be equal to 1 in the
following.1

Both Eqs. 2 and 3 predict increasing strength
with increasing volume fractions of c¢ precipitates at
a rate of f ½. However, Eq. 2 predicts an increase of
the strengthening effect with larger precipitate
diameters with approximately d½, while Eq. 3 pre-
dicts a decrease with approximately d�½. For even
larger precipitates, another transition in the c¢
precipitate–dislocation interaction takes place when
Orowan looping becomes energetically favorable.29

In this mechanism, instead of cutting the precipi-
tates, the dislocations bend around them. The
resulting strength increase is formally approxi-
mated by Eq. 4 and compared to the other strength-
ening factors, scales with d�1:

DsCRSS ¼ 2 �G � b �
ffiffiffi
f

p
d

ð4Þ

The effective strengthening is always minimized,
so that whichever mechanism results in the lower
strength increase will be dominant.1 Using these
equations, the increase in shear stress can then be
estimated assuming that the highest Schmid factor
is the relevant scaling term between the increase in
sCRSS and rYS, leading to:30

DrYS � DsCRSS � 2 ð5Þ

Visualization of Simulation Results

Data visualization of the experimentally generated
TTP diagram regarding both the presence of M6C and
M23C6 precipitates as well as the hardness evolution
in René 41 has been plotted using the OriginPro
software. The contour plots depicting the simulated
TTP data or precipitate size and fraction, as well as
the evaluated expected yield strength increase based
on the mathematical models in the previous section,
were generated using Python (JupyterLab 3.2.1). To
enable better data representation, a numerical inter-
polation of the simulated data was required to
minimize distortion at short timescales and errors
due to visualization artefacts. This interpolation was
executed using Python’s RBFInterpolator (Radial
basis function interpolator) as implemented in the
SciPy module (v.1.8).31 Visual outputs were gener-
ated using the matplotlib (v. 3.5.1) module.32

RESULTS AND DISCUSSION

The experimentally gained insights are presented
here and discussed. These are then applied to
improve the thermodynamic descriptions of cur-
rently available databases. The modified database is
used to simulate TTP diagrams, which are com-
pared to experimental TTP diagrams. To establish
the wider applicability of the improved database, it
is tested on other alloys, and the results are
compared to literature data.

Experimental
Time–Temperature–Precipitation Data

Based on microscopy insights coupled with knowl-
edge from previous publications,13,17,18 the develop-
ment of the experimental M6C and M23C6 TTP
diagrams for René 41 is described in the following.
Figure 2 shows selected micrographs of samples after
solutionizing and subsequent 10-h annealing at tem-
peratures between 850 �C and 1150 �C. The bright
phase is Mo-rich M6C, the intermediate contrast
phase is Cr-rich M23C6, and the dark phase is Al-
and Ti-rich c¢, as previously identified in Ref. 13.

After 10 h of annealing at 1150 �C (Fig. 2a), no
secondary precipitates can be seen, although some
primary M(C,N) type carbonitrides are visible
(marked by red arrows). After annealing at
1100 �C (Fig. 2b), grain boundary M6C is observed
(white arrows), while no other secondary precipi-
tates can be seen. Figure 2c shows M6C and c¢
precipitates at the grain boundaries after annealing
at 1050 �C. Figure 2d, e and f shows M6C, M23C6,
(black arrows), and c¢ precipitates at the grain
boundaries at temperatures £ 1000 �C. Further-
more, c¢ precipitates in the matrix have formed
after 10 h of annealing between 900 and 1050 �C.

Although grain-boundary precipitates are
observed after annealing at 900 �C (Fig. 2f) and
850 �C (Fig. 2g), they are not clearly distinguishable
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from each other due to their small size. However,
our previous work unambiguously confirmed M6C,
M23C6, and c¢ precipitates at this temperature.13

Micrographs for samples annealed at even lower
temperatures are similar but not presented here.

The relative occupancy of grain-boundary car-
bides combined with the grain boundary length
density were used to quantify the overall phase
fraction of these carbides. Figure 3 shows the
evolution of grain-boundary precipitate (a) volume
fractions and (b) diameters after 10 h of annealing
at various temperatures. The c¢ results only include
data of grain boundary c¢ and not of intragranular
c¢. Additionally, Fig. 3c and d presents the volume
fractions and diameters for different isothermal
holding times at 1000 �C. The corresponding data
are provided in the supplementary Tables S-I and
S-II. Figure 3a and b shows that the M6C and grain
boundary c¢ precipitate diameters are in the order of
1–2 lm above 1000 �C, while, at lower tempera-
tures, their diameters decrease to 400–500 nm.
Generally, the diameters of the measured grain
boundary precipitates are similar. However, the
diameters of the M23C6 precipitates may be mis-
judged. These precipitates are often adjacent to each
other, making it difficult to determine where one
precipitate ends and the next begins. Notably, the
amount of M23C6 precipitates at the grain bound-
aries is higher than the M6C content by a factor of
about 2–3, which corresponds to the faster precip-
itation kinetics of M23C6 compared to M6C, as also
reported in Haynes 282.33 Under isothermal condi-
tions at 1000 �C (Fig. 3c and d) the phase fractions
and diameters of all the observed precipitates
increase across the observed timescale from 0.1 to
10 h, although the M23C6 precipitate growth

kinetics appear to slow down somewhat between 1
and 10 h of isothermal holding.

Based on the combination of results presented
here and from Ref. 13, the isothermal TTP diagram
in Fig. 4 was developed. The kinetics of M23C6 and
M6C precipitation were not directly distinguish-
able, although a faster precipitation rate of M23C6

has previously been reported.33 In some cases,
grain-boundary precipitates were visible, but they
were so small that neither their composition nor
their contrast yielded enough information for a
clear distinction between them (shown in gray).
Based on their position within the time–tempera-
ture region, it can be reasoned that these precip-
itates are likely M23C6 and M6C, as previously
confirmed.13 At temperatures below 750 �C, no
grain-boundary precipitates were detected after
10 h of annealing.

Modification of the Thermodynamic Database
Based on Experimental Results

Thermodynamic Phase Stability and Carbide
Composition

Comparing the experimental observations from
the previous section and previous studies
(Fig. 5a),17,18 to equilibrium simulations with cur-
rently existing thermodynamic databases (Fig. 5b
and c) reveals discrepancies in the stability regions
of M6C and M23C6. The experimental data in the
present study put the M6C solvus between 1100 �C
and 1150 �C, and the M23C6 solvus between 1000 �C
and 1050 �C. The data by Collins18 confirm the M6C
solvus temperature as 1147 �C, but report a lower
M23C6 solvus between 926 �C and 982 �C, as shown
in Fig. 5a.

Fig. 2. SEM micrographs of grain boundaries from René 41 samples annealed for 10 h at (a) 1150 �C, (b) 1100 �C, (c) 1050 �C, (d) 1000 �C, (e)
950 �C, (f) 900 �C, and (g) 850 �C. White arrows indicate M6C, black arrows M23C6 grain boundary precipitates, and red arrows M(C,N)
carbonitrides (Color figure online).
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In comparison, the predicted M6C solvus temper-
atures in the MCNI1 (Fig. 5e) and TCNI9 (Fig. 5c)
databases are 996 �C and 945 �C, respectively.
When including the topologically closed packed
(TPC) r phase, both databases predicted that M6C
is not thermodynamically stable, as displayed in
Fig. 5b and d. For M23C6, the predicted stability
range is appropriate, with predicted solvus temper-
atures of 962 �C and 967 �C for the MCNI1 (Fig. 5e)
and TCNI9 (Fig. 5c) database, respectively.

Due to these discrepancies, the MCNI1 database was
updated with more accurate thermodynamic descrip-
tions. The equilibrium simulations from the first
update of the thermodynamic database, i.e., the
MCNI2a database, can be seen in Fig. 5f and g. This
database includes the improved crystallographic
description of these carbides, correcting the relative
multiplicities, as described in Table II. The phase
fraction diagrams show that the stability of these
carbides is improved, e.g., M6C is stable even with
included TCP phases. However, when comparing the
results to the experimental data from Collins18 (Fig. 5a),
the stabilities of both carbides are now overestimated.

Therefore, a finetuning step of the database was
applied. This was done by iteratively adjusting the
thermodynamic description of M6C and M23C6 in
the MCNI2a database until a good match was
achieved between simulation and experiments with
respect to both the solvus temperatures and chem-
ical compositions of these carbides. The stability
range of the updated database, MCNI2b, is shown
in Fig. 5h and i. This database now yields stability
ranges that match both, those predicted by Collins18

as well as the experimentally observed TTP data in
the present study.

Additionally to the phase stability range, the
phase compositions can also be used as a measure of
the quality of the thermodynamic database. Table -
III compares the simulated compositions of M6C at
1100 �C from the TCNI9, MCNI1, and MCNI2b
databases to experimental atom probe microscope
(APM) data from Ref. 13. The APM data were
collected after annealing for 10 h at 1100 �C. The
average error column shows the averages of the
deviations between simulated and APM chemistries
for the considered elements. Elements not included

Fig. 3. Evolution of experimentally observed grain boundary precipitates M6C (in black), M23C6 (in yellow), and grain boundary c¢ (in blue). (a)
and (b) the phase fraction and diameter after 10 h of annealing between 900 and 1100 �C, respectively. (c) and (d) the evolution of the precipitate
fraction and diameter during annealing at 1000 �C on double-logarithmic scales, respectively. The shaded areas indicate standard deviations
(Color figure online).
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in the database or not detected in the APM results
are omitted from this analysis.

The errors in the TCNI9 and MCNI1 databases
are larger than those for the MCNI2b database by a
factor of � 2. These errors can be associated with
differences in the simulated and observed Mo
concentration. Notably, neither of these databases
predicted stable M6C at this temperature. However,
there is still a theoretical composition output of the
‘most stable’ variant of M6C provided. The MCNI2b
database generates a smaller error than the
databases with the simpler crystallographic phase
descriptions. The difference between kinetic and
equilibrium simulations is negligible. Notably, only
the modified MCNI2b database includes data for the
Ti solubility, as pointed out in Ref. 13, while it does
not include data for the Fe solubility.

In analogy to the results for 1100 �C, the results
for 900 �C are presented in Table IV.13 Here, the
equilibrium simulation based on the TCNI9 data-
base shows the largest compositional error. These
errors are associated with deviations in Co and Mo
content from the experiment. For the MCNI1
database, the simulated Mo-content is also wrongly
predicted in the equilibrium and kinetic simula-
tions. These elements are, again, correctly simu-
lated in the modified MCNI2b database. However,
the MCNI2b database overestimates the Cr-content
in the equilibrium compared to the APM data but
yields more accurate results for the kinetic

simulations. As the APM sample was not in an
equilibrium condition, these kinetic simulations
reflect the material’s condition better.

In analogy to M6C, the composition of M23C6

carbides at 900 �C are presented in Table V.13 In
general, the observed differences between experi-
ment and simulation are smaller for M23C6 than
those observed for M6C. TCNI9 predicts a higher Cr
content than the observed one, while MCNI1 shows
a higher Ni content. All the databases reflect the
experimental Mo content well.

The B content of M23C6 in the thermodynamic
MCNI1 and MCNI2b simulations is well predicted.
However, the kinetic simulations underestimate the
B content. This can be attributed to the strong
segregation tendency of B to high-angle grain
boundaries in Ni.34,35 There is no description of
such segregation effects implemented in the simu-
lation model used in the present study. This leads to
a lower B-content in the vicinity of grain boundary
M23C6 in the simulation compared to physical
reality, expressing itself as a reduced B-content in
simulated M23C6. Notably, TCNI9 does not include
a description of the substitution of C by B.

In summary, the composition of M23C6 and M6C
(Tables III, IV, and V) are improved in the MCNI2b
database, compared to the older databases without
updated thermodynamic descriptions. This confirms
that the updated database provides improved quan-
titative outputs with respect to the M6C and M23C6

carbides in René 41.

Precipitation Kinetics of Carbides

Although the previous section has already evalu-
ated the chemical compositions of M23C6 and M6C in
kinetic simulations, the focus of this section will be
on assessing their precipitation kinetics in more
detail.

Figure 6a, b, c and d shows the simulated TTP
diagrams for M23C6 carbides using the MCNI1 and
modified MCNI2b databases. The TPP diagrams for
M23C6 are qualitatively similar for both databases.
However, the MCNI2b results predict higher pre-
cipitate fractions and diameters than the MCNI1
database. This indicates faster precipitation and
coarsening kinetics, which better represent the
experimental observations from Fig. 3. The change
in M6C precipitation behavior between the data-
bases is larger as displayed in Fig. 6e and f. The
MCNI1 database (Fig. 6e and g) shows the fastest
precipitation kinetics at about 950 �C and the
stability of M6C up to 1000–1050 �C. In the MCNI2b
database (Fig. 6f and h), the fastest kinetics are
shifted to approximately 1050 �C with a stability
range up to 1100–1150 �C. Thus, the modified
MCNI2b database also reflects the experimental
observations (Fig. 3) for M6C better than the orig-
inal one.

To enable an easier quantitative comparison of
the simulation data to the experimental

Fig. 4. TTP diagram based on SEM and EDS data, indicating the
presence of M6C (red) and M23C6 (blue) at the grain boundaries.
Additionally, the data points, where grain-boundary precipitates were
present but not unambiguously identifiable are shown in gray. Open
circles no grain boundary precipitates were detected (Color
figure online).
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Fig. 5. (a) Experimental data for long-term isothermal holding of René 41, as reported by Collins.18 (b) and (c) Equilibrium calculations based on
the TCNI9 database with and without r phase included in the simulation. (d) and (e) Equilibrium calculations based on the MCNI1 database with
and without r phase included. (f) and (g) Equilibrium calculations based on the modified MCNI2a database with and without r phase included. (h)
and (i) Equilibrium calculations based on the further improved MCNI2b database with and without r phase included.
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observations, Fig. 7 shows selected datapoints from
the kinetic simulations using the original MCNI1
and modified MCNI2b database. These simulation
results can be directly compared to experimental
data shown in Fig. 3. The MCNI1 database (Fig. 7a
and b) underestimates the phase fractions and
stability ranges of both M23C6 and M6C. Contrary,
the stability range as well as phase fractions of both
carbides are matched well between the experiment
and the simulations from the MCNI2b database
(Fig. 7c and d).

At low temperatures of< 1000 �C, simulations
with both databases lead to 4–6 times larger
precipitate diameters than experimentally
observed. This may be a consequence of a possibly
overestimated matrix-precipitate interface energy,
as well as interactions between the M6C and M23C6

carbides at the grain boundaries, which are not
included in the simulation model. Due to lack of
available literature data regarding these interfacial
energies, no attempts were made to correct this
issue in the simulations here.

Evaluation of c¢ Precipitation Kinetics

The previous sections established that the modi-
fied MCNI2b database results in improved thermo-
dynamic and kinetic simulations of M23C6 and M6C
carbides. However, as intragranular c¢ are the
dominant strengthening precipitates in Ni-based
superalloys, any modification made on a database
must include an accurate description of this phase.
Thus, this section will evaluate if the modified
MCNI2b database yields correct c¢ results that
agree with experimental observations.

Figure 8 presents kinetic simulation results for c¢
precipitates for MCNI1 and MCNI2b databases.
There are no significant differences between the
results using those two databases. This is expected,
as the thermodynamic description of c¢ has not been
changed. The high phase fraction of c¢ precipitates
even at low times is due to significant amounts of c¢
precipitates predicted during the initial quenching
simulation. The precipitation during quenching
leads to approximately 16 mol% c¢ precipitates with
mean diameters of approximately 1–2 nm.

Table III. Composition of M6C in thermodynamic equilibrium simulations at 1100 �C using the TCNI9,
MCNI1, and modified MCNI2b databases, compared to the kinetic simulation results (after 10 h isothermal
holding) from the MCNI2b database and experimental APM data from Ref. 13

 Element

 Ni Co Mo Cr Ti C Fe

Average 

Error

Data source Database [at.%] [at.%]

Thermo-

dynamic
TCNI9b

26.8 2.2 37.9

17.

8 - 14.3 1.0
5.44±4.7

MCNI1b
19.2

10.

8 35.5

19.

4 - 14.3 0.8
4.5±4.1

MCNI2ba
23.5 8.2 27.5

20.

9 5.6 14.3 -
1.8±1.4

Kine�c
MCNI2ba

24.0 7.6 28.0

20.

3 5.7 14.3 -
1.9±1.5  

APM 22.5 7.1 22.7 22 8.2 15.3 0.7

Shading represents the absolute error in the composition prediction from 0 (white) to 10 (red). The average error column shows the
averages of the deviations between simulated and APM chemistries for the considered elementsaThese databases do not predict
stable M6C at this temperature, however, there is still a theoretical composition output of the ‘most stable’ variant of M6C providedbThe
MCNI2b database includes the improved crystallographic phase descriptions
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Experimentally determined intragranular c¢ pre-
cipitate diameters and phase fractions after 10 h of
annealing are shown in Fig. 9. The precipitate size
in Fig. 9a decreases following a near-linear trend
across the studied temperature range. With
decreasing temperature, this quantitative analysis
becomes more inaccurate, as reflected by the
increasing width of the error bar (Fig. 9b).

Although c¢ precipitates are visible within the
matrix after 10 h of annealing at temperatures
below 850 �C, these precipitates were too small for a
reliable quantification. Therefore, an indirect
approach was used to analyze them based on the
strengthening effect of c¢ precipitates in René 41.
The increase in yield strength during annealing
based on Vickers hardness measurements is shown
in Fig. 10a. This figure shows a trend for the time-

temperature-hardening behavior roughly in line
with a previous report on René 41.3 The hardness
values are shown in the supplementary Fig. S-4.

The strength–hardness correlation described in
Eq. 1, as derived in Ref. 25, is used in the following
to calculate an estimated yield strength of the
material. The contour map in Fig. 10a shows a
pronounced strength maximum after ageing for
10 h at around 850 �C. At temperatures above
800 �C, the peak hardness is shifted to shorter
times, followed by a decrease in hardness due to
over-ageing of the strengthening c¢ precipitates.
This is associated with the transition of the dislo-
cation-precipitate interaction from weak to strong
coupling.1 At temperatures below 800 �C, the pre-
cipitation kinetics and size evolution of c¢

Table IV. Composition of M6C as evaluated for thermodynamic equilibrium simulations at 900 �C using the
TCNI9, MCNI1, and modified MCNI2b databases, compared to the kinetic simulation results (after 10 h
isothermal holding) from the MCNI1 and MCNI2b database and experimental APM as evaluated in Ref. 13

Element

Ni Co Mo Cr Ti C

Averag

e Error

Data 

source

Data-

base
[at.%] [at.%]

TCNI9 26.8 1.71 37.8 18.6 - 14.3 5.2±2.8

MCNI1 21 8.7 35.2 18.7 - 14.3 2.7±1.9

Thermo-

dynamic

MCNI2ba

21.5 9.9 26.9 24.9 2.4 14.3
2.2±0.9

MCNI1 23.4 7.1 34.4 21.3 - 14.3 2.8±2.0Kine�c

MCNI2ba

24.2 6.4 29.8 20.2 5.2 14.3
1.9±1.7

APM 18.5 8.4 29.2 21.4 4.1 15.3

Shading represents the absolute error in the composition prediction from 0 (white) to 10 (red). The average error column shows the
averages of the deviations between simulated and APM chemistries for the considered elementsaThe MCNI2b database includes the
improved crystallographic phase descriptions
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precipitates is slower, meaning that longer ageing
times would be required to achieve the peak
hardness.

The yield strength of c¢-free René 41 has been
reported to be in the range of 440–500 MPa, which
is higher than that of other c¢-free superalloys, such
as Alloy 600 or Haynes 230.6 This is attributed to
the higher solute contents in the matrix of René 41
compared to other precipitate-free superalloys.6

When considering the expected maximum strength
of René 41 based on adding the strength of precip-
itate-free material and the maximum increase in
yield strength, as determined from hardness test
data, this yields a peak strength around 1 GPa,
which is in line with the values reported in Ref. 4.
This confirms that the used equations to calculate
the yield strength increase yield accurate results.

To gain additional qualitative insights into the c¢
precipitation behavior from the MCNI2b simula-
tions, the c¢ precipitate hardening was modeled
using Eqs. 2–4. CAPB was evaluated according to the
model proposed in Ref. 36, based on the contents of
Mo, Ti, Al, Co, and Cr in c¢ precipitates. The
temperature dependence of the interaction coeffi-
cients was approximated using a parabolic function
based on the individual datapoints reported in Ref.
36. For the resulting predicted increase in sCRSS, a

transition from weak to strong coupling is expected
in the range of a few 10 nm, while the transition
from strong coupling to Orowan looping likely takes
place at around 100-nm precipitate diameters, both
of which are roughly in accordance with values
presented for Nimonic 105, PE 16,1 and Udimet
720LI.37 Converting these values into the predicted
yield strength increase according to Eq. 5 leads to
the time–temperature–strength diagram shown in
Fig. 10b. This diagram shows a maximum increase
in strength of about 676 MPa between 800 and
900 �C. The results of these simulations are in
excellent agreement with the experimental results
in Fig. 10a.

Benchmarking the Updated Database Against
Other Alloys

The previous sections showed that the modified
database more accurately simulates the stability
ranges of M6C and M23C6 carbides in René 41 than
previously available CALPHAD databases. Further,
it has been demonstrated that the stability range of
c¢ precipitates do not require additional adaptations.
As the database was optimized for the description of
René 41, this is to be expected. However, a wider
applicability of this database will be established in
the following based on literature reports about the

Table V. Composition of M23C6 as evaluated for thermodynamic equilibrium and kinetic simulations at
900 �C using the TCNI9, MCNI1, and modified MCNI2b databases, compared to the kinetic simulation results
(after 10 h isothermal holding) from the MCNI1 and MCNI2b databases and averaged APM results as
measured in Ref. 13

 Element Average Error

 Ni Co Mo Cr Ti C B Fe

Data 

source
Database [at.%] [at.%]

TCNI9 2.5 0.8 9.6 66.1 - 20.7 - 0.2 4.3±3.4

MCNI1 10.3 1.8 8.6 58.5 - 18.5 2.2 0.1 2.6±1.5

Thermo-

dynamic

MCNI2ba 8.7 4.5 10.3 53.5 2.2 18.2 2.5 - 1.3±0.7

MCNI 9.9 1.6 8.8 59 - 20.5 0.1 0.1 3.1±1.6Kine�c

MCNI2ba 7.1 3.2 10.3 54.5 4.1 20.5 0.2 - 1.4±1.5   

 APM 7.3 3.2 11.7 53.7 4.3 15.9 3.2 0.7  

Shading represents the absolute error in the composition prediction from 0 (white) to 10 (red). The average error column shows the
averages of the deviations between simulated and APM chemistries for the considered elementsaThe MCNI2b database includes the
improved crystallographic phase descriptions
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Fig. 6. Simulated TTP diagrams for (a–d) M23C6 and (e–h) M6C for the original MCNI1 (left column) and modified MCNI2b (right column)
databases. The respective first rows show molar phase fractions, while the second rows show precipitate diameters.
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stability ranges and compositions of M23C6 and M6C
carbides in other superalloys with similar composi-
tions to René 41. Based on the availability of data,
Waspaloy, Udimet 700, and Haynes 282 were
selected to evaluate the thermodynamic stability
range of the present phases as a function of
temperature.18,33 Further alloys were not included,
as the current thermodynamic descriptions of M6C
and M23C6 in the MCNI2b database do not yet
include data on W, V, Ta, and other common
alloying elements in superalloys. Further, the
MCNI MatCalc database does not include thermo-
dynamic data of M3B2 borides, therefore, M2B type
borides were included instead. However, as both
M3B2 and M2B are Cr- and Mo-rich, this was
deemed a suitable replacement in the simulations.2

Figure 11 presents experimental phase stability
ranges reported in literature and compares them to
the simulated results. The experimental Udimet
700 (Fig. 11a, b and c) and Waspaloy (Fig. 11d, e
and f) data18 show an excellent match with the
modified MCNI2b database. The M23C6 solvus tem-
perature of both alloys is underestimated in the
original MCNI1 database, but is correctly simulated
with the updated thermodynamic phase

descriptions. The stability ranges of MC carbides
and borides are unaffected by the changes made.

Fahrmann et al.,33 reported an experimental TTP
diagram for Haynes 282, which was used to extrap-
olate the stability ranges for M6C and M23C6

carbides. The experimental solvus temperature for
both carbides was found to be around 1100 �C, with
phase stabilities down to 700 �C. The equilibrium
simulations of Haynes 282 in Fig. 11g, h and i show
that the MCNI1 database vastly underestimates the
stability regions of both M6C and M23C6 carbides.
The modified MCN2b database yields good results
for the M23C6 stability with a simulated solvus
temperature of around 1149 �C. However, the M6C
stability at high temperatures seems to be overes-
timated, while its stability at low temperatures is
underestimated. Thus, neither the originally avail-
able nor the updated database reflect its stability
correctly. This shows that future work is required to
simulate M6C in Haynes 282. The chemical compo-
sitions of M6C and M23C6 after isothermal holding
at 100 h at 1038 �C and 982 �C respectively in Ref.
33 are compared to the equilibrium simulations in
the supplementary tables Tables S-III–S-VI and
show a comparable quality between the adjusted

Fig. 7. Kinetic simulation results after 10 h annealing for the (a, b) MCNI1 database and (c, d) modified MCNI2b database. (a) and (c) show mole
phase fractions and (b) and (d) show precipitate diameters.
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MCNI2b and the older TCNI9 and MCNI1
databases.

Additionally, the supplementary figure Fig. S-5a
shows the experimentally observed carbides for
different alloy compositions and (b), (c), and (d)
shows equilibrium simulations at the same temper-
ature across a wide range of compositions, as
evaluated based on the TCNI9, MCNI1, and
MCNI2b databases, respectively. In general, all
three databases provide similar matches relative
to the experimental data, with the MCNI1 and
MCNI2b predicting a slightly higher stability of
M23C6, as visible for the datapoint of 33.5 wt% Cr
and 5.5 wt% Mo, where the experiments yielded

both M6C and M23C6, while simulations only indi-
cated the stability of M23C6.

Therefore, the modified MCNI2b database yields
either comparable or improved results for the tested
superalloys, underpinning that the MCNI2b data-
base can be readily applied to other Ni-based
superalloys. Importantly, the multi-site compound
energy model for M23C6 contains higher complexity
in terms of CALPHAD parameters to be optimized
than previous simplification. However, here, in the
composition space of Ni-based superalloys, we can
neglect Fe in the carbide formula as experimentally
confirmed, which in terms of dissolution of elements
once again represents a chemical simplification.

Fig. 8. c¢ precipitate evolution for the original MCNI1 and modified MCNI2b databases. Molar phase fractions of c¢ using the (a) MCNI1 and (b)
MCNI2b databases and c¢ precipitate diameters as predicted using the (c) MCNI1 and (d) MCNI2b databases. The resulting phase fractions and
diameters are similar in both databases.

Fig. 9. Experimental evaluation of intragranular (a) c¢ precipitate diameter and (b) c¢ precipitate fraction after 10 h of heat treatments at the
respective temperatures. The gray shaded area marks the standard deviation.
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This results in fewer end-member compounds and
mixing interactions between various species of the
phase to be assessed. Thus, we believe that we can
base an appropriate model description of the phase
on its carefully determined chemistry by our exper-
iments, involving the relevant Ti solubility as here
experimentally confirmed. This is further supported
by the correct assessment of the solvus temperature
of the Ni-based superalloy René 41. Generally, our
experience (particularly the question of Si-solubility
limits in various M6C compound energy models38)
has shown advantages of employing more physically
modeling approaches in terms of size occupations.
We hope that our approach, together with the new
compound energy modeling of carbides, inspires a
higher data density, including first-principles end-
member energies, which will support future
advancements in CALPHAD modeling of M23C6

and M6C in Ni-rich high-alloyed material. It should
be noted that our chemical simplification of no Fe in
the carbide formula, therefore will not allow for a
validation of Fe-Cr-C phases (M23C6 is indeed a
stable phase in this subsystem) and, thus, the
models can only be applied to Ni-based superalloys
to date. Future modifications of the database aim to
include Fe in the improved M23C6 description.
However, this chemical simplification enhances
the overall description and, we believe, facilitates
a CALPHAD assessment of parameters of known
ternary systems such as Mo-Cr-C39 and Ni-Cr-C40

(see also supplementary figure Fig. S-5).

SUMMARY AND OUTLOOK

A comparison of thermodynamic and kinetic
simulations and experimental data demonstrated
that currently available thermodynamic databases
do not yield accurate results for describing the

through-process evolution of carbides in René 41
and other similar Ni-based superalloys. Thermody-
namic data and experimental results were success-
fully combined to improve the predictive quality of
simulations for grain-boundary carbides M6C and
M23C6. The following findings were made:

� An experimental TTP diagram for René 41 was
generated for the 0.1- to 10-h timeframes where
M23C6 was found below 1000 �C and M6C below
1100 �C. The nucleation sites of these carbides
were identified as grain boundaries.

� Our modified thermodynamic MCNI2b database
for MatCalc results in improved stability as well
as improved compositional predictions for both
M6C and M23C6 carbides. This modified database
shows a better predictive quality than the orig-
inal version of the MCNI1 MatCalc database, as
well as the TCNI9 (v.9.1) database available for
ThermoCalc.

� It is shown that the description of the main
strengthening phase c¢ in the modified database
remains correct. Kinetic simulations were able to
successfully simulate c¢ precipitation during anneal-
ing and were quantitatively related to the yield
strength increase.

� Based on the experimental data available in the
literature, equilibrium calculations using the
modified database showed either comparable or
improved results for other Ni-based superalloys
with respect to M6C and M23C6 carbide stability
ranges.

The modified MCNI2b database is openly available
under the name ’mc_ni_L.tdb’ on https://www.matca
lc.at/19 and archived in Mendeley Data.20 The
updates in the thermodynamic database yields
improvements in the predictive quality in the Ni-

Fig. 10. (a) Contour map of yield strength increase during annealing calculated from the experimentally determined hardness using Eq. 1.25 The
minimum detected hardness of 1830 MPa, i.e., the hardness after solutionizing, was used as the reference for the increase in yield strength. (b)
Increase in yield strength as predicted by the thermokinetic simulations using the modified MCNI2b database based on the c¢ precipitate size and
phase fraction when applied to Eqs. 2–5.1,30
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Cr-Co-Mo-Al-Ti-C-B-N alloy design space. Improved
predictive power with respect to phase stability and
microstructural evolution are the results of these
advancements. Such modeling capabilities are fun-
damental for designing thermomechanical process-
ing and heat-treatment routes for aerospace and
other high-performance applications. This will facil-
itate the creation of digital twins for superalloy
products and accelerate the development of new
alloys. However, the current version of the database
does not consider several common elements in
superalloys, such as W, Nb, Ta, V, or Fe in the
description of the M23C6 and M6C carbides. This
underscores the need for future research to incor-
porate these alloying elements, as their inclusion
would further enhance the applicability of these
simulations.
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