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English Abstract 
 
In today's industry, ceramic hard coatings have become necessary to extend the service life and 

improve the properties of tools and components. Of particular interest is the class of transition 

metal nitrides, with face-centered cubic (fcc) TiN being the most widely used and studied coating 

material. Alloying is a widely used method to improve the performance of this material. An 

excellent example of alloying is the addition of B or Al to improve mechanical properties. However, 

it has been shown that the solubility of B on the non-metal lattice of fcc-TiN—unlike that of Al 

on the metallic lattice of fcc-TiN—is not trivial, since only a few atomic percent of the provided 

amount can be dissolved due to constraints, beyond which precipitation occurs. This work shows 

that a B solubility of up to 10 at.% (equivalent to 20 at% of the non-metal sublattice) can be easily 

achieved by controlled manipulation of the TiN-based lattice through vacancies at the non-metal 

sublattice and/or metal-alloying at the metal sublattice. When B is completely dissolved in the fcc-

TiN lattice, there is a slight increase in fracture toughness compared to pure fcc-TiN. In contrast, 

coatings with the same B content―where excess B segregates amorphously at the grain 

boundaries―exhibit similar hardness, but the solubility of up to 10 at.% B results in a significant 

increase in fracture toughness. The B solubility was primarily investigated by detailed X-ray 

diffraction studies and confirmed by complementary high-resolution transmission electron 

microscopy. As important as the solubility of alloying elements in a material system is the 

determination of the properties relevant to the application. Density functional theory calculations 

are at the forefront of modern materials science in this regard. However, their inherent limitation 

of calculating only elastic properties, which are very difficult to determine experimentally, limits 

their full potential and leaves materials science without an essential feedback tool. Therefore, this 

thesis also concentrates on a new combined micromechanical method based on synchrotron 

diffraction to fully derive the elastic constants purely by experiments (including the Poisson’s ratio, 

which is often simply assumed or calculated). 

This study shows not only how to determine the solubility of the desired alloying element boron 

in TiN, but also how this affects the application-relevant properties, how this solubility can be 

modified, and finally, a methodology to entirely determine the elastic constants of thin films. 

In a general context, all these studies can be applied to the Ti-B-N model system and, in principle, 

to all material systems, thus representing a significant enrichment in the field of materials science.
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Deutsche Kurzfassung 
 

Keramische Hartstoffschichten sind zu einer Notwendigkeit geworden, um die die Eigenschaften 

von Werkzeugen und Bauteilen zu verbessern und damit deren Lebensdauer zu verlängern. 

Besonders hervorzuheben ist die Klasse der Übergangsmetallnitride, wobei kubisch 

flächenzentriertes (kfz) Titannitrid (TiN) als das am häufigsten verwendete und untersuchte 

Schichtmaterial einen Spezialfall darstellt. Um die Beanspruchbarkeit von TiN Hartstoffschichten 

zu verbessern, wird TiN häufig ein drittes Element zulegiert. Ein gelungenes Beispiel ist die 

Legierung mit Bor oder Aluminium zur Verbesserung der mechanischen Eigenschaften. Es hat 

sich jedoch gezeigt, dass die Löslichkeit von Bor im nichtmetallischen Gitter im Gegensatz zur 

Löslichkeit von Aluminium im metallischen Gitter von kfz-TiN nicht trivial ist, da das wesentlich 

größere Boratom aufgrund geometrischer/thermodynamischer/kinetischer Limitierungen nur zu 

einem sehr geringen Anteil im kfz Gitter gelöst werden kann. Zudem führt ein Überschuss an Bor 

zur Ausbildung weiterer Phasen (z.B. amorphen Korngrenzenphasen). In dieser Arbeit konnte 

gezeigt werden, dass einerseits durch kontrolliertes Einbringen von Leerstellen am 

Nichtmetallgitter und andererseits durch gezieltes Legieren größerer Atomen im Metallgitter eine 

Borlöslichkeit von bis zu 10 at.% (entsprechend 20 at% am Nichtmetalluntergitter) problemlos 

erreicht werden kann. Dies führte bei gleicher Härte zu einer leichten Erhöhung der Bruchzähigkeit 

gegenüber dem Ausgangssystem kfz-TiN und zu einer deutlichen Verbesserung gegenüber einer 

Schicht mit ähnlichem (nicht gelöstem) B-Gehalt. Diese Löslichkeit wurde hauptsächlich durch 

detaillierte Röntgendiffraktionsmessungen und durch ergänzende Hochauflösende 

Transmissionselektronenmikroskopie bestätigt. Ebenso wichtig wie die Löslichkeit von 

Legierungselementen in einem Werkstoffsystem ist die Bestimmung der anwendungsrelevanten 

Eigenschaften. Die Anwendung der Dichtefunktionaltheorie gilt in der heutigen 

Materialwissenschaft als wegweisend, hat aber die inhärente Einschränkung, dass z.B. die 

berechneten elastischen Eigenschaften experimentell nur sehr schwer zu verifizieren sind. Damit 

fehlt der Materialwissenschaft ein wichtiges Rückkopplungswerkzeug. Im dritten Teil dieser Arbeit 

wird eine neue kombinierte mikromechanische Methode basierend auf Röntgenbeugung mit 

Sychrotronstrahlung vorgestellt, die sich genau dieser Problematik annimmt und eine rein 

experimentelle Bestimmung der elastischen Konstanten von dünnen Schichten erlaubt. 

Diese Arbeit zeigt nicht nur wie die Löslichkeit eines gewünschten Legierungselements (hier Bor) 

in kfz-TiN modifiziert werden kann, sondern auch, welche Auswirkungen dies auf die 
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anwendungsrelevanten Eigenschaften hat. Allgemein betrachtet lassen sich all diese Methoden 

nicht nur auf das gewählte Modellsystem Ti–B–N, sondern prinzipiell auf alle Materialsysteme 

anwenden und stellen somit eine wesentliche Bereicherung auf dem Gebiet der 

Materialwissenschaften dar. 
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1 Introduction and Motivation  
In materials science and engineering, scientists seek to understand the structure, behavior, and 

performance of materials to explore their properties and improve them for targeted technological 

applications. With a background in fashion design, I have long been fascinated by how creativity 

combines with technical precision to bring aesthetic vision and functional design to life. In fashion 

design, a clothing item is not merely a utilitarian object; it serves as a second skin, protecting it 

from the elements while expressing individuality and style. Just as fashion designers carefully select 

fabrics, textures, colors, and patterns to adorn the human form, researchers in coating technology 

tailor the composition and structure of thin films to decorate and enhance the performance of bulk 

materials. 

In particular, physical vapor deposition (PVD) has emerged as a versatile tool in modern surface 

engineering [1]. Compared to traditional metallurgical strategies, PVD techniques offer distinct 

advantages over bulk synthesis, requiring significantly less material to provide effective surface 

protection against various external factors such as wear, corrosion, oxidation, abrasion, or chemical 

exposure [2]. In addition, the kinetically controlled path that sputtered atoms/species follow as 

they transition from the gaseous to the solid state―at exceptionally high cooling rates (∼106 

K/s)―facilitates the formation of metastable phases (in contrast to traditional synthesis routes 

constrained by equilibrium thermodynamics). The atomic bombardment inherent in PVD 

techniques, such as magnetron sputtering, facilitates the transfer of target material to the substrate, 

allowing precise control of the film growth morphology [3]. During this process, the energy 

imparted to the atoms introduces numerous defects into the crystal lattice of the deposited thin 

films, which act as strengthening mechanisms to enhance the mechanical properties of PVD 

sputtered coatings. By adjusting deposition parameters such as temperature, pressure, bias 

potential, and deposition rate; the coatings thickness, composition, and microstructure can be 

precisely tuned, enabling optimization as well as modification of thin film properties to improve 

the performance, reliability, and longevity of coated components and surfaces.  

The applicability of PVD to many elements of the periodic table and its unparalleled flexibility in 

process parameters have made it an attractive and powerful tool for industry and science since its 

commercialization nearly half a century ago. While sputtering was first observed by Sir W.R. Grove 

[4] in 1852, it did not gain commercial importance until the 1940s, when more reliable and 

affordable vacuum equipment became available for surface coating purposes. In the early 1970s, 
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magnetron sputtering sources developed by J.S. Chapin [5] emerged as a promising alternative 

toward faster deposition rates. However, early magnetron sources (where the magnetic field, 𝑩, 

was symmetrically distributed) trapped the plasma close to the surface of the sputtering target, 

resulting in low ion bombardment and poor film quality. Although efforts have been made to 

overcome this limitation, such as adding additional ionization sources or using radio frequency, B. 

Windows and N. Savvides [6] discovered a more effective solution with the invention of the 

unbalanced magnetron in 1986. This unbalanced configuration allows some electrons to escape the 

confining 𝑬𝑥𝑩 field (where 𝑬 is the electric field), generating plasma in regions away from the target 

surface. When these escaping electrons are linked to other unbalanced magnetron sources (typically 

from south to north poles), the potential area where plasma can persist expands significantly. 

Together, the efforts of pioneering researchers such as J.A. Thornton [7,8], R.F. Bunshah [9], W.D. 

Sproul [10, 11], and W.-D. Münz [12–14] have brought magnetron sputtering technology from its 

earliest days to its current status as a widely used deposition approach in materials science and 

industrial manufacturing.  

While PVD sputtering is well known for its applicability to various fields of research in materials 

science and engineering, the technique has become famous for depositing a variety of ceramic 

coatings. Particularly in applications demanding superior durability and performance, transition 

metal nitride hard coatings such as Ti–Al–N [14], Al–Cr–N [15], or Ti–C–N [16] have emerged as 

a vital subset, renowned for their exceptional hardness, wear and oxidation resistance [17,18]. 

Mainly, titanium nitride (TiN) stands out as a first-generation hard coating that has evolved 

immensely from its initial use as a protective layer for cutting tools in the mid-20th century to 

become one of the most prominent and widely used (and studied) coating systems in the industry 

(and science), due to its exceptional range of beneficial functionalities [19]. In the 1990s, with the 

work of W. Gissler [20], titanium boron nitride (Ti–B–N) coatings have gained recognition for 

their improved wear resistance and high-temperature stability (~600-800°C) compared to TiN 

[citation]. Following the work of C. Mitterer and P. H. Mayrhofer [21–23], nanocrystalline 

TiN+TiB2 thin films became popular in the 2000’s due to their inherent superhardness (> 40 GPa) 

[citation]. While the addition of boron (B) can significantly improve the mechanical properties of 

TiN-based coatings, achieving its full incorporation in the face-centered cubic (fcc) lattice is 

challenging. To understand this less studied limitation, the effect of variations in chemical 

composition along either the TiN–TiB2 or TiN–TiB tie line on the solubility of B in the fcc-TiN 

lattice was investigated in this thesis (Chapter 5). Building on this research, this thesis further 

addresses the confined spatial conditions for B at the non-metal sublattice that inhibit the 

formation of the fcc-Ti(N,B) solid solution (Chapter 6).  
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Although the development of new synthesis strategies for ceramic thin films is a driving force in 

the field of surface and coating technology, careful evaluation and testing are critical to 

understanding and guaranteeing the target material properties. However, measuring the mechanical 

elastic properties of ceramic thin films, such as Young's modulus, 𝐸, and Poisson ratio, 𝜈, is 

challenging. Despite recent advances in high throughput computing, theoretical models do not 

fully account for the complexity of thin film coatings. This thesis builds upon recent advances in 

in situ micromechanical testing and synchrotron X-ray diffraction to propose a novel methodology 

for accurately measuring direction-dependent elastic constants in ceramic hard coatings, using 

TiN0.8B0.2 thin films as model material (Chapter 7). 
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2 Alloy Design of TiN-based Coatings 
In the crystal structure of titanium nitride (TiN), titanium (Ti) and nitrogen (N) atoms form a face-

centered cubic (fcc) lattice within the unit cell, corresponding to the space group 𝐹𝑚3f𝑚 (space 

group number 225). Based on its crystal, fcc-TiN can be further described as an interstitial 

compound or a Hägg phase, derived from the principles of intermetallic solid solutions established 

by Swedish chemist Gunnar Hägg in 1929. Hägg's rule guides the arrangement of smaller non-

metal atoms (e.g., H, B, C, N, or P) within the interstitials of the transition metal-sublattice based 

on the ratio of the radius of the non-metal atom, 𝑟4, to the radius of the metal atom, 𝑟 ' . In TiN, 

the smaller N atoms occupy the octahedral sites within the closely packed arrangement of larger Ti 

atoms (see Fig. 2.1), characteristic of interstitial compounds that obey the rule of 0.41 ≤ 𝑟4𝑟 ' ≤ 0.59 

 

Figure 2.1. Illustration of a face-centered cubic titanium nitride unit cell, containing four Ti (dark 
gray) and four N (light gray) atoms: One-eighth of a Ti atom at each of the corner y8 ∙ 	
 = 1z, 

one-half of a Ti atom on each of the six faces, y6 ∙ 	
 = 3z, one-quarter of an N atom on each of 

the 12 edges, y12 ∙ 	� = 3z, and one N atom in the center. The octahedral side is indicated in blue. 
The lattice parameter, 𝑎, for fcc-TiN is 4.255 Å (calculated), and the lattice spacing for the {200} 
plane families, 𝑑
��, is 1.128 Å (calculated).  

 

In the crystal structure of titanium nitride (TiN), titanium (Ti) and nitrogen (N) atoms form a face-

centered cubic (fcc) lattice within the unit cell, corresponding to the space group 𝐹𝑚3f𝑚 (space 

group number 225). Based on its crystal, fcc-TiN can be further described as an interstitial 

compound or a Hägg phase [24,25], derived from the principles of intermetallic solid solutions 

(2.1) 
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established by Swedish chemist Gunnar Hägg in 1929. Hägg's rule guides the arrangement of 

smaller non-metal atoms (e.g., H, B, C, N, or P) within the interstitials of the transition metal-

sublattice based on the ratio of the radius of the non-metal atom, 𝑟4, to the radius of the metal 

atom, 𝑟 ' . In TiN, the smaller N atoms occupy the octahedral sites within the closely packed 

arrangement of larger Ti atoms (see Fig. 2.1), characteristic of interstitial compounds that obey the 

rule of 

 

Figure 2.2. Illustration of the separation of the fcc-TiN lattice into the metal (Ti) sub-lattice (left) 
and the non-metal (N) sub-lattice (right). The larger Ti atoms are shown as dark gray spheres, while 
the light gray ones depict the smaller non-metal N atoms. This division allows for a more systematic 
approach to the alloy design of fcc-TiN-based coatings.  
 

The concept of alloying beneficial elements is central to the success of modern thin film materials 

science [26]. A notable example of successful alloy design involves the incorporation of aluminum 

(Al) into fcc-TiN using PVD sputtering to form fcc-(Ti,Al)N coatings, where Al substitutes of Ti 

on the metal sublattice. The significant advantages of Al-incorporation are twofold. 1) Al forms a 

protective oxide layer on the surface of TiAlN coatings, enhancing their resistance to oxidation at 

elevated temperatures. 2) In thermodynamic equilibrium, AlN crystalizes in the hexagonal wurzite 

(WZ) structure, corresponding to the 𝑃6�𝑚𝑐 space group (space group number 186). 

Nevertheless, the kinetic advantages of PVD sputtering can metastably incorporate ~80 at.% Al 

into fcc-metal-sublattice [27]. Compared to the hexagonal WZ structure, such as AlN, the higher 

packing density of the fcc structure further improves mechanical properties, such as hardness and 

wear resistance. However, exceeding this limit ultimately results in the formation of hexagonal 

(Al,Ti)N and a subsequent decline in mechanical properties [28]. Figure 2.3a shows that depending 

on the deposition temperature and concentration (corresponding to the free energy curves in 

Fig. 2.3b), the expected structure of Ti–Al–N thin films after PVD deposition is either the single-

phase fcc or the single-phase hexagonal (WZ) solid solution (or two solid phases) [29]. High-

temperature treatments (~700 °C) facilitate spinodal decomposition in fcc-(Ti,Al)N [30]. At the 
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onset, coherent cubic-phase domains of AlN form (two co-existing solid phases). The mismatch 

in lattice parameters, a, between fcc-TiN (a=4.255 Å, calculated) and fcc-AlN (a=4.07 Å [31]) 

induces strain fields, leading to increased hardness (age-hardening). As the decomposition 

progresses, fcc-AlN transitions to its stable hexagonal (WZ) structure, eventually comprising the 

advantageous mechanical properties of fcc-(Ti,Al)N thin films. 

 

Figure 2.3. (a) Schematic PVD phase diagram and for the TiN–AlN system, showing the wide 
concentration range of the metastable fcc-(Ti,Al)N solid solution obtained by PVD sputtering 
modified after H. Holleck [29]. (b) Graphical representation of the calculated free formation 
energies according to [29] (normalized to Δ𝐺 = 0 kJmol�	 for the stable equilibrium fcc-TiN and 
hexagonal (WZ)-AlN phases) for amorphous, liquid, fcc, and hexagonal (WZ) phases in the TiN–
AlN system at 500 K.  
 

2.1 Ti–B–N Thin Films 

Unlike PVD sputtered ternary transition metal nitride coatings like fcc-(Ti,Al)N, fcc-(Al,Cr)N or 

fcc-Ti(N,C), Ti–B–N thin films commonly exist as TiN+TiB2 nanocomposites or feature second 

(amorphous) B-rich grain boundary phases instead of being present as an fcc solid solution [17]. 

Ti–B–N coatings can be prepared by various deposition approaches, including chemical vapor 

deposition (CVD) [32], plasma-assisted CVD [33], cathodic arc deposition (Arc-PVD) [34], and 

PVD sputtering (or co-sputtering), either reactive or non-reactive [35]. In addition, several other 

techniques have been applied in the past, such as Ti+ ion implantation into hexagonal boron nitride 

(BN) thin films [36] or interdiffusion of Ti/BN multilayers [37]. In 1994, W. Gissler [20] pointed 

out that all structural data obtained so far for Ti–B–N thin films correspond to different 

combinations of co-existing (binary) phases (corresponding to the calculated ternary phase diagram 

for 1500°C by [38] in Fig. 2.4) and show no evidence for a ternary fcc-Ti(N,B) solid solution. He 

further concluded that only a small solubility of B is possible in the fcc-TiN lattice (and a negligibly 

a b 
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small solubility (<1 at.%) of N in the hexagonal close-packed (hcp) TiB2 lattice), raising the question 

of a potential extension of the solubility limit of the ternary fcc-Ti(N,B) phase.  

 

Figure 2.4. Simplified ternary phase diagram of Ti–B–N, modified after H. Novotny [38] and W. 
Gissler [20], at 1500 °C, divided into five distinct zones, labeled 1–5, corresponding to different 
combinations of co-existing phases. 1. TiB2+TiN+BN, 2. TiN+BN+N2, 3. TiB2+B+BN, 
4. Ti(N,B)1-x, 5. Ti(ss)+TiB2. The gray shaded area represents the TiN–TiB2–TiB phase field of 
interest in this thesis.  
 

X-ray diffraction analysis of the fcc-TiN (and hcp-TiB2) phase(s) showed that with increasing B (or 

N) content, the diffraction peaks become broader until an amorphous-like pattern appears, which 

is mainly attributed to the formation of progressively smaller grains [20,23]. P.H. Mayrhofer [39] 

explained this grain refinement phenomenon as the result of segregation-driven renucleation 

processes, supported by Transmission Electron Microscopy (TEM) investigations, revealing the 

relatively randomly oriented nanocrystalline microstructure of as-deposited Ti–B–N thin films with 

high B concentrations (±30 at.%). Thermodynamically, the phase separation of fcc-TiN and hcp-

TiB2 is favored by a large miscibility gap observed in the equilibrium Ti–B–N phase diagram. Ti, 

N, and B atoms condense at the substrate surface during the deposition process and spontaneously 

nucleate. Surplus B segregates at the nucleation surfaces, forming disordered B-rich regions that 

encapsulate the growing crystallites. As a result, grain coarsening during coalescence is suppressed, 

initiating a continuous nucleation-segregation process that hinders subsequent grain growth (see 

Fig. 2.5): The B-enriched regions covering the TiN crystallites promote the formation of TiB2 

nuclei (favored by the extremely low solubility limit for N in TiB2). Renucleation of TiB2 is again 

inhibited as excess N and B continue to segregate to the surfaces of the TiB2 crystallites, forming 
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regions of h-BNx that cover the TiB2 grains and promote renucleation of TiN crystallites [39]. The 

resulting coating exhibited a randomly oriented arrangement of nanocrystalline TiN and TiB2 grains 

(2-3 nm) enclosed by a high volume fraction of a (softer) disordered (BTiyNx) phase. Although the 

TiN+TiB2 as-deposited thin films exhibited a remarkable nanoindentation hardness (𝐻=37 GPa), 

the best performance of the nanocrystalline TiN+TiB2 coatings occurred when the disordered 

phase decreased during the annealing process (43 GPa at 800 °C). 

 

 

Figure 2.5. A schematic cross-sectional view of a nanocrystalline Ti–B–N thin film illustrates the 
segregation-driven renucleation of TiN and TiB2 crystallites during film growth. In accordance with 
permission granted by P.H. Mayrhofer this figure has been reproduced from [39] 
 

Comparing the chemical composition of previously studied Ti–B–N coatings within the 

corresponding ternary phase diagram, it is observed that hard (and superhard coatings, 𝐻 > 40 GPa) are distributed along the TiN–TiB2 or TiN–TiB tie lines [35]. Conversely, the softer 

Ti–B–N coatings found along the TiN–BN or the TiB2–BN tie lines, centered within the TiN–

BN–TiB2 phase field, or closer to BN [35]. Although B alloying can significantly improve the 

mechanical properties (e.g., hardness, wear resistance, and thermal stability) of TiN-based coatings, 

achieving complete B solubility in the fcc-TiN lattice is challenging and less studied. Incorporation 

of B induces significant lattice distortions and increases the fcc-TiN lattice parameter, a=4.255 Å 

(calculated), due to the slightly larger covalent radius of B (0.84 Å) [40] compared to N 

(0.71 Å) [40]; as B replaces N in the fcc-TiN non-meal sublattice.  

Instead of fully achieving the desired effect of solid solution hardening when B is added, forming 

an fcc-Ti(N,B) solid solution is somewhat limited due to the segregation of B at the grain 

boundaries of the fcc-TiN crystallites during nucleation. Excess B forms secondary amorphous B-

rich grain phases or promotes the nucleation of nanocrystalline TiB2 grains alongside TiN, as 

previously described. Thus, most of PVD sputtered Ti–B–N coatings exhibit nanocrystalline 

morphology rather than the pronounced columnar growth commonly observed in PVD thin films, 

i.e., grain refinement strengthening [41,42].  

TiN
 

TiB2 
disordered phase 
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However, a decrease in hardness, 𝐻<30 GPa, in Ti–B–N thin films (compared to fcc-TiN) is 

mainly caused by the formation of secondary soft Ti or (amorphous) BN-rich grain boundary 

phases, the latter often observed when using reactive PVD sputtering. R. Hahn [35] has shown that 

the B content and the deposition route―comparing reactive and non-reactive DC magnetron 

sputtering―influence the phase formation and the resulting mechanical properties in PVD 

sputtered Ti–B–N coatings. Plasma analysis supported by mass spectrometry and X-ray 

photoelectron spectroscopy (XPS) revealed significant differences between the two deposition 

approaches.  Due to the deficient N+/(N++N2
+) ratio during reactive sputtering (compared to non-

reactive sputtering) and the oversupply of N2, reactively deposited Ti–B–N coatings typically result 

in a chemical composition distributed along the TiN–BN tie line. In contrast, non-reactive 

sputtering allows chemistries to follow the TiN–TiB2 line. These differences extend to the 

microstructural level, where non-reactively deposited Ti–B–N thin films generally exhibit increased 

hardness, 𝐻, Young's modulus, 𝐸, and fracture toughness, 𝐾�� , compared to reactively sputtered 

ones. However, the performance of reactive sputtered Ti–B–N coatings is optimized when soft 

(amorphous) BN-rich phases exist between coexisting TiB2 and TiN nano-crystallites in ~equal 

proportions (as previously mentioned in the text).  

 

Previous studies have extensively studied the ternary phase system of Ti–B–N coatings, offering 

valuable insights into the influence of B on the microstructure and mechanical properties of TiN-

based coatings. PVD sputtered Ti–B–N thin films typically exist as nanocomposites of TiN+TiB2 

and/or exhibit amorphous B-rich grain boundary phases rather than forming a single fcc-Ti(N,B) 

solid solution, caused by the limited solubility of B in the fcc-TiN lattice. High B content leads to 

smaller grains and the formation of disordered BN-rich regions that encapsulate the TiN and TiB2 

crystallites or if less (amorphous) B accumulates at the TiN grain boundaries. In both cases, 

segregation-driven processes inhibit coalescence and grain coarsening. Non-reactive sputtering 

generally results in Ti–B–N coatings with improved mechanical properties compared to fcc-TiN 

or reactive sputtering. This thesis investigates the less studied solubility of B in TiN-based thin 

films and its effects on mechanical properties. Examining chemistries along the TiN–TiB2 and 

TiN–TiB tie-lines show that ~10 at.% B can be fully incorporated into the fcc-TiN lattice without 

forming other B-containing (amorphous) phases, significantly outperforming the hardness, 𝐻, and 

fracture toughness, 𝐾�� , of fcc-TiN. Assisted by ab initio calculations, the significance of the spatial 

requirements for fully incorporating B within the fcc-TiN lattice is highlighted.  
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2.2 Phase Formation and Stability in Solid Solutions 

Given that most materials of interest in materials science exist in a crystalline solid phase, a 

homogeneous mixture of one or more elements (e.g., B) within the crystal lattice of another 

material (e.g., fcc-TiN) is defined as a solid solution [43]. The term "solution" implies that the added 

components are dispersed at the atomic level within the lattice. The solubility of the element can 

vary from near insolubility, where the added element is minimally able to mix with the host lattice, 

to full miscibility, where the added element can disperse uniformly throughout the entire 

concentration range. 

Understanding phase formation and stability in solid solutions is critical to the design of materials 

with desired properties. The Gibbs Phase Rule proposed by J.W. Gibbs in 1876 [44] is fundamental 

in predicting the number of phases that can coexist in equilibrium. For binary systems, the number 

of phases, 𝑃, in equilibrium is given by 𝑓 = 𝑛 − 𝑃 + 2 

where 𝑛 is the number of components and 𝑓 denotes the degrees of freedom (e.g., temperature, 𝑇, pressure, 𝑝, or composition, 𝑥. A component is defined as a chemically distinct species or element 

that cannot be broken down into simpler parts. For example, studying the phase formation of Ti–

B–N thin films 𝑛 depends on whether the system is considered a quasi-binary system (TiN+TiB2 

or TiN+TiB) or a ternary system (Ti+B+N). Their Gibbs free energy, 𝐺, determines the 

thermodynamic stability of these phases,  𝐺 = 𝐻 −𝑇𝑆 

combining enthalpy, 𝐻, and entropy, 𝑆. In thermodynamic equilibrium, the state of minimum 

Gibbs free energy, represents the most stable configuration of the material system, i.e., at a fixed 

temperature, 𝑇, and constant pressure, 𝑝, the system will tend to adjust its composition or phase 

structure to minimize its Gibbs free energy 𝐺 → 𝐺.*/. When forming a solid solution (e.g., 

TiN+TiB2), ∆𝐺.*4 refers to the Gibbs free energy of mixing, ∆𝐺.*4 = ∆𝐻.*4 − 𝑇∆𝑆.*4 

where ∆𝐻.*4, is the mixing enthalpy and ∆𝑆.*4 is the mixing entropy. For a single pure element 

(with respect to decomposition to the same pure element) ∆𝐺.*4  is typically considered to be zero. 

A negative ∆𝐺.*4 value indicates that the mixed state (i.e., the solid solution) is energetically more 

favorable than its constituents. 

(2.2) 

(2.3) 

(2.4) 
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Figure 2.6. Schematic quasi-binary phase diagram along the TiN–TiB tie line in the Ti–B–N 
ternary phase diagram of interest in this thesis. The α-phase is representative for fcc-TiN, the β-
phase is hcp-TiB2, and the γ-Phase is hcp-Ti. TS indicates the melting temperature for fcc-TiN, 
hcp-TiB2, and hcp-Ti, respectively and L is the liquid phase field. The B concentration increases 
from left to right while the N concentration decreases.  
 

Phase diagrams provide a graphical representation of the equilibrium phases in a material system 

(see in Fig. 2.6. an example for a quasi-binary phase diagram in the Ti–B–N system). In a typical 

binary phase diagram, the regions depict the stable phases as a function of temperature, pressure 

(y-axis) and chemical composition (x-axis) [43]. Each phase can be associated with an energy of 

formation, ∆𝐸(, quantifying the energy change when the phase is formed from its constituents. ∆𝐸( can be either negative or positive, depending on whether the phase formation gains or costs 

energy. To interpret the thermodynamic phase stability of a (ternary) material system, the ∆𝐸( of 

all possible combinations of phases must be considered [45–47]. The convex hull connects the 

points in the phase diagram with the lowest-energy state. Any composition that lies directly on the 

convex hull is considered thermodynamically stable under the given conditions, while less 

energetically favorable compositions represent metastable states. Even when the structural 

arrangements are not aligned with the lowest-energy states—akin to points above the convex 

hull—metastable solid solutions may persist due to kinetic barriers that impede their transition to 

the thermodynamically stable configuration. 
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2.3 Hume-Rothery Rules  

If the mixing of atoms from components A and B decreases the system's overall energy, ∆𝐺.*4<0, 

indicating that the process is energetically favorable. This typically occurs when A and B have 

similar sizes and chemical properties, allowing them to mix uniformly within the crystal lattice 

without significant strain or disruption. The arrangement of A and B determines the type of solid 

solution that forms. There are two main types [43]: 1. interstitial solid solutions or 2. substitutional 

solid substitutions. In interstitial solid solutions, the alloyed atoms occupy the interstitial sites of 

the host lattice. This arrangement is only feasible for atoms with small atomic radii, such as H, B, 

C, and N. As the interstitial sides are―nevertheless―too small, the incorporation of atoms causes 

elastic lattice distortions, leading to an (energetically unfavorable) increase in G. Consequently, the 

solubility limit is reduced, promoting the formation of other (secondary) phases. Most binary 

systems form substitutional solid solutions where A replaces B in the lattice. While some material 

systems exhibit unlimited solubility over the entire concentration range. However, many multi-

component systems also show a miscibility gap, where solubility is limited at specific compositions 

and the system separates into two phases. This limitation occurs whenever A and B crystallize in 

different lattices.  

The ability to form a substitutional solid solution is governed by the Hume-Rothery rules [48,49]: 

i) The atomic radii of the solvent and solute atoms should be similar (with a size ratio >15%). ii) 

The electronegativities of the atoms of the solvent and of the solute should be similar. iii) The 

number of valence electrons per atom (valence electron concentration) should be similar for 

solvent and solute elements. For an interstitial solid solution this rule applies if the solute has a 

radius less than 59% of the solvent. In the case of a significant difference in atomic size between 

A and B, the elastic energy required to incorporate A into the lattice of B is increased, making the 

formation of a substitutional solid solution less energetically favorable. As the electronegativity 

difference between A and B becomes larger, the formation of stoichiometric intermetallic phases 

is favored. Intermetallic phases typically form when the elements involved have significantly 

different electronegativities and exhibit strong chemical bonding and high thermodynamic stability. 

Consequently, the formation of such stable intermediate phases limits the solubility of the alloying 

elements within the solid solution. In practice, it is often observed that elements with a higher 

number of valence electrons have lower solubility than those with fewer valence electrons. 

According to the Pauli exclusion principle of quantum theory, an electron, a fermion (a particle 

with a half-integer spin), cannot occupy the same quantum state as the other electron and must, 

therefore, "stack" within an atom. Once the critical valence electron density (number of valence 

electrons per atom) is reached in crystalline materials, the energy required to accommodate 
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additional electrons increases significantly. However, this critical valence electron density varies 

depending on the crystal structure; for example, it is higher in the body-centered cubic (bcc) lattice 

than in the fcc lattice. Consequently, when the critical valence electron concentration (VEC) is 

reached in an fcc solid solution by adding an atom with a high number of valence electrons, the 

bcc structure becomes energetically favored and more stable than the fcc structure as the alloying 

concentration is further increased. 
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3 Physical Vapor Deposition 

Physical Vapor Deposition (PVD) refers to processes that specialize in depositing thin films on 

surfaces to be modified [50]. Operating solely on physical mechanisms, PVD methods involve first 

transferring the target material into the gas phase. Subsequently, the vaporized target species are 

transported through a vacuum process chamber and deposited onto a substrate surface through 

condensation, where nucleation and film growth commence. The vaporization of the target 

material distinguishes between different PVD processes, including thermal energy supply and 

sputtering, the latter achieved by bombarding the target surface with ions of process gas accelerated 

in an electric field. PVD sputtering is a versatile and highly beneficial technique in materials science 

and design, offering numerous advantages for creating thin film materials with outstanding 

properties, often surpassing those of bulk materials. One of the most significant advantages of 

PVD sputtering is its compositional versatility. By depositing coatings from atoms or ions in the 

gas phase, PVD allows for the formation of thin films with diverse compositions and structures. 

This versatility 1. enables the deposition of coatings made from a wide range of materials, including 

metals, alloys, borides, nitrides, oxides, and carbides, 2. provides flexibility in materials selection 

for specific applications, including protective coatings for tools (e.g., TiN, CrN, TiAlN), conductive 

or insulating coatings in microelectronics (e.g., TiN, Al, SiO2), and applications in the automotive 

industry, microelectronics, and optical and decorative purposes [51]. Unlike traditional synthesis 

routes driven by equilibrium thermodynamics, PVD operates at the intersection of rapid kinetics 

and controlled deposition conditions. By subjecting materials to high cooling rates during 

deposition, PVD overcomes thermodynamic constraints and enables kinetic control of phase 

formation and stabilization [52]. 

 

3.1 The Principle of Sputtering 

Plasma-assisted sputtering takes place within an evacuated chamber, typically maintained at 

pressures ranging from 0.1 to 5 Pa. In a low-pressure environment such as a vacuum chamber, the 

mean free path, 𝜆, of the sputtered species―the average distance they can travel before colliding 

with another particle―is significantly extended to a few millimeters, facilitating a uniform and 

controlled deposition process. The mean free path, 𝜆,  of an atom with radius, 𝑟, at a given pressure, 𝑝, can be calculated from 

𝜆 = 𝑘√2𝜋4𝑟
𝑝 (3.1) 



 3 Physical Vapor Deposition 

15 
 

Inside the vacuum chamber, two electrodes (cathode and anode) are arranged with a specific 

distance, 𝑑, between them, where the cathode contains the target material to be atomized and the 

anode holds the substrate on which the material will be deposited. Prior to initiating the sputter 

process, an inert working gas, typically argon (Ar), is injected into the evacuated chamber. to 1. 

provide a medium for transferring energy within the electric field to the cathode, 2. maintain the 

plasma discharge, and 3. facilitate the transport of sputtered atoms or molecules to the substrate  

[2,52]. When a high electric field is applied between the electrodes the Ar atoms within the chamber 

become ionized, generating a plasma by glow discharge. The positively charged Ar+ ions in the 

plasma are accelerated toward the target surface and collide with the target material. At the moment 

of impact, the Ar+ ions transfer their momentum to the atoms near the target surface. In inelastic 

collisions, secondary electrons are emitted, whereas in elastic collisions, the target atoms transfer 

momentum to adjacent atoms. These subsequent collisions propagate through the material (i.e., 

collision cascade), causing atoms to be ejected from the target surface. This high-energy 

bombardment heats the target material, with ~95% of the collision energy being converted into 

heat. To prevent damage to the cathode and to limit chemical reactions and/or thermal expansion 

of the target material, the cathodes is equipped with a cooling water system. 

After ejection, the released atoms are transferred to the gas phase and arrive at the substrate surface 

at a specific angle and with some loss of initial energy, following a collision-induced trajectory. The 

incoming atoms condense on the substrate, leading to film growth driven by surface diffusion and 

nucleation processes. If all components are obtained by evaporation of a condensed phase (i.e., 

compound target) in an inert working gas atmosphere, these processes are referred to as non-reactive. 

If one or more components of a composite coating are additionally introduced into the PVD 

chamber via a reactive gas (e.g., N2, O2, C2H2), these processes are referred to as reactive. Fig. 3.1 

provides a detailed overview of the basic principles of sputtering and illustrates the various 

processes involved. The reactive sputtering process is controlled by adjusting the partial pressure 

of the reactive gas and the power applied to the metallic target.  

Insufficient diffusion on the surface and at the grain boundaries, together with atomic shading 

effects, may cause defects such as pores or tensile stresses and increased surface roughness, which 

can significantly affect the quality of the coating. The deposition process can be improved by 

substrate rotation, substrate heating, and substrate bias voltage. Substrate rotation ensures uniform 

deposition conditions and film thickness, limiting atomic shadowing effects [3]. Substrate heating 

increases the adatom mobility, resulting in a denser microstructure and better substrate adhesion. 

The application of a negative potential (bias voltage) across the anode facilitates the bombardment 

of the target surface by positive Ar+ ions (similar to the ion bombardment of the target). The energy 
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of the bombarding ions can be controlled by adjusting the voltage, to enhances the surface mobility 

and film growth morphology (e.g., grain size), to reduce residual stresses, and to vary the 

composition [3]. Controlling (and adjusting) deposition parameters such as target power, gas flow 

rates, and substrate temperature is paramount to produce high-quality, uniform films with desired 

properties tailored for various applications, such as wear-resistant coatings or decorative finishes. 

 

 

Figure 3.1. The basic principles of reactive (left) and non-reactive (right) sputtering are illustrated 
by the formation of fcc-TiN, summarized from the lectures in Surface Technology given by P.H. 
Mayrhofer [1]. 
 

In non-reactive DC sputter deposition, a compound target material such as TiN is bombarded with 

high-energy ions from a plasma, typically generated by applying a direct current (DC) voltage to an 

inert gas such as Ar. The Ar+ ions collide with the TiN target, causing Ti and N atoms to escape 

(i.e., sputtered) from the target surface. These sputtered Ti and N atoms then travel through the 

vacuum chamber and are deposited on the substrate, forming am fcc-TiN thin film. Reactive 

sputtering is a similar process, but a reactive gas, such as N2, is added to the inert working gas. As 

Ti atoms are sputtered from the metallic Ti target, they react with the N2
+ ions in the plasma and 

form as fcc-TiN compound on the substrate. However, these reactive gas species can also undergo 

chemical reactions with the target material (i.e., target poisoning). Target poisoning scientifically 

impact on the sputtering process, especially when depositing insulating films (e.g., AlN, Al2O3) 
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[citation]. In such cases, the buildup of reaction products on the target surface (see Fig. 3.1) can 

alter its conductivity and interfere with the sputtering process (e.g., deposition rate). Understanding 

and mitigating the effects of this phenomenon is often accomplished by recording hysteresis curves 

[citation]. However, schieving a stable process for non-reactively depositing insulating compounds 

(e.g., BN, AlN, Al2O3) using DC power is not possible and requires pulsed DC modes. Key 

parameters for controlling pulsed DC sputtering include the pulse frequency, 𝑓, in kHz and the 

pulse width, 𝑡0/, typically in µs. The pulse duty cycle, 𝐷, defines the ratio of the pulse on time, 𝑡0/, 

to the total pulse period (𝑡0/+ 𝑡0((). The effective power delivered to the target during each pulse 

period depends on the voltage applied to the target, 𝑉, the duty cycle 𝐷, and the pulse frequency, 𝑓. While it is possible to sputter non-conductive targets with high-end generators operating in 

pulsed mode, these processes typically yield very low sputtering rates compared to conventional 

DC sputtering. Additionally, they often require higher process gas pressures to maintain the plasma. 

Therefore, only thin films with final thicknesses of a few hundred nanometers can be achieved 

within a reasonable deposition time. These deposited coatings are predominantly amorphous, with 

properties (such as hardness) significantly lower than expected if they were cubic crystalline. 

 

3.2 Sputter Yield 

Sputter yield, 𝑆#, is defined as the average number of atoms removed from the target surface per 

incident ion (𝑆#≈1–3) and reflects how effectively target atoms are ejected when bombarded by 

impinging ions. A higher sputter yield means that material is more efficiently removed from the 

target, resulting in a faster deposition rate. 𝑆# can be expressed as [52,53] 

𝑆# = 34𝜋
 ∙ 𝛼2 ∙ 4 ∙ 𝑚* ∙ 𝑚%(𝑚* + 𝑚%)
 ∙ 𝐸*𝑈0 

and therefore increases to a limited extent with increasing energy of the incident ions, 𝐸* , which in 

turn depends on the applied power to the sputter target and the process pressure. A high processes 

pressure reduces the kinetic energy of the charged species due to more frequent collision events. 

If 𝐸* exceeds a specific threshold and the incident ions penetrate deeper into the target material, 

most of 𝐸* is spent for penetration rather than being transferred to the target atoms. When the 

momentum/energy transfer becomes less than the surface binding energy, 𝑈0, (i.e., the energy 

threshold that must be overcome to release an atom from the top surface layer in vacuum during 

the sputtering process), then 𝑆# rapidly decreases [54]. However, lowering the working gas 

pressures decreases the number of electrons and ions available for bombardment or impact 

(3.2) 
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ionization. 𝛼2 represents the sputtering yield coefficient and depends on the incident angle, Ɵ, of 

the Ar+ ions normal to the target surface (see Fig. 3.1). 𝑆# typically increases up to an angle of 

~60―70 degrees [52]. At grazing angles, the ions are more likely to glance off the target surface 

without causing significant sputtering. In collisions between incident ions and target atoms, the 

energy transfer is more efficient when if the mass of the ion, 𝑚* , is equal to the mass of the target 

atom, 𝑚% . The mass effect on 𝑆# is therefore at its maximum when 𝑚*=𝑚% [53]. 

 

3.3 DC Unbalanced Magnetron Sputtering 

Magnetrons provided a breakthrough solution to the sputtering rate limitations of diode sputtering. 

The principle of direct current (DC) Magnetron sputtering is based on confining electrons near the 

target surface using a combination of electric, 𝑬, and magnetic fields, 𝑩. The (unbalanced) 

magnetron shown in Fig. 3.2 is equipped with a central magnet (S-pole) positioned below the target. 

This central magnet is surrounded by magnets of opposite polarity (N-pole). This configuration 

generates arc-shaped magnetic field lines on the surface as current flows through the target. The 

DC power source maintains a stable potential difference between the target material (cathode) and 

the substrate (anode), accelerating the positively charged process gas ions towards the target surface 

for sputtering [52,53].  

The orthogonal alignment of 𝑬 and 𝑩 induces an 𝐸𝐸×𝐵𝐵 drift that forces the sputtered secondary 

electrons to a two-dimensional, helical trajectory parallel to the target surface and perpendicular to 

the magnetic field lines (Lorentz force). The electrons are subsequently accelerated toward the 

anode due to the high electric field strength. In the region near the edge of the negative glow region, 

the electric field strength decreases. If the magnetic field lines are perpendicular to the electric field, 𝑬, in this region, the resulting Lorentz force, 𝑭 𝑭 = 𝑞(𝑬 + 𝒗 ×  𝑩) 

causes the electrons with charge, 𝑞, and velocity, 𝒗, to follow an arcuate path back to the target 

surface and to be accelerated again toward the anode. 

An electron can break free from its orbit by impact ionization, i.e., collision with an process gas 

atom (e.g., Ar) at the edge of the negative glow region [52,53]. Concentrated in this region, the 

ionized Ar+ ions rapidly move to the target surface forced by the electric field, 𝑬, and deplete the 

target material along a defined erosion profile, technically known as racetrack .  

 

(3.3) 
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Figure 3.2. Illustration of the unbalanced magnetron sputtering system similar to the machine 
“Ylvi” used in this thesis for the deposition of various Ti–B–N thin films. The setup includes a 
switch box (on the left side) to control 1. the deposition parameters (e.g., sputter mode: DC or 
pulsed DC, target current, substrate bias, temperature), 2. the vacuum system (including a rotary 
vane pump for pre-vacuum and a turbomolecular pump for reaching high vacuum conditions), and 
gas mass flow controls for the working and reactive gases during sputtering. *Notably, the supply 
of acetylene gas, C2H2, requires additional safety adjustments. 
 
The advantage of using a magnetron assembly in PVD sputtering is twofold: it traps the electrons 

close to the target surface, and it increases the number of secondary electrons available to ionize 

the process gas, thus requiring less Ar atoms (i.e., lower process gas pressure) to sustain the plasma. 

As a result, the vaporized target atoms experience fewer collisions, i.e., more energetic target atoms 

condense on the substrate surface, positively impacting both the deposition rate and the density of 

the deposited thin film.

N NS

working gas

substrate heating
BIAS generator

DC generator

reactive gas

Ar

N2O2C2H2
*

*

**

**
Turbomolecular pump (±10-6mbar)

Acetylene only in FRIDA No substrate Rotation possible in YLVI



 4 Thin Film Characterization 

20 
 

4 Thin Film Characterization 
Modern high-performance coatings are constantly opening up new areas of application with ever-

increasing requirements, thus necessitating a comprehensive analysis of their material properties. 

The characterization of thin film materials is therefore one of the main tasks―common to all fields 

of materials science―providing valuable insights into the structure, composition and (mechanical) 

properties of a layered material, which is essential for targeted improvements and for making 

informed decisions during design, synthesis and processing. Although it is not the intention of this 

thesis to describe in detail all techniques and principles of thin film characterization, it should be 

noted that this methodology section "Thin Film Characterization" is limited to the main methods 

implemented in the thesis.  

 

4.1 X-ray Diffraction 

The crystalline structure of ceramic thin films is of greatest interested as in the crystal structure of 

a material all its properties are embedded. Since the demonstration of X-ray diffraction on crystals 

in 1912, this technique has become a fundamental tool in the fields of physics, crystallography, and 

materials science [55–57]. X-ray diffraction is a non-destructive method used to study fundamental 

aspects in materials science including 1. crystal structure and phase composition, 2. crystallite 

orientation distribution (texture), 3. orientation-dependent shape and size of coherently diffracting 

domains, and 4. 1st, 2nd, and 3rd order internal strains [58]. The technique is based on the interaction 

between short-wavelength X-rays, comparable to atomic distances within the crystal, and the 

electrons in the crystal lattice. For example, the effective wavelength, 𝜆, of the copper (Cu) K𝛼,β 

radiation used for the laboratory X-ray diffraction experiments in this thesis is ~1.54 Å.  

W.C. Röntgen discovered X-rays (“X” for unknown) in 1895 [59] and was awarded the first Nobel 

Prize in Physics for this discovery in 1901. X-rays can be understood as massless electromagnetic 

waves with wavelengths in the range of about 0.001–10 nm, propagating at the speed of light 

(𝑐≈3×108 m/s). The technically relevant energy range for X-rays is between 3 keV and 500 keV. 

Modern X-ray sources such as synchrotrons, which produce high-energy and high-intensity 

radiation, can generate X-rays with energies up to several hundred keV. Radiation generated in X-

ray tubes consists of two main components: 1. characteristic X-rays and 2. bremsstrahlung. In 1911, 

J.E. Lilienfeld [60] developed the thermionic (hot cathode) tube technology which operates on the 

principle of thermionic emission and is still in use today: Electrons are emitted from a heated 

tungsten filament (cathode), and subsequently accelerated toward a metallic target material (anode), 
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under the influence of an applied high voltage, typically in the kV range. Upon reaching the target, 

the high-speed electrons are decelerated by the strong electric field of the positively charged target 

nuclei. This abrupt deceleration causes the electrons to emit the energy difference in the form of 

high-frequency electromagnetic radiation with a continuous energy spectrum (bremsstrahlung). 

Some of the accelerated electrons can also knock out inner-shell electrons from the atoms of the 

target material. As outer-shell electrons transition to fill these vacancies, characteristic X-rays are 

emitted. These characteristic X-rays have discrete energies specific to the element of the target 

material and are used for X-ray diffraction. Notably, most of the energy produced in this process 

is converted into heat, highlighting the need to cool the anode during operation. In X-ray 

diffraction experiments, the K radiation of metals (either Cr, Fe, Co, Ni, Cu, or Mo) is typically 

used [61].   

The X-ray beam emitted from the X-ray tube diverges; therefore, it is imperative to engineer the 

beam guidance system to focus partial beams. Focusing is essential for reliably observing weak and 

low-intensity diffraction phenomena. In numerous applications, X-rays are still detected using 

point detectors. All focusing techniques rely on Thales' theorem, which asserts that the apex angle 

remains constant in all triangles inscribed within a circle via a common secant. In the Bragg-

Brentano geometry [62], in Fig. 4.1, the tube focus, sample, and detector are positioned on a 

focusing circle, with the radius of the circle decreasing as the diffraction angle increases. Only 

crystallites with lattice planes parallel to the surface meet the diffraction criterion [61].  

 

 

Figure 4.1. Schematic representation of the basic principle of X-ray focusing, showing the beam 
path for the divergent primary beam and the detector beam at two different diffraction angles, Ɵ, 
in a Bragg-Brentano geometry (θ-θ goniometer). Adapted from [61]. The sample is stationary and 
horizontally aligned while the X-ray tube and detector move around the sample along the 
goniometer circle. 
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4.1.1 Phase Analysis 

Polycrystalline thin film samples always consists of randomly oriented small crystallites, the grains. 

A crystallite is a small single crystal and is characterized by its orientation expressed by the Miller 

indices ℎ, 𝑘, 𝑙. In the ideal polycrystalline material, all orientation vectors are statistically randomly 

distributed. Each crystal structure, representing a particular crystalline phase, is characterized by a 

unique arrangement of lattice planes with specific interatomic distances that can be examined using 

X-ray diffraction [63,64]. When a polycrystalline coating is subjected to a monochromatic incident 

X-ray beam, these lattice planes produce a series of diffraction cones.  In a laboratory powder XRD 

setup, the arrangement of lattice plane spacings is analyzed by conducting a radial scan across the 

diffraction cones. This scan generates a plot of diffraction intensity, 𝐼, against the diffraction angle 2𝜃. Intensity peaks occur when a diffraction cone is intersected, thereby fulfilling the Bragg 

condition [65]  𝑛𝜆 = 2𝑑),-  𝑠𝑖𝑛 𝜃 

for a specific lattice plane family, where 𝑛 is the order of the diffraction peak, 𝜆 is the wavelength 

of the incident monochromatic X-ray beam, 𝑑),- is the lattice plane spacing, and 𝜃 is the Bragg 

angle (see Fig. 4.2). Another prerequisite is that the structure factor [63,64] of the lattice plane 

family is not equal to zero, as destructive interference can occur in specific directions. These 

directions (hkl), where this peak extinction occurs, depend on the Bravais lattice (there are 14) of 

the specific crystal structure. 

 

Figure 4.2. The schematically drawn Bragg condition explains how incident X-rays undergo 
diffraction when the difference in path lengths between waves scattered at various lattice planes is 
a multiple, 𝑛, of the X-ray wavelength 𝜆, with 𝐴𝐷𝐶ffffff = 2𝑑),-  𝑠𝑖𝑛 𝜃 (marked in orange). This 
condition, coupled with the structure factor, which permits constructive interference of scattered 
X-ray wave fronts, leads to diffraction.  

(4.1)
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The extinction rule for face-centered cubic crystals (e.g., fcc-TiN) implies that diffraction peaks are 

extinguished when the sum of the Miller indices ℎ, 𝑘, 𝑙 of the reflecting lattice plane distances, 𝑑),- , result in an even number, i.e., intensity peaks are observed when the sum is an odd number. 

This rule derives from the inherent symmetry properties of the fcc crystal structure. 

 

4.1.2 Peak Analysis 

Peak analysis serves as a valuable tool for studying the crystal structure of as-deposited 

polycrystalline thin films (e.g., phase transformations, defect and growth morphology, residual 

stresses, or texture) and structural changes induced by external treatments such as annealing, 

oxidation, or corrosion [61,63]. Several parameters are commonly used to characterize the intensity 

peaks observed in diffraction patterns, including peak position, 2𝜃, the intensity, 𝐼, which correlates 

with the number of diffracted X-rays from the crystal lattice, the width of the peak at half of its 

maximum intensity (FWHM), the peak geometry including shape, area and asymmetry. The most 

important features of the peak analysis are illustrated in Fig. 4.3. 

 

 

Figure 4.3. Illustration of the key parameters used for peak analysis of an XRD pattern. The peak 
position, 2𝜃, identifies the specific lattice plane distances, 𝑑),- , while the peak intensity, 𝐼, reflects 
the relative abundance of the crystalline. The peak shape provides insight into the microstructural 
properties of the sample. The Full Width at Half Maximum (FWHM) is the peak with and is 
measured at half the maximum peak intensity. Background Fitting adjusts for baseline noise to 
ensure accurate peak fitting. Peak shifts indicate changes in lattice parameters due to composition 
or residual stress, and peak broadening, seen as an increase in FWHM, can result from smaller 
crystallite sizes or increased lattice strain. 
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The most important features of the peak analysis are illustrated in Fig. 4.3. The initial step in 

analyzing diffraction patterns is background fitting, which involves subtracting the background 

signal from the recorded diffraction pattern to enhance the accuracy of subsequent analyses. The 

peaks within the diffraction pattern can be identified using databases to find the reference pattern 

that matches the crystalline phase(s) of the sample. Measuring the positions of these peaks helps 

to identify the specific lattice plane distances or peak shifts. Peak fit analysis employs mathematical 

functions, such as Pearson VII and pseudo-Voigt, to model the shape of diffraction peaks. These 

functions facilitate the accurate fitting and analysis of peaks, thereby enabling the extraction of 

detailed information about the crystalline material. The measurement of FWHM and peak 

asymmetry reveals details on crystallite size and residual stresses within the coating material. Smaller 

FWHM values indicate larger crystallite sizes and/or lower strain. Peak intensity analysis offers 

insights into the relative abundance of different phases and possible preferred orientation (texture) 

in the sample.  

 

4.1.3 Synchrotron X-ray Diffraction  

Using laboratory equipment, X-ray diffraction measurements are typically confined to the surface 

regions of samples because only reflection geometry is used and the penetration depth of laboratory 

X-ray tubes is limited to a few micrometers. The spatial resolution required for the study of 

nanostructured thin films is limited by 1. the beam size and 2. the challenge of deconvoluting 

information from different penetration when performing X-ray diffraction experiments in 

reflection geometry [63,66]. A main factor is the brilliance of the X-ray source, including the photon 

flux density and beam alignment (e.g., parallelity, and monochromaticity. Conventional laboratory 

X-ray sources are significantly limited by their brilliance, i.e., they can produce small beam 

diameters of a few micrometers, but this comes at the cost of beam intensity. For X-ray diffraction 

experiments requiring sub-micrometer or nanometer beam diameters while maintaining high 

intensity, a synchrotron light source is necessary. Synchrotrons offer a brilliance that is several 

orders of magnitude higher than laboratory sources. Additionally, synchrotron facilities allow the 

use of transmission geometry due to the availability of higher photon energies, enabling greater X-

ray penetration depths [66–68]. Synchrotron facilities are indispensable for in-situ micromechanical 

testing due to their brilliant and highly focused X-ray beams. Only the use of synchrotron X-rays 

allows real-time monitoring of material behavior at the sub-micro- or nanoscale to investigate the 

internal strains and stresses of the sample [69–73], while the high spatial resolution guarantees 
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precise recording of the material response under different loading conditions for different 

crystallographic lattice plane families. 

In a synchrotron X-ray microdiffraction experiment performed in transmission geometry, the 

diffraction cones are collected by a 2D detector positioned perpendicular to the incident X-ray 

beam [74–77]. The resulting Debye-Scherrer rings in Fig.4.4 reflect the sequence of peaks observed 

in a conventional laboratory (θ-2θ) scan, where the sample is rotated with respect to the incident 

X-ray beam while the detector remains stationary. Azimuthal integration of these rings using the 

DPDAK software package [78] produces a data set similar to a 1D (θ-2θ) scan. This integration 

process is performed for all 2D diffraction patterns acquired during the experiment and requires 

further data processing depending on the type of experiment. 

 

 

Figure 4.4. Debye-Scherrer Rings recorded for the {hkl}-plane families {111}, {200}, and {220] 
for a TiN0.8B0.2 cross-sectional thin film sample. The integration involves summing up the intensity 
values of diffraction spots at angle 𝛿 around the beam center. 

 

4.1.4 X-ray Diffraction Stress Analysis 

X-ray diffraction can further be used to probe the first-order strains (macrostrains), considering 

the elastic expansion and contraction of the crystal lattice and the resulting changes in lattice plane 

spacing [56,57,63,79]. X-ray diffraction measures only elastic strains, allowing direct conversion to 
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corresponding stresses if the elastic properties of the material are known. This method measures 

only elastic strains, allowing direct conversion to corresponding deviatoric stresses if the elastic 

properties of the material are known. When testing ceramic thin films, which are characterized by 

predominantly elastic failure, it is reasonable to assume elastic material behavior during testing. 

Accurate determination of the unstrained lattice parameter, 𝑑�),- , is crucial when calculating the X-

ray elastic strain, 𝜀�����(𝑦, 𝑧) from 

𝜀�����(𝑦, 𝑧) = 𝑑�����(𝑦, 𝑧) − 𝑑����𝑑����  

 

where 𝑑�����(𝑦, 𝑧) is the measured lattice spacing for a specific {ℎ𝑘𝑙} plane family in the direction 

of 𝑦 and 𝑧. In a synchrotron X-ray diffraction experiment using transmission geometry, it is 

practical to use coordinates corresponding to the detector system, such as the diffraction angle, 𝜃, 

and the azimuthal angle, 𝛿, of the Debye-Scherrer ring. The fundamental equations for X-ray strain 

determination [79–81] to relate the X-ray elastic strain measurements, 𝜀�����(𝑦, 𝑧), to the total triaxial 

strain can be expressed as 𝜀�����(𝑦, 𝑧) = sin� 𝜃𝜀�����(𝑦, 𝑧) + cos� 𝜃 sin� 𝛿𝜀�����(𝑦, 𝑧) + cos� 𝜃 cos� 𝛿𝜀�����(𝑦, 𝑧)− sin 2𝜃 cos 𝛿 𝜀�����(𝑦, 𝑧) + cos� 𝜃 sin 2𝛿 𝜀�����(𝑦, 𝑧) − sin 2𝜃 sin 𝛿 𝜀�����(𝑦, 𝑧) 

Here, 𝜀44),-(𝑦, 𝑧) and 𝜀55),-(𝑦, 𝑧) denote the unknown in-plane strain components with respect to 

the measures specimen and 𝜀66),-(𝑦, 𝑧) is the third unknown normal strain component in the out-

of-plane (axial) direction. In the synchrotron experimental geometry, 𝜀44),-(𝑦, 𝑧)  is the normal 

strain component parallel to the incident X-ray beam. 𝜀64),-(𝑦, 𝑧), 𝜀65),-(𝑦, 𝑧), and 𝜀45),-(𝑦, 𝑧) are 

the unknown shear strain components. If the material under investigation exhibits elastic isotropy 

on a macroscopic scale, the strain state can be related to the corresponding stress state using 

Hooke's law: 

 𝜀97),-(𝑦, 𝑧) = 𝑠	),-q𝜎44(𝑦, 𝑧) + 𝜎55(𝑦, 𝑧) + 𝜎66(𝑦, 𝑧)r+ 12 𝑠
),- {sin
 𝜃 𝜎44(𝑦, 𝑧) +  cos
 𝜃 sin
𝛿 𝜎55(𝑦, 𝑧)+ cos
 𝜃 cos
𝛿 𝜎66(𝑦, 𝑧) |
+ 12 𝑠
),- {− sin 2𝜃 cos 𝛿 𝑥(𝑦, 𝑧) + cos
 𝜃 sin 2𝛿 𝜎65(𝑦, 𝑧) − sin 2𝜃 sin 𝛿 𝜎45(𝑦, 𝑧) | 

(4.3)
 

(4.4)
 

(4.2)
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were 𝜎*+(𝑦, 𝑧) are the unknown stress components and 𝑠	),- and 	
 𝑠
),- are the {hkl}-dependent 

diffraction (X-ray) elastic constants (DECs) of the material [63,79]. If the material also exhibits 

crystallographic elastic isotropy, the DECs are related to the overall elastic properties of the 

material, expressed in terms of Young's modulus, 𝐸),- , and Poisson's ratio, 𝜈),- , as follows: 

𝑠	),- = − 𝜈),-𝐸),-  
and 12 𝑠
),- = 1 + 𝜈),-𝐸),-  

For most materials, the strain evaluated depends on the specific lattice plane family {hkl}, even for 

a polycrystalline material with a randomly oriented crystallographic texture. To address this, model 

that consider grain interaction [82–87] provide DECs with different values for different lattice 

plane families {hkl}, especially when calculated for materials that exhibit crystallographic elastic 

anisotropy. 

In practice, Eq. (4.4) can be significantly simplified by assuming certain stress components are zero 

or equal. For instance, if we assume an uniaxial stress state with only stresses in the axial, z-

direction, Eq. (4.4) reads 

𝜀97),-(𝑦, 𝑧) = 12 𝑠
),-𝜎66(𝑦, 𝑧) sin
 𝛿 + 2𝑠	),-𝜎66(𝑦, 𝑧) 

The stress state in the in-situ micropillar compression testing experiment performed in this thesis 

is assumed to uniaxial, where the pillar is compressed along a single axis, allowing for detailed 

investigation of material behavior under specific loading conditions. The evaluation procedure for 

this experiment is provided in greater detail in Chapter X. 

 

4.2 Imaging Techniques 

In materials science, our understanding of materials is built on the ability to visualize and image 

samples. From the macroscopic level down to the atomic scale, imaging techniques allow 

researchers to peer into the structure of materials, providing insight into how atoms are arranged 

and how these arrangements affect the material's properties. Researchers can obtain information 

about grain boundaries, defects, cracks, and morphology by taking high-resolution images of 

material surfaces and interfaces to characterize materials in unprecedented detail. Such insight is 

(4.5)
 

(4.6)
 

(4.7)
 (4.7)
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essential to characterize and locate these flaws, which can profoundly affect material performance 

in real-world applications. The revolutionary invention of the scanning tunneling microscope 

(STM) by Gerd Binnig and Heinrich Rohrer [88] (who shared the 1986 Nobel Prize in Physics with 

Ernst Ruska) is one of the most notable advances. This groundbreaking instrument revealed the 

intricate atomic-scale behavior and crystal growth mechanisms that had previously been hidden 

from sight. Similarly, the transmission electron microscope (TEM) pioneered by Ernst Ruska [89], 

which first surpassed optical resolution in the 1930s, has evolved over the years as manufacturers 

race to achieve the highest resolution possible. Other imaging technologies, such as the more 

accessible scanning electron microscope (SEM), have further expanded our imaging capabilities to 

guide material design and development. The prominent role of electrons in these techniques, due 

to their ease of focusing and scanning, has advanced the field of materials characterization and 

opened new avenues of exploration. 

In the quest to study the intricate details of micro-structured coatings at the nanoscale, 

conventional optical microscopy faces a resolution limit imposed by the wavelength of visible light. 

The Abbe diffraction limit, expressed as 

𝑑 = 𝜆2𝑛 𝑠𝑖𝑛𝜃 = 𝜆2𝑁𝐴 

dictates that the resolving power of optical systems is limited by approximately half the wavelength 

of the illuminating light, restricting observations to features no smaller than a few hundred 

nanometers. The resolution limit, 𝑑, represents the minimum distance between two distinguishable 

points or features in an optical image. It is depends on the wavelength, 𝜆, of the light used for 

imaging and the numerical aperture, 𝑁𝐴, of the optical system, defined by 𝑛, the refractive index 

of the medium between the specimen to be observed and the objective lens, and 𝜃, which is the 

half-angle of the maximum cone of light entering the lens. 

Central to the principles of electron microscopy to overcome this criterion is the fundamental 

concept of wave-particle duality introduced by Louis de Broglie in 1924 [90]. According to de 

Broglie's hypothesis, which he formulated in his doctoral thesis (!) and for which he was honored 

with the Nobel Prize for Physics in 1929, every electron (or particle in general) exhibits wave-like 

properties. Given by the equation 

𝜆�� = ℎ𝑝' 
an electron's momentum, 𝑝' , is related to its De Borglie wavelength 𝜆�� by Planck's constant  ℎ ≈ 

(4.8)
 

(4.9)
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6.626 · 10��� Js. Electrons, as charged particles, can be accelerated by the use of electric fields 

within a vacuum chamber. When subjected to a high voltage, 𝑉, electrons are propelled toward the 

positively charged electrode and gain kinetic energy, 𝐸,*/ = 𝑒𝑉, in the process, where 𝑒 denotes 

the elemental charge (𝑒 ≈ 1.602 · 10�	� C). Consequently, 𝑝' , can be derived from the mass of 

the electron, 𝑚' , and its velocity, 𝑣: 𝑝' = 𝑚'𝑣 = u2𝑚'𝑒𝑉 

 Combining these relations, 𝜆 of an accelerated electron can be expressed as: 

𝜆 = ℎu2𝑚'𝑒𝑉 

In practice, electron microscopes exploit this fundamental principle by accelerating electrons to 

high energies, resulting in wavelengths that are orders of magnitude smaller than those of visible 

light. For example, the voltage applied for TEM can reach hundreds of kV, while SEM analysis 

typically uses voltages in the 1-30 kV range. This level of resolution is essential for the study of the 

microstructure and texture of hard coatings, which are often characterized by complex defect 

structures on the nanometer scale.  

 

4.2.1 Scanning Electron Microscopy 

A scanning electron microscope (SEM) cross-section image provides unique insight into the 

microstructure of (hard) coating materials, revealing characteristic aspects of film growth to 

optimize deposition processes and ensure reliable performance in various applications. In addition, 

the SEM allows for quantitative analysis using EDS to identify the elemental composition and map 

the distribution of (metallic) elements across the coating surface. SEM coupled with Electron 

Backscatter Diffraction (EBSD) allows characterization of grain size (>50 nm and therefore not 

suitable for nanostructured hard coatings), crystallographic orientation and distribution, providing 

information on grain growth mechanisms and microstructural evolution 

Thin film characterization on the SEM typically observes the coating cross section to reveal its 

morphology and characteristic columnar growth. Uniform deposition conditions are essential to 

achieve consistent coating properties. SEM analysis reveals variations in coating thickness, density, 

surface roughness, and morphology, highlighting regions of non-uniform growth to facilitate 

optimization of deposition parameters. SEM imaging further exposes the quality of the coating-

substrate adhesion, as delamination compromises coating integrity and performance. 

(4.10)
 

(4.11)
 (4.11)
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In SEM, an electron beam is generated in a controlled vacuum environment, typically at energies 

≤30 keV. This beam, emitted from either thermionic or field emission sources, is precisely focused 

by electromagnetic lenses and subsequently scanned across the sample surface. Thermionic 

emission relies on the high-temperature excitation of a tungsten filament or an LaB6 crystal, which 

facilitates the emission of electrons when the work function of the material is exceeded. Conversely, 

the use of a field emission gun (FEG) surpasses thermionic emission sources for applications 

requiring high resolution microscopy due to its ability to generate a highly coherent and intense 

electron beam. The fundamental principle behind the operation of an FEG is the phenomenon of 

field emission, a quantum mechanical process whereby electrons are emitted from a material 

surface when subjected to a strong electric field. Mathematically, the emission (or tunneling) of 

electrons from a solid surface can be described by the Fowler-Nordheim equation [91], 

𝑗(𝐸) = 𝐴Φ
 ∙ |𝐸|
 ∙ 𝑒�����|�|  

which relates the emitted current density, 𝑗, to the applied electric field, 𝐸, and material properties 

such as work function, Φ, where 𝐴 and 𝐵are material constants. In FEG, a high voltage is applied 

to an extremely sharp metal tip (often made of single crystal tungsten or a similar high melting 

point material) with a radius of curvature 𝑟 (where 𝑟 is in the few nm or even sub-nm range). 

According to the expression 𝐹 = 𝑉/𝑟, the electric field strength, 𝐹, becomes exceptionally high at 

the tip, far exceeding the threshold required for electron emission.  

Once emitted, the electrons form a divergent beam that spreads out from the emitter source and 

needs to be shaped and focused for imaging using a combination of electromagnetic lenses. 

Aperture systems are used to further control the size and shape of the beam. A prominent feature 

used to control the emitted electrons is the Wehnelt cylinder [92], which is positioned near the 

electron source. It is biased to a negative potential relative to the emitter. By adjusting the voltage 

applied to the Wehnelt cylinder, the focus of the electron beam can be fine-tuned to ensure optimal 

resolution and imaging performance. The focused electron beam is scanned across the surface of 

the sample using electromagnetic coils or electrostatic deflectors. These components precisely 

control the direction and amplitude of the beam's movement, allowing it to systematically scan the 

entire surface of the sample. As the electron beam traverses the material (up to a penetration depth 

of approximately 5 µm), it interacts with the sample atoms, which broadens its trajectory, resulting 

in an excitation volume with a plume-shaped profile. During this process, the electron beam 

exchanges energy with the atoms in the sample. If a sufficient amount of energy is transferred, 

secondary electrons (SE) are generated from the outer electron shells of the atoms. These low-

(4.12)
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energy SE undergo inelastic scattering, rapidly losing their energy and becoming reabsorbed by the 

sample. However, if they are located in close proximity to the surface (where the excitation volume 

is still narrow), some SE escape from the sample surface. SE are attracted to the detector by an 

electric field. The detector is positioned at an specific angle relative to the sample surface, which 

allows electrons emitted from edges facing the detector to be captured more efficiently. Conversely, 

electrons emitted from edges facing away from the detector may be reabsorbed to some extent. 

This setup creates the characteristic shadowing effect in SEM images, facilitating the interpretation 

of topographical features. 

 

4.3 Chemical Analysis 

Quantifying the elemental composition of thin films is both critical and challenging. The chemical 

composition (i.e., the number and types of atoms present during film nucleation) directly affects 

the structure-property relationship of the film and should be accurately determined. Only accurate 

compositional analysis will ensure that the desired stoichiometry is achieved, leading to 

reproducible synthesis of thin films with consistent properties.  

However, most coating systems within the material class of ceramics belong to the borides, 

carbides, and nitrides and consist―in addition to their metallic counterpart(s)―of non-metal 

elements such as B, C, and/or N. These so-called light elements (due to their low atomic mass 

number, 𝐴) present significant challenges to commonly used quantification methods such as energy 

dispersive X-ray spectroscopy (EDS), which may overestimate the non-metal composition of the 

ceramic thin film. In addition, the inherently low sample thickness and the presence of impurities 

(mainly C and O) make accurate and reliable quantitative analysis difficult compared to bulk 

materials. Although EDS is a widely used and accessible non-destructive analytical technique for 

determining the relative elemental composition of metallic thin films and alloys, it is very limited 

for quantifying Ti–B–N thin films. It works by bombarding the sample under investigation with 

high energy electrons (~10-15 keV), causing the emission of characteristic X-rays from the atoms 

of the sample. The energy and intensity of these X-rays correspond to specific elements present in 

the sample. For quantitative EDS measurements, calibration with certified reference materials of 

known elemental composition is essential to establish a correlation between X-ray intensities and 

elemental concentrations. However, measuring light elements such as B (Kα=0.183 keV [93]) and 

N (Kα=0.392 keV [93]) by EDS results in weak X-ray signals that are masked by background noise 

(poor peak-to-background ratio). In addition, Ti (Kα=4.508 keV, Lα=0.452 keV [93,94]) and N 
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have overlapping characteristic X-ray emission peaks (Ti Lα and N Kα) and it is not easy to 

distinguish them accurately.   

 

4.3.1 Time-of-Flight Elastic Recoil Detection Analysis with Heavy Ions 

To meet these challenges, Time-of-Flight Elastic Recoil Detection Analysis (ToF-ERDA) [95] with 

heavy ions (HI) proved to be the method of choice for quantifying the elemental composition of 

Ti–B–N thin films [96,97]. ToF-HI-ERDA operates on the classical Rutherford scattering principle 

of elastic collisions between incident ions and targeted atoms within the sample. By measuring the 

kinetic energy, 𝐸,*/, of recoiled atoms, a precise depth profiling of the material’s elemental 

composition can be obtained without the need for specific calibration standards [98]. The 

sensitivity of ToF-ERDA to light elements is a consequence of their low atomic mass, resulting in 

a significant energy transfer during elastic collisions with incident heavier projectiles. 

In ToF-HI-ERDA, a beam of heavy, high-energy ions (with a projectile energy in the MeV range) 

is accelerated toward the surface of the sample and impinges on the target with grazing incidence. 

The majority of these heavy ions undergo elastic scattering, exchanging energy and momentum 

with the nuclei of the target material without significant loss of kinetic energy. However, a fraction 

of these incoming projectiles undergo nuclear collisions, resulting in the recoil ejection of target 

atoms in the forward direction (as opposed to Rutherford Backscatter Spectrometry (RBS) 

analyses). The recoiled atoms carry some of the energy and momentum of the incoming ions. When 

a recoiled atom is created (ejected), it moves with a certain velocity, 𝑣, and kinetic energy, 𝐸,*/, 

where 𝑣 and 𝐸,*/ can be derived by using time-of-flight (ToF) spectrometers. By detecting the 

time-of-flight of recoiled atoms at different depths within the sample, ToF-HI-ERDA effectively 

obtains depth profiling information of all detected elements with a depth resolution of a few 

nm [99].  

 

4.4 Mechanical Properties 

Thin films, characterized by their nano-to-micron-scale thickness and high surface-to-volume ratio, 

exhibit unique and often enhanced properties compared to bulk materials. In order to assess the 

mechanical properties of a protective hard material coating, its ability to withstand load is of utmost 

importance. Thin films are usually not suitable for traditional mechanical testing methods due to 

their small dimensions. Instead, techniques such as micro-pillar compression [100], micro-

cantilever bending [101–103], and nanoindentation [69] are used. However, the first two methods 
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require extensive sample preparation and experience, often involving focused ion beam (FIB) 

milling [104]. Nanoindentation requires less sample preparation and is more accessible. Its 

advantage lies in its applicability to coated devices with varying mechanical properties. 

 

4.4.1 Nanoindentation 

Nanoindentation represents a significant advancement in hardness testing, offering automated 

measurement of both hardness, 𝐻, and Young’s modulus, 𝐸. Using a sharp conical diamond 

indenter (e.g. Berkovich geometry [105]) with a tip radius in the nanometer range a controlled load, 𝑃, is applied to the coating’s surface, inducing both elastic and plastic deformation within the 

material. Upon unloading, the temporary elastic deformation is reversed as the material reverts to 

its original shape. However, any plastic deformation remains in the form of indents (see Fig. 4.5a). 

The pioneering approach of Oliver and Pharr [106] eliminated the requirement for manually 

measuring the residual indentation size by leveraging contact mechanics to derive indentation 

dimensions from force-displacement curves recorded during testing (see Fig. 4.5b).  

The depth of penetration into the material, ℎ, and 𝑃 are precisely monitored throughout the 

indentation process. This load-displacement relationship can be expressed using a power law 𝑃 = 𝛼ℎ. 

where 𝛼 and 𝑚 are constants of the indentation system.  

Analysis of the non-linear force-displacement curve generated during unloading allows for the 

accurate determination of essential mechanical properties such as 𝐻 and the indentation (or 

reduced) modulus, 𝐸1 , defined by the equation 1𝐸1 = (1 − 𝜈
)𝐸 + (1 − 𝜈*
)𝐸*  

where 𝜈 is the Poisson’s ratio and the index 𝑖 denotes the same parameters for the indenter.  

According to Oliver and Pharr [106], 𝐸1 can be calculated as follows 

𝐸1 = 𝑑𝑃𝑑ℎ 12 √𝜋u𝐴% 
This analysis relates the slope of the unloading force-displacement curve to the projected 

indentation contact area, 𝐴% , to quantify the reduced material’s stiffness and its ability to recover 

(4.13)
 

(4.14)
 

(4.15)
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from deformation after loading. When the Poisson's ratio, 𝜈, of the material is known, this 

approach allows the calculation of the polycrystalline Young's modulus 𝐸. 

At peak load, 𝑃.#4, the hardness of the coating material is defined as 

𝐻 = 𝑃𝑚𝑎𝑥𝐴𝑐  

assuming that the contact between the indenter and the material surface is well-defined. To isolate 

the ceramic film-only mechanical properties, it is crucial to limit the penetration depth of the 

indenter to less than 10% of the film thickness. Nanoindentation, as described in detail by T. 

Fisher-Cripps [107], provides a different approach to determining the reduced modulus of 

polycrystalline ceramic hard coatings. This method involves fitting a power-law function to load-

displacement data obtained from indentations at various depths, allowing extrapolation of the film-

only reduced modulus at zero indentation depth. providing a comprehensive understanding of the 

mechanical properties of the ceramic coatings. 

 

Figure 4.5 (a) Schematic representation of the indenter and specimen surface geometry at 
maximum load and complete unloading for a conical indenter. Adapted from [108]. (b) Exemplary 
illustration of a compliance curve from a nanoindentation experiment for elastic-plastic loading 
followed by elastic unloading with maximum load, 𝑃.#4, and maximum depth, ℎ.#4, beneath the 
material's free surface. ℎ( denotes the depth of the residual impression, and ℎ' indicates the 
displacement associated with elastic recovery during unloading. The area, 𝐴, of the indentation 
contact and the slope of the elastic unloading, &!&), are used to calculate the reduced modulus, 𝐸1 , 
and hardness, 𝐻. Adapted from [107]. 
 
 

(4.16)
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5 A Strategy to Enhance the B-Solubility 
and Mechanical Properties of Ti–B–N 
Thin Films 

The Ti–B–N system offers a wide range of possible meta(stable) phases, making it interesting for 

science and industry. However, the solubility for B within the face-centered cubic (fcc)-TiN lattice 

is rather limited and less studied, especially without forming B-rich phases. Therefore, we address 

how chemistries along the TiN–TiB2 or TiN–TiB tie-line influence this B-solubility. The variation 

between these two tie-lines is realized through non-reactive co-sputtering of a TiN, TiB2, and Ti 

target. We show that for variations along the TiN–TiB tie-line, even 8.9 at.% B (equivalent to 19.3 

at.% non-metal fractions) can fully be incorporated into the fcc-TiNy lattice without forming other 

B-containing phases. The combination of detailed microstructural characterization through X-ray 

diffraction and transmission electron microscopy with ab initio calculations of fcc Ti1-xNBx, TiN1-

xBx, and TiN1-2xBx solid solutions indicates that B essentially substitutes N. The single-phase fcc-

TiB0.17N0.69 (the highest B-containing sample along the TiN–TiB tie-line studied) exhibits the 

highest hardness H of 37.1±1.9 GPa combined with the highest fracture toughness KIC of 3.0±0.2 

MPa·m1/2 among the samples studied. These are markedly above those of B-free TiN0.87 having H 

= 29.2±2.1 GPa and KIC = 2.7±<0.1 MPa·m1/2. 

5.1 Introduction 

Hard coatings have revolutionized materials science and engineering by enhancing the performance 

and durability of various materials. In particular, TiN thin films—offering an outstanding 

combination of mechanical properties—have found extensive usage as protective coatings for 

cutting tools exposed to severe mechanical and corrosive loads [1,2]. While boron (B) addition can 

significantly improve the hardness, wear resistance, and thermal stability of TiN-based coatings [3–

7], achieving its full incorporation in the face-centered cubic (fcc) lattice is challenging [8–10]. To 

address this limitation, we investigate how variations either along the TiN–TiB2 or TiN–TiB tie-

line influence the solubility of B in TiNy. We used non-reactive magnetron co-sputtering of a TiN, 

TiB2, and Ti target for this task. 

The larger covalent bonding radii of B (0.84 Å) compared to N (0.71 Å) cause lattice distortions in 

TiN when N atoms are substituted by B [11], bringing a dielastic contribution to the solid solution 

strengthening mechanisms (see Fleischer's formula [12]). However, the atomic size difference and 
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altered bond characteristics limit the full incorporation of B in the TiN lattice [13]. Typically, excess 

B segregates at grain boundaries [14], hindering coalescence during nucleation and coarsening 

during film growth. The change to a smaller-grained microstructure increases hardness by grain 

refinement strengthening [15,16]. Nanocomposite Ti–B–N coatings exhibit a similar effect, where 

TiN and TiB2 grow simultaneously in a sequence of segregation-driven renucleation processes 

[17,18]. However, in reactively deposited coatings, limited B solubility in TiN induces the formation 

of soft amorphous BN phases [19]. Generally, the chemistry of reactively deposited coatings 

follows the TiN–BN tie line more. In contrast, non-reactive approaches allow compositions along 

the TiN–TiB2 and TiN–TiB tie lines, achieving hard and super hard (> 40 GPa) coatings [19]. 

Previous studies on Ti–B–N coatings developed a well-understood ternary phase system [3,4,17–

20], providing a solid basis for understanding the impact of B on the microstructure and mechanical 

properties of TiN [20–23]. However, soluting higher amounts of B in the fcc lattice—without 

forming secondary phases—remains challenging. To overcome this challenge, we propose a non-

reactive co-sputtering approach to achieve a single-phased Ti–B–N solid solution with a high 

amount of B incorporated in the TiN lattice. 

Specifically, we aimed for Ti–B–N coatings with chemistry along two quasibinary tie lines: (i) TiN–

TiB2, via co-sputtering TiN and TiB2 targets, and (ii) TiN–TiB, via co-sputtering TiN, TiB2, and Ti. 

For easier reading, these coating systems are referred to as TiN–TiB2 and Ti(N,B). Notably, TiN–

TiB2 refers to the analogous tie-line, not the coating composition. Varying the current applied to 

the TiB2 and Ti targets—while keeping that at TiN constant—we show that additional co-

sputtering of Ti increases the solubility of B in TiN up to 8.9 at.%. Ab initio density functional 

theory calculations underpin these observations. Furthermore, Ti over-stoichiometry (or more 

vacancies at the non-metal sublattice [24]) is required to maintain the high hardness of single-

phased Ti–B–N and fracture toughness if the B-content exceeds ~3 at.%. 

5.2  Materials and Methods 

Six different Ti–B–N coatings, in addition to one TiNy, were prepared with an AJA International 

Orion 5 PVD machine equipped with one 3” and two 2” unbalanced magnetron sputtering sources 

holding a TiN (99.5 % purity), TiB2 (99.5 % purity), and Ti (grade 2) target (all from Plansee 

Composite Materials GmbH), respectively. Before loading and mounting the substrates Si (100) 

7×20×0.38 mm3, mirror polished austenitic steel 7×20×0.75 mm3, and single crystalline sapphire 

(11f02) 10×10×0.53 mm3 to the deposition chamber, they were ultrasonically cleaned in acetone 
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and ethanol for 5 min each. Inside the chamber—after reaching the base pressure of below 1⋅10-4 

Pa (1⋅10-6 mbar)—the substrates were thermally cleaned at ~450 °C for 20 min, afterwards Ar-ion 

etched using an Ar pressure (20 sccm Ar-flow) of 6 Pa and applying a negative voltage of 750 V to 

the rotating (1 Hz) substrate-holder (keeping the ~450 °C). During depositions—using a current-

controlled mode for sputtering the target—the substrates were negatively biased with -60 V DC. 

The Ar pressure was 0.4 Pa (10 sccm Ar-flow) while the temperature and the substrate-holder 

rotation was 1 Hz. The 4-inch substrate holder is ~10 cm above the confocal target arrangement. 

Different chemistries of the Ti–B–N coatings are obtained by adjusting solely the sputtering-

currents applied to the 2-inch TiB2 (ITiB2) and Ti (ITi) targets between 0 and 0.6 A, while the TiN 

target was always operated with ITiN = 0.75 A. The other deposition parameters were kept constant 

using a substrate bias of -60 V DC, substrate temperature of ~450 °C, substrate-holder rotation of 

1 Hz, and an Ar pressure of 0.4 Pa (10 sccm Ar-flow). In addition to the TiNy coating (i.e., ITi = 

ITiB2 = 0 A), three Ti–B–N coatings are prepared only with the TiN and TiB2 target (i.e., ITi = 0 A, 

and ITiB2 = 0.2, 0.4, 0.6 A), and three are prepared by synchronizing the TiB2 and Ti target (i.e., ITi 

= ITiB2 = 0.2, 0.4, 0.6 A). For easier distinction, the first three are referred to as TiN–TiB2 and the 

last three as Ti(B,N) throughout the manuscript; overall, they will be named Ti–B–N. The 

deposition time was adjusted between 80 and 92 min (based on pre-studies) to prepare coatings 

with a thickness t of ~2 µm. 

Their chemical composition was obtained from samples deposited on sapphire through Time-of-

Flight Elastic Recoil Detection Analysis (ToF-ERDA) at the 5 MV Pelletron Tandem accelerator 

at Uppsala University [25] using 127I8+ projectiles with a primary energy of 36 MeV. The beam 

incident angle was 67.5° to the surface normal, where recoils reached the detector at an angle of 

45° with respect to the incident beam direction. The raw experimental data were analyzed using 

the CONTES software package [26]. Total systematic and statistical uncertainties were estimated 

to be below 5% of the deduced value for the major constituents. Additional chemical information 

was obtained from X-ray fluorescence (XRF) measurements using a PANalytical AxiosmAX-

Advanced spectrometer with a rhodium (Rh) X-ray tube operating at 50 kV and 55 mA under 

vacuum conditions—calibrated with the three ERDA-analyzed TiN0.87, TiN+TiB2 (10.4 at.% B), 

and Ti(N,B) (8.9 at.% B) thin films.  

Structural information of the coatings was derived from X-ray diffraction patterns collected with a 

PANalytical XPert Pro MPD (θ-θ diffractometer) in Bragg Brentano geometry, which was 

equipped with a CuKα radiation source operated with 45 kV and 40 mA. Fracture cross sections 

were investigated with an FEI Quanta 250 scanning electron microscopy (SEM) equipped with a 
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field emission gun (operating at 10 kV) using fracture cross-sections of samples grown on Si (100) 

and with an FEI F20 transmission electron microscopy (TEM) equipped with a field emission gun 

(operating at 200 kV). The cross-section TEM samples were prepared by mechanical polishing 

down to 10 µm lamella thickness, following conventional preparation steps, and subsequent Ar ion 

milling (using a GATAN PIPS II). Top-view TEM lamella preparation was accomplished by 

focused ion beam (FIB) cutting on a Thermo Fischer Scios 2 DualBeam system, following a typical 

FIB TEM sample preparation recipe [27]. Initially, a 2 µm thick plane-view lamella was cut free, 

followed by ion milling steps to achieve a final thickness of about 75 nm. A final cleaning step at 2 

kV and  27 pA and subsequent Ar ion milling at 0.5 kV using a Gatan PIPS II system resulted in 

<25 nm thickness in specific areas. A 200 kV field emission TEM (JEOL 2100F) equipped with 

an image-side CS-corrector and Gatan Tridiem system was used in the high-resolution TEM 

(HRTEM) study, which demonstrates a resolution of 1.2 Å at 200 kV. The aberration coefficient 

is set close to zero, under which the HRTEM images were taken under slightly over-focus 

conditions (close to the Scherzer defocus). The point spectra and electron energy-loss spectrum 

(EELS) mapping were recorded under scanning TEM (STEM) mode with a camera length of 2 cm 

and a dispersion of 0.2 eV per channel. The spectra were processed in a Digital Micrograph (DM 

version 3.42). The background was subtracted using the power-law model. The specimen thickness 

was estimated to be less than 0.5 (thickness (t)/mean free path(l)) using zero-loss peak. All the 

spectra were calibrated using zero-loss spectra. EELS core-loss spectra were smoothed using low-

pass filtering (per 2 channels) in DM. 

Indentation modulus and hardness were obtained through computer-controlled nanoindentation 

using a UMIS II System equipped with a diamond Berkovich tip (calibrated using a fused silica 

standard sample). To minimize the substrate influence, we excluded data points with indentation 

depths larger than 10% of the coating thickness. To obtain the film-only Young’s modulus, the raw 

modulus data were fitted and extended towards zero indentation depth, following the instructions 

given in [28,29]. Biaxial residual stresses of the coatings on sapphire substrates were obtained by 

measuring their curvature using a Nanovea PS50 profilometer and applying the Stoney equation 

[30]. 

The fracture toughness in terms of the critical intensity factor (KIC) was derived from in-situ 

microcantilever bending tests with a Hysitron PI-85 SEM PicoIndenter inside the above-

mentioned FEI Quanta 250 FEGSEM. For this, fracture cross-sections of samples grown on Si 

(100) were mechanically polished with a 1 µm diamond lapping film, after which, at a larger region, 

the Si substrate was chemically removed through etching with a 40 wt.% aqueous KOH at a 

(5.2) 
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temperature of 70 °C. The resulting freestanding Ti-B-N thin film region was machined with a 

focused Ga ion beam (FEI Quanta 200 3D DBFIB) to obtain microcantilevers with dimensions 

of 7∙w × w× w (i.e., the length-to-width ratio l/w = 7 and the breadth b = w) including a pre-notch 

with the depth a across the breadth by leaving material-bridges on each side of the notch. The 

cantilever shape was coarse-machined with 3 nA, and the final step was made with 0.5 nA to 

minimize the impact of FIB damages on the investigation; the pre-notch was milled with 50 pA to 

reduce geometrical errors and to ensure a small notch-radius. These cantilevers were loaded with a 

spherical diamond indenter with a tip radius of ~ 1 µm in displacement-controlled mode (5 nm s-

1) until fracture. The maximum load Pmax and the cantilever dimensions were used to calculate KIC 

after Matoy et al. [31]: 

𝐾	� = 𝑃.#4 ∙ 𝑙𝑏 ∙ 𝑤�
 ∙ 𝑓(𝑎𝑤) 

with: 𝑓 y𝑎𝑤z = 1.46 + 24.36 ∙ y𝑎𝑤z − 47.21 ∙ y𝑎𝑤z
 + 75.18 ∙ y𝑎𝑤z� 
A total of 8 cantilever tests per Ti–B–N specimen was conducted, with a success rate of 72 % and 

w values (after machining) of ~2 µm. 

Density function theory (DFT) calculations were conducted employing the Vienna ab initio 

simulation package (VASP) [32,33] together with projector augmented plane-wave (PAW) 

pseudopotentials [34] and the Perdew-Burke-Ernzerhof generalized gradient approximation 

(GGA) [35]. A plane-wave cutoff energy of 600 eV was used together with an automatically 

generated Γ-centered k-point mesh (length parameter of 60 Å). The equilibrated structure of fcc-

TiN (Fm-3m, a = 4.255 Å) served as a building block of a 64-atom (2×2×2) model for TiN1-xBx, 

TiN1-2xBx, and Ti1−xNBx solid solutions, corresponding to compositions along the TiN–TiB, TiN–

TiB0.5, and TiN–BN tie lines, respectively. The B atoms were distributed at the N and Ti sublattice 

according to the special quasirandom structure (SQS) approach [36]. All structures were fully 

optimized until forces on atoms were below 10-4 eV/Å and the total energies of two successive 

ionic steps did not differ by more than 10-5 eV/supercell. 

Polycrystalline Young’s moduli, E, of selected solid solutions (with compositions close to the 

experimental findings) were evaluated from elastic constants obtained by the stress-strain method 

[37,38]. Assuming a brittle cleavage of the first-neighbor Ti–N/B bonds, cleavage energies, Ecl(001), 

were estimated using the rigid block displacement method [39]. With the directional Young’s 

(5.1) 

(5.2) 
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modulus, E[001], and cleavage energy, Ecl(001), we calculated the theoretical KIC according to Griffith’s 

formula [40]: 

𝐾��(��	) = 2v𝐸��(��	) ∙ 𝐸[��	]  
As our supercell size allowed deriving eight Ecl(001) values for a given B content x in TiN1-xBx (due 

to eight (001) planes in each supercell differing only by local distribution of B), we used these to 

calculate error bars of DFT KIC(001). 

5.3  Results and Discussion 

 
Figure 5.1. Part of the isothermal Ti–B–N phase diagram, including the chemical compositions of 
the deposited samples as determined by ToF-ERDA (coatings marked as full-filled symbols) and 
XRF (the four indicated with half-filled symbols). The orange diamond symbols (close to the 
TiN0.87–TiB2 tie line) represent the TiN–TiB2 coatings obtained by co-sputtering TiN and TiB2, 
while the blue cube symbols (close to the TiN0.87–TiB tie line) represent the Ti(N,B) coatings 
obtained by co-sputtering TiN, TiB2, and Ti. From the non-reactively sputtered TiN0.87 specimen 
(N/Ti ratio, y, of 0.87, determined with ERDA)—represented by the gray star symbol—to the 
highest B-containing sample of each series (TiN–TiB2 and Ti(B,N)), the color becomes lighter. 
Gray round symbols represent an excerpt from the DFT calculations contrasting the experimental 
values. White-filled round symbols track TiN1-2xBx values along the TiN–TiB0.5 line, indicating that 
for each B substituting N, an N-vacancy is “added”. Gray-filled symbols correspond to TiN1-xBx 
values along the TiN–TiB tie line, where B substitutes N. Dark gray-filled symbols follow Ti1-xNBx 
along the TiN–BN tie line, indicating that B-substitutes Ti. 
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To assess the impact of chemistries either along the TiN–TiB2 or TiN–TiB tie line on the solubility 

of B within the TiN-based lattice—and consequently on the evolving microstructure and 

mechanical properties—we developed two non-reactively prepared Ti–B–N series, one co-

sputtered from TiN and TiB2 targets (referred to as TiN–TiB2) and one co-sputtered from TiN, 

TiB2, and Ti targets (with synchronized sputtering current at the TiB2 and Ti target, referred to as 

Ti(B,N) samples), detailly described in the experimental part of the manuscript.   

 

Fig. 5.1 shows that the TiN–TiB2 samples are chemically close to the TiN–TiB2 tie line, while the 

Ti(N,B) samples are close to the TiN–TiB tie line. Consequently, the Ti content of the latter is 

nearly  constant with 52.9, 53.0, 53.6, and 52.7 at.%, for B contents of 0.0, 2.4, 5.7, and 8.9 at.%, 

respectively. The solely TiN+TiB2 co-sputtered ones have decreasing Ti contents of 52.9, 52.7, 

51.7, and 49.6 at.%, and increasing B-contents of 0.0, 3.0, 6.9, and 10.4 at.% with increasing ITiB2 

from 0.0 to 0.6 A. The N-deficiency of the non-reactively sputtered film from the TiN target (i.e., 

the TiN0.87–sample) mainly stems from different gas-scattering and sputter-angle distributions of 

N and Ti [41–43]. Therefore, the chemical compositions of our coatings are closer to the TiN0.87–

TiB2 respectively TiN0.87–TiB tie-line (bordering the hatched region in Fig. 5.1) than to the TiN-

TiB2 respectively TiN–TiB tie-lines (bordering the gray-shaded region in Fig. 5.1). Fig. 5.1 further 

shows that the coatings obtained by co-sputtering TiN+TiB2+Ti deviate further from the 

corresponding TiN0.87-TiB tie line (towards the Ti-corner) with increasing B content than the 

coatings obtained by co-sputtering TiN+TiB2 do deviate from their corresponding TiN0.87–TiB2 tie 

line. The gray round data points in Fig.1 represent the course of our DFT calculations, highlighting 

the coherence of our deposited coatings and theoretically calculated data points (discussed below). 

 

XRD analyses of the TiN–TiB2 and Ti(N,B) coatings indicate that both series maintain the single-

phase cubic fcc-TiN structure without the formation of other crystalline phases with increasing B 

content, see Fig. 5.2. While the TiN–TiB2 coatings show no distinct oriented growth, the Ti(N,B) 

coatings indicate a 200-oriented growth for both highest B contents (5.7 and 8.9 at.%).  
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Figure 5.2. X-ray diffraction (XRD) patterns of Ti–B–N coatings co-sputtered from TiN+TiB2 
and those co-sputtered from TiN+TiB2+Ti, given in orange and blue, respectively. XRD patterns 
of the (a) TiN–TiB2 and (b) Ti(N,B) coatings with labeled currents applied to the TiB2 target, ITiB2. 
For TiN–TiB2 ITi = 0 A and for Ti(N,B) ITi was synchronized with ITiB2, ITiN was always 0.75 A. 
Standard positions of TiN (111), (200), and (220) crystal planes (JCPDS no. 00-038-1420) are 
indicated. 
 

More detailed peak profile analysis with respect to lattice plane distance d200 (Fig. 5.3a) and full 

width at half maximum Γ200 (Fig. 5.3b) highlights significant differences between the two coating 

series. For TiN–TiB2, d200 initially increases from 2.129 to 2.142 Å upon adding 3.0 at% B, after 

which it slightly decreased again to 2.136 Å (at 10.4 at% B), while Γ200 continuously increased. 

Contrary, the Ti(N,B) samples experience a continuously increasing d200 (up to 2.158 Å at 8.9 at% 

B) while their Γ200 stayed at 0.55°±0.08° upon increasing the B content to 8.9 at%, compare Figs. 

3a and b. Increasing lattice plane distances of the Ti–N–B coatings with increasing B content 

indicate that B is incorporated in the TiN lattice, due to the larger covalent bonding radii of B as 

compared to N [14], rather than being segregated to the grain boundaries. As discussed later, the 

change towards smaller 2ϴ is not attributed to increased residual stresses.  
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Figure 5.3. (a) Lattice plane distances d200 and (b) full width at half maximum (FWHM) of the 200-
peak. The orange diamond (a) and triangular (b) symbols represent the TiN–TiB2 coatings, while 
the blue cube (a) and triangular symbols represent the Ti(N,B) coatings. The values were 
determined through peak profile fitting using a Pearson 7 function and an asymmetry type of peaks 
by split width and shape. The gray star symbol represents the data point for sputtered TiN0.87. 

 

More detailed peak profile analysis with respect to lattice plane distance d200 (Fig. 5.3a) and full 

width at half maximum Γ200 (Fig. 5.3b) highlights significant differences between the two coating 

series. For TiN–TiB2, d200 initially increases from 2.129 to 2.142 Å upon adding 3.0 at% B, after 

which it slightly decreased again to 2.136 Å (at 10.4 at% B), while Γ200 continuously increased. 

Contrary, the Ti(N,B) samples experience a continuously increasing d200 (up to 2.158 Å at 8.9 at% 

B) while their Γ200 stayed at 0.55°±0.08° upon increasing the B content to 8.9 at%, compare Figs. 

3a and b. Increasing lattice plane distances of the Ti–N–B coatings with increasing B content 

indicate that B is incorporated in the TiN lattice, due to the larger covalent bonding radii of B as 

compared to N [14], rather than being segregated to the grain boundaries. As discussed later, the 

change towards smaller 2ϴ is not attributed to increased residual stresses.  
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Figure 5.4. DFT-calculated (a) d200 lattice spacing, and (b) energy of formation (Ef) as a function 
of B content for three Ti-B-N structural variants: (i, round gray-filled symbols) TiN1-xBx, where B 
replaces N at the non-metal sublattice, (ii, round dark gray-filled symbols) Ti1-xNBx, where B 
replaces Ti at the metal sublattice, (ii, half-filled gray circular symbols) TiN2-xBx, where B occupies 
the non-metal sublattice with the formation of N-vacancies. The blue trend line (starting from 
TiN0.87, symbolized by a gray star) reflects the Ti(N,B) coatings from Figure 3a. 
 

Consistent with the observed trendline for our Ti(N,B) coatings (Fig. 5.3a), ab initio calculations 

in Fig. 5.4a show that the d200 lattice spacing almost linearly increases with increasing B content in 

the case of fcc-TiN1-xBx and fcc-TiN1-2xBx structures, where the latter exhibits N vacancies (having 

a very minor effect on d200). Contrarily, the opposite trend—qualitatively inconsistent with our 

experimental observations for Ti(N,B)—is predicted for fcc-Ti1-xNBx. Mind that we do not expect 

a perfect quantitative agreement between DFT and experimental d200 due to many effects omitted 

by our DFT models, such as finite temperatures, residual stresses, and the coating's inherent 

microstructure. In combination with the comparison between ab initio and experimental d200 

variation, the preferential B-for-N substitution—if B is incorporated in the fcc-TiN lattice—is 

provided by assessing relative chemical stability, as estimated by (zero Kelvin) formation energy, 

Ef, see Fig. 5.4b. The least negative Ef of fcc-Ti1-xNBx (compared to fcc-TiN1-xBx and fcc-TiN1-2xBx) 

again points towards that B substitutes for Ti is the least likely scenario. The N-vacancy-containing 
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fcc-TiN1-2xBx yields Ef slightly above that of fcc-TiN1-xBx. These differences may further diminish 

at finite temperatures when considering configuration entropy contribution, thus, fcc-TiN1-2xBx 

becoming energetically closer (or even favored) over fcc-TiN1-xBx. However, we focus exclusively 

on fcc-TiN1-xBx for comparison with our subsequent experimental results. The slightly decreasing 

d200 values of TiN–TiB2 samples upon increasing their B-content beyond 3.0 at.% in combination 

with the continuously increased Γ200 values, compare Figs. 3a and b, suggest that only approx. 3 

at.% B is substituting for N in the TiNy lattice, while the surplus promotes the formation of an 

additional X-ray amorphous boundary phase. The mechanisms are similar to what has been studied 

in detail for TiN–SiNy [44–46]. Such segregations during film growth interfere with coalescence 

and promote re-nucleation, leading to smaller crystallite sizes. These would result in larger Γ200 

values, as observed for TiN–TiB2. Contrary, the small and nearly constant Γ200, in combination with 

increasing d200 as the B content increases for Ti(N,B), indicates that B is fully incorporated in the 

crystal lattice (as mentioned above, substituting for N).  

 

To underpin the difference in B solubility for the TiN–TiB2 respectively Ti(N,B) samples, those 

with the highest B content were studied in detail by TEM. The 10.4 at.% B-containing TiN–TiB2 

coating’s cross-section (Fig. 5.5a) exhibits a compact, dense growth morphology with small grains, 

on average 18 ± 7 nm; see the dark-field cross-sectional TEM Fig. 5.5b. This additionally shows a 

more featherlike microstructure. Contrary, the 8.9 at.% B-containing Ti(N,B) coating’s cross-

section (Fig. 5.5c) exhibits a more columnar growth morphology with column diameters of 54 ± 15 

nm on average (see the dark-field image, Fig. 5.5d). Complementary top-view images display the 

overall morphology of the grains, revealing a refined microstructure with distinct and thick grain 

boundaries of the TiN–TiB2 sample (Fig. 5.5e and 5.5f), as a result of segregation effects inhibiting 

also the columnar growth during film deposition. In contrast, the plane view microstructure of the 

Ti(N,B) sample showcases larger grains arranged with significantly less-distinct and also much 

thinner grain boundaries, as shown in Fig. 5.5g and 5.5h. The microstructural differences between 

the two Ti–B–N coatings suggest that the additional Ti increases the solubility of B within the TiN-

lattice during film growth, resulting in reduced segregation processes and thus larger-grained 

microstructure with prominent columnar growth. 

 

The selected area electron diffraction (SAED) pattern in Fig. 5.6a—obtained with a 750 nm 

diameter aperture positioned in the center of the cross-section, including the integrated intensity 

of the full ring pattern—demonstrates a TiN structure without signs of another crystalline phase. 

The nearly closed diffraction rings, which are relatively broad, mark a small grain size. 
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Figure 5.4. TEM investigations of the TiN–TiB2 coating with 10.4 at.% B. (a) Bright-field TEM 
image from the middle region of the coating’s cross-section. (b) Dark-field TEM variant with 111 
and 200 reflections of the same area as in (a). Same for Ti(N,B) coating with 8.9 at.% B. (c) Bright-
field and corresponding (d) dark-field TEM image. (e) Top-view TEM bright-field micrograph 
from a near-surface region of the same TiN-TiB2 sample and (f) dark-field TEM image highlighting 
the 111 and 200 reflections of the same area as in (e). The inset in (e) framed in solid-orange is a 
higher magnification of the section indicated with dashed-orange and illustrates the distinct and 
thick grain boundaries. Analogous top-view bright-field (g) (with corresponding blue framed inset) 
and dark-field (h) TEM images for the Ti(N,B) sample with 8.9 at.% B are provided. 
 

Similar to the TiN–TiB2 coating sample, SAED investigations of Ti(N,B) (Fig. 5.6b, with an overlay 

of the integrated intensity) show no other crystalline phases than fcc-TiN, in agreement with XRD 

measurements. Contrary to the TiN–TiB2 coating, the diffraction rings for Ti(N,B) are sharper with 

even distinct diffraction spots, indicating (again in agreement with XRD) higher crystalline quality 

and larger grains/columns. Similar results can be seen in the top-view SAED patterns (obtained 

with a 200 nm diameter aperture) of both Ti–B–N thin films (compare Fig. 5.6c and 5.6d). The 

combination of the SAEDs also indicates smaller diffraction ring radii for Ti(N,B) than for TiN–

TiB2, which is equivalent to larger lattice parameters, especially seen when comparing the larger 

diffraction rings and the peak positions of the integrated intensity. 
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Figure 5.6. Comparative selected-area electron diffraction (SAED) analysis from cross-section 
TEM-samples of (a) TiN–TiB2 coating with 10.4 at.% B and (b) Ti(N,B) coating with 8.9 at.% B, 
including an overlay of the integrated intensity in orange (a) and blue (b), respectively (CrystBox 
[38]). A similar SAED analysis is compared for the top-view TEM samples for TiN–TiB2 (c) in 
orange and Ti(N,B) (d) in blue. The squared symbols mark the fcc-TiN reference (JCPDS no. 00-
038-1420). 
 

These SAED investigations for TiN–TiB2 and Ti(N,B) are in excellent agreement with XRD. 

Because the SAED is obtained from the cross-section, no preferred growth orientation is visible 

for the 8.9 at.% B-containing Ti(N,B), contrary to the XRD studies. However, the preferred [200] 

and [220] orientations can be seen in the SAED obtained from the top-view sample (Fig. 5.6d). 

 

 
 

Figure 5.7. (a) Top-view high-resolution TEM (HRTEM) image showing TiN–TiB2 coating with 
10.4 at.% B of a triple junction. (b) and (c) show high-angle annular dark-field (HAADF) images 
covering the area around a triple junction and EELS B-K edge mapping of the corresponding area 
indicated by a white-lined box, respectively. (d), EELS spectral (B-K edge) results of the triple 
junction (EELS-1) and the nearby grain (EELS-2). 
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Figure 5.8. (a) Top-view high-resolution TEM (HRTEM) image at the triple junction of the 
8.9 at.% B fcc-Ti(N,B) columnar grains. (b) and (c), HAADF imaging and EELS B-K edge 
mapping of the corresponding white dashed area. (d), EELS spectral (B-K edge) results of a region 
within the triple junction (EELS-1) and a nearby grain (EELS-2). 
 
To further substantiate the difference in B solubility of the two differently co-sputtered Ti–B–N 

series, we compare the grain boundary structures and the B distribution of the TiN–TiB2 and 

Ti(N,B) coatings with 10.4 and 8.9f at.% B, respectively, by high-resolution top-view TEM 

investigation. Fig. 5.7a shows the atomic-scale HRTEM image HRTEM image displaying a triple 

junction with amorphous phases. By EELS mapping the selected area outlined in Fig. 5.7b, the 

elemental distribution of B is visualized in Fig. 5.7c, significantly highlighting the B enrichment at 

the triple junction. In addition, individual core-loss spectra (Fig. 5.7d) illustrate an enhanced 

intensity of the B-K edge at the triple junction compared to the nearby grain. In contrast, the 

HRTEM image of the Ti(B,N) coating, shown in Fig. 5.8a, shows an overall crystalline 

microstructure with no amorphous grain boundary phases. Furthermore, the corresponding EELS 

mapping and individual spectra (Figs. 5.8b-5.8d) do not show any significant B enrichment at the 

triple junctions of the columnar grains. This observation indicates that B is distributed 

homogeneously―akin to being fully soluted―in the fcc-Ti(N,B) coating, compared to the 

pronounced B segregation in the TiN–TiB2 coating. We further suggest that the B segregation 

promotes the amorphization of the grain boundary structure. 
 

How these differences in microstructure and soluted B content between TiN–TiB2 and Ti(N,B) 

are reflected in the mechanical properties and fracture toughness was studied with nanoindentation 

and in-situ micromechanical bending tests. Despite the difference in grain size, preferred growth 

orientation, and soluted B, both coating series show a similar increase in H with increasing B 

content, Fig. 5.9a. The hardness of TiN–TiB2 with the highest B content (10.4 at.%) is 36.9±1.9 

GPa while that of Ti(N,B) with the highest B content (8.9 at.%) is 37.1±1.9 GPa. 
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Figure 5.9. Relationship between B content and hardness (a), residual stresses (b), and Young's 
modulus (c) of TiN–TiB2 (orange diamond data points) and Ti(N,B) (blue cube data points) thin 
films. The gray star data point represents TiN0.87. The ab initio calculated Young's moduli for fcc-
TiN1-xBx (gray circular symbols) are added to (c). 
 
The unchanged Γ200 (Fig. 5.3b) and nearly unchanged compressive residual stresses (Fig. 5.9b) 

indicate comparable grain sizes and micro stresses for Ti(N,B) regardless of their B content. Hence, 

the steady shift in peak position, see Fig. 5.3a, is linked to the increasing amount of B incorporated 

within the lattice rather than caused by residual stresses. On the contrary, the TiN–TiB2 coatings 

exhibit an initial decline in compressive residual stresses from -2.92 GPa (for TiN0.87) to -1.74 GPa 

upon adding 3.0 at.% B, after which σ slightly increased to -2.53 (for 10.4 at.% B). Contrary to the 

residual compressive stresses, the Young's modulus (E) only slightly varies for the individual TiN–
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TiB2 coatings but markedly decreases for Ti(N,B) from 478 GPa (TiN0.87) to 438 GPa upon 

increasing the B content to 8.9 at.%, Fig. 5.9c. This decline in E with increasing B content is also 

captured by ab initio calculations for fcc-TiN1-xBx. Together, these data indicate that the TiN–TiB2 

coatings experience solid solution strengthening (up to 3 at.% B) and grain refinement 

strengthening. For the Ti(N,B) coatings, solid solution strengthening is dominating up to their 

maximum B content of 8.9 at.%, because their grain size is essentially unchanged and B is fully 

soluted, as mentioned above during the discussion of their XRD and TEM results. Ab initio 

investigations furthermore suggest N with B substitution for these Ti(N,B) samples through their 

excellent agreement with fcc-TiN1-xBx structures. As suggested by the classical Fleischer equation, 

the deviation of the hardness increase from a B0.5 dependence suggests other contributions, which 

could be an additional increase in dislocation density and increased vacancy content. 

 

 
 

Figure 5.10. (a) Fracture toughness (KIC) for TiN–TiB2 and Ti(N,B) samples. The gray star symbol 
represents the data point for TiN0.87. (b) DFT-predicted cleavage energy, Ecl, of fcc-TiN1-xBx, with 
error bars representing standard deviation of Ecl values for all (100) planes in the simulation cell 
(due to random distribution of B atoms at the N sublattice, the planes exhibit locally slightly 
different chemistry). The corresponding calculated KIC(100) is added to (a). 
 
The two coating series, TiN–TiB2 and Ti(N,B), provide an opposing trend for their fracture 

toughness KIC with increasing B content. The TiN0.87 coating exhibits a KIC of 2.7±<0.1 MPa·m1/2, 
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which decreases to 2.1±0.1 MPa·m1/2 upon increasing B to 10.4 at.% for the TiN–TiB2 samples 

but increases to 3.0±0.2 MPa·m1/2 upon increasing B to 8.9 at.% for the Ti(N,B) samples, 

Fig. 5.10a. The ab initio derived cleavage energy for fcc-TiN1-xBx also provides such a trend of 

increasing values with increasing B content, Fig. 5.10b. Again, in addition to d200 and Young’s 

modulus, there is a nice agreement between Ti(N,B) samples (with chemistries along the TiN0.87–

TiB tie line) and the fcc-TiN1-xBx solid solution where B substitutes for N. Thus, for these Ti(N,B) 

samples the provided B (here studied up to 8.9 at.%) is fully soluted in the TiNy lattice. On the 

contrary, the TiN–TiB2 coatings with compositions along the TiN0.87–TiB2 tie line can only solute 

up to approx. 3 at.% B, as suggested by the comparison between XRD and DFT calculated d200 of 

fcc-TiN1-xBx solid solutions. A surplus in B is accommodated by an amorphous B-rich grain 

boundary phase, as detected by EELS (Figs. 7b-7d). This excess amount of B at the grain 

boundaries obviously negatively influences their fracture toughness, because the TiN–TiB2 sample 

with the highest B content (10.4 at.%) provides the lowest KIC value of only 2.1±0.1 MPa·m1/2, 

regardless of providing one of the highest H and E values combined with smallest grain size and 

dense growth morphology. Classically, the combination of such characteristics (while the residual 

stresses are comparable) would favor an increased fracture toughness if no additional weaker phase 

is present.  

5.4  Summary and Conclusion 

This study addressed the open question on B-solubility in TiNy by developing two Ti–B–N series, 

one along the TiN–TiB2 and one along the TiN–TiB tie line. Experimentally, this was achieved 

through non-reactive co-sputtering of TiN and TiB2 respectively TiN, TiB2, and Ti. Accurate 

assessment of the chemical composition by ERDA proved a N/Ti ratio of 0.87 for the film 

prepared by non-reactive sputtering the TiN target and a max. B content of 10.4 and 8.9 at.% in 

the TiN–TiB2 and Ti(N,B) coatings, respectively. Together with XRF analysis, this showed that 

while the TiN–TiB2 films are chemically very close to the TiN0.87–TiB2 line, the Ti(N,B) films 

deviate from the TiN0.87–TiB tie line towards the Ti corner with increasing B content (as the 

sputtering current applied to the Ti target was synchronized with that applied to the TiB2 target). 

The latter should turn out to be decisive for an increased B solubility within TiNy in the end.  
Detailed XRD, TEM, SAED, and HRTEM studies indicated that the only crystalline phase present 

is fcc-TiNy-based and that the highest B-containing TiN–TiB2 and Ti(N,B) film has a grain size of 

18±7 nm and column diameter of 54±15 nm, respectively. This 10.4 at.% B containing TiN–TiB2 

was randomly oriented with rather equiaxed grains while the 8.9 at.% B containing Ti(N,B) has a 

pronounced (200) growth orientation with columnar grains. 
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Comparison of their d200 lattice spacings with theoretical (DFT-predicted) values for fcc-Ti1-xNBx, 

fcc-TiN1-xBx, and fcc-TiN1-2xBx pointed out that the Ti(N,B) coatings can completely dissolve the 

provided 8.9 at.% B in the fcc lattice, whereas this is only possible with about 3 at.% for TiN–TiB2. 

Consistently, the full width at half maximum of the XRD peaks, which increased continuously with 

increasing B content for TiN–TiB2, but remained constant for Ti(N,B). Finally, our HRTEM and 

EELS mapping results have conclusively confirmed our XRD results and DFT predictions that 

only with additional co-sputtering of Ti an fcc-Ti(N,B) solid solution with 8.9 at.% B is achieved–

evidenced by the distinct crystalline microstructure and homogeneous B distribution observed in 

the EELS mapping. In contrast, for the TiN–TiB2 coating (10.4 at.% B), we showed that most of 

the B accumulates at the grain boundaries, forming an amorphous B phase, rather than being fully 

incorporated into the fcc-TiN crystalline grains. This surplus B interferes with coalescence 

processes during nucleation and growth of the TiN–TiB2 thin film, resulting in a reduced columnar 

structure (nearly equiaxed grains for the max. B content) and smaller grains.  

The hardness evolution with the B content was similar for both coating series since solid-solution 

strengthening prevails for Ti(N,B) and grain-refinement strengthening for TiN–TiB2. In addition 

to the structural similarities between Ti(N,B) and ab initio fcc-TiN1-xBx, their Young’s moduli 

agreed with the theoretical DFT values and their decrease with increasing B content, too. The TiN–

TiB2 ones provide almost constant values across the B variation studied. 

Regardless of the similar hardness values (and trend) but even larger Young’s moduli combined 

with smaller grains, the TiN–TiB2 coatings provide a lower fracture toughness than Ti(N,B). The 

difference was most pronounced for the highest B-containing coatings because KIC increases with 

B for Ti(N,B) to 3.0±0.2 MPa·m1/2 but decreases for TiN–TiB2 to 2.1±0.1 MPa·m1/2. For B-free 

fcc-TiN0.87, KIC = 2.7±<0.1 MPa·m1/2. 

 

Based on our findings, successfully incorporating advantageous elements into crystal lattices must 

account for their needed space. In this case, the larger B atom relative to N requires 

understoichiometric TiN. 
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6 Strategic Lattice Manipulation in 
Transition Metal Nitrides for Improved 
Solubility 

 
In this study, we propose a new concept for achieving metastable ternary transition metal nitride 

solid solutions, focusing on face centered cubic (fcc) structured Ti(N,B) as a model system. 

Combining non-reactive magnetron sputtering with computational analysis, we develop a 

microalloying strategy to manipulate the metallic sublattice, thereby influencing the solubility of B 

in the non-metal sublattice. We show that imposed tensile strain on the fcc-TiN lattice facilitates 

the solubility of B, with a 1.5% strain enabling the incorporation of ~28.5 at.% B at the non-metal 

sublattice. Conversely, compressive strain hinders the formation of the fcc-Ti(N,B) solid solution, 

highlighting the importance of lattice manipulation in controlling solubility. At the same time, our 

experimental findings reveal that adding larger atoms, such as Zr, to the metal sublattice enhances 

the solubility of B in fcc-TiN more effectively (~2 at.% Zr proves to be sufficient to solute 10 at.% 

B in the fcc-TiN lattice) than smaller atoms, like Cr or similar-sized Ti atoms. The size effect of 

the alloying atoms on the B solubility is further supported by radial distribution function analysis, 

showing lower local lattice distortions for Zr compared to Cr. 

 

6.1  New Concept 
 
We present a new perspective on synthesis challenges inherent to most ternary transition metal 

nitride solid solutions. Using face centered cubic (fcc) structured Ti(N,B) as a model system, we 

explore new avenues for achieving a complete solubility of non-metal alloying elements, particularly 

B, in the fcc-TiN lattice. Through a combination of physical vapor deposition techniques and ab 

initio calculations, we propose a microalloying approach to manipulate the metallic sublattice and 

thereby influence the solubility of B in the non-metal sublattice. By systematically adding smaller 

or larger atoms to the metal lattice, we account for the size-dependent effects of the alloyed atoms 

and provide new insights into the spatial constraints limiting the solubility of B in the fcc-TiN 

lattice. Our microalloying approach highlights the importance of the space conditions in the binary 

host lattice that are critical for achieving ternary solid solutions from a thermodynamic stability 

viewpoint. Bridging the gap between theory and experiment, we propose that this synthesis strategy 

can be generalized beyond the material class of ternary transition metal nitrides. 
6.2  Introduction 
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The growing demand for materials tailored to the dynamic needs of diverse industries continually 

pushes the boundaries of modern materials science. In the field of ceramic hard coatings, forming 

solid solutions contribute to the development of materials with improved mechanical and thermal 

properties―particularly crucial in industries where wear, corrosion, and further environmental 

conditions can impact the functionality and reliability of materials and equipment. By carefully 

selecting and controlling the composition of the solid solution, engineers can design coatings with 

desired characteristics, such as hardness, thermal stability, and chemical inertness1–5. Especially in 

applications demanding superior durability and performance, transition metal nitride hard coatings 

have emerged as a vital subset, renowned for their exceptional hardness and wear resistance6–10. 

Mainly, titanium nitride (TiN)―achieved through plasma-assisted PVD techniques11–14―stands out 

as a paradigm material system that evolved immensely from its initial use as a protective layer for 

cutting tools in the mid-20th century to one of today's most prominent and widely used (and 

studied) coating system in industry (and science), driven by its exceptional range of advantageous 

functionalities15–17. Based on its crystal structure TiN can be explained as an interstitial compound. 

According to Hägg's rule18,19, the smaller N atoms occupy the octahedral sites (interstitials) between 

the larger atoms (Ti) in a face centered cubic (fcc) structured arrangement (according to the NaCl 

prototype; therefore TiN sometimes has the pre-index of rs for rocksalt). The mix of strong 

covalent Ti–N and metallic Ti–Ti bonding is what gives TiN high hardness and electrical 

conductivity20. 
The alloy design of fcc-TiN-based coatings, has demonstrated success with well-established 

ternary systems such as fcc-(Ti,Al)N21,22 alongside fcc-Ti(N,C)23, where solid solutions form 

upon the introduction of additional elements to the titanium nitride matrix. In case of 

ternary transition metal nitrides system, we have to compare substitution on the metal-

sublattice with substitution on the non-metal-sublattice3: For fcc-(Ti,Al)N, Al randomly 

substitutes for Ti on the metal-sublattice24,25, whereas the non-metal C atoms replace N in 

the non-metal sublattice26,27. In the case of Ti–Si–N28, the reverse is desirable; ideally, no Si-

solubility should occur in this material system to precipitate a Si-rich phase at the grain 

boundaries and thus lead to Hall-Petch hardening29–31.  The synthesis of ternary transition 

metal nitride thin films is an enticing prospect, as it offers the potential of superior 

properties compared to their thermodynamically stable binary phases32,33. The inherently 

meta-stable nature of many ternary nitride phases, however, complicates their feasibility34–

36. Although their structural arrangement does not align with the lowest-energy states—akin 

to points above the convex hull—metastable phases can persist due to kinetic barriers that 

impede their transition to the thermodynamically stable configuration37–41. Modern methods 
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of plasma-assisted Physical Vapor Deposition (PVD) techniques facilitate the formation of 

metastable phases due to limited kinetics and non-equilibrium conditions during deposition, 

explained by pioneering research from W.-D. Münz42–44, A. Anders45,46, and D. Depla47–49. 

These conditions of PVD contribute to its popularity for transition metal nitride synthesis 

by enabling controlled stoichiometry and the ability to fine-tune film properties. While PVD 

techniques offer unique pathways to access metastable phases39,40, our research focuses on 

challenges in synthesizing single-phase fcc-Ti(N,B) thin films. Unlike for ternary nitride 

systems such as fcc-(Ti,Al)N, where vapor deposition techniques allow for substituting even 

~80 at% of Ti with Al on the metal sublattice24,50, the solubility of B within the fcc structure 

of Ti(N,B)51 coatings is rather limited and preferably TiN+TiB2 or TiN+BN 

nanocomposites or mixtures thereof with (amorphous) B-rich grain boundary phases 

form3,52–56. We previously revealed that attaining improved solubility of B within fcc-TiN 

requires a deviation from the TiN–TiB tie line towards Ti-richer compounds, (i.e., the 

promoted formation of vacancies on the non-metal sublattice). This deviation was 

accomplished by non-reactive co-sputtering a Ti target alongside TiN and TiB2 targets, 

where 8.9 at.% B could be fully soluted in the fcc-TiN lattice (for a non-metal-to-metal = 

1:1 stoichiometry, this equals that the non-metal sublattice holds 17.8 at.% B)52. In contrast, 

reactive sputtered coatings tend towards compositions along the TiN–BN tie line57. The 

oversupply of less reactive N2
+ ions (relative to Ti+ and Ti2+) along with an excessive 

presence of N2 inhibits the formation of the fcc-Ti(N,B) solid solution and instead forms 

BN-rich boundary phases58. We further concluded that accounting for the required space is 

necessary when fully incorporating B (0.84 Å)59 into the fcc-TiN lattice due to its larger size, 

i.e., larger covalent radius, compared to N (0.71 Å)59. 

By substituting the larger B atoms for the smaller N atoms on the octahedral site, being the 

preferred lattice site as confirmed by DFT calculations52,53, the lattice dimensions expand with 

increasing B concentration. Consequently, this lattice expansion leads to an increase in the lattice 

parameter―indicated by a shift towards smaller 2Ɵ values in the X-ray diffraction (XRD) 

patterns―referring to fcc-TiN (a=4.255 Å, calculated). Excess B, however, segregates at the grain 

boundaries, refining the microstructure of the coating. This incomplete B solubility is also reflected 

in the XRD analysis, where broader peaks and relatively smaller (or absent) peak shifts appear52. 

Building on our previous research, here we address the confined spatial conditions for B at the 

non-metal sublattice that inhibit the formation of the fcc-Ti(N,B) solid solution. Specifically, we 

aimed at non-reactive deposition of Ti–Me–B–N coatings (Me=Ti, Zr, or Cr) by strategically 

increasing the metal content (alloying Ti, Zr, or Cr to a Ti–B–N composite target), while keeping 



 6 Strategic Lattice Manipulation in Transition Metal Nitrides for Improved Solubility 

69 
 

the B content at ~10 at%. Supported by ab initio density functional theory calculations, we explain 

how the manipulation of the metal sublattice by smaller or larger atoms affects the solubility of B 

in the non-metal sublattice. Unravelling the size-dependent effects of alloyed atoms on the local 

stress state of the lattice―where fcc-Ti(N,B) serves as a model system―we provide a new target-

driven microalloying concept to facilitate the synthesis of metastable ternary nitrides. 

 

6.3 Experimental 
 
6.3.1 Thin Film Deposition 
 
The 24 different Ti‒Me‒B‒N (Me = Ti, Cr, or Zr) coatings, in addition to one Ti‒B‒N 

coating (prepared from the plain TiN+TiB2+Ti composite target without additional 

alloying, referred to as TiB0.2N0.8), were deposited on single crystalline sapphire substrates 

(1102) 10×10×0.53 mm³ using a modified Leybold Hereaus LH Z400 MS PVD machine 

equipped with a 3" unbalanced magnetron source holding a TiN+TiB2+Ti composite target 

with an elemental composition of 50 at.% Ti, 40 at.% N, and 10 at.% B, sourced from 

Plansee Composite Materials GmbH. To facilitate a controlled variation in the deposition 

of coatings towards higher metal concentrations, we placed an increasing number of Ti, Cr, 

or Zr pieces (~3×3×3 mm3) on the target's racetrack. Following ultrasonic cleaning in 

acetone and ethanol for 5 min each, the substrate preparation commenced inside the 

chamber after reaching the base pressure below 1⋅10-4 Pa (1⋅10-6 mbar). The substrates were 

thermally cleaned at ~400 °C for 25 min, and afterwards Ar-ion-etched for 15 min at an Ar 

pressure (60 sccm Ar-flow) of 67 Pa. At the same time, a negative pulsed voltage of 150 V 

(150 kHz and 2496 ns on time) was applied to the non-rotating substrate holder with a 

target-to-substrate distance of 38 mm. Subsequently, all coatings were obtained by non-

reactive DC magnetron sputtering at 400 °C by continuously operating the 3-inch Ti‒B‒N 

target in current-controlled mode at ITi‒B‒N=0.5 A and keeping the Ar pressure at 0.4 Pa (33 

sccm Ar-flow). The deposition time was adjusted between 75 and 90 min to prepare 

coatings with a thickness t of ~3 µm.  

 

6.3.2 Chemical Analysis 
 
We determined the chemical composition of our coatings (individual elemental concentrations are 

listed in the Supplementary materials in Table S1) by conducting Time-of-Flight Elastic Recoil 

Detection Analysis (ToF-ERDA) at the 5 MV Pelletron Tandem accelerator at Uppsala 
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University60, employing 127I8+ projectiles with a primary energy of 36 MeV. The beam incident angle 

was 67.5° to the surface normal, with recoils reaching the detector at a 45° angle relative to the 

direction of the incident beam. The raw experimental data were processed using the CONTES 

software package61. Total systematic and statistical uncertainties were estimated to be below 5% of 

the deduced value for the major constituents. Additional chemical information was obtained from 

X-ray fluorescence (XRF) measurements using a PANalytical AxiosmAX-Advanced spectrometer 

with a rhodium (Rh) X-ray tube operating at 50 kV and 55 mA under vacuum conditions. The 

instrument was calibrated using the results of the ERDA-analyzed samples. 

 

6.3.3 Structural Analysis 
 
For structural characterization of the thin films, we performed X-ray diffraction using a 

PANalytical Empyrean (θ-θ diffractometer) with Cu(Kα1,2) radiation, equipped with a 

GaliPIX3D detector. X-ray diffraction patterns were collected over a 2θ angle ranging from 

5° to 120° with respect to the sample surface. The lattice plane distances, d200, and full width 

at half maximum, Γ200, of the 200-peak were determined through peak profile fitting in 

MalvernPanalytical's HighScore plus software62 using a Pearson 7 function and an 

asymmetry type of peaks by splitting width and shape. All diffraction patterns were 

processed by aligning the prominent [024] sapphire substrate peak to its reference position 

at 2θ=52.534° (JCPDS no. 00-035-0803)63. 

 
6.3.4 DFT Calculations 
 
Density function theory (DFT) calculations were performed using the Vienna ab initio 

simulation package (VASP) 64,65, combined with projector augmented plane-wave (PAW) 

pseudopotentials66 and the Perdew-Burke-Ernzerhof generalized gradient approximation 

(GGA)67. These calculations were carried out with a plane-wave cutoff energy of 600 eV 

and employed an automatically generated Γ-centered k-point mesh with a length parameter 

of 60 Å. 

The 4-atom equilibrated structure of fcc-TiN (Fm-3m, with a lattice constant of 4.255 Å) 

served as basis for a 64-atom (2×2×2) model for fcc-TiN1-xBx as well as fcc-Ti1-yMeyN1-xBx 

solid solutions, where B replaces N on the non-metal sublattice and Me={Cr,Zr} replaces 

Ti on the metal sublattice. The distribution of B atoms followed the special quasirandom 

structure (SQS) approach68. 
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The structures underwent a full optimization (volume, shape, and ionic positions) until 

forces on atoms were reduced to below 10⁻⁴ eV/Å, and the total energies of two consecutive 

ionic steps exhibited a difference of less than 10⁻⁵ eV per supercell. For volumetric 

tension/compression simulations, the supercells were kept at a fixed volume and only the 

atoms inside were allowed to relax.  

Formation energy, Ef, was evaluated consistently with our previous work52.  

The radial distribution functions (RDFs) were calculated using the OVITO package69. 

Subsequently, the misfit strain, ε, was evaluated by fitting a Gaussian function to obtain the 

average bond distance of two individual bonds, the first nearest neighbor distance of the 

solvent (fcc-TiN lattice) and solute (B), Ti–N and Ti–B, for each material system, and 

calculated by ε=dTi-B–dTi-N)/dTi-N
70. 

 

6.4 Results 
 

 
Figure 6.1. Thermodynamic stability quantified by the formation energy, Ef, of fcc-TiN1-xBx 
compared to its competing decomposition products. The black circular symbols denote Ef for fcc-
TiN1-xBx solid solution along the quasi-binary TiN–TiB tie line. For each composition (shown as a 
function of x), the location of the energetically more (or less) favorable binary components fcc-
TiN+hcp-TiB2+hcp-Ti (or fcc-TiN+fcc-TiB) is indicated as blue (or red) triangles. The vertical 
distance between the points, illustrated by a blue and red arrow for x=0.2, equals ΔEf. Note that 
the decomposition products are stoichiometrically balanced according to the elemental 
composition of the educt fcc-TiN1-xBx. 

To visualize the thermodynamic landscape, we have constructed a quasi-binary convex hull 

phase diagram (illustrated in Fig. 6.1), highlighting the metastable nature of the fcc-Ti(N,B) 

solid solution. Our ab initio Density Functional Theory (DFT) calculations, reveal that the 

fcc-TiN1-xBx solid solution is energetically unfavorable compared to the stoichiometrically 
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balanced combination of fcc-TiN, hexagonal close packed (hcp) TiB2, and hcp-Ti 

(representing the thermodynamically stable state). Notably, the decomposition reaction into 

fcc-TiN and fcc-TiB is even less energetically favorable than the formation of the ternary 

solid solution, considering that fcc-TiB itself is a metastable compound71. In Fig. 6.1, we 

highlight the impact of B content on the synthesis of fcc-Ti(N,B) by directly correlating the 

increasing B-to-N ratio with the rising energy barrier (ΔEf) that needs to be overcome to 

achieve the ternary solid solution. The energy gap between the fcc-TiN1-xBx and its 

decomposition components (illustrated in blue) widens steadily with increasing B content, 

approaching the maximum for x=1 (Ef,hcp-TiB2-Ef,fcc-TiB=0.67 eV/at.). For 10 at.% B 

(equivalent to 20 at.% on the non-metal sublattice), the fitted data yield a difference of 0.10 

eV/at. Although PVD inherently provides a kinetic handle to overcome small ΔEf, 0.10 

eV/at. is rather large for standard PVD processes but not impossible. Considering the Ef 

barrier of ~0.18 eV/at. between the rock-salt (B1) and wurtzite (B4) AlN allotropes72 we 

know that B1 AlN can form e.g. via the template effect from fcc-TiN in a superlattice73. 

Although advances in computational materials science enable to predict the stability of solid 

solutions5,35,36,74,75, empirical solubility rules stated by Pauling76–78, Hume-Rothery79–81, and 

Hägg18,19 further allow reasonably estimating the solubility of crystalline materials. Based on 

Hägg's rule—which predicts the stability of the closest packing for interstitial compounds 

(Hägg phases)—the ratio of atomic radii of the non-metal and transition-metallic 

components (rx/rMe) must be within the range of 0.41–0.59. The closest packed TiB 

(rx/rMe=0.67) clearly exceeds the limit of 0.59. To meet the limit values of the rule, we used 

the atomic radii published by Hägg in 193119. Consequently, it is clear that incorporating B 

into the fcc-TiN lattice requires a larger metal atom radius, i.e., a larger fcc lattice, further 

illustrated by comparing the lattice parameters between fcc-TiN (a=4.255 Å) and fcc-TiB 

(a=4.534 Å), both calculated by DFT. 

 

Having outlined the challenges of synthesizing fcc-Ti(N,B) thin films, we further employ 

ab initio DFT calculations to address the spatial constraints. Fig. 6.2 compares formation 

energies, Ef, and stresses, σ[100], of fcc-Ti(N,B) solid solutions under volumetric 

tension/compression to those of the fully relaxed system. Specifically, the lattice parameter, 

a, is fixed to a 1.5% or 3% larger respectively smaller value with respect to that of the 

equilibrium fcc-TiN (i.e., a={4.319; 4.383} Å and a={4.191; 4.127} Å model the system 

under tensile and compressive strain, respectively, where the reference fcc-TiN exhibits 

a=4.255 Å. 
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Figure 6.1. The impact of volumetric tensile/compressive strain on the energetic stability and 
stress state of fcc-Ti(N,B) solid solutions as a function of the B content. (a) Formation energy 
differences, ΔEf, between volumetrically strained and fully relaxed systems. Taking the parameter 
of fcc-TiN (a=4.255 Å) as a reference, tensile strain (blue circular data points)/compressive strain 
(red triangular data points) is applied by enlarging/shortening the lattice parameter (by 1.5% and 
3%). (b) Lattice parameter of a fully relaxed fcc-Ti(N1-xBx) plotted against the B content. The B 
content for which the lattice parameter overlaps with that of the 1.5% strained system is highlighted 
by a blue line. The black line denotes the resulting lattice parameter corresponding to the 10 at.% 
B in our experiment. Likewise, if the solubility of B is reduced purely to its size, a necessary 
minimum size of the fcc-TiN unit cell modified by microalloying can be determined for certain B 
alloy contents. (c) Strain-induced stress along the [001] crystallographic direction, i.e., along the 
applied (tensile/compressive) strain, evaluated for the supercells in (a). 
 

Though having a fixed volume, all strained fcc-Ti(N,B) solid solutions are relaxed in terms 

of ionic positions (for details see the Methodology). Starting from fcc-TiN, all its strained 
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variants are energetically more costly, as indicated by positive formation energy differences, 

ΔEf, from the fully relaxed fcc-TiN. For either tensile or compressive strain, the larger the 

deviation from the equilibrium lattice parameter, the higher the energetic costs (see the ΔEf 

of the 3% strained TiN being above that of the 1.5% strained TiN), as we are further away 

from the thermodynamic equilibrium. Adding B to the N sublattice, ΔEf gradually increases 

for all fcc-Ti(N,B) solid solutions under compression. This is because the lattice parameter 

of fcc-Ti(N,B)—with no strain applied—increases with rising B content, i.e., increasingly 

deviates from that of the compressed system (see Fig. 6.2b). Contrarily, the lattice parameter 

of fcc-Ti(N,B) under tension steadily approaches that of the fully relaxed system—mirrored 

by decreasing ΔEf —until reaching the equilibrium value. In case of 1.5% tensile strain, the 

overlap occurs at ~28.5 at.% of B where ΔEf ~ 0eV/at. (the corresponding lattice 

parameter is marked in Fig. 6.2b). Note that in order to match the lattice parameter of fcc-

TiB (a=4.534 Å), the lattice parameter of fcc-TiN would have to be 6.6% larger 

(corresponding to a 6.6% volumetric tension).  

Trends in the formation energy differences between volumetrically strained and fully relaxed 

fcc-Ti(N,B) solid solutions (Fig. 6.2a) are further underpinned by evolution of the 

corresponding stress states. Specifically, Fig. 6.2c shows the stress tensor component along 

the strained direction, [001], which is (nearly) equal to the stress tensor components along 

[010] and [001] (differences come from the numeric). Although at higher B contents, these 

volumetrically-strained systems exhibit also non-zero shear stresses (0–1.3GPa), we analyze 

only (the dominant) tensile or compressive stresses. Concerning volumetric compression, 

the [001] stresses increasingly deviate from the fully relaxed (thus, stress-free) fcc-Ti(N,B), 

consistent with increasing ΔEf in Fig. 6.2a. Contrarily, stresses on the tensile-strained system 

diminish with increasing the B content until they nullify. In combination with (approx.) zero 

Ef difference from the stress-free fcc-Ti(N,B), this mirrors the fact that lattice parameter of 

the stress-free and tensile-strained system are equal (at this B content). To experimentally 

address the spatial constraints on B in the fcc-TiN lattice, we conducted our study using a 

composite target of TiN, TiB2, and Ti with an elemental composition of 50 at.% Ti, 

40% at.% N, and 10% at.% B. By microalloying additional metals Me = Ti, Cr, or Zr 

(achieved by placing metal pieces on the racetrack of the target), we progressively increased 

the metal concentration. In order to focus, in particular, on the effects of the metallic 

microalloying, we have deliberately set the B content to 10 at.% in the specified target 

composition. Figs. 6.3a-c illustrate the chemical compositions of the deposited coatings (as 

determined by ToF-ERDA and XRF), displaying a nearly linear progression toward the 
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metal corner within the partial section of the ternary phase diagram. However, the B content 

of each of the 25 Ti–Me–B–N coatings was maintained at almost 10 at% (which 

corresponds to ~20 at% on the non-metal sub-lattice if B is solely substituting N). The 

elemental composition of all deposited coatings is listed in the Supplementary Materials in 

Table S1. The decrease in B and N with increasing alloying content is because upon adding 

Ti, Cr, and Zr metals onto the target-race-track also the B and N source (the target itself) is 

partly covered. 

 

 
 
Figure 6.3. (a), (b), and (c) each shows a part of the (quasi)ternary phase diagram for Ti–B–N, Ti–
Cr–B–N, and Ti–Zr–B–N including the chemical compositions of the deposited samples [as 
determined by ToF-ERDA (coatings marked as full-filled symbols) and XRF (indicated with half-
filled symbols)]. In each diagram the gray full-filled symbol (determined by ToF-ERDA) represents 
the TiB0.2N0.8 coating obtained from the non-reactively sputtered TiN+TiB2+Ti composite target. 
For clarity, the element-specific alloys are each shown in a single diagram and distinguished by 
color and shape: The addition of Ti is indicated by round symbols in blue, Cr by hexagonal symbols 
in red, and Zr by diamond-shaped symbols in green. Grey-framed symbols (within the individual 
panels) indicate the composition of the other alloyed coatings. The gray-shaded triangle with the 
dashed line boarders indicates the TiN-TiB2-TiB phase field. 
 

According to our previous DFT calculations52, B substitutes for N on the non-metal 

sublattice, while Ti, Cr, and Zr atoms occupy the metal side. Microalloying shifts the 

chemical composition of the deposited Ti–Me–B–N thin films towards an 

overstoichiometric metal content (see S1), compensated by vacancies on the non-metal 

sublattice. This circumstance in itself should already increase the solubility of B, as already 

shown in the previous study52. We deliberately decided to carry out an additional series with 

the addition of Ti in order to confirm the previous results and also to be able to better 

describe the effect of alloying with an additional element, i.e. to better separate the two 

effects (vacancies on the non-metal sublattice and tuned lattice parameter). For clarity, the 
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three series are shown in separate plots (a, b, and c), each color-coded for easy 

differentiation. 

 

 
 

Figure 6.2. (a), (b), and (c) lattice plane distances d200 and (d), (e), and (f) full width at half 
maximum (FWHM, Γ200) of the 200 peaks (at 2θ ~42°). Values were determined by peak 
profile fitting using a Pearson 7 function and an asymmetry type of peaks by split width and 
shape. The blue circular symbols represent the Ti–B–N coatings with incremental Ti 
content. The Cr- and Zr-alloyed Ti–Me–B–N coatings are represented by red hexagons and 
green diamonds, respectively. The gray full-filled symbol (either round, hexagonal, or 
diamond-shaped) represent the data point for TiB0.2N0.8. Each value for the other two 
alloying elements is shown as half-shaded gray symbols outlined in their corresponding 
shape. The dashed horizontal line in (a), (b), and (c) marks the ab initio DFT calculated 
relaxed d200 lattice plane distance for fcc-Ti(N,B) (d200=2.150 Å) with 20 at.% B solved at the 
non-metal sublattice (see Fig. 6.2b). The alloy concentration range where the minimum 
FWHM is reached is indicated by the colored range in (d), (e) and (f). 
 

XRD analyses of the Ti–Me–B–N coatings reveal that each alloying series preserves the 

single-phase cubic face-centered cubic TiN structure consistently, without the emergence 

of additional crystalline (metallic) phases with increasing metal content (XRD patterns are 

provided in the Supplementary Materials in Fig. S6.1). Detailed XRD peak profile analysis 

gives the lattice plane distances and FWHM values of the 200-peak (d200 and Γ200) as a 

function of the respective alloy content. The importance of these two parameters for the 
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validation of a solid solution has already been proved in our previous study using HRTEM 

investigations52 and is now applied here in a similar fashion.  

Starting with Fig. 6.4a (Ti addition), the lattice spacing increases from d200=2.134 Å (0 at.%) 

with rising alloying content, reaching its maximum value (d200=2.150 Å) by adding 2.0 at.% 

Ti. A further addition of Ti causes d200 to slightly decrease again (presumably due to 

vacancies on the non-metal sublattice and the slightly decreasing B-content in the coatings, 

see Figs. 6.3a-c as well as supplementary table S1, caused by the experimental setup). 

Simultaneously, as d200 increases, Γ200 (Fig. 6.4d) decreases concurrently until reaching a 

minimum at ~5 at.% Ti (corresponding to an amount of ~54.5 at.% Ti in the coating). A 

more pronounced decline in d200, after an initial increase, is obtained by adding Cr (see Fig. 

6.4b). 

The maximum lattice spacing attained, reaching 2.146 Å at 1.4 at.% Cr, is below the calculated d200 

value for fcc-Ti(N,B) with 10 at.% B in the lattice (illustrated by the dashed horizontal line). 

Although Cr alloying results in a minimum FWHM of the 200-peak of Γ200 = 0.69° at 5.1 at.% Cr, 

this is clearly above the minimum value of 0.35° obtained when adding Ti instead of Cr. 

Additionally, also the alloying range where Γ200 is minimal is much narrower when adding Cr. Γ200 

rapidly increases when adding more than 5.1 at.% Cr, whereas for Ti addition an increase in Γ200 is 

only observed above 10 at.% Ti. Adding Zr results in a significant increase in d200 and a 

comparatively steep decrease in Γ200 (Figs. 6.4c, f), reaching a minimum Γ200 by adding at least 

1.8 at.% Zr. More Zr leads to a flattening of the increase in d200, reaching 2.198 Å at 12.2 at.% Zr. 

Already with the addition of 0.7 at.% Zr the d200 value is 2.150 Å, thus meeting the value for a fcc-

Ti(N,B) with 10 at.% B, as indicated by the intersection with the dashed horizontal line. Notably, 

even at alloy concentrations above 10 at.%, Γ200 remains small with values consistently around 

0.40°. 

 

6.5 Discussion 
 
The (initial) increase in d200 upon alloying the TiB0.2N0.8 coating with Ti and Cr (Figs. 6.4a and b) 

indicates that more of the available B is soluted within the fcc-TiN lattice, because the concomitant 

decreasing non-metal/metal ratio as well as substitution of Ti with Cr would suggest for a decreased 

d200, which is the case for a higher alloying content. The lattice parameter of fcc-CrN (4.15 Å)82 is 

much smaller as that of fcc-TiN. When alloying TiN0.8B0.2 with Zr, the lattice spacing continuously 

increases (Fig. 6.4c), because the substitution of Ti with Zr would also cause the lattice parameter 

to increase (aZrN = 4.59 Å82) and not just the promoted incorporation of B to the fcc-lattice. 

Consequently, for the Zr alloying case, we have two contributions for an increased lattice parameter 
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(1: Zr substituting Ti and 2: additional B substitution of N) and one for a reduced lattice parameter 

(the decreasing non-metal/metal ratio like for the other two cases). A reduction of the non-

metal/metal ratio (upon the addition of Ti, Cr, or Zr to TiN0.8B0.2) below 1 promotes the formation 

of vacancies at the non-metal sublattice, which also facilitates the incorporation of additional B at 

the non-metal sub-lattice—in agreement with our previous results52. Thus, for the Zr alloying case, 

the separation of the two effects (1: Zr substituting Ti and 2: increasing vacancy content at the 

non-metal sublattice) promoting the B solubility is difficult when solely investigating d200. As the 

N-content nearly linearly decreases with increasing Zr content, the non-metal-vacancy-induced 

reduction in d200
83–85 as well as the Zr-for-Ti substitution-induced increase (according to Vegard’s 

rule86) in d200 is suggested to be nearly linear as well. Thus, the positive deviation of d200 from such 

a linear slope is contributed by the additional incorporation of the provided B into the fcc-lattice 

than Ti addition. 

 

 
 

Figure 6.3. DFT calculated local misfit strain (ε=dTi-B–dTi-N)/dTi-N) as a function of the B content 
for three fcc-TiN structural variants: 1) fcc-TiN1-xBx (round blue-filled symbols), 2) fcc-
Ti0.94Cr0.06N1-xBx where 6 at.% Cr substitute for Ti on the metal sublattice (hexagonal red-filled 
symbols), and 3) fcc-Ti0.94Zr0.06N1-xBx where 6 at.% Zr substitute for Ti on the metal sublattice 
(squared green symbols). Each calculated data point series is linearly fit and displayed with a color-
coded 68% confidence band. 
 
Our alloying strategy has shown that―alongside with the vacancy formation on the non-

metal sublattice―the alloying element’s size affects the B solubility in the fcc-TiN lattice, 

presumably by altering the spatial conditions for B on the non-metal sublattice. To support 

this reasoning, we again employ ab initio calculations to evaluate the radial distribution 

function (RDF) of Ti–N (dTi-N) and Ti–B (dTi-B) bonds (the nearest neighbor distance, 

corresponding to a local d200), in the fcc-TiN1-xBx or fcc-Ti0.94Me0.06N1-xBx lattice. 

Noteworthily, there is no strain applied and all structures are fully relaxed in terms of 
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volume, shape, and ionic positions (see Methodology). The RDF analysis allows quantifying 

the local misfit strains70 in case of Me = Cr or Zr substitute for Ti at the metal sublattice. 

Based on our experimental results showing improved B solubility when 2–12 at.% Zr, 3–

10 at.%Ti, and ~5 at.% Cr is alloyed to TiB0.2N0.8, we did calculations of fcc-Ti1-yMeyN1-xBx 

supercells with y=0.06 (which is equivalent to the addition of 3 at.% to the fcc-TiN lattice). 

By maintaining a 1:1 non-metal-to-metal ratio, our calculations focus exclusively on the size 

effect of the alloying element on the local misfit strain in the lattice, deliberately excluding 

the influence of non-metal-vacancies (which we studied previously in detail52). Fig. 6.5 

shows that the local misfit strain, ε, almost linearly increases with increasing B content in 

case of fcc-TiN1-xBx, fcc-Ti0.94Cr0.06N1-xBx, and fcc-Ti0.94Zr0.06N1-xBx structures. While ε is 

initially lower for the fcc-TiN1-xBx solid solution, the fcc-Ti0.94Zr0.06N1-xBx structure becomes 

more favorable with >5.3 at.% solute B. For incorporating increasing amounts of B in 

fcc-Ti0.94Cr0.06N1-xBx, ε ranges between 0.94–1.40%, thus significantly higher than in case of 

fcc-TiN1-xBx and fcc-Ti0.94Zr0.06N1-xBx. Notably, even for solving 1.6 at.% B in 

fcc-Ti0.94Cr0.06N1-xBx (ε=0.94%), ε is 15% (relatively) higher than for the case of a 

fcc-Ti0.94Zr0.06N1-xBx solid solution with 11.0 at.% B (ε=0.82%). Comparing the local misfit 

strains resulting from B addition in fcc-Ti0.94Zr0.06N1-xBx and fcc-Ti0.94Cr0.06N1-xBx to the basic 

fcc-TiN1-xBx lattice, it is evident that the Zr-substituted structure becomes most favorable 

with increasing B content. Although the introduction of B induces local misfit strains in all 

three cases (as indicated by an increase in ε with increasing B content), the replacement of 

6 at.% Ti with larger Zr in the metal sublattice results in a less steep increase in ε than in the 

case of fcc-TiN1-xBx and fcc-Ti0.94Cr0.06N1-xBx. In the case of fcc-Ti0.94Cr0.06N1-xBx, substituting 

6 at.% Ti with smaller Cr atoms in the metal sublattice already introduces local lattice strains 

that provide even less favorable spatial conditions for B-incorporation than fcc-TiN1-xBx.  

Simplifying the situation by representing atoms as rigid spheres, we aim to illustrate how 

the size of alloying elements affects spatial conditions for B within the fcc-TiN lattice while 

also considering the effect of N-vacancies. A detailed summary concerning the data from 

the RDF analysis utilized for this illustration is given in the Supplementary Materials listed 

in Tables S6.2–S6.4.  

 

Fig. 6.6a shows the fcc-TiN0.70B0.20 lattice having 10 at.% vacancies at the non-metal sublattice. 

Building on our prior findings, we considered a simple model with one N vacancy added for each 

B atom (not necessarily in the vicinity of this B). In the fcc-TiN lattice, N occupies the octahedral 

interstitial site built by six Ti atoms, which themselves construct an fcc-cell.  
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Figure 6.6. Two-dimensional graphical representation of the (100) plane of (a) the fcc-TiN0.70B0.20 
lattice with 10 at.% vacancies at the non-metal sublattice, (b) the fcc-Ti0.94Cr0.06N0.80B0.20 lattice, and 
(c), the fcc-Ti0.94Zr0.06N0.80B0.20 lattice. The N vacancy as well as Cr and Zr are placed as the nearest 
neighbor to B. The underlying lattice construction represents the initial fcc-TiN lattice with 0 at.% 
B. The ratio between atomic radii59 and bond length―based on our RDFs as listed in the 
Supplementary Materials in Tables S6.2–S6.4―are slightly exaggerated for clarity. 
 

Only four of these Ti atoms are visible from the (100) plane, since the other two sit vertically, one 

plane above and below the N atom. Based on our calculations, the absence of an N atom induces 

local contractions at the metal sublattice (as seen in shorter Ti–Ti bonds listed in Table S6.2). In 

particular, the neighboring Ti atoms experience tensile strain to compensate for the missing N 

atom, resulting in local misfit strains. These local tensile strains caused by the non-metal vacancy, 

compensate―to some extent―for the compressive strain induced by the larger B atom at the non-

metal sublattice. Although B substitutes for N on the non-metal sublattice, our RDF calculations 

do not result in significant changes in the Ti–N bond lengths (Table S6.2). Rather, we observe 

shorter (near N-vacancies) and larger (near B-atoms) Ti–Ti bonds for the introduction of B into 

the fcc-TiN lattice. Although non-metal vacancies compensate for some of the compressive strains 

induced by B, the fcc-TiN lattice expands by ~1% when forming an fcc-TiN0.60B0.20 solid solution52. 

Fig. 6.6b illustrates the case of fcc-Ti0.94Cr0.06N0.80B0.20 solid solution, where Cr and B atoms are 

nearest neighbors in the lattice. The substitution with smaller Cr atoms causes adjacent Ti atoms 

to move slightly closer together, thereby reducing the size of the octahedral sites (or the space at 

the non-metal sublattice); please compare Tables S6.2 and S6.3. Consequently, the B atoms have 

even less space as for fcc-TiN0.80B0.20, consistent with our previously discussed results of Fig. 6.2b. 

As derived from DFT, the lattice parameter of fcc-Ti0.94Cr0.06N0.80B0.20 (where 6 at.% Cr replace Ti), 
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a=4.291 Å (calculated), is smaller than that of fcc-TiN0.80B0.20, a=4.304 Å (calculated). Compared 

to that, the calculated lattice parameter of fcc-Ti0.94Zr0.06N0.80B0.20 is even a=4.329Å. However, these 

parameters need to be rationalized with those of the B-free lattices, TiN (4.255 Å), Ti0.94Cr0.06N 

(4.247 Å), and Ti0.94Zr0.06N (4.267 Å). The data analysis suggests, as shown in Fig. 6.6c, that the size 

of the Zr atom stretches the surrounding Ti–Ti and Ti–N bonds so much that the additional B 

incorporation only slightly affects the lattice (see Table S6.3). Expanding the fcc-TiN lattice by 

substituting a larger Zr atom for Ti on the metal sublattice (and ZrN easily forms a solid solution 

with TiN) partly compensates for the local strains induced by the B atom taking the place of N at 

the non-metal sublattice. Conversely, replacing Ti atoms with smaller Cr atoms (also, CrN easily 

forms a solid solution with TiN) further restricts the spatial conditions for replacing N with a larger 

B atom at the non-metal sublattice. These data indicate (in combination with our previous findings 

on the effects of non-metal-sublattice vacancies on the B solubility) that a shared loading of the 

sublattices benefits the overall situation. Replacing N on the non-metal sublattice with B induces 

compressive strains on it. These are partly compensated by the two effects leaving the non-metal 

sublattice with tensile strains: 1) vacancies on the non-metal sublattice and 2) larger substitutional 

atoms on the metal sublattice (like Zr vs. Ti). On the contrary, replacing Ti with the smaller Cr 

induces compressive strains on the non-metal sublattice, which are even further increased upon 

the substitution of N with B. 

6.6 Summary and Conclusion 
 
This study addresses synthesis challenges in obtaining single-phase materials of immiscible 

phases by overcoming spatial constraints, using Ti–B–N as model material system. First, ab 

initio density functional theory (DFT) calculations are employed to demonstrate the 

metastable nature of fcc-TiN1-xBx solid solution. By illustrating its energetic landscape in a 

quasi-binary convex hull phase diagram, we highlight the thermodynamic barrier that 

inhibits B incorporation into the fcc-TiN lattice. Our ab initio predictions further reveal the 

critical role of lattice strain in modulating the stability of fcc-Ti(N,B) solid solution. The 

models of fcc-Ti(N,B) solid solution with a tensile-strained or compressively-strained lattice 

parameter, indicate that the former can promote the incorporation of B to the non-metal 

sublattice. Specifically, a 1.5% tensile strain facilitates an incorporation of up to ~28.5 at.% 

B. The proposed experimental microalloying approach meets with our theoretical 

predictions regarding the spatial constraints on B incorporation within the fcc-TiN lattice. 

We progressively increased the metal concentration while maintaining the B content close 

to 10 at% in the 25 Ti–Me–B–N coatings by adding additional Me=Ti, Cr, or Zr pieces (0-
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15 at%) to a Ti–B–N composite target (consisting of 50 at% Ti, 40 at% N, and 10 at% B). 

Although the formation of vacancies at the non-metal sublattice facilitates the substitution 

of N with B within the fcc-TiN lattice, the size of the metal alloying elements further defines 

the spatial conditions affecting the B incorporation. This observation is supported by 

experimental data showing that the lattice parameter increases more by alloying with Zr 

compared to Ti and Cr. As can be seen from the FWHM, alloying with Zr has the greatest 

effect on the solubility of B (the addition of only 2 at.% Zr is sufficient to fully incorporate 

the ~10 at.% B provided), while Cr is even less helpful than the addition of Ti. The observed 

slightly increased solubility of B in fcc-TiN by alloying with Cr is thus exclusively due to the 

resulting increased proportion of vacancies on the non-metal sublattice. This effect (due to 

the additional vacancies) is even lower than in the fcc-Ti(B,N) coatings alloyed with 

additional Ti. Notably, by alloying Ti it was possible to isolate the effect of vacancies on B 

solubility in the non-metal sublattice. The reduced solubility can be explained by the fact 

that the substitution of Ti by the smaller Cr induces additional contracting strains on the 

non-metal sublattice, by which the substitution of N with the larger B becomes more 

difficult. Through a detailed RDF analysis we compared the local misfit strains induced by 

increasing the B concentration for 16 fcc-Ti0.94Me0.06N1-xBx structures; where Me is either Ti, 

Cr, or Zr. We show that the size of a larger alloying element directly affects the spatial 

conditions for B within the lattice, providing more space―not only through the introduction 

of N-vacancies―but also through an enlarged metal sublattice. In particular, when larger 

atoms can substitute for Ti on the metal sublattice the formation of the fcc-Ti(N,B) solid 

solution is favored by reducing the local misfit strain. 

In summary, we introduced a novel microalloying concept aimed at manipulating the 

metallic sublattice to influence the solubility of B in the non-metal sublattice. By 

systematically introducing smaller or larger atoms into the metal lattice, we addressed the 

size-dependent effects of alloying atoms in forming an fcc-Ti(N,B) solid solution. The here-

presented results hold promise for advancing the synthesis and design of novel materials 

with tailored properties and functionalities, not only within the Ti–B–N system, but also 

potentially in other metastable material systems. 
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S6 Supplementary Materials 
 

 
 
Supplementary Figure S6.1. X-ray diffraction (XRD) patterns of Ti–Me–B–N coatings sputtered from a 
TiN+TiB2+Ti compound target with increasing Me=Ti, Cr and Zr alloy contents, shown in blue, red-orange and 
green, respectively. (a) XRD patterns for Ti–B–N (+Ti), (b) Ti–Cr–B–N, and (c) Ti–Zr–B–N coatings with labeled 
alloy contents determined by ERDA and XRF. The gray XRD pattern at the bottom of each panel represents the 
diffraction peaks for the unalloyed TiB0.2N0.8 coating. Standard peak positions of fcc-TiN for the (100), (200), and (220) 
crystal planes (JCPDS No. 00-038-1420)1 are included for reference, highlighting the peak shift caused by the 
incorporation of B in the fcc-TiN lattice. A detailed analysis of the (200) diffraction peaks is provided in Fig. 6.4. No 
other crystalline phases are present. 1 S. Gates-Rector and T. Blanton, Powder Diffr, 2019, 34, 352–360 
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Supplementary Table S6.1. Summary of experimental results from chemical and XRD analysis of the deposited 
coatings in this study including TiB0.2N0.8, Ti–B–N, Ti–Cr–B–N and Ti–Zr–B–N, with the latter three each showing 
increasing alloy (Me=Ti, Cr, or Zr) concentrations. The alloying content of Ti is the difference of the measured Ti 
content to the reference coating TiB0.20N0.80. 

Coating Ti (at.%) B (at.%) N 
(at.%) + Me (at.%) (B+N)/Me d200 (Å) FWHM (°2Ɵ)  

    Me=Ti, Cr, Zr   left  right  mean 
TiB0.2N0.8 49.64 10.21 40.15 – 1.01 2.134 1.45 1.70 1.58 

Ti–B–N 49.64 10.06 38.73 1.57 0.92 2.147 0.87 1.03 0.95 

  9.78 38.61 1.97 0.90 2.150 0.54 0.63 0.59 

  9.79 38.51 2.06 0.90 2.149 0.49 0.55 0.52 

  9.57 37.77 3.02 0.85 2.149 0.42 0.36 0.39 

  8.55 37.05 4.76 0.77 2.146 0.36 0.34 0.35 

  8.49 35.53 6.34 0.71 2.144 0.38 0.42 0.40 

  8.39 34.10 7.87 0.65 2.143 0.38 0.33 0.35 

  6.96 33.22 10.18 0.57 2.144 2.21 1.05 1.63 

Ti–Cr–B–N 49.45 9.29 40.44 0.82 0.99 2.144 1.07 1.34 1.21 

 47.77 9.31 41.58 1.34 1.04 2.147 0.93 1.38 1.16 

 48.63 9.12 39.58 2.67 0.95 2.144 0.88 0.97 0.92 

 47.91 8.80 38.94 4.35 0.91 2.143 0.72 0.75 0.73 

 49.64 7.79 37.47 5.10 0.83 2.143 0.68 0.70 0.69 

 47.03 8.77 36.42 7.78 0.82 2.136 0.90 0.93 0.91 

 47.44 7.26 35.03 10.27 0.73 2.133 1.14 1.32 1.23 

 40.69 7.11 34.60 17.60 0.72 2.128 1.43 1.57 1.50 

Ti–Zr–B–N 51.23 9.03 39.03 0.71 0.93 2.150 0.92 1.12 1.02 
 50.31 9.51 38.61 1.57 0.93 2.157 0.51 0.53 0.52 
 51.85 9.00 37.18 1.97 0.86 2.158 0.39 0.34 0.38 
 50.84 9.29 37.49 2.38 0.88 2.161 0.46 0.47 0.46 
 49.23 8.91 37.67 4.19 0.87 2.169 0.45 0.36 0.40 
 48.16 8.40 35.90 7.54 0.80 2.184 0.48 0.38 0.43 
 45.46 9.56 33.18 11.80 0.75 2.198 0.53 0.36 0.45 
 44.63 8.36 34.83 12.18 0.76 2.199 0.46 0.33 0.39 
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Supplementary Table S6.2: Summary of RDF analysis results obtained for fcc-Ti(N₁₋ₓ,Bₓ) and fcc-Ti(N₁₋2ₓ,Bₓ) 
structures, with increasing B content evaluated for the nearest neighbor Ti–Ti, Ti-B, Ti–N, B–N, and N–N bonds, 
including the standard error (SE). B–B bonds are not listed because the B content is insufficient for two B atoms 
being nearest neighbors. Values corresponding to Fig. 6.5 are highlighted in blue. All data are used to illustrate and 
discuss the effect of microalloying on the fcc-Ti(B,N) lattice in Fig. 6.6. 

fcc-Ti(N1-x,Bx) 
Ti  X  B  N  Ti–Ti (Å) Ti–B (Å) Ti–N (Å) B–N (Å) N–N (Å) 
(at.%) (at.%) (at.%) (at.%) d  SE  d  SE  d  SE  d  SE  d  SE  
50.00 0.00 0.00 50.00 3.005 – – – 2.125 – – – 3.005 – 
  3.13 46.88 3.018 <0.001 2.145 0.001 2.133 0.001 3.030 <0.001 3.016 <0.001 
  6.25 43.75 3.044 <0.001 2.147 0.004 2.139 0.001 2.139 0.001 3.027 <0.001 
  9.38 40.63 3.048 <0.001 2.162 0.001 2.143 0.001 2.143 0.001 3.036 <0.001 
  12.50 37.50 3.067 <0.001 2.173 0.002 2.147 0.002 2.150 0.002 3.046 <0.001 

fcc-Ti(N1-2x,Bx) 
Ti  X  B  N  Ti–Ti (Å) Ti–B (Å) Ti–N (Å) B–N (Å) N–N (Å) 
(at.%) (at.%) (at.%) (at.%) d  SE  d  SE  d  SE  d  SE  d  SE  
50.79 0.00 1.22 36.58 3.009 0.001 2.124 <0.001 2.130 0.001 3.025 0.001 3.015 <0.001 
51.61  2.45 34.12 2.994 0.001 2.145 0.001 2.133 0.001 3.038 <0.001 3.016 <0.001 
52.46  3.68 31.65 3.013 0.001 2.152 0.001 2.133 0.001 3.043 <0.001 3.022 <0.001 
53.33  4.92 29.18 2.979 0.001 2.177 0.001 2.133 0.002 3.040 <0.001 3.027 <0.001 
54.24  6.15 26.70 3.012 0.002 2.156 0.001 2.137 0.002 3.054 <0.001 3.032 0.001 
55.17  7.39 24.22 2.993 0.002 2.160 0.001 2.126 0.003 3.062 0.001 3.041 <0.001 

 

Supplementary Table S6.3: Summary of RDF analysis results obtained for fcc-Ti0.94Cr0.06N1-xBx and fcc-
Ti0.94Zr0.06N1-xBx structures, with increasing B content evaluated for the nearest neighbor Ti–Ti, Ti–B, Ti–N, B–N, 
and N–N bonds, including the standard error (SE). B-B bonds are not listed because the B content is insufficient for 
two B atoms being nearest neighbors. Values corresponding to Fig. 6.5 are highlighted in red and green. All data are 
used to illustrate and discuss the effect of microalloying on the fcc-Ti(N,B) lattice in Fig. 6.6. 

fcc-Ti0.94Cr0.06N1-xBx 
Ti  Cr B  N  Ti–Ti (Å) Ti–B (Å) Ti–N (Å) B–N (Å) N–N (Å) 
(at.%) (at.%) (at.%) (at.%) d  SE  d  SE  d  SE  d  SE  d  SE  
46.88 3.13 1.56 48.44 3.005 <0.001 2.143 0.001 2.124 0.001 3.020 0.002 3.004 <0.001 
  3.13 46.88 3.011 <0.001 2.140 0.000 2.126 0.001 3.026 0.001 3.008 <0.001 
  4.69 45.31 3.015 0.001 2.150 0.001 2.128 0.001 3.031 <0.001 3.011 <0.001 
  6.25 43.75 3.020 0.001 2.157 0.001 2.131 0.001 3.033 <0.001 3.013 <0.001 
  7.81 42.19 3.025 0.001 2.159 0.001 2.132 0.001 3.036 0.001 3.016 <0.001 
  9.38 40.63 3.033 0.001 2.160 0.001 2.134 0.001 3.040 <0.001 3.022 <0.001 
  10.94 39.06 3.035 0.001 2.166 0.001 2.136 0.002 3.047 0.001 3.023 <0.001 
fcc-Ti0.94Zr0.06N1-xBx 
Ti  Zr B  N  Ti–Ti (Å) Ti–B (Å) Ti–N (Å) B–N (Å) N–N (Å) 
(at.%) (at.%) (at.%) (at.%) d  SE  d  SE  d  SE  d  SE  d  SE  
46.88 3.13 3.13 46.88 3.050 0.001 2.173 0.001 2.157 0.002 3.067 0.001 3.043 0.001 
  4.69 45.31 3.036 <0.001 2.164 0.001 2.148 0.001 3.053 0.001 3.040 0.001 
  6.25 43.75 3.038 <0.001 2.162 0.001 2.152 0.001 3.058 0.001 3.042 0.001 
  7.81 42.19 3.045 <0.001 2.168 0.001 2.154 0.002 3.063 0.001 3.040 0.001 
  9.38 40.63 3.050 0.001 2.173 0.001 2.157 0.002 3.067 0.001 3.043 0.001 
  10.94 39.06 3.054 0.001 2.178 0.001 2.159 0.001 3.072 0.001 3.044 0.001 
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Supplementary Table S6.4. Continuation of the summary of the RDF analysis for fcc-Ti0.94Cr0.06N1-xBx and fcc-
Ti0.94Zr0.06N1-xBx structures, with increasing B content evaluated for the nearest neighbor Cr–Ti, Cr–B, Cr–N, Zr–Ti, 
Zr–B, and Zr–N bonds, including the standard error (SE). Cr–Cr and Zr–Zr bonds are not listed because the alloy 
content is insufficient for two Cr or Zr atoms being nearest neighbors 
 

fcc-Ti0.94Cr0.06N1-xBx 
Ti  Cr  B  N  Cr–Ti (Å) Cr–B (Å) Cr–N (Å) 
(at.%) (at.%) (at.%) (at.%) d  SE  d  SE  d  SE  
46.88 3.13 1.56 48.44 3.005 <0.001 2.143 0.001 2.124 0.001 
  3.13 46.88 3.011 <0.001 2.140 0.000 2.126 0.001 
  4.69 45.31 3.015 0.001 2.150 0.001 2.128 0.001 
  6.25 43.75 3.020 0.001 2.157 0.001 2.131 0.001 
  7.81 42.19 3.025 0.001 2.159 0.001 2.132 0.001 
  9.38 40.63 3.033 0.001 2.160 0.001 2.134 0.001 
  10.94 39.06 3.035 0.001 2.166 0.001 2.136 0.002 

fcc-Ti0.94Zr0.06N1-xBx 
Ti  Zr B  N  Zr–Ti (Å) Zr–B (Å) Zr–N (Å) 
(at.%) (at.%) (at.%) (at.%) d  SE  d  SE  d  SE  
46.88 3.13 3.13 46.88 3.050 0.001 2.173 0.001 2.157 0.002 
  4.69 45.31 3.036 <0.001 2.164 0.001 2.148 0.001 
  6.25 43.75 3.038 <0.001 2.162 0.001 2.152 0.001 
  7.81 42.19 3.045 <0.001 2.168 0.001 2.154 0.002 
  9.38 40.63 3.050 0.001 2.173 0.001 2.157 0.002 
  10.94 39.06 3.054 0.001 2.178 0.001 2.159 0.001 
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7 Actually Measuring Thin Film Elastic 
Constants by Combined X-ray 
Microdiffraction and Micromechanical 
Testing 

 

Experimentally assessing direction-dependent elastic constants is still far from routine and poses 

significant technical and analytical challenges. While nanoindentation offers insights into reduced 

polycrystalline Young's moduli, directly measuring direction-dependent elastic constants in thin 

films necessitates innovative methodologies due to inherent challenges compared to bulk materials. 

Although ab initio Density Functional Theory calculations offer theoretical input, discrepancies 

persist between model systems and real-world properties, primarily due to a lack of available 

experimental data for newly emerging—and often chemically and structurally complex—material 

systems. Moreover, theoretical formulations typically rely on single-crystal elastic constants, 

overlooking microstructural influences that significantly impact material behavior. Recent 

advancements in in-situ micromechanical testing utilizing X-ray diffraction provide a powerful 

approach for studying the stress-strain distribution in thin films, however, the stress state imposed 

by these methods deviates from simple uniaxial conditions. Our study addresses this gap by 

proposing a novel experimental approach to measure direction-dependent elastic constants, 

combining synchrotron microdiffraction and micropillar compression testing. Our investigation 

focuses on the experimental determination of direction-dependent elastic constants in a 

polycrystalline face-centered cubic TiN0.8B0.2 thin film (𝐻=32.1±1.9 GPa), where linear elastic 

failure prevails. We established an advanced in-situ testing environment where we continuously 

recorded the load-displacement of the indenter during loading, while simultaneously collecting the 

material's deformation response to uniform uniaxial compression in the form of full Debye-

Scherrer Patterns for {111}, {200}, and {220} peaks. This dynamic approach allowed for the 

evaluation of the orientation-dependent elastic strain components as well as the macroscopic 

uniaxial compressive stresses, each over time, enabling a differential analysis to assess the elastic 

and X-ray elastic constants. By correlating our experimental results with ab initio calculations, we 

provide a robust and new method for validating theoretical predictions and advancing thin film 

material testing and design. 
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7.1 Introduction 
 
While searching for new materials drives progress in materials science, the journey toward their 

target application requires careful evaluation and testing. In particular, ceramic coatings―fabricated 

via Physical Vapor Deposition (PVD) methods―have become a central focus of modern materials 

engineering owing to their superior mechanical properties, e.g., high hardness and wear resistance 

[1–5]. However, to optimize their performance and ensure reliability under―oftentimes―extreme 

operating conditions, it is critical to understand their mechanical behavior [6]. Among the 

commonly analyzed mechanical properties of ceramic thin films such as hardness, 𝐻, and fracture 

toughness, 𝐾�� ; Young's modulus, 𝐸, and Poisson's ratio, 𝜈, serve as fundamental descriptors of a 

material's response to external forces, where 𝜈 quantifies the transverse deformation of a material 

in response to axial loading and 𝐸 reflects the material's stiffness in resisting such deformation. In 

materials engineering, 𝐻 and 𝐾��  are technologically relevant quantities mainly accessible by 

experimental approaches, where 𝐻 is usually measured using nanoindentation techniques and 𝐾��  

can be derived from micromechanical tests (e.g., micro-cantilever bending tests)[7–12].  

However, the complex interplay of various contributing factors—including point defects and 

dislocation dynamics—across multiple length scales makes it difficult to approach these descriptors 

within the modeling framework. In ceramic coatings, 𝐻 is not only determined by the ease of the 

dislocation movement (overcoming the Peierls barrier [13,14]) but also by several hardening 

mechanisms [15–20] related to the material’s microstructure and defect density. Contrarily, 

theoretical hardness and fracture toughness formulas typically take single-crystal elastic constants 

as the main input [21–23], as these can be quite straightforwardly evaluated by ab initio methods 

(using the stress-strain [24,25] or the energy-strain method [26] or even machine-learned using 

suitable ab initio training sets [27–29]. Among the most widely used  𝐾��  approximates is Griffith’s 

formula [30], completely omitting plastic deformation [20,31] or any microstructural features that 

can significantly alter resistance to unstable crack propagation. Griffith’s formula relies on the 

surface energy and the directional Young’s modulus, hence, again, elastic constants. 

Zero Kelvin ab initio elastic constants calculations, though computationally expensive for 

chemically complex materials, can nowadays be seen as routine and have been employed to screen 

across many material systems [32–34]. With the advance of computational power as well as the 

rapidly developing field of machine-learning interatomic potentials for molecular dynamics, also 

finite-temperature elastic constants are becoming accessible [35–37]. In a stark contrast, direct 

elastic constants measurements for ceramic-type coatings are still far from routine. Distinct from 

bulk materials, their inherent characteristic of being thin films introduces additional complexities 
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that necessitate advanced testing methodologies. Crystallographic anisotropy and texture as well as 

typical columnar/fibrous grained morphology obtained from PVD thin film growth further 

complicates the mechanical behavior of ceramic coatings. Together, these structural characteristics 

lead to directional dependencies in elastic properties along different crystallographic planes, as well 

as direction dependence with respect to the film growth direction.  

Nanoindentation, especially when performed according to Fisher-Cripps [38], provides a 

convenient approach to determine the reduced polycrystalline modulus of ceramic hard coatings. 

Using this method, the film-only reduced modulus at zero indentation depth can be extrapolated 

by fitting a power-law function to the load-displacement data from multiple indentations of varying 

depths. If the Poisson ratio of the material is known, the polycrystalline Young’s modulus can be 

further calculated. The implementation of X-ray diffraction-based techniques can provide access 

to the X-ray elastic constants (DECs) of polycrystalline thin films, e.g., by coupling the sin2ψ 

method with the substrate curvature technique [39]. The work of Martinschitz et al. [40] further 

accounted for the macroscopic elastic anisotropy in textured Cu and CrN thin films by 

extrapolating the moduli from the experimentally determined thin film DECs. In 2020, Alfreider 

et al. [41] performed in-situ micro-tensile testing in SEM in combination with a digital image 

correlation technique to map the true stress-strain state of a nanocrystalline high entropy alloy, 

enabling the evaluation of the polycrystalline Poisson’s ratio. Another method that has been 

introduced in the last few years is the use of µ-mechanical spectroscopy to determine the elastic 

modulus of a material by cantilever bending. Examining the shape of the first resonance peak of 

the indentation setup used, it is possible to detect changes in the damping capability of confined 

volumes [42,43]. 

In-situ micromechanical testing methods provide a powerful tool to study material’s response to 

various loading conditions, specifically tailored to investigate small-scale geometries [44]. One such 

approach combines micromechanical testing and X-ray diffraction, where synchrotron facilities 

provide advanced access to probe the crystallographic structure and lattice strain of thin films under 

mechanical stress with exceptional sensitivity [45,46]. Advances in optics and beamline 

instrumentation allow for intense and highly collimated X-ray beams of very small size―while 

maintaining high brilliance―that facilitate in-situ measurements of stress-strain distributions in thin 

films with unprecedented spatial resolution and accuracy, even at the nanoscale [47]. However, it 

is important to acknowledge that the stress state induced by previously reported in-situ 

micromechanical testing methods such as nanoindentation or micro-cantilever bending is 

inherently complex and deviates from the ideally simple uniaxial loading conditions typically 

assumed in classical mechanics [48–53].  
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In this study, we present a new methodology designed to accurately measure the direction 

dependent elastic constants in thin film ceramic hard coatings. Using the combined approach of 

X-ray microdiffraction and micropillar compression testing, a micropillar fabricated from a 15 µm 

polycrystalline face centered cubic (fcc) TiN0.8B0.2 hard coating (prepared by non-reactive DC PVD 

sputtering) to uniaxial compression testing while simultaneously recording its elastic response (to 

failure) for the {111}, {200}, and {220} crystallographic planes using a high-energy 

monochromatic synchrotron radiation source and fast acquisition times (0.55 s). By implementing 

a high-precision continuous stiffness measurement (CSM) nanoindentation setup, we enabled real-

time monitoring of indenter displacement and force during testing. This dynamic approach allowed 

a differential analysis of the time-dependent elastic deformation of the material under uniform 

uniaxial loading condition, providing accurate experimental values of elastic and diffraction elastic 

constants for three independent crystallographic planes for a selected face-centered cubic 

polycrystalline ceramic thin film material. Supported by ab initio density functional calculations, 

the experimentally determined {hkl}-dependent Poisson's ratio, Young's modulus and X-ray elastic 

constants (DECs) were further compared with their theoretically derived values. By bridging 

experimental observations with theoretical modeling, we aim to step forward in the direction of a 

fundamental understanding of the mechanical properties of thin film ceramics, using Ti–B–N as a 

representative material system. 

7.2 Materials and Methods 

7.2.1 Thin Film Deposition 
 
The TiN0.8B0.2 coating was deposited on single crystal sapphire (11f02) substrates with dimensions 

of 10×10×0.53 mm3 using a modified Leybold Heraeus Z400 deposition system equipped with a 

3’’ unbalanced magnetron sputtering source holding a TiN+TiB2+Ti composite target composed 

of 80 mol.% TiN + 15 mol.% TiB2 + 5 mol.% Ti with 99.5 % purity from Plansee Composite 

Materials GmbH. The substrates were ultrasonically pre-cleaned in acetone and isopropyl alcohol 

for 5 min each, then mounted in the 3’’ substrate holder and loaded into the chamber. The target-

to-substrate distance was fixed at 40 mm. After reaching the base pressure of ≤2·10-4 Pa (≤2⋅10-

6 mbar), the substrates were thermally cleaned at 400 °C for 20 min, followed by Ar ion etching 

using an Ar pressure (60 sccm Ar flow) of 1.6 Pa and applying a negative bias voltage of -150 V 

(pulsed DC, 150 kHz, 2496 ns pulse duration). The target was operated at 0.50 A (no substrate bias 

applied, floating potential -24 V) at an Ar pressure of 0.4 Pa (32 sccm Ar flow) and a substrate 

temperature of 400 °C for 400 min to achieve a thickness of t~15 µm.  
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7.2.1 Thin Film Characterization 
 
Structural information was obtained by X-ray diffraction (XRD) analysis using a Malvern 

PANalytical XPert Pro MPD (θ-θ diffractometer) in Bragg-Brentano geometry equipped with a 

CuKα radiation source operating at 45 kV and 40 mA monochromatized with a Malvern 

PANalytical BBHD mirror suppressing Kβ. Fracture cross sections were imaged using a Zeiss 

SIGMA 500 VP Field Emission Gun-Scanning Electron Microscope (FEG-SEM) operating at 

10 kV. 

Hardness, 𝐻, and Young’s modulus, E, were determined by instrumented nanoindentation using a 

FemtoTools FT-IO4 Femto-Indenter system equipped with a diamond Berkovich tip (calibration 

was performed on a standard fused silica sample) in Continuous Stiffness Measurement (CSM) 

mode. 25 load-displacement curves were analyzed according to Oliver and Pharr [54] using a 

maximum force of 20 mN. The reduced raw moduli data were fitted with a power law as a function 

of the penetration depth, extrapolated to zero indentation depth, and corrected according to 

Fischer-Cripps [38] to yield the film-only Young’s modulus. 

 
Figure 7.1. A schematic view of the in-situ X-ray microdiffraction experiment performed in 
transmission diffraction geometry using a monochromatic X-ray beam with a spot size of 
1.5 × 1.5 µm², centered in the mid-section of the free-cut TiN0.8B0.2 micropillar sample. The 
micropillar (aspect ratio 3:1) was loaded in z direction using a diamond flat punch tip with a contact 
area of ∼ 80 µm², positioned on top of the pillar along the z axis. The force, 𝐹, and the indenter 
displacement, 𝑈, were simultaneously recorded during testing. 2D diffraction data were collected 
during the experiment using an Eiger X 9M photon counting detector. The direction of the strain 
measurement is identified by the angles 𝜃 and 𝛿, where 𝜃 is the angle of inclination of the 
diffraction vector, 𝑄f97 , with respect to the equatorial plane defined by the incident beam and 𝛿 
denotes the azimuth angle within this plane.  
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7.2.3  Combined Synchrotron X-ray Microdiffraction and Micromechanical 
Testing    

 
A cross-sectional lamella (∼100 µm thick in the beam direction) of our TiN0.8B0.2 thin film was 

prepared by cutting and mechanically polishing the coated sapphire substrate. After preparation, 

the lamella was securely mounted on a sample holder designed for precise alignment in the beam 

direction without affecting the diffracted beam paths during the experiment. Cylindrical micropillar 

geometries were fabricated from the cross-sectional lamella by Focused Ion Beam (FIB) milling 

using a ThermoFisher Scios 2 DualBeam system operated at 30 kV. First, a selected area of the 

coating material (~120 × 100 × 15 µm3) was removed with a probe current of 30 nA, except for 

three free-standing pillars of ~ 10 µm in diameter. By reducing the milling current stepwise to 

500 pA, the pillar walls were refined to a final pillar diameter of ∼ 5 µm with a height-to-diameter 

aspect ratio of ∼ 3:1 and a taper angle of less than 2°. During the in-situ XRD experiment, one 

micropillar was compressed using a FemtoTools FT-NMT04 in-situ nanoindentation system 

operating in intrinsic displacement-controlled mode at a load rate of 5 nm⋅s-1, equipped with a 

FemtoTools FT-S200'000 diamond flat punch tip customized to a final diameter of ∼ 10 µm using 

the FIB system mentioned above. Force and displacement data were collected throughout the 

experiment, including ∼ 100 s after failure. The in-situ micropillar compression testing was 

conducted at the Nanofocus Endstation of the MiNaXS (P03) beamline at the PETRA III (3rd 

generation synchrotron radiation source) at Deutsches Elektronen-Synchrotron (DESY). The 

monochromatic X-ray beam with a photon energy of 19.7 keV was focused by a KB mirror setup 

[47] down to lateral dimensions of 1.5 × 1.5 µm2. The nanoindentation system was built into the 

X-ray measurement setup to analyze the micropillar sample in transmission wide-angle diffraction 

geometry. Before testing, the diamond flat punch tip was centered directly over the pillar top 

surface to guarantee uniform conditions during loading (see Fig. 7.1). In order to center the pillar 

mid-section to the X-ray beam, the nanoindentation-sample holder assembly was positioned using 

a hexapod for tilt and rotational alignment, complemented by a linear nano-positioning high load 

stage for x-, y-, and z-alignment. The diffracted photons were collected using an Eiger X 9M Hybrid 

Photon Counting (HPC) 2D detector, with an acquisition time of 0.55 s per frame, positioned at a 

sample-detector distance of 0.236 m to record the full Debye-Scherrer ring including {111}, {200}, 

and {220} peaks. The exact parameters of the diffraction geometry were calibrated by measuring 

a LaB6 standard reference powder. 
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7.2.4 Synchrotron X-ray Microdiffraction Data Analysis 
 

Strain Analysis 
 
From the collected Debye-Scherrer ring patterns at the pillar cross-sectional position (𝑦, 𝑧) the 

orientation-dependent lattice plane spacing 𝑑97),-(𝑦, 𝑧) can be obtained from its relation to the 

diffraction angle 2 𝜃),- (𝛿) and the wave length 𝜆 according to Bragg’s law, 

 𝜆 = 2𝑑�����(𝑦, 𝑧) sin 𝜃���  
 

whereas the X-ray elastic strain 𝜀97),-(𝑦, 𝑧) has to be calculated from 

 𝜀�����(𝑦, 𝑧) = 𝑑�����(𝑦, 𝑧) − 𝑑����𝑑����  

 

with 𝑑�),- as the strain-free lattice plane spacing. Therefore, each of the recorded 2D patterns was 

subjected to azimuthal integration using the open-source software package DPDAK [55], where 

azimuthal angle 𝛿 segments of 10 deg–with 𝛿 ranging from -5 to 355°–were integrated. The lattice 

plane spacing 𝑑97),-(𝑦, 𝑧) of the {111}, {200}, and {220} peaks was determined by fitting a pseudo-

Voigt peak shape function to the 1D intensity profiles–obtained for 36 azimuthal angles 𝛿 sections 

as a function of 2 𝜃),- (𝛿)–according to Eq. (7.1). For each of the three crystallographic plane 

families, we identified the unstrained lattice plane spacing 𝑑�),- from the intersection of the linear 

fits of the 36 previously calculated 𝑑97),-(𝑦, 𝑧) data points for 62 shots plotted against sin
 𝛿, i.e., 

62 collected Debye-Scherrer ring patterns (up to one recording before failure) were considered for 

an initial evaluation of the 𝑑�),- value (see Supplementary Material). Here, the rationale is that the 𝑑97),-(𝑦, 𝑧) which has shown to be independent on the applied load must be the strain-free value 𝑑�),- . 
Following the procedure from [51], the measured orientation-dependent elastic strain 𝜀97),-(𝑦, 𝑧) 

obtained from Eq. (7.2) can be expressed as a function of six unknown strain components, 𝜀*+),-(𝑦, 𝑧), given by 

 𝜀�����(𝑦, 𝑧) = sin� 𝜃𝜀�����(𝑦, 𝑧) + cos� 𝜃 sin� 𝛿𝜀�����(𝑦, 𝑧) + cos� 𝜃 cos� 𝛿𝜀�����(𝑦, 𝑧)− sin 2𝜃 cos 𝛿 𝜀�����(𝑦, 𝑧) + cos� 𝜃 sin 2𝛿 𝜀�����(𝑦, 𝑧) − sin 2𝜃 sin 𝛿 𝜀�����(𝑦, 𝑧) 

(7.1) 

(7.2) 

(7.3) 
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Under uniaxial loading conditions, the pillar experiences compressive strain, 𝜀66),-(𝑦, 𝑧), along its 

longitudinal z-axis. Simultaneously, due to Poisson's effect and its cylindrical geometry, the pillar 

expands uniformly in all directions perpendicular to the applied load, resulting in equal lateral strain 

components in x and y direction, 𝜀44),-(𝑦, 𝑧) = 𝜀55),-(𝑦, 𝑧), negligible off-axis shear strain, 𝜀45),-(𝑦, 𝑧) = 0, and equal but near-zero on-axis shear strain components, 𝜀64),-(𝑦, 𝑧) =𝜀65),-(𝑦, 𝑧) ≈ 0. These simplifications assume an elastic isotropic material behavior, 

facilitating/reducing the analysis of the pillar deformation from Eq. (7.3) to three unknown strain 

components  

 𝜀�����(𝑦, 𝑧) = 𝜀�����(𝑦, 𝑧) [sin� 𝜃 + cos� 𝜃 sin� 𝛿] + 𝜀�����(𝑦, 𝑧) cos� 𝜃 cos� 𝛿− 𝜀�����(𝑦, 𝑧)[sin 2𝜃 cos 𝛿 − cos� 𝜃 sin 2𝛿] 

 

During the experiment, every 5.55 s a 2D diffractogram was recorded over a period of ~450 s. 

From a single Debye-Scherer ring, 36 strain values 𝜀97),-(𝑦, 𝑧) were evaluated according to Eq. (7.2). 

For each measurement/shot, we calculated the three unknown strain components 𝜀55),-(𝑦, 𝑧), 𝜀66),-(𝑦, 𝑧), and 𝜀65),-(𝑦, 𝑧) by solving the linear equation system (based on 36 linear equations) 

using a least-squares refinement method. Thus, the orientation-dependent Poisson’s ratio, 𝜈),- , 
can be extracted from 

 

𝜈��� = − 𝑑𝑑𝑡 𝜀�����(𝑦, 𝑧)𝑑𝑑𝑡 𝜀�����(𝑦, 𝑧) 

 

Poisson's Ratio and Unstrained Lattice Parameter Refinement 
 
From uniform unidirectional loading conditions, the Poisson's ratio 𝜈&�),-(𝑥, 𝑦) of an elastic 

material is related to the ratio of the transverse and axial strain components, 𝜀55),-(𝑦, 𝑧)  and 𝜀66),-(𝑦, 𝑧), similar to Eq. (7.5) 

 𝜈�����(𝑥, 𝑦) = − 𝜀�����(𝑦, 𝑧)𝜀�����(𝑦, 𝑧) 

 
 

(7.4) 

(7.5) 

(7.6) 
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where 𝜈&�),-(𝑥, 𝑦) can be calculated for each 𝜀55),-(𝑦, 𝑧) and 𝜀66),-(𝑦, 𝑧) value extracted from the 

periodic 2D diffraction patterns collected during the compression test. In particular, when 𝜈),- is 
obtained from the ratio of the slope between the calculated 𝜀55),-(𝑦, 𝑧) and 𝜀66),-(𝑦, 𝑧) data points 

(according to Eqs. (7.2), (7.4), and (7.5)), 𝜈),- is presumed to be independent of the precise 

determination of 𝑑�),- from the 𝑑97),-(𝑦, 𝑧) vs. sin
 𝛿 relation. Notably, the slope-over-time 

approach is only valid if the rate of deformation is constant (as provided by our indentation setup). 

Using MATLAB’s “fminsearch” optimization algorithm [56] for data points between 67 and 333 s 

we iteratively adjusted 𝑑�),- in Eq. (7.4) to align the 𝑑�),--dependent 𝜈&�),-(𝑥, 𝑦) values from 

Eq. (7.6) by the method of least-squares to closely match the Poisson’s ratio from Eq. (7.5), 

resulting in a more precise unstrained lattice plane spacing, 𝑑�,�),- , for each of the three reflections. 

Thus, only refined 𝑑�,�),- were used for subsequent calculations including the evaluation of 𝜀*+),-(𝑦, 𝑧), 𝜎66),-(𝑦, 𝑧), and from there 𝜈),- , 𝐸),- , 	
 𝑠
),- , and 𝑠	),- . 
 
Stress Analysis 
 
Based on the continuously recorded load-displacement data from the indenter probe, the 

indentation stress, 𝜎�(𝑦, 𝑧), is calculated as the ratio between the applied force 𝐹 and the area of 

the pillar mid-section, 𝐴.(𝑦, 𝑧) 

 𝜎�(𝑦, 𝑧) = − 𝐹𝐴�(𝑦, 𝑧) 

 
Notably, the cross-sectional area of the pillar mid-section irradiated during loading is used instead 

of the top surface contact area, to account for the pillar’s taper. 

Considering the basic principle of Hooke's law, which connects the induced elastic strain to the 

applied mechanical stress, 𝜀�� = 1𝐶���� 𝜎��  
 

where 𝜀*+ is the strain tensor, 𝐶*+,- is the stiffness tensor and 𝜎,- is the stress tensor, the linear 

relationship between the measured strain, 𝜀97),-(𝑦, 𝑧), and the only non-zero deviatoric stress 

component 𝜎66(𝑦, 𝑧)― acting under uniaxial compression testing in z-direction―can be expressed 

according to 

(7.7) 

(7.8) 
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𝜀�����(𝑦, 𝑧) = 1 + 𝜈���𝐸��� 𝜎𝑧𝑧(𝑦, 𝑧) sin� 𝛿 − 2𝜈���𝐸��� 𝜎𝑧𝑧(𝑦, 𝑧) 

 

Where the proportionally constant 𝐸),- is the elastic modulus. Introducing the {hkl}-dependent 

(X-ray) elastic constants (DECs) [57], 

 𝑠���� = − 𝜈���𝐸���  
and 12 𝑠���� = 1 + 𝜈���𝐸���  

 

the stress-strain relation from Eq. (7.9) is given by 

 𝜀�����(𝑦, 𝑧) = 12 𝑠����𝜎𝑧𝑧(𝑦, 𝑧) sin� 𝛿 + 2𝑠����𝜎𝑧𝑧(𝑦, 𝑧) 

 
Given the relatively small elastic anisotropy of our TiN0.8B0.2 coating material with an ab initio 

calculated Zener anisotropy ratio of 0.7873 [58] and assuming a uniaxial stress state within the 

radiated pillar mid-section during the experiment [59], we derive the out-of-plane stress for each 

of the three {hkl} reflections, 𝜎66(𝑦, 𝑧), as follow [60] 

 𝜕𝑑�����(𝑦, 𝑧)𝜕sin� 𝛿 = 𝜎𝑧𝑧(𝑦, 𝑧) 12 𝑠����𝑑�,���� 
 

Using the expression of 𝜀97),-(𝑦, 𝑧) from the normalized lattice plane spacing difference, 𝑑97),-(𝑦, 𝑧) − 𝑑�,�),- , from Eq. (7.2) and plotting 𝑑97),-(𝑦, 𝑧) against sin
 𝛿, the deviatoric stress, 𝜎66),-(𝑦, 𝑧), can be determined from the slope of the curve, where 	
 𝑠
			 = 2.9879 ∗ 10�� GPa�	, 	
 𝑠

�� = 2.6400 ∗ 10�� GPa�	, and 	
 𝑠


� = 2.9010 ∗ 10�� GPa�	, and,  in addition, the values 

for 𝑠	),- are obtained using the ISODEC software package [61] based on the inverse Kröner model 

[62,63], considering the values from the ab initio calculated stiffness tensor for our deposited Ti–

B–N material system with 𝐶		 = 548.29, 𝐶	
 = 133.15, and 𝐶�� = 163.43 (cubic symmetry).  

 

(7.9) 

(7.10) 

(7.11) 

(7.12) 

(7.13) 
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Elastic Modulus and Diffraction Elastic Constants  
 

Theoretically, the obtained deviatoric stresses, 𝜎66(𝑦, 𝑧), remain consistent across different 

crystallographic planes and correspond to the {hkl}-independent macro stresses, 𝜎�(𝑦, 𝑧), derived 

from the probe-to-sample response continuously recorded by the nanoindentation system during 

loading and calculated according to Eq. 7.7. By incorporating the discrete indentation stress values, 𝜎�g (𝑦, 𝑧), into Eq. (7.13), we accessed 	
 𝑆
),- directly from the experimental data. Alternatively, 	
 𝑆
),- can be expressed in Eq. (7.13) as:  

 𝜕𝑑97),-(𝑦, 𝑧)𝜕sin
 𝛿 = 𝜎�g (𝑦, 𝑧) s12 𝑆
),-  t 𝑑�,�),- 
 

to further determine the {hkl}-dependent Young’s modulus, 𝐸),- (according to Eq. (7.11)). To 

synchronize the continuous 𝜎�(𝑦, 𝑧) values with the discrete strain, 𝜀97),-(𝑦, 𝑧), and lattice 

parameter, 𝑑97),-(𝑦, 𝑧), data (recorded for 5.00 s adding 0.55 s acquisition time), we averaged the 

indenter stresses, 𝜎�g (𝑦, 𝑧), over 5.55 s time intervals. According to Eq. (7.12), 𝑆	),-can be derived 

similarly to 	
 𝑆
),- by replacing 𝜎66),-(𝑦, 𝑧) with 𝜎�g (𝑦, 𝑧). Notably, 	
 𝑆
),- and 𝑆	),- denote the 

experimentally determined thin film diffraction elastic constants, where 	
 𝑠
),- and 𝑠	),- refer to the 

single-crystal DECs derived from 𝐶*+,- .  
Additional information can be gathered by plotting the evaluated experimental and ab initio DFT 

simulated DECs against the parameter 3𝛤 [64], which is defined as follows 

 

3𝛤 = 3 ℎ
𝑘
 + 𝑘
𝑙
 + 𝑙
ℎ
(ℎ
 + 𝑘
 + 𝑙
)
  

 

where ℎ, 𝑘, and 𝑙 are the Millers indices and 3𝛤 is a single parameter expression for the Miller 

indices in cubic crystal structures. Plotting the X-ray elastic constants obtained from the single-

crystalline ab initio DFT data using the Reuss [57,65], Voigt [66] and Eshelby/Kröner [67] grain 

interaction models against the 3𝛤 parameter will lead to 3 lines with different slopes and a single 

intersection. The calculation of DECs from the single-crystalline stiffness tensor according to the 

three models was taken from literature and is presented in detail in [68]. Since the theoretical 

boundaries of possible X-ray elastic constants are set by (i) the Reuss and the Voigt grain-

(7.14) 

(7.15) 
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interaction models and (ii) at the intersection these culminate into a single point. In following it 

will be assumed, that this specific 3𝛤 value determined for the ab initio DFT data is also valid for 

the experimentally determined DECs, which will be interpolated to retrieve the experimental 

polycrystalline {hkl}-independent Young’s modulus, 𝐸, and Poisson’s ratio, 𝜈. 

7.2.5 Density Functional Analysis 
 
The Vienna Ab-initio Simulation Package (VASP) [69,70] implementation of the Density 

Functional Theory (DFT) was used to carry out ab initio calculations. The Perdew-Burke-

Ernzerhof generalized gradient approximation (GGA) [71] and the plane-wave projector 

augmented wave (PAW) pseudopotentials [72] were employed. Consistently with our previous 

study [6], the plane-wave cutoff energy was set to 600 eV, and the reciprocal space was sampled 

with Γ-centred k-point meshes with a length parameter of 60Å. All supercells were based on the 

cubic rocksalt (𝐹𝑚3f𝑚) TiN structure in which the desired number of B atoms was distributed on 

the N sublattice (to model the TiBxN1−x solid solution) using the Special Quasirandom Structure 

approach [73]. Three supercell orientations were considered: (i) x ∥ [100], y ∥ [010], z ∥ [001] 

(total of 64 atoms); (ii) x ∥ [110], y ∥ [11f0], z ∥ [001] (total of 72 atoms); and (iii) x ∥ [111], y ∥ 

[11f0], z ∥ [112f] (total of 72 atoms). The supercells (ii) and (iii), with different numbers of atoms, 

are visualized in Fig. 1 of [74]. All supercells were fully optimized by relaxing their volume, cell 

shape, and atomic positions. 

The fourth-order elasticity tensor, ℂ, was evaluated for the supercell (i) using the stress-strain 

approach  [24,25] with a strain magnitude of 1.9 %. Applying Voigt’s formalism, the tensor was 

mapped onto a 6×6 matrix, 𝐶*+ , and subsequently projected onto that of a cubic crystal [75], 

yielding three independent elastic constants: 𝐶		, 𝐶	
, and 𝐶��. The polycrystalline Young’s 

modulus, 𝐸, bulk modulus 𝐵, and shear modulus 𝐺, were calculated as Hill’s average [76] of the 

upper bounds according to Reuss’s approach (subscript “R”) [65] and the lower Voigt’s bounds 

(subscript “V”) [66]. The polycrystalline Poisson ratio was calculated using: 

 𝜈 =  3 ∙ 𝐵 − 2 ∙ 𝐺6 ∙ 𝐵 + 2 ∙ 𝐺 

 

The directional Young’s modulus, 𝐸),- , was evaluated following formulas in Nye [77] (p. 143–

145). Additionally, we used supercells (ii) and (iii) to simulate uniaxial [001] and [110] compression 

tests with a 1% strain step, where at each consecutive step the supercell and the ionic positions 

(7.16) 
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were allowed to relax in the directions orthogonal to the applied strain. The predicted lattice 

parameter changes along the main crystallographic directions allowed us to directly evaluate the 

(directional) Poisson ratio by calculating the negative first derivative of the resulting average 

orthogonal strain over the applied strain. 

7.3. Results and Discussion 

7.3.1 Materials Characterization 

 
 
Figure 7.2. (a) XRD pattern recorded for TiN0.8B0.2 showing standard peak positions 
corresponding to the (111), 2θ = 36.663°, (200), 2θ = 42.597°, and (220), 2θ = 61.814° 
crystallographic planes of fcc-TiN (JCPDS No. 00-038-1420) [78]. (b) Cross section morphology 
of the deposited TiN0.8B0.2 coating with 15 µm film thickness on α-Al2O3 substrate. 
 
To provide a suitable base coating for in-situ micropillar compression testing, we deposited a 15 µm 

thick polycrystalline TiN0.8B0.2 coating from a TiN+TiB2+Ti composite target similar to the 3 µm 

version characterized by elastic recoil detection analysis (ERDA) reported in [6]. The XRD pattern, 

Fig. 7.2a, reveals three distinctive peaks corresponding to the crystallographic planes (111), (200), 

and (220) of fcc-TiN. The peak shift towards lower 2θ values is mainly due to the incorporation of 

B into the fcc TiN lattice, as described in detail in previous studies [6]. We further evaluated the 

residual compressive stresses in Ti–B–N films on the order of about 2.5 GPa, accounting for ~ 1% 

of the observed peak shift. Importantly, only the fcc-Ti(N,B) structure is identified, confirming the 

absence of any other crystalline phase.  
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The cross section of the TiN0.8B0.2 coating in Fig. 7.2b exhibits a compact, dense growth 

morphology different from the columnar structure commonly observed in polycrystalline hard 

coatings. Instead, a refined microstructure is present with an average grain size of 18 ± 7 nm [6]. 

We have recently addressed the effect of B-solubility on the microstructure and mechanical 

properties of Ti–B–N thin films [6], guiding our material selection for this experiment.  

 

 
 
Figure 7.3. (a) Schematic representation of the micropillar's geometric parameters. The actual 
height of the pillar, ℎ! = 15.01 ± 0.05 µm, aligns with the film thickness with a taper angle  𝛼3 <2°. The top surface diameter, 𝑑" , measures 4.57 ± 0.05 µm, while the bottom diameter, 𝑑� , is ≈5.5 µm; albeit with a slight circular foot transition that complicates precise determination. The 
mid-section of the pillar, measured at half its height has a diameter of 𝑑" = 5.04 ± 0.05 µm with 
a cross-sectional area 𝐴. = 19.96 µm
. The central region where the micropillar experiences a 
nearly uniaxial stress state is marked as ℎ = 7.51 ± 0.05 µm. During the experiment, the center 
of the pillar was fixed in transmission geometry perpendicular to the beam direction with a cross-
section diameter 𝐴$'#. = 1.5 × 1.5 µm
. Auxiliary lines were extrapolated to the foot level to 
illustrate the complete pillar geometry. (b) Fractured TiN0.8B0.2 micropillar after compression 
testing, displaying brittle behavior consistent with the ceramic nature of the material. 
 
Micropillars were FIB milled from the deposited TiN0.8B0.2 thin film for subsequent compression 

testing. Fig. 7.3a shows the micropillar before testing, with its geometric specifications outlined in 

white. Our FIB milling protocol induces a nearly symmetrical taper (𝛼3, left side 1.94°, right side 

1.81°) along the pillar, resulting in a slightly non-uniform cylinder with an aspect ratio ℎ!: 𝑑" ≈ 3, 

proven to be practical and suitable for compression testing [59]. Notably, the selected sample 
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geometry should provide a sufficient probe volume (i.e., number of grains) to interact with the X-

ray beam (𝐴$'#. = 1.5 × 1.5 µm
) in order to facilitate a comprehensive characterization of the 

material response to applied loads (see Fig. 7.3a). In [59], Cornec and Lilleodon critically discussed 

the aspects of determining stress-strain curves from micropillar compression tests. Their 

computational models verified that a nearly uniaxial stress state occurs in the center of the 

micropillar over ~ℎ , see Fig. 7.3a. However, frictional forces and constrained deformation along 

the top (and bottom) surface of the micropillar result in lateral and shear stresses (i.e., non-uniform 

stress distributions) due to contact with the indenter during loading. We therefore chose to irradiate 

the specimen at its midpoint. Post-testing, the fracture surface of the TiN0.8B0.2 micropillar exhibits 

characteristic features associated with brittle failure. The SEM image in Fig. 7.3b shows a distinct 

fracture surface morphology characterized by smooth fracture lines, with the right side of the pillar 

separated from the remaining left part. This unilateral fracture indicates an abrupt and catastrophic 

failure event that propagated along the vertical axis of the pillar. The absence of significant plastic 

deformation features (e.g., distortion or shear bands), further confirms that the fracture mechanism 

is predominantly brittle. 

7.3.2 X-ray Strain Analysis 
 

In-situ compression testing was conducted at a constant loading rate of 5 nm·s-1 while recording a 

2D diffraction pattern at regular intervals of 5.00 s (adding the acquisition time of the detector of 

0.55 s) for a period of 450 s, ensuring controlled loading conditions for precisely monitoring the 

pillar material's mechanical response throughout the test. All experimental results were plotted for 

400 s, with loading starting at ~42 s and failure occurring at ~350 s. 

 

Fig. 7.4 presents the three resulting strain components 𝜀66),- , 𝜀55),- , and 𝜀65),- for three 

crystallographic planes {hkl}, {111}, {200}, and {220}. The strain values were determined by 2D 

X-ray diffraction data analysis (as detailed in the experimental section) according to Eq. (7.4). The 

predominant axial strain component, 𝜀66),- , corresponds to the loading direction, i.e., the out-of-

plane direction of the pillar, reflecting the compression of the pillar along its z-axis due to the 

applied load until failure at ~2% strain; an expected value for ceramic hard coating materials [50]. 

Conversely, the Poisson effect implies lateral expansion in the x and y directions to accommodate 

the volume change resulting from the pillar compression in the z direction. Under uniform uniaxial 

loading conditions, the lateral strain components for a cylindrical pillar are equal in magnitude 

(𝜀55),- = 𝜀44),- , i.e., 𝜀45),- = 𝜀54),- = 0 is valid) and represent the elastic deformation perpendicular to 
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the direction of loading. Although the shear strain components (𝜀65),- = 𝜀64),-) are expected be close 

to zero, the minimal shear deformations observed do not indicate significant deviation from 

uniform loading conditions or inelastic material behavior during the experiment. 

 

 
 

Figure 7.4. Elastic strain components of TiN0.8B0.2 derived from in-situ uniaxial pillar compression 
testing for three distinct crystallographic planes {hkl} are shown: (a) 𝜀*+			, (b) 𝜀*+
��, and (c) 𝜀*+

�. 
Each plot illustrates the calculated strain data points at load time (i) in the loading direction z, 𝜀66),- 
(indicated by filled circles,) (ii) in the lateral direction, 𝜀55),- = 𝜀44),- (filled triangles), and (iii) the 
shear strain components, 𝜀65),- = 𝜀64),- (shown as half-filled diamonds). The strain values recorded 
during pre-loading and post-failure of the pillar appear on a grey background. 
 

The almost linear progression of 𝜀55),- and 𝜀66),- over the time of applied load suggests a 

predominantly linear elastic material behavior that is relatively consistent across the three 
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crystallographic planes (Fig. 7.4a-c). However, we observe a nuanced elastic anisotropy in the 

material’s response to uniaxial compression. Specifically, 𝜀55			 and 𝜀66			 propagated to slightly 

higher magnitudes compared to the in-plane and out-of-plane strain components recorded for the 

{220} and {200} planes (compare Fig. 7.3a-c). Note that in sputtered polycrystalline thin films, the 

presence of crystallographic textures can contribute to the macroscopic anisotropy of the material 

[40]. The presence of (virtual) residual strains, particularly notable in the z direction for the {111} 

peak, 𝜀66			, may also partly stem from lattice defects favoring specific crystallographic plane 

families. However, using free-standing pillar geometries for in-situ mechanical testing offer 

advantages over previously reported methods [44,79] in revealing the intrinsic coating material's 

mechanical properties by allowing the material to deform freely under applied load. Free-cutting a 

cylindrical shaped pillar out of the deposited coating material mitigates residual 

stresses―commonly observed in conventional sputtered PVD thin films―providing a uniform 

stress-strain distribution throughout the specimen and reducing frictional forces during 

deformation [59]. In combination with synchrotron X-ray microdiffraction this approach allowed 

us to in-situ collected detailed information on the pillar’s deformation response to uniaxial 

compression in the lateral and longitudinal direction for three independent crystallographic plane 

families {111}, {200}, and {220}. The so-obtained elastic strain components 𝜀*+),- are essential for 

accessing the {hkl}-dependent elastic constants. 

 

The Poisson’s ratio for each crystallographic plane families {111}, {200}, and {220}, as shown in 

Fig. 7.5, was determined from the negative ratio of the slope between the transverse strain 

components, 𝜀55),- , and the slope of the axial strain components, 𝜀66),- , over a period of 61–327 s. 

Eq. (7.5). The 𝜈),- values obtained for 𝜈			 = 0.241, 𝜈
�� = 0.199, and 𝜈

� = 0.222 are in 

the range of 0.2―0.3 commonly observed for ceramic hard coatings and suggest a moderate level 

of anisotropy in the coating's elastic response. Although {hkl}-dependent Poisson's ratios for 

Ti―B―N coatings have not been studied so far, the values obtained from our experiment appear 

reasonable when compared to those reported for fcc-TiN thin films [80–82]. Complementarily, the 

{hkl}-dependent Poisson’s ratios for TiN0.8B0.2 were calculated based on Eq. (7.6), where the 

negative ratio for each transverse and axial strain data point recorded over the time to failure was 

derived. However, the resulting 64 𝜈&�),- values for each crystallographic plane significantly deviated 

from the one 𝜈),- value derived from Eq. (7.5), as clearly shown in Figs. 7.5a–c. To refine the 

determination of 𝜈&�),- , we iteratively adjusted the strain-free lattice parameter, 𝑑�),- → 𝑑�,�),- , to fit 

the 𝜈&�),- values to 𝜈),- by the method of least-squares, as detailed in the experimental part. The 
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refined values are denoted as 𝑑�,�),- and 𝜈&�),- . 

 
 
Figure 7.5. Poisson's ratio values of TiN0.8B0.2 obtained for three crystallographic plane families 
{111}, {200}, and {220} shown in panels (a) circular symbols, (b) triangular symbols, and (c) 
square symbols, respectively. The dashed horizontal line in each panel represents the 𝜈),- value 
calculated from the negative ratio of the slope of the lateral and axial strain components, as 
indicated in the upper right corner. All framed symbols denote the initial 𝜈&�),- values calculated 
pointwise from the negative ratio of 𝜀55),- and 𝜀66),- , while filled symbols show the least squares 
fitted 𝜈&�,�),-  values after iterative “fminsearch” optimization of the strain-free lattice parameter from 𝑑�),- to 𝑑�,�),- . Notably, certain initial 𝜈&�),- values deviate strongly from the 𝜈),- target value and 
appear (not visible) outside the plot. 
 

Accurate determination of 𝑑�),- is critical in diffraction-based stress-strain analyses, often 

presenting the primary source of uncertainty [83,84]. Even minor alterations in 𝑑�),- significantly 

impact the calculated parameters. In this study, the uncertainties of 𝜈&�),- associated with 𝑑�),-  (see 

Figs. 7.4a–c) were <0.1% underpinning the meticulous precision required in X-ray strain analysis. 

Ideally, adjusting 𝑑�),- does not affect the slope of the strain data points (Fig. 7.3a-c), since the 

calculation of 𝜈),- (expressed as in (Eq. 7.5)), remains invariant to variations in 𝑑�),- . This 



 7 Combined X-ray Microdiffraction and Micromechanical Testing 

109 
 

independence arises from the fundamental nature of Poisson's ratio, a material constant that 

defines the material's transverse response under axial loading. Despite many other factors (i.e., 

instrumental limitations, sample preparation, or local changes in microstructure and chemical 

composition [citation]) that can complicate the experimental determination of 𝑑�),- , optimizing 𝑑�),- to ensure consistency between the calculated 𝜈&�),- → 𝜈&�,�),-  values obtained from Eq. (7.6) and 𝜈),- appears to be a valid approach for 𝑑�,�),--refinement and to enhance the precision of our results. 

 

7.3.3 X-ray Uniaxial Stress Analysis 

In our investigation of the mechanical elastic properties of the TiN0.2B0.8 coating, we further 

analyzed the deviatoric stress components of the micropillar under uniaxial compression loading 

along the z-direction. This required the use of Eq. (7.9-7.13), which facilitate the calculation of 𝜎66 
based on the pre-determined strain components, 𝜀*+),- , as described in the Methodology section. 

 
 
Figure 7.6: Uniaxial compressive stress analysis of a TiN0.8B0.2 micropillar showing the stress 
components evaluated for {111} (circular symbols), {200} (triangular symbols), and {220} (square 
symbols) evaluated for the three crystallographic planes along with the continuous stress 
measurements from the indenter, 𝜎� (continuous line). The plot illustrates stress evolution over 
load time to failure at 350s and -7.86 GPa. 
 
Our results in Fig. 7.6 show that the calculated stresses for 𝜎66{200} and 𝜎66{220} closely match 

the indenter stress, 𝜎� , all in GPa. The deviation of 𝜎66{111} from an initial ~zero stress state 

presumably prone to texture effects in {111} plane of the material system. Of particular interest, 

however, is the observed linear increase in compressive stress in the loading direction up to failure. 

The slope of the three deviatoric stresses, closely aligns with the macroscopic indenter stresses, 

suggesting a coherent loading response of the {hkl} crystallographic plane families inside the 

probing volume of the pillar. This observation is consistent with the assumption of uniform 
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uniaxial loading conditions and suggests a linear elastic response in the micropillar during testing. 

Despite the shifted values for {111} lattice plane families observed in the pre-loading state, as we 

are interested in how well our calculated 	
 𝑠
),- and 𝑠	),- values match with the macroscopic 

stresses, 𝜎� , only the coherency of the slopes is relevant. The micropillar failure at 7.5 GPa 

(according to 𝜎�) adds credibility to the validation of the experiment and is in good agreement with 

fracture behavior observed in other ceramic hard coatings under similar compressive loading 

scenarios [50].  

Since the compressive load is applied uniformly along the z axis, the resulting stress state is assumed 

to be homogeneously distributed in the mid-section of the pillar according to [59]. Therefore, the 

deviatoric stress components, 𝜎66, in our experiment are expected―and shown―to be equal in 

slope compared to the macroscopic (i.e., {hkl}-independent) stress response derived from the 

indenter, 𝜎� , allowing the experimental determination of 	
 𝑆
),- by differentiating Eq. (7.14). In 

detail, we plotted :&
���	:���� 7 over 𝜎�g  and calculated 	
 𝑆
),- from the first derivative of the linear fit. The 

polycrystalline directional-dependent X-ray elastic constants link the macro stresses, 𝜎� , with the 

directional-dependent strains, 𝜀*+),- , caused by them. Therefore, 	
 𝑆
),- and 𝑆	),-can be inferred 

from the measured direction-dependent strain changes and the simultaneously recorded 

macroscopic stresses generated by compressing the pillar with a constant loading rate. The 

recording of data on the elastic behavior of a material over time allows for the calculation of elastic 

and diffraction (X-ray) elastic constants from the slope of underlying equations mentioned in the 

methodology section. This differential approach offers a more precise determination than discrete 

measurements, as previously demonstrated in the calculation of the Poisson ratio. Given that 

Eq. (7.12) is in the form of 𝑦 = 𝑘 ∙ 𝑥 + 𝑑, where 𝑆	),- is included in the in the y-intercept term, 

we plotted 𝜀97),-(𝑦, 𝑧) at sin
 𝛿=0 against 𝜎�g (𝑦, 𝑧). The elimination of the 𝑘 ∙ 𝑥 term allows for the 

linear fitting of the data points and to calculate 𝑆	),- from the slope of the line (similar to the 

procedure for 	
 𝑆
),-). Subsequent, 𝐸),- values were be calculated using the fundamental 

relationship between elastic and X-ray elastic constants (Eqs. (7.10) and (7.11)).   

 

7.3.4 Thin Film Elastic Constants 

Following the experimental determination of the direction dependent thin film elastic constants, 𝜈),- and 𝐸),- , as well as the X-ray elastic constants 	
 𝑆
),- and 𝑆	),- , our investigation extends to 

the derivation of the polycrystalline thin film elastic constants, 𝜈 and 𝐸. To interpolate the 
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polycrystalline values from the single crystal X-ray elastic constants, we utilized the known 

coefficients from the stiffness tensor (𝐶		 = 548.29, 𝐶	
 = 133.15, and 𝐶�� = 163.43) for fcc-

TiN0.94B0.06 to calculate 	
 𝑠
),- and 𝑠	),- according to each of the three models proposed by, Reuss, 

and Eshelby/Kröner, as described in detail in [62,65–67,83]. Please note, that we used the stiffness 

tensor for a fcc-TiN0.94B0.06 crystal to account for the insufficient B incorporation in our deposited 

TiN0.8B0.2 coating. The peak shift observed in the XRD pattern in Fig. 7.2a indicates that ca. 3 at% 

B is incorporated in the fcc-TiN lattice with the surplus of B segregated amorphously at the grain 

boundaries [6]—only the crystals contribute to the analysis. 

 

 
 

Figure 7.7. 3𝛤 plot of the single crystal diffraction elastic constants, (a) 𝑠	),- and (b) 	
 𝑠
),- , derived 
from the models of Voigt (dashed-dotted line), Reuss (dashed-line), and Eshelby/Kröner (solid 
line) using the ab into calculated coefficients of the stiffness tensor 𝐶		, 𝐶	
, and 𝐶�� for fcc-
TiN0.94B0.06. The experimentally determined X-ray elastic constants (squared symbols) for {111}, 
{200}, and {220} are predicted to be linear over 3𝛤. The hypothetical 3𝛤 value (0.54) of the 
unknown quasi-isotropic polycrystalline thin film elastic constants is estimated to be similar to the 
calculated single crystal X-ray elastic constants (marked by the vertical small-dashed line). The 
circular symbols represent 𝑠	),- and 	
 𝑠
),- calculated from ISDOEC software (based on the inverse 
Kröner model) and used for the deviatoric stress analysis. 
 

The calculated single-crystal X-ray elastic constants can be represented by the orientation 

parameter, 3𝛤, which expresses the three Miller indices h, k, and l as a single parameter and ranges 

from 0 to 1, where 3𝛤{200} = 0, 3𝛤{220} = 0.75, and 3𝛤{111} = 1. Specifically for cubic 

material systems, the Reuss and Eshelby/Kröner models show a linear distribution of 	
 𝑠
),- and 𝑠	),- over the parameter 3𝛤, whereas Voigt grain interaction model yields a single set of DECs that 

are independent of the {hkl}-plane families (Please note, that generally the Voigt model assumes 

3𝛤 3𝛤 
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all grains exhibit the similar strain). The intersection between the three models in Fig. 7.7 indicates 

where the {hkl}-dependent DECs, 	
 𝑠
),- and 𝑠	),- , are assumed to be similar to the {hkl}-

independent (macroscopic) quasi-isotropic polycrystalline thin film elastic constants, i.e., Young's 

modulus, 𝐸, and Poisson's ratio, 𝜈. By interpolating the experimentally determined polycrystalline 

thin film X-ray elastic constants 𝑆	),- (Fig. 7.7a) and 	
 𝑆
),- (Fig. 7.7b) to 3𝛤 = 0.54―obtained from 

the intersection of the ab initio DFT data―we can determine 𝐸 = 443 GPa and 𝜈 = 0.213 

according to Eqs. (7.10) and (7.11). 

 

The comparison in Fig. 7.7 indicates a strong agreement between experimentally determined thin 

film X-ray elastic constants, 𝑆	),- and 	
 𝑆
),- , and theoretical predictions, particularly for the 

Eshelby/Kröner model. Notably, the slopes of the linear fits match closely, especially for 	
 𝑆
),- 
and 	
 𝑠
),- . This confirms previous findings indicating the improved performance of the 

Eshelby/Kröner model in predicting the mechanical elastic behavior of quasi-isotropic polycrystals 

[83] and that these parameters can be used for stress analysis. We further observe that the 𝑠	),- 
values derived from the ISODEC software based on the inverse Kröner model follow those of 

Eshelby/Kröner. However, in the case of 	
 𝑠
),- , the latter is in better agreement with the 

experimentally determined 	
 𝑆
),- values (compare Fig. 7.7a and 7.7b). The ab initio DFT data for  	
 𝑠
),- shows a slightly better agreement with the experimental data compared to 𝑠	),- . This 

discrepancy suggests potential opportunities for refinement in the simulation methodologies, 

particularly in relation to Poisson's contraction, which will be the focus of future research. 

 

Finally, summarized in Table 7.1, we present the results of our in-situ experimental approach to 

determine the {hkl}-dependent as well as the polycrystalline thin film elastic and X-ray elastic 

constants for TiN0.8B0.2 compared to the theoretically predicted single crystal values. Where 

possible, the standard error was calculated using Gaussian error propagation. The polycrystalline 

Young's modulus, 𝐸� , was additionally extrapolated from nanoindentation measurements of the 

coating with 𝐸� = 454 ± 33  GPa (not added to the table) and matches the polycrystalline thin 

film Young's modulus interpolated from the in-situ pillar compression experiment (𝐸=443 GPa) 

as well as the value obtained from the DFT calculations based on the Hill grain interaction model 

(𝐸=442 GPa), as described in detail in the methodology section. The residual stresses of the 

TiN0.8B0.2 coating, measured at ~ 0.6 GPa, are relatively low compared to 𝐸� . Therefore, the 𝐸� 
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value can be considered a valid benchmark for comparison with the other experimental and 

theoretical results. The measured hardness, 𝐻 = 32.1 ± 1.9 GPa, also falls within the expected 

range of ~ 35 GPa, in agreement with our previous experimental results [6,85]. The values are 

slightly higher than those reported for pure TiN in the literature [80–82], indicating a greater 

compliance for TiN0.8B0.2 compared to TiN. As previously explained, increasing the B content in 

fcc-TiN results in a reduction of 𝐸 [6]. This decrease in 𝐸 can be attributed to the increase in lattice 

spacing, leading to severe lattice distortions. Furthermore, adding B introduces lattice defects such 

as N-vacancies or amorphous B-rich grain boundary phases. These irregularities disrupt the 

uniformity of the fcc-TiN lattice and consequently alter the material's stiffness. 

 
Table 7.1. Summary of the experimental values for the {hkl}-dependent and macroscopic thin 
film elastic constants 𝜈),- , 𝜈, 𝐸),- , 𝐸, and the X-ray elastic constants 	
 𝑆
),- and 𝑆	),- for TiN0.8B0.2 
compared to the theoretically derived {hkl}-dependent and macroscopic single-crystal elastic and 
X-ray elastic constants, 	
 𝑠
),- and 𝑠	),- (derived from the inverse Kröner model) for fcc-

TiN0.94B0.06. 
	
 𝑆
 and 𝑆	 correspond to {hkl}-independent experimental thin film X-ray elastic 

constants interpolated from the intersection of the 3𝛤),- plot in Fig. 7.7ab, where 	
 𝑠
 and 𝑠	 are 
the theoretical {hkl}-independent single-crystal X-ray elastic constants from the Reuss model at 
the intersection.  
 
Experimentally determined values for TiN0.8B0.2 thin films 

{hkl} {111} {200} {220} macroscopic ν��� (-) 0.241±0.004 0.199±0.001 0.222±0.001 ν (-) 0.213 E��� (GPa) 422±2 467±2 446±2 E (GPa) 443 	
 S
��� (10-3 GPa-1) 2.94±0.01 2.57±0.01 2.74±0.01 	
 S
 (10-3 GPa-1) 2.74 S	��� (10-3 GPa-1) -0.57±0.06 -0.42±0.02 -0.47±0.02 S	 (10-3 GPa-1) -0.48 

Theoretically determined values for single crystal fcc-TiN0.94B0.06. 

{hkl} {111} {200} {220} macroscopic ν��� (-) - 0.218 0.251 ν (-) 0.229 E��� (GPa) 408 496 427 E (GPa) 442 	
 s
��� (10-3 GPa-1) 2.9879 2.6400 2.9010 	
 s
 (10-3 GPa-1) 2.76 s	��� (10-3 GPa-1) -0.5669 -0.4556 -0.5390 s	 (10-3 GPa-1) -0.51 
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7.4 Summary and Conclusion 
 
In this study, we aim to develop a new in-situ test routine to experimentally determine the direction 

dependent elastic constant of polycrystalline thin films using in-situ micro-pillar compression 

testing coupled with X-ray strain analysis. To provide a suitable quasi-isotropic ceramic coating for 

testing, we deposited a 15 µm TiN0.8B0.2 thin film (𝐻 = 32.1±1.9 GPa, 𝐸� = 454±33 GPa), 

characterized by a dense, small-grained (non-columnar) microstructural cross section. X-ray 

diffraction analysis confirmed the presence of a single-phase crystalline fcc-TiN structure with peak 

shifts attributed to 3 at% B incorporation within the fcc-TiN lattice, while excess B is segregated 

as amorphous B-rich grain boundary phases. The micro-pillar (aspect ratio 3:1) fabricated by a 

conventional FIB milling process displayed a symmetric taper (α<2°) and was qualified for 

controlled compression testing. By implementing an advanced in-situ nanoindentation setup, we 

subjected the TiN0.8B0.2-micropillar to uniform uniaxial compression with a constant deformation 

rate until failure, while simultaneously performing transmission X-ray microdiffraction to detect 

the {hkl}-dependent deformation response for the {111}, {200}, and {220} plane families. We 

directly obtained the direction-dependent Poisson ratio, 𝜈),- , from the negative ratio of the slopes 

of the linear elastic strain response, &&3 𝜀*+),- , to the applied load over time in the transverse and axial 

directions until the pillar failed with absence of plastic deformation.  In addition, we refined the 

determination of the strain-free lattice spacing, 𝑑�),- → 𝑑�,�),- , by iteratively adjusting the 𝜈&�),- values 

obtained from the negative strain ratio − 8

��	8����	 to fit the differentially derived Poisson ratio 𝜈),- . 
Considering this deviation, we were able to refine 𝑑�),- with the required accuracy of 10-5 nm for 

X-ray diffraction stress-strain analysis. The unique ability of our experiment to simultaneously 

record deformation changes,  :&
���	:���� 7, and corresponding uniaxial macroscopic stresses, 𝜎�g , allowed 

to determine the thin film X-ray elastic constants, 	
 𝑆
),- , 𝑆	),- , followed by the direction-dependent 

thin film Young’s modulus 𝐸),- . The thereby derived elastic constants such as ν111 = 0.241±0.004, 

ν200 = 0.199±0.001, ν220 = 0.222±0.001, E111 = 422±2 GPa, E200 = 467±2 GPa, and 

E220 = 446±2 GPa, excellently agree with DFT-values of ν200 = 0.218, ν220 = 0.251, E111 = 408 GPa, 

E200 = 496 GPa, and E220 = 427 GPa. 

 

Having successfully calculated the directional-dependent thin film elastic constants and X-ray 

elastic constants from our experiments we interpolated the polycrystalline (macroscopic) thin film 

elastic constants, 𝜈 and 𝐸, from the calculated single-crystal X-ray elastic constants, 	
 𝑠
),- , 𝑠	),- , 
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using the theoretical models proposed by Reuss, Voigt, and Eshelby/Kröner. Particularly, the 

Eshelby/Kröner model showed the best alignment with experimental data.  
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S7 Supplementary Materials 

 

 
 

Figure S7.1. (a), (b), and (c) show the linear fits of all 36 lattice parameters 𝑑97),- from the first 
recorded diffraction pattern until one pattern before failure of the pillar for the {111}, {200}, 
and {220}, respectively, regarding their 𝑠𝑖𝑛
 𝛿 value. The initial 𝑑�),- value is determined at the 
intersection of all linear fits. 
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Figure S7.2. �� 𝑆
),- values of TiN0.8B0.2 obtained for three crystallographic plane families {111}, 
{200}, and {220} shown in panels (a) triangular symbols, (b) triangular symbols, and (c) square 
symbols, respectively. The dashed horizontal line in each panel represents the �� 𝑆
),-  value 
calculated from the ratio of the slopes of the linear fit of the 𝑑97),- over 𝑠𝑖𝑛
 𝛿 over the discrete 
indentation stress values, 𝜎�g (𝑦, 𝑧), as indicated in the upper right corner. 
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8 Summary 
This thesis contains three major chapters—next to the more general description of the used model 

system Ti–B–N and experimental methods used—describing and explaining the possibilities to 

modify the B-solubility within the TiN-lattice and introducing a method through which the elastic 

constants can fully be obtained experimentally (incl. the Poisson’s ratio, which very often is simply 

assumed or calculated). 

 

Chapter 5 focusses on the solubility behavior of B in fcc-TiN using non-reactive co-sputtering. 

The addition of titanium to TiN can increase the solubility of boron by creating vacancies in the 

non-metal sublattice or, more generally, by creating a stoichiometry that deviates from the TiN-

TiB2 line in the ternary phase diagram. An essential aspect of this work is that detailed XRD 

investigations would be sufficient to prove a so-called solid solution of boron on the non-metal 

sublattice. These findings have been corroborated by DFT simulations, which predict the same 

trend in the lattice parameter and elastic properties (polycrystalline Young's modulus) as obtained 

by XRD and nanoindentation. The solid solution in the case of additional Ti was confirmed by 

complementary HRTEM investigations, which showed us that B is uniformly distributed in the 

TiN lattice with a chemistry along the TiN–TiB tie line in a coating. 

In contrast, an increased occurrence of B at the grain boundaries was observed without Ti addition. 

The effect of this solubility is not primarily seen in an increase in hardness of the coating, but in a 

significant improvement in fracture toughness compared to the coating without additional 

titanium. In conclusion, this work has highlighted the importance of correct chemical composition 

and XRD's very good determinability of a solid solution. 

 

Chapter 6 presents a concept to further modify the solubility of B in fcc-TiN. By targeted 

microalloying of metals on the metal sublattice allows to manipulate the spatial conditions so that 

the solubility of B was intentionally either favored or hindered. Specifically, Cr or Zr was added to 

reduce (Cr) or increase (Zr) the lattice parameter of the basic Ti–Me–N system, thus favoring or 

limiting the solubility of boron (which has a larger covalent radius than N) on the non-metal 

sublattice. This study was also supported by DFT calculations, which showed that stretching the 

lattice improves B solubility. Such calculations were also used to determine the local strain due to 

the bond distance between titanium and boron (Ti-B) compared to titanium and nitrogen (Ti-N). 

These calculations support the experimental trend established by XRD, which was that the solution 

of B is promoted in the case of Zr addition—more than obtained through simply adding Ti, which 
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promotes the formation of vacancies at the non-metal sublattice—and reduced when alloying Cr 

to TiN. 

 

Chapter 7 focusses on a combination of micromechanics and synchrotron beam diffraction. This 

allows to entirely measure the elastic constants of materials. Specifically, a micropillar (Ti–B–N was 

also used as a reference system) was loaded at constant strain rate, and scattering experiments were 

performed simultaneously using a micro-focused synchrotron beam. The strains occurring in the 

material are calculated by analyzing the resulting Debye-Scherrer pattern in detail to determine the 

so-called Poisson's ratio. X-ray elastic constants were then obtained using the recorded force at the 

indenter and the known gradients or zero crossings of d over sin2θ. By analyzing three different 

families of planes, it was possible to determine these and subsequently calculate Young's moduli as 

a function of crystallographic directions. Finally, polycrystalline values were calculated, assuming 

that the intersection points of three different models for calculating the theoretical directional 

constants must intersect at the same point as the measured values. The experimentally determined 

elastic constants show excellent agreement with DFT obtained values, so a methodology was 

successfully developed which allows the determination of elastic constants on a purely experimental 

basis. This advancement represents a significant enrichment in materials research, as other 

techniques use assumed or calculated Poisson’s ratios. 

 

In summary, this thesis shows how the solubility of alloying elements can be manipulated using the 

Ti–B–N model system, and how the elastic constants (directional values such as E111, E100, and 

Poisson’s ratio) can entirely be obtained through experiments without assumed or calculated inputs 

(like often done with Poisson’s ratio). These three chapters have in common the material system, 

the powerful tool of X-ray diffraction, and my passion and accuracy. 

 


