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Abstract

The origin of friction and wear in polycrystalline materials is intimately connected
with their microstructural response to interfacial stresses. Although many mechanisms
that govern microstructure evolution in sliding contacts are generally understood, it is
still a challenge to ascertain which mechanisms matter under what conditions, which
limits the development of tailor-made microstructures for reducing friction and wear.
Here, we shed light on the circumstances that promote plastic deformation and sur-
face damage by studying several FCC CuNi alloys subjected to sliding with molecular
dynamics simulations featuring tens of millions of atoms. By analyzing the depth- and
time-dependent evolution of the grain size, twinning, shear, and the stresses in the
aggregate, we derive a deformation mechanism map for CuNi alloys. We verify the
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predictions of this map against focused ion beam images of the near-surface regions of
CuNi alloys that were experimentally subjected to similar loading conditions. Our re-
sults may serve as a tool for finding optimum material compositions within a specified
operating range.

Keywords: deformation mechanism map, microstructure evolution, fcc alloys, sliding
contact, large-scale molecular dynamics

Introduction

When two materials are pressed together
and slide against each other, in the great-
est majority of instances there are inelastic
changes induced by this interaction. Yet, sci-
entists are still struggling to rank the govern-
ing mechanisms responsible for the behavior
and evolution of sliding interfaces, which in
turn strongly influence friction and wear, by
their relevance under a given set of operat-
ing conditions. This is particularly important
for polycrystalline metallic materials; despite
great effort and progress recently made to elu-
cidate the microstructural evolution in metal-
lic sliding contacts,1,2 there are many ques-
tions that remain unanswered. One of these
key questions is the subject of our investi-
gation: can we explain how sliding affects
microstructural evolution in relevant metal-
lic alloys?

Numerous microstructural processes
linked to severe deformation and various
testing conditions have been observed and
explained in the past; these include, e.g.,
dislocation mediated grain refinement3,4 and
grain boundary sliding.5,6 Looking at slid-
ing processes in dry contacts, where fric-
tional energy is mainly dissipated by plas-
tic deformation and material flow, they are
usually accompanied by high strain rates,
large strain gradients, possibly intermix-

ing of the contacting materials,7,8 recovery,
and (both static and dynamic) recrystalliza-
tion.9,10 This comes along with the forma-
tion of stable and metastable microstructural
changes observed in metallic materials11,12

and the formation of flow-like patterns re-
sembling fluid flow, which can be identified
in particular if mixing of materials takes place
and have been compared to Kelvin-Helmholtz
shear instabilities or vortex instabilities in the
literature.13–15

On the one hand, it could be shown that
grain growth follows nanocrystalline grains
in a surface subjected to sliding;16,17 on
the other hand grain refinement was de-
tected when loading annealed coarse-grained
materials.18,19 Depending on load, sliding
speed, temperature, or initial grain size,
new microstructures may develop beneath
the sliding contact, effectively reducing fric-
tion and wear. The key question to ad-
dress is which regimes and experimental con-
ditions promote the occurrence of a partic-
ular microstructure exhibiting low or high
friction. Argibay et al. linked microstruc-
tural evolution to macro-scale friction be-
havior in metals.20 They identified a low-
friction regime that was strongly connected
to ultra-nanocrystalline surface layers with
shear accommodation by grain boundary
sliding, whereas a high-friction regime was
dominated by dislocation-mediated plastic-
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ity. Based upon this, they created generalized
dimensionless friction maps, clearly marking
the transition between grain boundary sliding
and dislocation-mediated plasticity as a func-
tion of reduced time and stress. The respec-
tive deformation limits in these friction maps
are strongly influenced by the stacking fault
energy (SFE) and thus twinning.21,22 Experi-
mental reports have shown that a higher SFE
usually results in changes in the wear re-
sistance, where recent work suggests an in-
crease,23 while some earlier works reported
a decrease24,25 or found no definite trend.26

Another important aspect to consider is the
atomistic origin and the complexity of dislo-
cation and grain boundary behavior as well
as their interactions when subjected to high
strain rates and localized energy inputs.27,28

Yet, the understanding of the microstructural
processes in sliding contacts of FCC metals
that considers all important aspects associ-
ated with the evolution of the surface and
subsurface layers is still lacking.

In our research, we have analyzed and
compared the results of dozens of large-scale
polycrystalline molecular dynamics (MD)
simulations (spanning a considerable param-
eter space over load, composition, and time)
to unravel and map fundamental mechanisms
for near-surface microstructural evolution in
CuNi alloys under sliding at constant strain
rate and temperature. CuNi alloys have nu-
merous applications such as in shipbuilding,
offshore oil production, power plants,29 elec-
trical sliding contacts,30 and they are used
in a similar fashion as CuAl coatings in tri-
bological interfaces of jet engine compres-
sors.31 MD simulations have become increas-
ingly valuable for providing insight into mi-
crostructural changes in polycrystalline ma-
terials during sliding.2,32–34 CuNi is an ideal
alloy system in which both constituents form
an isomorphous system without phase pre-
cipitation, where the SFE varies by a fac-
tor of three between pure Cu and Ni, and
a fast and reliable force field exists that al-
lows a treatment using MD.35 The results
for various Ni contents reveal the time de-

velopment of a load and composition depen-
dent shear layer (also discussed in terms of
a “shear-induced flow layer”36 or a “plastic
strain-rate profile”37 in the literature) as well
as changes in stress and twin boundaries. Our
systematic investigation of single-phase FCC
alloy deformation allows us to derive a de-
formation mechanism map as a function of
load and composition, assigning grain refine-
ment, twinning, lattice rotation, and shear
layer formation to said parameter combina-
tions. There are many ways of potentially
presenting and discussing our findings, as for
example using the peak deviatoric stresses oc-
curring within the system to quantify the ef-
fect of the stress tensor on plastic deforma-
tions; however, here we plot the quantities of
interest over the normal pressure, which can
be directly related to the applied load as an
external independent variable controlled at
design level. Our fundamental findings have
a good prospect of being transferred to other
FCC metals and alloy systems and thus driv-
ing the design of future advanced materials
and coatings with superior properties in slid-
ing contacts.

Results and Discussion

Computational micrographs

In our simulations, a rough rigid counter-
body is pressed at several constant normal
pressures σz against a polycrystalline FCC
microstructure characterized by an average
grain size of 40 nm, which in this work will
be referred to as “coarse”, see Fig. 1a and b.
The initial grain size places the microstruc-
ture solidly within the Hall-Petch regime;2,38

however, the space available for the forma-
tion of dislocations is limited.39 The two sur-
faces slide against each other for up to 7 ns
at a relative velocity of vx = 80 m/s, chosen
for computational feasibility.40 Apart from
an increased propensity towards twinning due
to this high strain rate, we do not expect
any behavior that differs fundamentally from
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that seen at lower sliding speeds, especially as
the system is prevented from artificial over-
heating by use of an electron-phonon cou-
pling based thermostatting scheme.41 All in-
vestigated CuNi alloys (abbreviated CuNiX,
where X is the atomic percentage of Ni) are
random solid solutions that share the same
grain structure and orientations.

The microstructural evolution of the poly-
crystalline aggregate reveals the presence of
the following deformation mechanisms. Since
FCC materials preferentially take up plastic
strain by twinning at high strain rates,21 this
mechanism dominates in our simulations be-
cause of the high sliding velocity, see Fig. 1c–
f. Given that the SFE defines the surface
energy of the twins, the twin density should
be lower for alloys with higher SFE. This is
indeed captured by our simulations, where
we observe lower twin boundary fractions at
higher Ni contents under otherwise identical
loading conditions. Additionally, we observe
that deformation is accommodated by partial
lattice rotation, shown in Fig. 1d and e. Dur-
ing the initial stages when most of the grains
are comparatively large, partial lattice rota-
tion dominates. As further sliding promotes
rotation, this results in the subsequent for-
mation of new grain boundaries.

The refined grains take up further plastic
strain by twinning, leading to even narrower
twins, and in addition they accommodate the
imparted deformation by lattice rotation. As
a result, hardly any of the surface grains re-
tain the orientations they had upon forma-
tion. As soon as grain refinement spreads
over the layer of grains that covers most of the
sample surface, the process speeds up consid-
erably, since lattice rotation is promoted as
the grains become smaller, see Fig. 1e.

The re-orientation of the refined grains,
many of which are in the 10 nm range, by
grain boundary sliding ultimately results in
the formation of a shear layer. Simultane-
ously, new twins form with a strong ten-
dency to be parallel to the sliding inter-
face, as shown in Fig. 1f. Within the grow-
ing shear layer, further rotation leads to co-

alescence of grains, and the newly formed
large grains deform along the sliding direc-
tion, leading to strongly elongated grains, see
Fig. 1g. This behavior is also influenced by
the limited depth (40 nm) of the sample,
which introduces features typical of confine-
ment that are often observed in soft metal
coatings deposited on hard substrates and
rubbing against hard materials,14,36 as well
as in confined viscous fluids subjected to high
pressures and shear rates.43

Deformation mechanism map

We have distilled the results of approximately
4 million core hours worth of MD simula-
tions into a single map of deformation mech-
anisms for CuNi alloys as a function of com-
position and contact pressure, see Fig. 2a.
The full details of how we simplified the large
amount of raw data to produce the map
will be given in the next section. In the
following, we will walk the reader through
this map, explaining the individual regions
and justifying the boundaries between them
via comparison with some experimental data.
We emphasize here that all of the round
white data points in Fig. 2a follow from our
simulation results at constant temperature
and strain rate, using only a few assump-
tions that will be discussed in more detail in
section . Furthermore, all time dependent
aspects of the microstructural development
have already been eliminated from the data
that went into producing this map, i.e., only
systems that had already reached equilibrium
were considered. The data points then yield
the shown regime boundaries via polynomial
fitting (the parameters for which are listed
in Fig. 2). The map is surrounded by rep-
resentative snapshots of simulations and fo-
cused ion beam (FIB) cross-sections of exper-
imental samples with compositions and load-
ing conditions that follow within the map
(cf. the annotations in the individual pan-
els). The solid black data points mark where
the surrounding examples are located within
the map. Protective Pt layers were deposited
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Figure 1: System overview and observed microstructural evolution. (a) Exploded perspec-
tive 3D-sketch of the MD system used for all simulations. The base body is colored according
to grain orientation in Rodrigues space,42 whereas the sliding counterbody is colored accord-
ing to surface topography with an RMS surface roughness of 0.5 nm. Right: Representative
cross-sections before (b) and after sliding (c–g), located at the dotted black line in (a),
providing snapshots of the phenomena discussed in this work. Colored according to grain
orientation (EBSD-IPF color standard, see legend). The X in CuNiX denotes the atomic
percentage of Ni.
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on the experimental samples where the fo-
cus lay on observing small features located
close to the tribological interface, while in the
more severely deformed samples we dispensed
with a Pt layer in favor of a clear view of
the sample surface. Our comparison is aimed
at showing that the phenomena captured by
the atomistic simulations qualitatively repro-
duce the deformation mechanisms observed
at larger scales, although we are fully aware
that the differences in system size and strain
rate (which boosts twinning activity in the
simulations) preclude a direct and quantita-
tive comparison. However, our observations
still confirm our initial hypothesis that the
modeling results will provide scalable trends.
While the structures in the FIB images in
Fig. 2b and f are approximately two orders of
magnitude larger, their qualitative agreement
with the calculated micrographs in panels (c)
and (e) shows that our simulations can repro-
duce the physics of the mechanisms because
the system was constructed sufficiently large,
i.e., featuring a mean grain size comfortably
located within the Hall-Petch regime. We
compared our microstructures to earlier MD
work with grains in the 10 nm range,41 and
differences were evident in the ability of the
larger grains to accumulate and store disloca-
tions within, while the smaller grains (10 nm
and below) remained virtually dislocation-
free because they are too small to store dis-
locations.

The white region in Fig. 2a lies below
the normal pressure associated with the crit-
ical twinning stress τ

(TB)
crit for that composi-

tion and marks the elastic regime. The green
region is characterized by the onset of twin-
ning and lattice rotation, as illustrated by
the sections in panels (b–c). The FIB cross-
section in panel (b), recorded in ion mode,
reveals partial lattice rotation, visible as a
smooth and gradual transition between gray-
scale values, marked by a dashed white line.
It should be noted that lattice rotation it-
self does not directly result in new grains,
but that it can provide a distinct “environ-
ment” for them to grow,44,45 which is in good

qualitative agreement with the simulation in
panel (c), despite the large difference in slid-
ing speed between experiment (0.3 m/s) and
simulation (80 m/s). Due to the high sliding
speed, the latter also features strain rate in-
duced twinning as shown on the right side of
panel (c).

The yellow region lies above σ
(TB)
trans, ex-

tracted from our simulations, which repre-
sents the resistance of an alloy to plastic de-
formation accompanied by grain refinement
as well as increased twinning. Here we ob-
serve pronounced grain boundary dominated
plastic deformation, both computationally
and experimentally, see Fig. 2d–e. Both pan-
els show the formation of new small grains
via lattice rotation, and the simulated mi-
crostructure in panel (d) is accompanied by
twin formation. The boundary between the
green and the yellow regions is also in good
agreement with the normal pressure associ-
ated with the onset of grain refinement in our
simulations.

When entering the blue region com-
ing from the yellow one, we find systems
characterized by highly refined grains that
are now subjected to massive twinning, see
panel (f). With increasing normal pressure,
this is accompanied by stress-induced grain
growth20,46 as the mean shear layer thickness
dshear, which will be discussed in detail in
the next section, exceeds a threshold value
of 2 nm and can no longer be neglected. The
value chosen for this threshold is motivated
by the need to filter out any direct influence of
the counterbody asperities (which at an RMS
roughness of 0.5 nm lie within that depth
range) on the identification of an emerging
shear layer. The location of the curve divid-
ing the yellow and the blue region coincides
well with the normal pressure at which the
slopes of the shear stress and the real con-
tact area as functions of the normal pressure
flatten abruptly (see Figs. S1 and S2 in the
Supporting Information), indicating a tran-
sition in the dominating deformation mech-
anism. In our confined model system, the
blue region can also be seen as a “transition
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Figure 2: (a) The deformation mechanism map as a function of composition and normal
contact pressure. White data points are derived from our MD simulation results, and regime
boundaries are polynomial fits with the parameters listed in the lower right corner. (b–h)
Representative computational and experimental microstructures; the panels are color-coded
according to the regimes in the map. The dashed curve in (b) indicates the lower boundary
of the region affected by lattice rotation.
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regime” between locally (surface) and glob-
ally (sample) dominated behavior.

Finally, in the red region, the shear layer
dominates the behavior of the entire system.
Here the normal contact pressures exceed
the value beyond which dshear becomes larger
than the thickness of the previously formed
refined grains layer (drefined). This region is
characterized morphologically by large elon-
gated grains, spanning almost the entire sam-
ple thickness in the simulation, see panel (g).
This domain may be considerably influenced
by the confinement of the model system, as
will be discussed in the next section. From
the existing data it is therefore not possible
to confirm the exact values of the system-
independent transition from the blue to the
red region, as this is bound to depend on the
size of the sample under investigation. In this
context, the boundaries between the regions
of the map corresponding to grain growth and
shear layer domination are more likely to cor-
respond to those that might be observed in
soft metallic coatings deposited on hard sub-
strates, where confinement effects play a ma-
jor role.

The experimental FIB cut in panel (h)
features a thick layer of small grains, which
is accompanied by a wavy structure that was
probably created by multiple folding events.
The thin dark gray interface at the bottom
right (marked by the arrow) is an indica-
tion for massive shear in the experimental
setup, however occurring on a larger scale.
Although the grain structure and size differ-
ences between panels (g) and (h) are obvious,
the collective movement of a large number of
grains, which can be observed in the videos
in the Supporting Information and can be de-
duced from the folding structure and the fold-
ing interfaces, indicates similarities in mate-
rial behavior during highly loaded sliding.

The fact that our simulations lead to grain
refinement at lower pressures and ultimately
to grain growth at high pressures agrees well
with observations such as those in Ref. 20
regarding friction effects of microstructure in
Au-based systems. The onset of plastic defor-

mation by partial grain rotation and refine-
ment are equally reflected in the experiment
and in the simulation. Just by looking at the
map it becomes obvious that the alloy prop-
erties related to shear layer formation resis-
tance improve rapidly even for small increases
beyond 40% in the Ni content. Note that in
our confined sliding MD system, no material
is ever lost, therefore simulating wear in the
classical sense is not explicitly possible. As
anticipated above, any later stages observed
at high pressures, such as shear layer forma-
tion and large elongated grains or the forma-
tion of interfaces by folding, are undesirable
as large volumes moving collectively will most
likely also wear off as one and presumably
result in random wear events and unsteady
friction.

Delving into the mechanisms

After having qualitatively described the dom-
inant microstructural deformation mecha-
nisms and introduced the deformation mech-
anism map we obtained from our simula-
tions, we will now discuss the systematic
approach to quantifying our observations in
terms of grain refinement, atomic shear ve-
locity, stresses in shear direction, and twin-
ning. We first visualize the quantity of in-
terest in the form of “heat maps” as a func-
tion of time and sample depth for every com-
position and load. The heat maps are fur-
ther evaluated by identifying and justifying
threshold values aimed at capturing the time
evolution of sample regions, which are con-
sidered to be part of the “refined layer” and
“shear layer”, or by integrating over the sam-
ple thickness to yield a total twin boundary
fraction. We finally extract equilibrium val-
ues from the resulting time-dependent char-
acteristics and present them as functions of
load and composition.

It has been observed experimentally that
tribological loading of copper leads to a well-
defined boundary between a coarse and a re-
fined region.47 To explore this phenomenon
in our simulated systems, we show an ex-
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Figure 3: Grain refinement. The first three panels outline how the bottom panel is obtained
for the example case of CuNi60. (a) Heat map visualizing the depth- and time-resolved
evolution of the grain boundary and defect fraction for CuNi60 sliding at σz = 1.1 GPa. The
dashed orange trace line separates the refined grains from the (original) coarse grains region.
(b) All trace lines for CuNi60 at various applied loads are superimposed, and the equilibrium
layer thickness drefined is evaluated at t = 7 ns. (c) Representative tomographic sections for
four normal pressures at t = 7 ns, with a colored box marking the refined grains region
(compare with the initial microstructure at the top left). (d) The refined layer thickness
drefined is plotted as a function of normal pressure for all compositions. The lines are linear
fits to the data.
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emplary heat map in Fig. 3a, representing
the depth- and time-resolved evolution of the
grain boundary and defect fraction, hence-
forth referred to as GB fraction; this is ob-
tained by summing up all non-FCC ordered
atoms that are not part of a twin bound-
ary. This quantity has been shown to be
able to provide a measure for the grain size
in FCC metals using a non-linear relation-
ship.2,40 Corresponding heat maps for the
other alloy compositions at several normal
pressures can be found in the Supporting In-
formation in Figs. S3–S6. The undeformed
(40 nm) grains correspond to a GB frac-
tion of approximately 5%, while the refined
(10 nm) grains correspond to about 20%.
Therefore, we parametrically varied the GB
fraction threshold to identify the transition
between a coarse and a refined grains region
in the polycrystalline aggregate. In particu-
lar, we evaluated the contours resulting from
analyzing the GB fraction range 10–14%, see
Fig. S7 in the Supporting Information. The
clearest distinction between the two regions
could be made when setting the GB frac-
tion threshold to 18 nm (or 11%), yielding
a clearly evolving boundary line that divides
the refined grains region, with grains smaller
than 18 nm, from the bulk.

Plotting the iso-GB-fraction curves for a
number of normal pressures of a given compo-
sition, as shown in Fig. 3b for CuNi60 (and in
Fig. S8 in the Supporting Information for the
other compositions), shows how the normal
pressure influences the time evolution of the
refined layer thickness. In general, the higher
the contact pressure, the earlier the refined
layer begins forming, and the deeper it ex-
tends into the polycrystalline aggregate. To
illustrate this, the equilibrium value drefined

is superimposed as a colored box over some
representative computational tomographs of
CuNi60 after 7 ns of sliding in Fig. 3c. By
aggregating the data points of all simulations
where a stable equilibrium value of drefined can
be evaluated, the load dependence of the re-
fined layer thickness can be fitted using a lin-
ear trend for all compositions, see Fig. 3d.

From a physical point of view, this linear
trend may be explained by how the volume
affected by high stresses, which in turn lead
to recovery and refinement, increases linearly
with the normal pressure. This is much along
the lines of Archard’s reasoning why wear is
eventually proportional to load,48,49 namely
because the contact area is proportional to
load in the absence of a change in defor-
mation mechanism. This is indeed also the
case in our simulations, as can be seen in the
load dependence of the contact area (shown
in Fig. S2 in the Supporting Information),
where an abrupt change in the slope marks
the load where the dominating deformation
mechanism changes. It should be noted that
the linearity of the load dependence of the
refined layer thickness is only claimed within
the deformation regime where grain refine-
ment dominates (the yellow region in Fig. 2a),
and to a limited extent where massive twin-
ning occurs and the shear layer starts form-
ing (blue region). The slopes of the fit lines
remain nearly constant up to Ni contents of
25% and then decrease rapidly. The non-zero
intercepts of the fitted trends with the σz
axis translate into a minimum normal pres-
sure required for the onset of grain refine-
ment. Owing to the shallow slope of the
trend for Ni and the fact that the lowest avail-
able data point in terms of pressure lies at
σz = 1.5 GPa, the extrapolation of this par-
ticular σz-intercept has to be considered un-
reliable.

The evaluation of the GB fraction per-
formed above allows a quantitative analysis
of grain refinement. Analogously, a plot of
the advection velocities of the atoms in the
polycrystalline aggregate in the direction of
sliding instantaneously reveals which regions
participate in the microstructural changes
by rotation/sliding, or phenomena such as
shear localization.32 Eventually, given suf-
ficient normal pressure, most of the atoms
move collectively, and the velocities clearly
show the formation of a shear layer as the
sliding interface moves towards the lower
boundary of the simulation box.
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Figure 4: Formation of a shear layer. Example system: CuNi5. (a) Depth- and time-resolved
evolution at 0.5 GPa of the atomic (advection) velocities, with a contour line at the threshold
velocity of 10 m/s above which we consider the near-surface region under shear. (b) Time
development of the shear layer thickness for several normal pressures. (c) Representative
tomographic sections of CuNi5 at 0.5GPa at the times indicated by the arrows. Jet-style
coloring is according to advection velocity, see colorbar. Grain boundaries are black, twin
boundaries gray. (d) Mean shear layer thickness dshear over normal pressure for all composi-
tions. (e) Intersection points (circles) of the trends for the shear layer thickness (solid lines)
and the refined layer thickness (dashed lines). The intersection points with the threshold
shear layer thickness of 2 nm (dotted line) are shown as squares.
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An example of the depth- and time-
resolved evolution of the atomic velocities in
CuNi5 at 0.5 GPa is shown in Fig. 4a. Con-
sidering the sliding velocity of the counter-
body of 80 m/s, the threshold differentiating
between regions in the aggregate that are vir-
tually at rest and those that are substantially
sheared was set to 10 m/s. This threshold
was chosen based on an evaluation of numer-
ous velocity histograms, attempting to keep
the value low and constant for all systems
while de-emphasizing oscillations caused by
small atomic displacements that are not as-
sociated with collective shear. The resulting
iso-lines corresponding to the time develop-
ment of the shear layer thickness dshear are
combined in Fig. 4b for all normal contact
pressures that were considered for CuNi5.
Analogous graphs for the other alloy compo-
sitions can be found in Fig. S9 in the Sup-
porting Information. The time development
of dshear differs from that of drefined in that
it is not characterized by a monotonically
increasing trend, i.e. a fully formed shear
layer may potentially collapse and re-form.
Evidently, shear layer formation is the re-
sult of a dynamic and at least partially re-
versible process. The tomographic slices in
Fig. 4c are colored according to atomic ve-
locity, where all atoms moving faster than the
threshold velocity are shown in dark red, and
illustrate the velocity distribution at selected
times during the sliding process together with
the grain boundaries at that state (shown in
black).

Time-averaging the curves of dshear and
analyzing the logarithm of the mean values
over the normal contact pressure suggests an
exponential correlation between the two, see
Fig. 4d or Fig. S10 in the Supporting Infor-
mation for a semi-logarithmic plot. Initially,
there is a strong resistance to form a shear
layer, but increasing the stress brings the sys-
tem closer to a fully-sliding condition due to
the higher energy available within the bound-
aries of confinement. This means that the
exponential response is similar to that of a
solid that starts sliding and shifts from par-

tial to full slip; as the resistance to sliding
is reduced, the force required to move fur-
ther reaches a plateau. So the refined grains
layer and the shear layer thicknesses feature
fundamentally different dependencies on the
contact pressure (linear vs. exponential): the
former is intrinsically linked to the local area
of influence of load, while the latter is rather
a global resistance to move, which must have
some form of saturation.

We can thus obtain the pressure ranges in
which one or the other effect dominates by
intersecting the fitted curves for each com-
position. The resulting intersection points,
shown in Fig. 4e, define the contact pres-
sures below which plasticity is dominated by
grain refinement based on partial grain ro-
tation followed by formation of smaller new
grains. At higher contact pressures, these
deformation mechanisms are increasingly re-
placed by grain boundary sliding, and even-
tually the shear layer dominates. Note that
as most of the calculated intersection points
lie in the extrapolated range of the fitted
curves (compare with the data points in
Fig. 4d), the resulting shear layer thickness
may come out greater than the thickness of
our model (40 nm). Thus, any conclusions
drawn from the corresponding threshold con-
tact pressures have to be seen in light of the
limited model system size and may therefore
be considerably influenced by confinement.
However, the occurring trends provide valu-
able insight that may be transferred to more
universal, size-independent statements. Once
the shear layer dominates, further grain re-
finement would no longer be visible because
of grain coalescence and growth, evidence of
which has also been described based on exper-
iments14,50 and mesoscale modelling.15 Even-
tually, the collectively moving grains form
similarly oriented and comparatively large
structures, which may be considered a result
of grain coarsening at high contact stresses as
discussed in.20

In our third approach to analyzing the
microstructural development, we combine in-
formation about the lateral stress distribu-
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Figure 5: Development of stresses and twinning. Example system: CuNi25. (a) Depth- and
time-resolved evolution at 0.6 GPa of the principal normal stess in sliding direction σxx (heat
map) and the twin boundary (TB) fraction (contour plot). (b) representative tomographs to
illustrate the near-surface stress release at t ∼ 3.2 ns and the surge in TBs at t ∼ 4.0 ns (c)
Time development of the total TB fraction in CuNi25 at several normal pressures. (d) ∆TB
(final minus minimum value) over normal pressure for all compositions. Lines are linear fits
to the data. Dotted lines represent the uncertainty of the fits’ slopes and axis intercepts
due to the spread of the data. (e) Critical twinning stress over nickel content. Data points
are from this work, error bars represent the ranges of the σz-axis intercepts marked by the
dotted lines in panel d. The regimes from Fig. 2a are transferred for ease of comparison. (f)

Mean sliding distance s
(TB)
trans until sudden increase in TB fraction over normal pressure for

all compositions. Error bars mark the beginning and the end of the steep increase, and the
dashed lines are exponential fits to the data.
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tion σxx in the aggregate (heat map) with
the twin boundary (TB) fraction distribution
(iso-contours) in Fig. 5a. In the system CuNi,
the SFE increases with the Ni content, and
its value varies by approximately a factor of
three between pure Cu and Ni. The TB frac-
tion also includes stacking faults and Shock-
ley partials, but to keep our nomenclature
simple, we will refer to the quantity as the
TB fraction henceforth (see Methods section
for more details). The nucleation of twinning
is mainly influenced by strain rate, temper-
ature, and alloying.51 As temperature does
not play an important role in FCC systems
concerning the twinning stress, and due to
our thermostatting scheme, no region in the
aggregate heats up by more than some tens
of K, we can neglect any thermal influence.
In Fig. 5a, the sudden increase of the twin
boundary fraction beyond 8% down to depths
of approximately 20 nm, which is governed
by twinning nucleation, is accompanied by a
drop in the previously built up near-surface
stress at t ∼ 3.5 − 4.5 ns. The subsequent
growth of the twins requires far less stress,
which cannot be resolved in our simulations
due to thermal noise. All systems that fea-
ture this sudden TB increase at a given nor-
mal contact pressure also exhibit the con-
current stress release, illustrated in the be-
fore/after tomographs in Fig. 5b (as well as
in the heat maps at several normal pressures
in Fig. S11 in the Supporting Information),
from which it can also be seen that the stress
field underneath the contact areas is strongly
non-homogeneous. The sliding distance af-
ter which this rather sudden release of stress
occurs depends on the load and the com-
position. Note that the stress visualized in
Fig. 5a is averaged over the entire sample at
a given depth. By contrast, the tomographs
in Fig. 5b show a spatially resolved stress dis-
tribution at a selected vertical cross-section,
clearly revealing the lateral accumulation of
stress in certain grains. This accumulation
is followed by recovery as the microstructure
changes either by forming more twin bound-
aries or by further grain rotation. Since the

stress release and the twin boundary increase
occur simultaneously, one might be led to be-
lieve that the former is caused by the latter.
However, the two are not as directly and sim-
ply connected due to the localized adapta-
tion of the microstructure to reduce stresses,
even in our comparatively small system. Yet,
at sufficiently high pressures eventually the
stress cannot be released any more, at which
point the substrate begins transforming into
a shear layer completely, cf. the discussion of
Fig. 4. Once the stress reaches a saturation
level, the entire substrate behaves similar to a
fluid due to nearly perfect gliding as an aggre-
gate, where the Couette-like flow within the
shear layer ends abruptly at the transition to
the rigid monolayers at the lower boundary of
the system; this is something often observed
in confinement and layered systems, where
phase transformations and shearing mecha-
nisms are controlled by local ordering and
thermodynamic conditions as well as the ge-
ometric constraints imposed on the sheared
material.14,36,43,52 At higher normal contact
pressures, where the stress release occurs ear-
lier, we see evidence of a reduction in twin
boundaries while the stress begins to build
up again.

By integrating the TB fraction distribu-
tion over the sample depth, we obtain the to-
tal TB fraction over time, shown for CuNi25
in Fig. 5c and for all alloy compositions in
Fig. S12 in the Supporting Information. The
resulting trend curves qualitatively reflect the
more complex heat maps very well and all
feature a period where the TB fraction rises
more sharply than elsewhere. As a general
rule, the higher the normal contact pressure,
the larger the difference ∆TB between the
minimum and the final TB fraction, as shown
for all compositions in Fig. 5d. Here, we ob-
serve that twinning is eventually hindered by
the larger SFE for Ni rich alloys. The thick
lines are linear fits to the data, and the pairs
of dotted lines represent the margin of fit-
ting error according to the spread of the data.
An extrapolation of the obtained trends to
∆TB = 0 yields the normal pressure above
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which twinning begins to occur for a given
composition, where the intercepts of the dot-
ted lines provide an error estimation. The
results were incorporated into the deforma-
tion mechanism map as the separation curve
between the white and the green region, and
they allow the deduction of the critical twin-
ning stress τ

(TB)
crit as a function of composition

by dividing the obtained σz-axis intercepts
by
√

3. This follows from a straightforward
argument based on the von Mises plasticity
law and the link between yield stress in pure
shear and under uniaxial loading.53 Our own
τ

(TB)
crit values are shown as data points with

error bars depending on the composition in
Fig. 5e. We compare our results with data
from Refs.,54,55 and the gray band marks the
uncertainty of the literature values for Cu
(from54), extended to all alloy systems ac-
cordingly.

Furthermore, the higher the pressure, the
shorter the mean sliding distance s

(TB)
trans at

which the sudden increase in the TB fraction
occurs. This behavior is plotted against the
normal contact pressure in Fig. 5f, where the
error bars mark the beginning and the end
of the steep increase. The dashed curves are
fits to the function s0 exp(−σz/σ(TB)

trans), where
s0 is a composition-independent constant of
approximately 1800 nm. This can be inter-
preted as a “typical grain boundary length”,
which is a function of geometric conditions
such as the system size and the mean grain
size, but not of the composition. To justify
this, we can project the initial grain boundary
fraction of 5± 0.75% onto the surface, yield-
ing 360 ± 55 nm2. Dividing this value by a
minimum grain boundary width of 0.253 nm
(a mean interatomic first-neighbor distance
for CuNi systems), we obtain 1425± 220 nm
of grain boundary length for our system and
grain size. This quantity potentially provides
a way to quantify the likelihood of a specific
microstructure to develop TB under sliding
when subjected to a certain applied pressure:
the smaller it is, the less likely for TB to de-
velop for a given external load.

The parameter σ
(TB)
trans has the dimension of

a stress and depends on the composition. Cu
has the lowest σ

(TB)
trans value, 240 MPa, and the

values rise monotonically with increasing Ni
content up to 890 MPa, a relative increase
that is comparable with that of the SFE.
Thus, σ

(TB)
trans may be interpreted as a char-

acteristic stress value for a material or alloy
composition that determines the resistance to
plastic deformation by twinning. This is in
good agreement with the dependence on SFE
and the twinning tendency as proposed by
Asaro et al., where Cu shows a stronger ten-
dency towards twinning than Ni.56 As the to-
tal GB fraction features a time development
similar to that of the TB fraction in terms of
its gradient (shown in Fig. S13), σ

(TB)
trans is also

closely related to the resistance to forming
new grains by lattice rotation.

It should finally be emphasized here that
the presented method may not yet be pre-
dictive of macroscale behavior in a general-
ized way. Given the significant differences
and constraints for parameters like grain size,
shear rate, and surface roughness, as well as
the importance of these to the strengths of
macroscale contacts and the determination of
a prevailing deformation mechanism, further
work is needed to demonstrate and explain
how this information can be translated into
practical use, such as the prediction of the
microstructure evolving in sliding FCC alloy
contacts. Nonetheless, our work constitutes
the necessary basis and provides the initial
milestone to enable the evolution of the pro-
posed methodology into an engineering tool
for alloy surface design.

Conclusion

In this work we have demonstrated that large-
scale MD simulations can produce compelling
data that can be distilled into a deformation
mechanism map for CuNi alloys, suggesting
highly useful links that exist between simula-
tions and macroscale experiments. By explor-
ing and quantifying the phenomena of grain
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refinement, twinning, stress build-up and re-
lease, as well as shear layer formation, we de-
rived several characteristic contact pressures
for each alloy that demarcate different de-
formation mechanism domains. Our model
system clearly showed how alloying and thus
varying the stacking fault energy can lead
to different microstructural responses under
sliding. This is reasonable, since the SFE
as a fundamental material parameter signifi-
cantly affects the twinning tendency of a ma-
terial system, with an immediate impact on
dislocation mobility. A high SFE leads to a
reduced twinning tendency and thus to other
accommodation channels for plastic deforma-
tion, which is well reproduced in our calcula-
tion results. We can therefore assume that
our MD simulations can capture the relevant
acting mechanisms so that the deformation
mechanism map, while derived for the exam-
ple of CuNi, is suitable to be applied to other
FCC alloy systems as well.

Methods

Computational

All simulations were carried out using the
open-source MD code LAMMPS.57 The setup
of the polycrystalline MD model of 85× 85×
40 nm3, or approximately 25 million atoms,
is explained in detail in.40,58 To maximize
the degrees of freedom of the surface grains
with an average diameter of ∼ 40 nm, a
layer of ∼ 10 nm grains was grafted to the
sample bottom, to which the boundary con-
straints could be applied. Interactions within
the FCC CuNix samples are controlled by
an EAM potential from.35 All alloy systems
were heat treated at 650 K for 240 ps, af-
ter which they were quenched within 20 ps
to 300 K. For the pure Ni system, the heat
treatment temperature was 1050 K, and cool-
ing to 300 K was slowed down to 200 ps. So
while the initial model is based on a Voronoi
construction where only some 12 grains make
up more than 90% of the system, this heat

treatment ascertains that the triple junctions
can equilibrate sufficiently. The counterbody
is a bcc Fe(100) monocrystal with a Gaussian
RMS surface roughness of 0.5 nm, a fractal
dimension of 2.186, and a characteristic lat-
eral asperity extent of 33 nm. It was kept
several monolayers thin and rigid in order
to maximize the computational resources for
the simulation of the microstructural evolu-
tion of the sample, thus allowing us to treat
grain sizes of 40 nm, but implying that the
counterbody is considerably harder than the
sample. Its modest roughness effectively as-
certains a “no slip” interface condition be-
tween the two surfaces. For the interac-
tions between the counterbody and the sam-
ple, Lennard-Jones potentials were adopted
to imply a third body, so that the results re-
flect a typical sliding process that explicitly
considers friction, rather than a sheared in-
terface between two pure metal surfaces in
ultra-high vacuum. Earlier work59 refers to
a parameter study that varied the adhesion
between the interacting surfaces from scenar-
ios with virtually no interaction to those with
purely adhesion-dominated processes and im-
mediate fully conformal contact. The narrow
window between these two types of sliding
system behavior led to our choice of a global
energy parameter of ε = 0.095 eV, yielding
an interaction roughly 25% weaker than that
assumed in previous abrasion simulations.60

The element-specific zero-intercepts σFe−Cu =
0.224 nm and σFe−Ni = 0.221 nm were cal-
culated from interactomic first-neighbor dis-
tances using the Lorentz-Berthelot mixing
rules.

The counterbody was moved across the
surface of the sample at a sliding velocity in
x direction of v(slide) = 80 m/s and an angle of
6.42◦ with the x-axis, so that roughness fea-
tures re-enter the simulation box at different
y positions every time they pass the periodic
box boundaries and therefore never follow ex-
actly in their own paths, which reduces arti-
facts associated with the small system size.
The initial pairing of features on the base
body and the counterbody is thus reached
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again after sliding for approximately 750 nm.
The normal pressure σz on the substrate was
kept constant at values ranging from 0.2 to
0.8 GPa for pure Cu, 0.2 to 1.3 GPa for
CuNi5, 0.3 to 1.6 GPa for CuNi25, 0.5 to
1.7 GPa for CuNi60, and 0.5 to 2.7 GPa for
pure Ni for simulation times of 2, 5, or 7 ns,
depending on what the data was used for.

A Langevin thermostat with a time con-
stant of 0.5 ps acted on all the non-rigid base
body atoms to remove the heat produced dur-
ing sliding. This is equivalent to an electron-
phonon coupling scheme where the electrons
act as an implicit heat bath to mimic the elec-
tronic contribution to the thermal conductiv-
ity in a metal.41 The thermostat acts only in
y direction, (nearly) perpendicular to the di-
rections of sliding and normal pressure in or-
der not to interfere with these external con-
straints.

Tomographic xz-sections colored accord-
ing to the grain orientations (EBSD-IPF
standard) were calculated in OVITO61 us-
ing polyhedral template matching,62 and the
projection of the resulting quaternions into
the EBSD-IPF color space was done with the
MTEX toolbox63 for Matlab.

Grain refinement and twinning were
quantified via common neighbor analysis
(CNA)64 with a neighborhood cutoff radius
of 0.3086 nm for all systems containing Cu,
and 0.3005 nm for pure Ni. It should be
noted that CNA cannot distinguish between
grain boundaries, defects, and surfaces, as
well as between twin boundaries, stacking
faults, and Shockley partials. We have at-
tempted to remove as much ambiguity as
possible, e.g., by not showing any data too
close to the sample surface, but have cho-
sen to keep our nomenclature simple be refer-
ring only to grain boundary (GB) and twin
boundary (TB) atoms. Histograms of the
identified GB and TB atoms along the z di-
rection of the samples with a bin width of
1 nm were normalized to GB and TB frac-
tions at every time step to yield the depth-
and time-dependent evolution of these quan-
tities.

To show the formation of the near-surface
shear layer, tomographic vector plots of the
atomic advection velocities were produced
(more details on the evaluation can be found
in 65). By calculating the distance be-
tween the positions of an atom at two time
steps that are 40 ps apart and associat-
ing the obtained average velocity with the
atomic position exactly between these two
time steps, thermal fluctuations are effec-
tively eliminated, much in the fashion of a
low-pass filter. In this way, the thickness of
the shear layer may be quantified via the as-
sumption of a threshold velocity that must
be small (in our case 10 m/s) compared to
the sliding speed of 80 m/s. However, this
view of the system also allows a qualitative
assessment of this layer as well as statements
about slower processes within the polycrys-
talline aggregate that affect the microstruc-
tural development.

Heat maps representing the depth- and
time-dependent evolution of the stress ten-
sor component σxx were produced based on
an on-the-fly evaluation, assuming a constant
average per-atom volume within a 1 nm thick
slab containing approximately 600k atoms.
This approach also mitigates the issue of
LAMMPS actually producing stress output
in a stress×volume formulation, where an
atomic volume is not easily defined. By divid-
ing the stress×volume output value averaged
over a 1 nm slab by the entire slab volume,
the influence of the individual atoms’ volu-
metric fluctuations is effectively suppressed.
Averaging over so many atoms produces
enough detail in the maps without the ne-
cessity for an energy minimization at every
time step. Minimization was only carried out
for the production of a few exemplary tomo-
graphic stress distribution sections of selected
compositions/pressures/times.

The curves separating the different
regimes in the deformation mechanism map
are first- and second-order polynomials fitted
to the white data points in Fig. 2a, and their
parameters are listed in Table ?? so that the
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map may be easily reconstructed for practical
application.

Experimental

The experimental verification was done on
flat plate samples made of technically pure
Cu (obtained by repeated electrolytic refine-
ment leading to a typical purity of 99.90–
99.95wt% with a strongly reduced oxygen
content), a binary alloy with 30wt% Ni, and
pure Ni with a purity of 99.9wt%. The sam-
ples were all ground on SiC paper till #500,
followed by polishing with 9 µm and 3 µm
diamond particles, then high-gloss polished
with 0.25 µm. Finally, the pure Ni and
the CuNi30 samples were chemically polished
with aluminum oxide (Struers OP-AA) and
thoroughly rinsed with water to remove all
abrasives and polishing liquids.

The plate samples were placed in an SRV
device from Optimol, and a 100Cr6 ball with
20 mm diameter was used to slide in a dry
contact oscillating over 3 mm stroke till a slid-
ing distance of 3 m was reached. The tests
were performed at various normal loads re-
sulting in different Hertzian pressures rang-
ing from 470 MPa (max. Hertzian Pressure)
for Cu to 890 MPa for Cu and 610 MPa to
1140 MPa for Ni. CuNi30 was loaded at
550 MPa, 960 MPa, and 1300 MPa. The aim
was to perform the sliding experiments at dif-
ferent pressure levels that cover the simulated
regimes. The reason for the varying applied
pressure values originates in consistent nor-
mal loads, but the variation of Young’s mod-
ulus for the different alloys.

After the sliding test the samples were an-
alyzed using a focused ion beam (FIB) cross-
section perpendicular to the sliding direction
in the middle of the wear tack, where the slid-
ing velocity reaches its maximum. The FIB
cut and the following grain structure anal-
ysis were performed on a HRSEM with a
field emission electron source (Zeiss SUPRA
VP40), equipped with a Ga2+ ion beam gun.
Typically, FIB cuts of a length of 30 µm and

a depth of 10 µm were cut to analyze the
microstructure beneath the wear track. Por-
tions of the grains further away from the sur-
face were cropped if they provided no addi-
tional information.
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Fig. S1: Global shear stress over normal
pressure for Cu, CuNi5, CuNi25, CuNi60,
and Ni.
Fig: S2: Relative contact area over normal
pressure for CuNi5, CuNi25, CuNi60, and Ni.
Fig. S3: Heat maps of the grain boundary
fraction for CuNi5.
Fig. S4: Heat maps of the grain boundary
fraction for CuNi25.
Fig. S5: Heat maps of the grain boundary
fraction for CuNi60.
Fig. S6: Heat maps of the grain boundary
fraction for Ni.
Fig. S7: On the determination of the best
grain boundary fraction threshold value for
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differentiating between the bulk and the re-
fined grains layer.
Fig. S8: Formation of the refined grains layer
for CuNi5, CuNi25, CuNi60, and Ni.
Fig. S9: Development of the shear layer
thickness for CuNi5, CuNi25, CuNi60, and
Ni.
Fig. S10: Semilogarithmic plot of the mean
shear layer thickness over normal pressure.
Fig. S11: Principal normal stress in slid-
ing direction (heat map) and twin boundary
fraction (contour plot) depth profile and time
development for CuNi25.
Fig. S12: Time development of the total
twin boundary fraction in CuNi5, CuNi25,
CuNi60, and Ni.
Fig. S13: Time development of the total
grain boundary fraction in CuNi5, CuNi25,
CuNi60, and Ni.
Video 1: Sliding of CuNi25 at 0.8 GPa col-
ored according to grain orientation (EBSD).
Video 2: Sliding of CuNi25 at 0.8 GPa col-
ored according to advection velocity.
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