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Abstract

We performed large-scale molecular dynamics (MD) simulations to study the tran-
sient softening stage that has been observed experimentally in sliding interfaces subject
to strain path changes. The occurrence of this effect can be of crucial importance for
the energy efficiency and wear resistance of systems that experience changes in sliding
direction, such as bearings or gears in wind parks, piston rings in combustion engines,
or wheel-rail contacts for portal cranes. We therefore modeled the sliding of a rough
counterbody against two polycrystalline substrates of fcc copper and bcc iron with
initial near-surface grain sizes of 40 nm. The microstructural development of these
substrates was monitored and quantified as a function of time, depth, and applied
pressure during unidirectional sliding for 7 ns. The results were then compared to the
case of sliding in one direction for 5 ns and reversing the sliding direction for an addi-
tional 2 ns. We observed the generation of partial dislocations, grain refinement and
rotation, as well as twinning (for fcc) in the near-surface region. All microstructures
were increasingly affected by these processes when maintaining the sliding direction,
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but recovered to a great extent upon sliding reversal up to applied pressures of 0.4 GPa
in the case of fcc Cu and 1.5 GPa for bcc Fe. We discuss the applicability and limits
of our polycrystalline MD model for reproducing well-known bulk phenomena such as
the Bauschinger effect in interfacial processes.
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1 Introduction

Metallic machine elements that operate un-
der sliding conditions can be found in many
daily life applications. These applications
are diverse and range from bearings, com-
bustion engine elements, and other automo-
tive components to wheels in trains or in
industrial cranes. A detailed understanding
of their surface degradation mechanisms that
ultimately lead to failure is essential for insur-
ing their safe operation. In this context, a sig-
nificant research effort spanning the past 40
years aims to understand the interfacial mi-
crostructure evolution of metals during slid-
ing contact. I8

Sliding of metallic surfaces is a complex
process, since it involves high strains that
may lead to severe plastic deformation, large
strain gradients, high strain rates and strain
rate gradients, intermixing of materials, as
well as microstructural recovery and recrys-
tallization.#® The imparted severe plastic in-
terfacial deformation during sliding results in
the generation of dislocations as soon as the
stress state in the activated volume reaches
the yield stress criterion, which can be well
below the macroscopic yield stress of the
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bulk. The arrangement of the generated dis-
locations can proceed as small angle grain
boundaries, ultimately leading to grain re-
finement and the presence of a well-defined
nanocrystalline layer in the immediate vicin-
ity of the metal interface.I8 According to re-
cent experimental evidence, the origin of the
sharp discontinuity between the sub-surface
nanocrystalline zone and the coarse-grained
substrate underneath seems to lie in the
formation of a dislocation trace line paral-
lel to the surfacef in the very early stages
of interfacial microstructure evolution. On
the contrary, it was experimentally observed
more recently that sliding on initially ultra-
fine-grained metallic surfaces can lead to re-
crystallization and grain coarsening.™® The
regimes and conditions that determine grain
refinement and grain coarsening were recently
studied for face-centered cubic (fcc) metals in
with emphasis on their impact on friction.
Molecular dynamics (MD) studies of inter-
facial deformation mechanisms in nanocrys-
talline metals have shown that for grains
smaller than 30 nm in diameter, plastic-
ity is dominated by grain boundary sliding,
whereas larger grains deform mostly by dislo-
cation motion and eventually twinning, 1 de-



pending on their crystallographic structure,
strain rate, and stacking fault energy.

The study of microstructure evolution be-
neath the contact interface in sliding systems
has focused almost exclusively on the defor-
mation imparted by a unidirectionally slid-
ing counterbody. X #H2 Alternatively, some
works addressed microstructure evolution un-
der reciprocating sliding conditions, as for ex-
ample [6)13. However, one crucial aspect has
received very little attention so far. What
happens in the microstructure of a metal at
the moment when the sliding direction is re-
versed? This question is not only of scientific
interest, but also relevant for a large number
of technological systems, because industrial
components are frequently faced with sliding
reversals, e.g., bearings or train wheels. This
situation differs from reciprocating sliding in
the sense that the bearings operate in a pre-
ferred direction of sliding/rotation. This pre-
ferred direction is typically maintained un-
til a given interfacial microstructure is well-
established, typically severely plastically de-
formed and afterwards the sliding direction
may be reversed under a given set of oper-
ating conditions. This situation is distinct
from a linearly reciprocating system, where a
component oscillates around an intermediate
position so that both sliding directions occur
equally at a given frequency, such as a piston
ring in a combustion engine. A key factor for
understanding surface degradation that ulti-
mately leads to wear and component failure
is a clear picture of microstructure evolution
near the interface of sliding counterparts.

It is well established that a reversal of
the strain direction in metallic bulk materi-
als leads to an offset of the yield stress. The
reason for this is attributed to internal back-
stresses generated before reversing the strain
direction. The back-stresses induced during
monotonic loading aid the activation of dislo-
cation glide in the reverse direction, so that
the flow stress is initially lower immediately

after the strain path change when compared
to the monotonic stress behavior. This effect
is called Bauschinger effect, " named after the
eponymous professor who described it for the
first time in 1886.%° In metals pre-deformed
by severe plastic deformation, a reversal in
the strain direction leads to such dramatic
microstructural changes that the offset of the
yield stress is often accompanied by a stag-
nation of the flow stress evolution or even
a transient softening stage depending on the
severity of the imparted pre-deformation.®
After this transient stage, the material recov-
ers its strain hardening behavior when con-
tinuing the deformation along the new strain
path. A transient change in the flow stress
evolution upon strain path changes has been
reported for many metals such as aluminum
alloys, 8 copper, 120 steels, 2124 zircaloy,
beryllium,?2” and tungsten.?® All these met-
als were deformed under several strain path
changes, such as tension-compression, rever-
sal of shear direction, and pre-deformation
by equal-channel angular extrusion or wire
drawing. Strain reversals also play a cru-
cial role in rolling processes.™ The change in
flow stress evolution occurs because the dis-
location structure formed during monotonic
loading is gradually replaced by the structure
generated in the new strain path.??=" Dislo-
cation structures formed during pre-loading,
such as sub-cells, are dissolved after reversing
the loading direction.

Many systems in technological applica-
tions experience such conditions, e.g., a steer-
ing wheel bearing during parking, bearings
and tooth gears in wind parks, or train wheels
when operating on a single track. The im-
pact of reversing the sliding direction has
only been addressed in a handful of papers.
The reason for the lack of systematic research
of sliding reversals probably lies in the way
that tribological experiments are typically
performed, i.e., either under unidirectional or
reciprocating sliding contact conditions. Pio-



neering attempts, aimed at investigating the
role of strain reversal in sliding contacts on
microstructure evolution and wear resistance,
focused on experiments going in one direc-
tion for a defined number of cycles and back
for the same number of cycles.**4 However,
properly designed strain reversal experiments
require a large degree of plastic deformation
imparted in strain direction before analyz-
ing the microstructural evolution during the
transient stage, immediately after reversing
strain. Consequently, a better analogy with
strain reversal experiments on bulk materials
was recently proposed by Rodriguez Ripoll
et al.? Their methodology relies on perform-
ing unidirectional experiments until reaching
a fixed degree of plastic deformation and sub-
sequently reversing the sliding direction only
for a lower number of cycles. By this means,
the transient softening stage can be clearly
identified.

As experimental tests for of the
Bauschinger effect in sliding contacts are
rather tedious and complex, the aim of this
work is to model strain path effects in a slid-
ing interface using large-scale polycrystalline
MD simulations. Polycrystalline MD simula-
tion has proven to be a powerful tool for pro-
viding detailed insight into the microstruc-
tural evolution of materials close to the sur-
face.“® Eder et al.*” have shown that poly-
crystalline MD models of ferrite can account
for grain growth at the surface and grain ori-
entation changes. In contrast to macro- or
mesoscopic modeling approaches, MD explic-
itly considers the crystallographic aspects of
the involved solids down to the dislocation
level without the necessity of constitutive
material models. With the steady increase
of computational power, manageable system
sizes have now grown to tens of millions of
atoms, which translates into grain sizes that
can reproduce macroscopic plasticity behav-
ior, i.e., no grain boundary sliding, but dis-
location pile-up and grain refinement. Our

study focuses on copper and body-centered
cubic (bce) iron surfaces, since these two cu-
bic lattices and these metals are the basis for
typical commercial alloys and cover techno-
logically relevant applications. Furthermore,
their example will serve to study the strain
path change behavior in sliding contacts in
metals with face-centered and body-centered
cubic crystal structures.

2 Methods

All our simulations were carried out using
the open-source MD code LAMMPS.®® The
polycrystalline MD model, see Fig. was
constructed using two separate 3D-periodic
Voronoi tessellations, one for the large sur-
face grains with an effective grain diameter
of 38.9 nm and one for the small base grains
(9.6 nm) that only serve as a layer for ap-
plying the boundary conditions, i.e., keeping
the lowest 3 A of the sample rigid without
preventing grain rotation, etc., at the sur-
face. These two regions were then joined
by an interface with an RMS roughness of
1.5 nm to prevent the formation of an arti-
ficial sliding interface between the two, lead-
ing to the final polycrystalline sample dimen-
sions of 85 x 85 x 40 nm?, or approximately 25
million atoms. The sample surface was kept
atomically flat. The fcc Cu sample was heat
treated at 650 K for 240 ps, after which it was
quenched within 20 ps to 300 K. The heat
treatment temperature for the bee Fe sample
with the same grain structure and orientation
was 1100 K. More information on the gener-
ation of the polycrystalline structure can be
found in [36. For an overview of the system
assembly and how the heat treatment effects
the recrystallization of the interfacial region,
see Fig. [1]

The rigid counterbody was constructed as
a bee (100) Fe monocrystal with an RMS sur-
face roughness of 0.5 nm, a fractal dimen-
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Figure 1: Assembly of the 3D molecular dynamics model. Left side: illustration of how the
coarse and the fine grains are joined by means of a rough fractal interface (heat map / thick
black lines). Right side: illustration of how the heat treatment leads to the disappearance
of truncated fine grains via recrystallization (images are exemplary slices parallel to the zz
plane, colors denote grain orientation, see legend).



sion of 2.186, and a typical lateral rough-
ness feature extent of 33 nm, where the lat-
tice constant was stretched by 0.23 % to
ensure clean periodic boundary conditions
along the lateral system dimensions. Inter-
actions within the fcc Cu sample are con-
trolled by an EAM potential from 139, those
within the bee Fe sample by a Finnis-Sinclair
potential®’ from 4I. Both are widely used
force fields for their respective materials and
have been repeatedly applied to tribological
problems featuring sliding or abrasive sys-
tems.?4*4 For the interactions between the
counterbody and the sample, Lennard-Jones
potentials were adapted to imply a third
body, so that the results reflect a typical slid-
ing process that explicitly considers friction,
rather than a sheared interface between two
pure metal surfaces in ultra-high vacuum.“?
This led to parameters of op, = 0.2203 nm,
ocu = 0.224 nm, and £ = 0.095 eV, the latter
obtained from a parameter study in which the
system response to the variation of the depth
of the potential well was analyzed. As a sim-
plification, no explicit (boundary) lubricant
was included in our MD model, as the ob-
served effects were expected to be more pro-
nounced under dry friction.

The counterbody was moved across the
surface of the sample at a sliding velocity in x
direction of v®19®) = 80 m/s (chosen for com-
putational feasibility) and an angle of 6.42°
with the z-axis, so that roughness features
re-enter the simulation box at different y po-
sitions every time they pass the periodic box
boundaries and therefore never follow exactly
in their own paths, which reduces artifacts
associated with the small system size. The
normal pressure o, on the substrate (defined
as the total force in —z direction acting on
it divided by the lateral cross-section of the
simulation box, 7225 nm?) was kept constant
at values ranging from 0.1 to 0.5 GPa (0.6 to
1.8 GPa for Fe) for an initial simulation time
of 5 ns. In order to explore the effects of slid-

ing direction reversal on the microstructure
of the samples, two more simulation runs of
2 ns each were performed for every normal
pressure, starting from the endpoint of the
initial simulations, one in the original sliding
direction and one in the opposing one.

Removal of frictional heat from the sam-
ple was performed using a Langevin thermo-
stat acting on all the non-rigid sample atoms,
effectively implementing an electron-phonon
coupling scheme with the electrons acting as
an implicit heat bath. The coupling times be-
tween the atoms and the thermostat were ad-
justed to reflect the macroscopic thermal con-
ductivity of the respective material (0.5 ps for
Cu, 3.5 ps for Fe), ensuring realistic temper-
ature gradients.®” The thermostat acts only
in y direction, (nearly) perpendicular to the
directions of normal pressure and sliding, so
as not to overly interfere with these external
constraints.

The visualizations of the sample mi-
crostructures are tomographic sections col-
ored according to grain orientation as in elec-
tron backscatter diffraction, using the in-
verse pole figure coloring standard. The
orientations were calculated using polyhe-
dral template matching®® as implemented in
OVITO,*" and the color rendition was carried
out using the MTEX toolbox*®4 for Matlab.

Quantification of grain refinement was
carried out via a common neighbor analy-
sis (CNA)2%L with a neighborhood cutoff ra-
dius of 0.3086 nm for fcc Cu and 0.3446 nm
for bece Fe. The CNA determines the local
crystal structure around each atom by calcu-
lating a pattern that depends on the near-
est neighbors of that atom. It differentiates
between fcc, hep, bee, icosahedral, and un-
known patterns. The twin boundaries in the
fce structure of Cu are unambiguously iden-
tified as hcp, while grain boundaries, disloca-
tions, and surfaces (as well as regions amor-
phized by severe deformation) are all identi-
fied as “unknown”. Using only CNA, it is



therefore not possible to distinguish between
the three different types of “unknown” atoms
listed above. With this in mind, however,
it still remains a useful means of quantifi-
cation for phenomena such as grain refine-
ment, even if a pronounced shear zone forms
in the top layers of the samples, character-
ized by atomic drift velocities of several m/s
(the evaluation of which is discussed in more
detail in [52)). Histograms of the grain bound-
ary and twin boundary (for fcc) atoms along
the z direction of the samples with a bin
width of 1 nm were calculated at every time
step to yield a time-dependent depth profile
of the grain boundary and dislocation frac-
tion as well as the twin boundary fraction
for fcc. These depth profiles were then vi-
sualized as heat maps, where the color de-
notes the percentage of grain or twin bound-
aries in that depth layer at that time. For
presentation purposes, data for z < 15 nm
was omitted in these maps, as they are dom-
inated by the fine-grained boundary layer,
which might distract from the microstruc-
tural developments in the near-surface region.
The nonlinear relationship between the grain
boundary fraction and the grain diameter in
(nano)crystalline copper, shown in the insert
in Fig. ] was adapted from [I0 by adding
data points from our own Cu system and per-
forming a rational-function fit to the data so
that a typical grain diameter d in nm may be
calculated for a given grain boundary frac-
tion p (in %) via d = 226 p~ 1%, Using this
relationship, it is possible to directly visual-
ize the time development of grain refinement
or coarsening, provided that dislocations do
not dominate the fraction of atoms identified
as grain boundaries, which is reasonably the
case for fcc Cu, but not for bee Fe.

3 Results

3.1 Microstructure evolution of
an fcc Cu polycrystal

Representative snapshots of a sliding simula-
tion of a rigid slider against fcc Cu are shown
in Fig. 2] and comprise the initial 5 ns unidi-
rectional sliding followed by additional 2 ns
sliding, either in the same initial direction
or in the reverse direction. The initial mi-
crostructure is set-up by equiaxed, defect-free
grains, see Fig. [2h. After 3 ns, the initial
microstructure becomes deformed as a conse-
quence of dislocation generation and glide as
well as twin formation, accompanied by in-
tragranular rotation (Fig. 2k). The severity
and depth affected by the imparted deforma-
tion depends on the applied normal load. In
the presented example, dislocation activity is
restricted to approximately half of the sub-
strate depth. With increasing sliding time
(5 ns), the formed sub-grains begin to con-
solidate, and partial grain rotation can be ob-
served within the large grains as graded hues,
which represent stored intragranular elastic
strains. Grain refinement occurs up to a
depth of 15 nm.

At this point, if we follow the sliding di-
rection for two additional ns, dislocation ac-
tivity reaches the bottom of the substrate
and the bottom grains start changing their
crystallographic orientation, e.g., the large
red grain originally oriented in [100] has ro-
tated to [012] (yellow) in Fig. 2f. Between
these rotated grains and the surface, evident
signs of severe plastic deformation are visi-
ble as indicated by the presence of a large
number of lattice defects. By contrast, if
we reverse the sliding direction (Fig. ), we
observe that the microstructure undergoes
a partial recovery that qualitatively resem-
bles much more the microstructure obtained
after 3 ns than the equivalent microstruc-
ture obtained after 7 ns. This dissolution of
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(e) t =7 ns (reverse) (f) t = 7 ns (forward)

Figure 2: Substrate tomographs of a rigid Fe counterbody sliding over a polycrystalline fcc
Cu base body at 0.4 GPa normal pressure. Grains are colored according to orientation (in-
verse pole figure (IPF) standard, see legend in panel (b)), Fe counterbody is gray. Snapshots
are shown after 0 ns (a), 3 ns (c), 5 ns (d), and 7 ns (f) of sliding in the positive = direction
(to the right) as well as after sliding in positive z-direction for 5 ns, followed by sliding in
the negative = direction for another 2 ns (e). Thus, (d) marks the turning point, while the
other images are arranged so that (e) may be most easily compared to (a), (c), and (f).



previously effected intragranular lattice rota-
tions and formed sub-grains is in agreement
with experimental observations reported for
bulk metals.*® Concerning crystallographic
texture, no clear trends can be extracted from
our MD simulations due to the small num-
ber of grains, where the only plastically de-
formed ones are located in the immediate sur-
face vicinity. There is little experimental data
on the type of developed texture, and the ma-
jority of it refers to fcc metals. Some authors
experimentally observed a {110}(211) rolling
texture on Cu, which corresponds to a pure
shear system, whereas other authors have a
torsion texture indicating simple shear, as
summarized in 53l

The degree of plastic deformation under-
gone by the substrate during sliding is quan-
tified based on the number of defects induced.
Defects are formed by atoms not ordered ac-
cording to a fcc structure, which are found
at grain boundaries, dislocations, or at the
surface. In our simulations, Cu undergoes
twinning as the most prominent mode of de-
formation to accumulate plastic strain. This
may be a result of the high strain rates due to
the chosen sliding velocity of 80 m/s, but is
in qualitative agreement with common defor-
mation mechanisms in fcc lattices. Close-up
visualizations reveal other defects such as sin-
gle stacking faults, but these do not dominate
in the current calculations. Thus, the atoms
identified by the common neighbor analysis
as twin boundaries, as a main defect class,
are counted separately. The results are shown
as the time dependent percentage of grain
and twin boundary atoms, and are shown in
Figs. and b, respectively. The solid lines
indicate unidirectional sliding, and these are
the only lines plotted until 5 ns. Afterwards,
additional dashed lines indicate the fraction
of defects upon reversing the sliding direction.
The fractions of GB atoms show that for the
smallest contact pressure of 0.1 GPa, both
lines are fairly time independent and overlap,

indicating that the imparted strains are too
low to induce a significant degree of deforma-
tion. An analogous result is achieved when
increasing the contact pressure to 0.2 GPa.
However, at 0.3 GPa contact pressure, the
results show a clear divergence between both
curves. The one obtained from a monotonic
sliding direction rapidly increases after 5 ns,
whereas the one obtained after a strain path
reversal remains fairly constant. This behav-
ior is much more pronounced at 0.4 GPa,
where a reversal in the sliding direction re-
sults in an obvious reduction of the percent-
age of GB atoms. For the maximum con-
tact pressure of 0.5 GPa, this behavior dis-
appears, and a reversal in sliding direction
does not result in a lower or steady density
of defects. Consequently, the fraction of GB
atoms confirms the qualitative information
provided by the snapshots that for loads up to
0.4 GPa a recovery of the microstructure oc-
curs upon reversing the sliding direction. In
order to exclude any potential artifact caused
by surface atoms, the plot in Fig. shows
the percentage of twin boundaries. These de-
fects are exclusively caused by plasticity and
provide a confirmation of the results previ-
ously shown in Fig. Bh. Again, a decrease
in the fraction of twin boundary defects can
be observed at contact pressures between 0.3
and 0.4 GPa. Lower normal pressures lead to
smaller amounts of generated defects in the
crystallographic structure, whereas the high-
est considered contact pressures result in sim-
ilar behavior for the backward and forward
sliding direction. Normal pressures exceed-
ing 0.4 GPa lead to deformations of the entire
substrate down to the lower model bound-
ary, therefore some large grains may not be-
have as they would in a real system, which
would mark the limit of applicability of the
MD model in its current size.

So far, the obtained results show that a
reversal of the sliding direction results in a re-
covery of the microstructure as a consequence
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Figure 3:

fcc Cu substrate. Fraction of grain boundaries (GB), dislocations and surface

atoms (a) and twin boundary (TB) atoms (b) according to a common neighbor analysis
(CNA) at five applied pressures. Dashed curves represent reverse sliding direction.

of the strain path change. With the aim of
visualizing grain refinement and coarsening
within the microstructure, we constructed a
time series of histograms, formatted as a heat
map of the grain diameter as a function of
depth and time, see Fig. [l For this, the
measured quantity (grain boundary fraction)
was converted into a typical grain diameter
assuming the validity of the relationship be-
tween the two, shown in the insert in the
top left of the figure. The heat maps indi-
cate that even for a moderate contact pres-
sure of 0.2 GPa, the grain size decreases in
magnitude and depth as a function of time
during the initial 5 ns of unidirectional slid-
ing (Fig. [dh). Afterwards, the trend proceeds
when maintaining the sliding direction for an
additional 2 ns. By contrast, a reversal of
the sliding direction results in a slight in-
crease of the grain size below a depth of ap-
proximately 7 nm (z = 33 nm), but in fur-
ther grain refinement within the near-surface
region above. While the total defect frac-
tion increase imparted by this contact pres-
sure is rather small, reaching typical values
of only 1-2 %, the highly non-linear relation-

ship shown in the insert in Fig. [ results in
grain refinement down to half of the initial
size in the near-surface region. For a con-
tact pressure of 0.3 GPa, the observations are
similar, but a marked difference arises upon
reversal. In this case, a reversal in sliding
direction results in a significant reduction of
the defect fraction, in particular below 10 nm
depth (z = 30 nm), where the substrate al-
most fully recovers to its initial defect frac-
tion (Fig. db). This behavior becomes exac-
erbated at 0.4 GPa. Here, proceeding with
unidirectional sliding beyond 5 ns results in
drastic grain refinement permeating the en-
tire depth of the polycrystalline substrate
down to the fine-grained bottom layer, which
is constrained due to the imposed boundary
conditions. On the other hand, reversing the
sliding direction results in a marked recovery
of the substrate with grain coarsening occur-
ring throughout the visualized range of the
depth profile (Fig. k).

The development of the twin boundary
(TB) atom densities is shown for the same
loads in Fig. [5] Note that the histograms of
the TBs are generally clearer than the respec-
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Figure 4: fcc Cu substrate. Depth profile of the mean grain diameter over time for three
loads: 0.2 GPa (a), 0.3 GPa (b), and 0.4 GPa (c), assuming the relationship between GB
fraction p and grain diameter d for (nano)crystalline fcc Cu shown in the insert (adapted
from [10, with some of our own data and a rational-function fit d = 226 p='%). For each
load, the top panel shows the results for 7 ns of unidirectional sliding, while the lower panel
visualizes the results for 5 ns sliding in positive x direction and subsequent sliding in the
opposite direction (sliding direction turning point marked by a thick black line). The sub-
strate surface is located at z = 40 nm, and the lower 15 nm were omitted because they are
dominated by the smaller grains in this region.
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tive grain boundary analyses, as TB atoms
are unambiguously identified as hcp structure
by the common neighbor analysis. The color
scheme is intuitively inverted with respect to
Fig. 4| due to the inverse relationship between
grain size and GB fraction. That said, sim-
ilar trends to those discussed above can be
observed in Fig. [5]

In what follows, the mechanisms that lead
to a recovery of the microstructure are ana-
lyzed in higher detail by addressing the de-
formation and rotation of three selected spa-
tial regions (Fig. [6). The first tracked region
(top row) is a large grain of approximately
40 nm diameter and an initial lattice orienta-
tion [112]. After sliding for 3 ns, the imparted
deformation leads to the formation of [122]
twins and lattice rotations, reducing the ini-
tial grain size, whereas the lower part of the
grain remains undeformed. After 5 ns, the
smaller grains on the left side beneath the
surface recrystallize to form a twinned grain,
and the lattice of the previously formed sub-
grain on the right side rotates further towards
the [122] twinning direction. At this point,
when proceeding for an additional 2 ns in
the original sliding direction, the grain ba-
sically splits into several sub-grains featuring
a considerable number of intragranular rota-
tions and defects. By contrast, reversing the
sliding direction for 2 ns results in a recov-
ery of most of the twins, which flip back to
their original crystallographic direction. The
grain is enlarged on the left by phagocytiz-
ing the neighboring grain. The final outcome
of the strain path change is that the grain
has a crystallographic orientation very close
to the original [112], with the presence of
some residual higher-index intragranular re-
gions and [122] twins found in the upper re-
gion of the grain.

The center row focuses on four small
grains of approximately 15 to 20 nm grain
diameter. With increasing deformation, the
light yellow grain rotates from [136] towards

the [115] direction, whereas the grain below,
initially oriented in [112], undergoes twinning
at the top. The red grain, initially oriented
in [100], remains in this orientation for the
first 3 ns, in a similar way as the yellow [159]
grain below it. After 5 ns, the imparted defor-
mation results in significant changes in grain
texture and morphology, and the presence of
large intragranular lattice rotations results in
a blurry point-cloud in the pole figure for each
grain. If we maintain the sliding direction up
to 7 ns, the situation becomes more dramatic.
However, reversing the sliding direction re-
sults in a partial microstructural recovery.
The four initial grains re-consolidate, and de-
spite the presence of a small degree of intra-
granular lattice rotations, the IPF indicates
only a small amount of orientation scatter
within a given grain. One remarkable change
when compared to the initial microstructure
is that the light yellow [136] grain has split
in two, with the upper section now oriented
in [111] direction, while the lower section has
merged with the neighboring grain oriented in
[100]. The grain initially oriented in [112] has
fully recovered its initial lattice orientation
except for a minor twinned section, which lies
outside the analyzed box and is consequently
not represented in the IPF.

A similar recovery of the microstructure
can be observed in the (red) grain shown in
the bottom row of Fig. [6l The initial lat-
tice orientation close to [100] is maintained
after 3 ns, but proceeding with sliding results
in massive sub-graining beneath the surface
and formation of a high number of partial
dislocations, some of them bent, and a ro-
tation of the lower section of the grain to
the [012] orientation after 7 ns. However,
if we reverse the sliding direction after 5 ns,
the resulting grain almost perfectly recovers
its original shape with a perfect [100] orien-
tation, albeit with a considerable density of
partial dislocations. A detailed analysis of
the defect evolution during sliding reversal is
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Figure 6: fcc Cu substrate, 0.4 GPa. Orientation maps (OM) of three (groups of) grains at
five noteworthy points in time, with the corresponding cross-section of the sample directly
underneath, coloring corresponds to that in Fig. [2l Every column represents a different time
(0 ns, 3 ns, 5 ns, 7 ns, 7 ns with strain reversal), and the regions for which the OMs were
produced are marked in the substrate tomographs in column 1.
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Figure T7:
versal. Frames are evenly distributed over a time span of approximately 0.6 ns. Coloring
corresponds to that in Fig.

shown in Fig.[7] The grain starts its recovery
with the near-surface area split up into small
grains. Upon sliding reversal, the disloca-
tions move in such a way that the upper part
of the grain starts recovering and growing at
the expense of the previously formed surface
grains. At ¢t = 5.52 ns it can be observed that
a small volume right beneath the surface pro-
gressively rotates towards the [100] direction.
Initially, the density of intragranular disloca-
tions seems to decrease, but from ¢ = 5.52 ns
on, no clear reduction of their density can be
observed.

3.2 Microstructure evolution in
a bcce Fe lattice

We ran an almost identical set of MD simula-
tions using a polycrystalline substrate with
the same grain morphology and crystallo-
graphic texture as the one previously used
for copper. The only differences were that
the interatomic potential was changed to rep-
resent Fe, the fcc crystal structure was re-
placed with a bcc one, and the loads were
increased to be able to observe phenomena
associated with the yield stress, which is ap-
proximately three times higher for iron than

fce Cu substrate, 0.4 GPa. Detail snapshots of grain number 3 after strain re-

for copper.®® The tomographic snapshots of
the simulation run at a contact pressure of
1.2 GPa are shown in Fig. [§ During the ini-
tial sliding steps, the deformation imparted
by the counterbody results mostly in the for-
mation of intragranular lattice rotations with
a certain degree of sub-graining visible after
5 ns. If we proceed with unidirectional slid-
ing, we observe grain refinement in the imme-
diate surface vicinity as well as grain rotation,
e.g., a [123] oriented grain rotating towards
the (green) [011] orientation (see Fig.[8f). Re-
versing the sliding direction results in an al-
most complete dissolution of the formed in-
tragranular orientation mismatches, resulting
in a massive recovery of the microstructure.
The main mode of accumulating strain is vis-
ible as defect points, which are intersections
of dislocation lines with the yz plane. Twins
are not formed, though some of the disloca-
tions could be identified as stacking faults.

The fraction of GB atoms as function of
contact pressure shows that for contact pres-
sures up to 0.9 GPa, there is not a signif-
icant difference between maintaining or re-
versing the sliding direction, see Fig. 77. At
the contact pressure of 1.2 GPa, the situa-
tion changes significantly. The fraction of GB
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Figure 8: Substrate tomographs of a rigid Fe counterbody sliding over a polycrystalline bee
Fe base body at 1.2 GPa normal pressure. Grains are colored according to orientation (in-
verse pole figure (IPF) standard, see legend in panel (b)), Fe counterbody is gray. Snapshots
are shown after 0 ns (a), 3 ns (c), 5 ns (d), and 7 ns (f) of sliding in the positive = direction
(to the right) as well as after sliding in positive z-direction for 5 ns, followed by sliding in
the negative z direction for another 2 ns (e). Thus, (d) marks the turning point, while the
other images are arranged so that (e) may be most easily compared to (a), (c), and (f).
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bce Fe substrate. Fraction of grain boundaries (GB), dislocations and surface

atoms according to a common neighbor analysis (CNA) at five applied pressures. Dashed

curves represent reverse sliding direction.

atoms initially rises, as the imparted sliding
time increases. After 5 ns, maintaining the
sliding direction results in a further increase
of the fraction of GB atoms. By contrast,
reversing the sliding direction results in a re-
duction of the fraction of GB atoms by ap-
proximately 1 %. The trend observed when
exerting a contact pressure of 1.5 GPa is anal-
ogous. However, imparting a higher pressure
(0, = 1.8 GPa) results in similar behavior for
forward and backward sliding, with the re-
covery of the microstructure being negligible.
The reason for this effect is that compara-
tively large volumes of wear particles (visible
as red [100] grains in the sliding interface)
are formed that at times exert even higher lo-
cal pressures and eventually recrystallize onto
the surface.

The distribution of GB atoms and dislo-
cations, which cannot be distinguished using
CNA, is shown in Fig. as a function of
depth and time for three contact pressures.
Note that for bece Fe, a conversion to grain
diameters similar to Fig. 4] is not meaning-
ful, as the quantity measured using the com-
mon neighbor analysis is dominated by the
defect fraction, which says only little about

the grain size. The top heat map (Fig. [L0h)
shows an increase in defect fraction beneath
the surface as time progresses. Proceeding
with unidirectional sliding beyond 5 ns re-
sults in a further increase of the defect frac-
tion, while a reversal of the sliding direc-
tion results in a visible reduction. A similar
outcome is obtained for an increased contact
pressure of 1.5 GPa (Fig. [Ll0p). Here, the
fraction of defects rises due to the increased
contact pressure, and the affected depth is
greater than for 1.2 GPa, but reversing the
sliding direction results in a reduction of the
total defect fraction, with a noticeable re-
covery within the deeper regions of the sub-
strate. At the highest considered contact
pressure of 1.8 GPa, the affected substrate
region now covers most of the depth shown
in Fig. [I0f, but reversing the sliding direction
no longer results in the overall recovery of the
microstructure observed at lower loads. Al-
though the total fraction of GBs remains ap-
proximately the same after the reversal, see
the green curve in Fig. 7?7 the generally ob-
served recovery of the substrate at greater
depths (z < 30 nm), where the number of
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Figure 10: bcc Fe substrate. Depth profile of the grain boundary and dislocation fraction
over time for three loads: 1.2 GPa (a), 1.5 GPa (b), and 1.8 GPa (c). Same presentation
style as in Fig. [5]
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Figure 11: bcc Fe substrate, 1.2 GPa. Orientation maps (OM) of three (groups of) grains at
five noteworthy points in time, with the corresponding cross-section of the sample directly
underneath, same layout as Fig. @
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generated dislocations is always smaller, is
evident here as well.

A detailed analysis of the microstructure
recovery upon strain path change is per-
formed by following the lattice orientation
and grain morphology of the same grains that
were already analyzed in the Cu sample. The
deformation was caused by the sliding coun-
terbody at a contact pressure of 1.2 GPa. The
first tracked grain is indicated by a black box
in the upper row of Fig. [11] As in the Cu
case, it has an initial diameter of 40 nm and
an initial lattice orientation in the [112] di-
rection. After 3 ns of sliding, the top half of
the grain starts rotating towards the [122] di-
rection. Both the top and the bottom part
are characterized by the formation of intra-
granular misorientations, as indicated in the
IPF by a blurry cloud of orientations span-
ning the region between [112] and [234] in
the orientation map. The grain also contains
a large number of dislocations as a conse-
quence of the imparted plastic strain. After
5 ns, the grain has split into two grains, with
the upper part having a consolidated [122]
orientation and the lower part still featur-
ing a high degree of intragranular mismatch.
When proceeding with sliding in the same
direction until 7 ns, almost the entire grain
has a well-established [133] orientation, and
only the very bottom part maintains the orig-
inal orientation due to boundary constraints.
However, if we reverse the sliding direction
after 5 ns, the grain almost completely re-
covers its original [112] orientation, featuring
only some degree of intragranular partial lat-
tice rotations in the upper region.

A similar trend can be observed when
tracking a group of smaller grains (center row
of Fig. [L1)). In this case, the four grains have
distinct initial lattice orientations, as shown
in the IPF. After 3 ns, the grain oriented
in [124] starts rotating while the remaining
grains maintain their initial lattice orienta-
tions. With increasing sliding time, all four

grains rotate, with one of the surface grains
growing at the expense of its neighbor while
rotating via [129] towards [015]. When re-
versing the sliding direction after 5 ns, all four
grains rotate back to almost their exact ini-
tial orientations. This may be observed in the
orientation map, where a low defect density
is indicated by the low amount of scatter in
the four clusters.

The third illustrative example also high-
lights the recovery of the microstructure upon
strain reversal. In this case, the red [100]
grain of 50 nm keeps on refining into smaller
grains oriented in [129], [159], [157], and [133]
if we maintain the sliding direction up to 7 ns.
This might partially be attributed to welding
effects of wear particles caught in the slid-
ing interface, and thus locally much higher
pressures. However, when reversing the slid-
ing direction, the grain reverts perfectly to
its initial orientation, only featuring a higher
level of defects as indicated by the blurriness
of the cluster in the orientation map (bottom
row of Fig. [11]).

Figure [12| shows a detailed time sequence
of snapshots illustrating the microstructure
recovery of the tomographic section illus-
trated in the top row of Fig. [11] upon sliding
reversal. First, the dislocations are aligned
parallel to the surface and seem to form a
sub-cell in the top left, growing until 5.6 ns,
at which time the emitted dislocations are ar-
ranged at the cell boundary. During this pe-
riod, we also observe that a topographic wear
scar on the surface (top right of the section)
heals via asperity interaction. At 6.08 ns, the
cell begins rotating back towards the initial
[112] orientation of the bottom part of the
grain, even though a larger dislocation den-
sity is still visible at the interface between the
cell and the lower grain. Afterwards, the for-
mer cell starts growing towards the left until
at the end of the process (6.4 ns), most of
the two grains present at the point of rever-
sal are merged into a single lattice orienta-
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Figure 12:

tion, even though the upper part still features
a large number of dislocations, whereas the
lower part remains virtually defect-free. A
movie of the sliding process in reverse direc-
tion reveals that the dislocations in the lower
part of the grain are constantly moving up-
wards towards the surface.

4 Discussion

The obtained results reveal a load-dependent
recovery of the near-surface microstructure
when reversing the sliding direction. The re-
covery of microstructure upon strain rever-
sal has been long known in bulk metals, but
it had not yet been proved that such mi-
crostructural behavior occurred at the inter-
face between counterbodies in relative slid-
ing motion. The only work suggesting that
such behavior occurs at the sliding interface
was by Rodriguez Ripoll et al.,%% who experi-
mentally observed it indirectly as a transient
softening upon strain reversal. This transient

bee Fe substrate, 1.2 GPa. Detail snapshots of grain number 1 after strain
reversal. Rows 1 and 2: Removal of a wear scar via asperity interaction over a time span of
0.4 ns. Rows 3 and 4: Rotation of cyan-colored sub-grain into its original orientation over a
time span of 0.4 ns.

softening stage caused by microstructural re-
covery upon strain path changes could be suc-
cessfully captured by Kitayama et al5 us-
ing an extended RGBV model, named after
the authors of 56l The RGBV model explic-
itly accounts for the accumulation and an-
nihilation of dislocations during strain path
changes by dividing the dislocation density
during strain hardening into two populations
called forward and reverse dislocations. Dur-
ing monotonic loading both populations rise,
but upon strain reversal only the reverse dis-
locations are allowed to recombine. The frac-
tion of reversible dislocations is a function
of strain, being initially zero. By using this
modeling approach, a change in loading di-
rection leads to a transient softening stage, as
observed experimentally due to the accumu-
lation and annihilation of dislocations during
this stage.

The MD simulation of polycrystalline and
random substrates with fcc or bcc lattices
could reflect experimentally observed effects
in sliding contact surfaces. The main mode
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to accumulate plastic strain in bcc lattices
showed to be stacking faults and formation of
new grains directly beneath the surface by lo-
cal lattice rotation. For fcc lattices the main
defects forming were twins along with grain
formation like in bece. Upon strain path re-
versal all these defects were reduced in num-
ber and depth from the surface. The ex-
tent of these changes were directly, but not
linearly, linked to the exerted initial con-
tact pressures. A profound understanding of
sub-surface damage evolution in sliding con-
tacts is essential for understanding the sur-
face degradation mechanisms that ultimately
lead to wear. In bulk materials, strain rever-
sals also play a crucial role in fatigue,”” since
damage accumulation leading to crack initia-
tion and propagation is also caused by dislo-
cation networks evolving upon strain reversal.
The dissolution of dislocation pile-ups upon
strain reversal has been recently experimen-
tally observed on copper micro-cantilevers®®
in the context of low cycle fatigue. There,
in situ Laue diffraction measurements after
bending revealed the formation of geometri-
cally necessary dislocation arrangements that
disappear upon unloading. This dissolution
of dislocation pile-ups and/or dislocation cells
during reverse loading leads to the macro-
scopically observed offset in the yield stress
upon load reversal.

The most significant microstructural re-
covery occurs for the intermediate contact
pressures considered in our simulations. For
Cu, contact pressures up to 0.3 GPa lead to
small imparted strains in the metal’s near-
surface region, so that the annihilation pro-
cess is negligible. In this case, the grains
located directly beneath the contact inter-
face adapt immediately to the new strain di-
rection by developing a new microstructure,
as the dislocation density generated before
the strain path change is low. At interme-
diate contact pressures, the annihilation of
dislocations and the re-orientation of the in-

dividual sub-grains towards their initial ori-
entation is higher due to the formation of a
well-established microstructure in the initial
strain direction. Using MD simulations, Yue
et al. also found a lower defect density in
copper subject to reciprocating sliding con-
tact than for unidirectional loading.” In their
case, the number of sliding passes was limited
to two (same direction and reciprocating).
The copper substrate was selected to repre-
sent single crystalline copper and a bi-crystal
with either a twinned boundary (sigma 3) or
a twist boundary (sigma 7). For the two for-
mer substrates, the number of defects was
smaller after bidirectional sliding, compared
to two passes in the same direction. By con-
trast, the bi-crystal substrate with the twist
grain boundary exhibited the opposite behav-
ior, which indicates that twinned boundaries
are less prone to defect accumulation under
reciprocating sliding. Indeed in our MD sim-
ulations performed on copper, the snapshots
reveal that many twins recover the original
lattice orientation after reversing the sliding
direction. However, in our system the frac-
tion of grain boundary atoms that disappear
upon sliding direction reversal is even more
pronounced when compared to the fraction of
twin boundary atoms. With increasing im-
parted pre-deformation, the severity of the
transient softening stage becomes more dra-
matic, as shown experimentally .1 However,
in our MD studies, the highest applied con-
tact pressures led to microstructures that do
not revert to configurations similar to the
initial ones upon reversing the sliding direc-
tion. There seems to be a critical contact
pressure above which the reversibility of the
microstructure stops. So far, there does not
seem to be a convincing explanation to jus-
tify this behavior that seems to be exclusive
of metal interfaces. Ome possibility would
be that a numerical boundary effect arises
at large contact pressures, i.e., deformation
occurs at such great depths that the finite
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size of the modeled polycrystalline substrate
starts impeding some of the mechanisms that
would occur in real systems. A second possi-
bility would be that the irreversibility of the
microstructure arises from the generation of
wear particles during the sliding process and
the presence of an interface, followed by re-
crystallization of these particles onto the sub-
strate. The combination of both effects can
lead to the formation of vortices at the inter-
face between the two sliding counterbodies.
Kim et al%V studied the behavior of crys-
talline materials engaging in sliding contact
for self-mated, similar, and hard—soft contact
pairs.®? In their work, the authors observed
vorticity development, leading to the pres-
ence of eddies in the immediate vicinity of
the siding interface. These vortices were at-
tributed to Kelvin-Helmholtz instabilities, in
an analogy to turbulent flow in fluids. Sim-
ilar observations had been previously made
for amorphous materials. An MD study car-
ried out using a Fe—-Cu system even indi-
cated that the formation of nanocrystalline
grains may also be influenced by vorticity-
driven dynamic recrystallization.®! This vor-
ticity effect was later attributed to bulge for-
mation on grains with suitably oriented slip
systems, a process which differs substantially
from Kelvin-Helmholtz instabilities in flu-
ids.%? That said, the formation of vortices was
recently experimentally observed in a multi-
layer Cu/Au system under reciprocating slid-
ing using a nanoindenter.®?

The simulations performed in this work
show an initial peak of the coefficient of
friction upon strain reversal at medium to
high normal pressures, followed by a decrease
well below the level occurring in unidirec-
tional sliding. At the highest considered pres-
sures, no clear difference between unidirec-
tional sliding and reversed sliding emerged.
Therefore, as in 35, no conclusive assessment
could be made regarding the evolution of fric-
tion during sliding reversal. The reason for

this may lie in the complexity of the process,
since beside the microstructural recovery that
was clearly observed in both works, other fac-
tors can influence friction during the tran-
sient reversal, such as topographical changes
or the presence of wear debris generated in
the initial sliding direction. Therefore, there
is still a clear need to address this issue in
future works.

5 Conclusion

The polycrystalline MD approach presented
in this work was used to monitor and iden-
tify microstructural changes that occur after
reversing the sliding direction in a tribological
contact. The results indicate a build-up of de-
fect densities during the initial sliding phase
and a clear reduction of the observed de-
fects upon reversal. Thus, the applicability of
polycrystalline MD simulation for reproduc-
ing well-known bulk phenomena arising from
strain path changes, such as the Bauschinger
effect, could be demonstrated using the ex-
ample of a complex sliding process featur-
ing a rough counterbody by studying the mi-
crostructural development in the near-surface
region.

The influence of the lattice type was stud-
ied using fcc Cu and bce Fe polycrystals as
the main constituents of technologically rele-
vant alloys such as steels, brass, or bronze,
which are widely used in fundamental ma-
chine elements like gears or journal bearings.
For both crystal lattices a hardening effect
could be reproduced, as the dislocation den-
sity increased with depth for longer sliding
times and higher normal pressures. With
increasing sliding time, partial lattice rota-
tion and alignment of dislocations could be
observed in the substrate, followed by the
formation of sub-grains beneath the surface.
Upon strain reversal, most of these surface
grains vanished and left behind only an in-
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creased dislocation density compared to the
initial structure, but nearly fully restored
the previously observed grain morphologies.
Thus, the microstructural changes that lead
to significant hardening rate variations and
even to a transient softening stage in bulk
metals undergoing strain path changes were
shown to occur in a sliding contact and could
be monitored in-situ in a polycrystalline MD
model at various external loads.

The spatial and temporal evolution of de-
fects as well as differences between the two
cubic lattices were quantified by grain- and
twin boundary densities as well as defect his-
tograms. For bce Fe, sub-grain formation was
followed by massive grain rotation that covers
the entire substrate when the strain path re-
mains unchanged. In contrast to that, the fcc
Cu substrate is dominated by the formation
of partial dislocations and twins (because of
low stacking fault energy)—also within the
newly formed sub-grains. Upon strain path
reversal of the Cu substrate, the number of
sub-grains and dislocations are reduced in
number and depth.

The missing microstructural recovery
upon sliding reversal beyond applied pres-
sures of 0.4 GPa and 1.5 GPa for Cu and
Fe, respectively, may either indicate the exis-
tence of a strain threshold beyond which the
material cannot return to its pristine struc-
ture anymore, or it might represent a numer-
ical size effect and thus the application limit
of the MD model.
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