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A B S T R A C T   

For mechanically dominated load profiles, nitrides are preferred as the base material for struc-
tural and functional hard coatings, while oxide-based materials offer better protection against 
high-temperature corrosion (such as oxidation). Thus, when mechanical and thermal loads are 
combined, the nitrides used should also have excellent stability against temperature and oxida-
tion. How to develop such nitride materials that can withstand both high mechanical and thermal 
loads is the focus of this review article. This is done primarily with the help of experimental and 
theoretical investigations of the Ti–Al–N system. 

On the basis of transition metal nitride coatings, we discuss important material development 
guidelines for improved strength, fracture toughness as well as thermal stability and oxidation 
resistance. Using various superlattice coatings, we further discuss how such nanolamellar mi-
crostructures can improve both the strength and fracture toughness of hard coating materials. In 
addition, other concepts for improving fracture toughness are discussed, with a focus on those 
that can increase both fracture toughness and hardness. 

The individual concepts allow to design materials to meet the ever-growing demand for 
coatings with a wide range of excellent properties and outstanding property combinations.   

1. Introduction 

The outstanding properties and property-combinations of transition metal nitrides (TMNs) – such as high strength, wear resistance, 
temperature stability, combined with chemical resistance – lend them their wide range of applications as structural, protective, and 
functional materials. In thin film or coatings form, they are used to protect machining tools and components (e.g., in automotive and 
aerospace industry) against sever abrasive, thermal, and corrosive loads, or they are used as functional layers (like for sensors) in 
microelectronics. Not to mention that thin films for the latter applications also need to be strong, tough, and thermally stable. Many of 
the TMNs (like TiN, NbN, TaN) are used as diffusion barriers or decorative coatings (especially TiN and ZrN). Further economic and 
ecological improvements in these areas requires that these materials become even more robust. For example, the cutting tools are 
usually the most stressed components in machining operations and limit the overall performance. Increasing the cutting speed (for 
economic reasons) leads to higher mechanical (e.g. bending stress) and thermal stress, which leads to increased wear of the tools and 
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their protective coatings [1–3]. At the application temperature, which easily exceeds 1000 ◦C at the cutting edge [4], hardness and 
strength must be maintained, and a certain toughness is required to prevent chipping and fracture, especially during interrupted 
cutting operations. The improved wear resistance enables an acceptable tool life before they need to be replaced. However, with 
increasing temperature, not only the strength of the materials decreases, but diffusion and chemical reactions are also promoted. 
Machining lubricants are used to alleviate these loadings, but they are often hazardous. In order to minimize or even avoid their use 
(for environmental and ecological reasons), the tool materials and protective coatings need to be stronger and have a higher thermal 
and corrosive stability to still allow a higher machining speed [1]; according to the motto “citius, altius, fortius”. Therefore, this review 
concentrates on understanding the mechanisms relevant for the strength of TMN-based materials and their thermal and chemical 
stability, and how these properties can be tuned. This is done with the help of experimental and theoretical investigations of the 
Ti–Al–N system. Its special features (discussed here in detail) make it both a most successful and important industrial coating system 
and a highly regarded scientific model system. 

Surface and coating technologies have been used for a very long period to provide materials with properties that would otherwise 
be difficult or even impossible to achieve. For example, Pliny the Elder [5] reported already in the first century A.D. that thin metal- 
layers were applied to glass panes for the production of mirrors instead of simply polishing surfaces of metals. Usually, to protect 
against sea water, the wooden ancient ship hulls were coated with tar or other hydrophobic substances. Other examples are thin 
decorative gold coatings on less valuable base materials via various techniques such as mechanically or electroless plating [6], which 
have been practiced for thousands of years [7,8]. As effective barriers against environmental attacks, such gold coatings have also 
ensured that uncountable cultural treasures are still preserved today. Development of modern application-adapted materials requires 
detailed understanding of their intrinsic properties and how these can be combined most efficiently. Unlike diamond, which remains a 
highly valued material for various industrial applications (not only as jewelry), other technically important materials tend to obtain 
their optimized properties through alloy development and fine-tuning of their microstructure. For example, if both the hardness as well 
as toughness of materials need to be improved, it is necessary to optimize their microstructure and polycrystalline nature. A historical 
example of the crucial relevance of such structures for mechanical properties is “Damascus steel” or “Wootz steel” [9–11]. De-
velopments and improvements of various materials can be based on classical design concepts as well as on new computer-aided 
methods [12–14]. 

The possibilities of surface modifications and the number of available coating materials have remarkably increased and are often 
the base for the innovative development of new components and tools. Thin films (i.e. coatings with thickness in the few nm to µm 
range) have been a technological driver in recent decades. As already mentioned, increased cutting speeds during machining lead to 
higher mechanical and thermal loads on the tool material and in particular its protective coating, which must be correspondingly more 
robust. Another example is that the higher temperatures in combustion processes and the necessary weight reductions of moving 
components require a knowledge-based coating solution for the applied materials. In this way, new materials help to improve the 
efficiency of technologies and costs of industrial processes, promoting a more economical and environmentally friendly use of re-
sources. Such industrial and economic challenges heavily depend on advances in material developments and require innovative 
material concepts, such as the combination of structural base materials with coatings. 

These together with achieving certain optical and electronic properties for specific applications in the microelectronics and op-
toelectronics industries are just a few examples of the industrial requirements met by thin-film technologies today. Important rep-
resentatives of the latter are plasma-assisted physical vapor deposition (PVD) processes, such as sputtering or arc-evaporation, where 
the temperature T for synthesizing ceramic-like materials is typically below 0.2 of their melting point Tm (i.e. the homologous tem-
perature T/Tm < 0.2). This leads to limited kinetics of adsorbed species during deposition and conditions far from thermodynamic 
equilibrium [15,16], allowing controlled synthesis of metastable phases and materials with improved mechanical and chemical 
properties with respect to their relatives [17]. Concerning these aspects, the development of Al-containing transition metal nitrides 
triggered a further improvement of the already excellent properties of TMNs [18–25]. 

The thermal stability of transition metal nitrides is strongly influenced by their defect structure, as recovery processes (e.g., defect 
annihilation and atomic rearrangements towards a lower energy configuration, which also leads to lower stress levels), interdiffusion, 
recrystallization, or phase transformation [21–23] occur during application at elevated temperatures. These phenomena are tech-
nologically relevant, since resulting structures and morphologies have a great influence on the coating properties. Novel hard coatings 
can also incorporate mechanisms based on phase transformations as in so-called TRIP steels (TRIP for transformation induced plas-
ticity) or bulk ceramics [26]. 

For this reason, the present review article concentrates on the development of hard coatings allowing the important strengthening 
mechanisms to be active, while additionally improving oxidation resistance as well as fracture toughness. As mentioned at the 
beginning, these particular features are often decisive for the service life of the tools used, taking into account ecological, but also 
increasingly environmental aspects. We use Ti1-xAlxN and their alloys as a model system to discuss the classical four strengthening 
mechanisms, all of which contribute to the high industrial relevance of these coatings. The temperature and time dependent evolution 
of their metastable and supersaturated phases is also discussed to provide a basic understanding of their age-hardening phenomena. In 
this context, density functional theory (DFT) calculations allow deeper insight and support modern materials development by their 
predictive nature and by explaining structure and property evolutions. The associated driving forces for the decomposition of su-
persaturated phases towards their thermodynamically stable constituent phases can be calculated [27]. Oxidation resistance of 
Ti–Al–N-based materials can also be improved with alloying concepts. Based on detailed investigations, we show that specific ele-
ments, particularly Ta, allow not only improving hardness but also thermal stability, oxidation resistance, as well as fracture toughness 
of Ti1-xAlxN hard coatings. 

With the help of superlattice and nanocomposite structures, allowing a simultaneous improvement in hardness and toughness, we 
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conclude our review article. Important to mention to for such structures is the modification of TMNs through the combination with 
SiNz and AlN, which additionally also improve their oxidation resistance. These can further be combined with alloying concepts to 
provide an additional boost. 

2. Phase stability and mechanical properties 

While binary transition metal nitrides continue to find widespread application, the kinetic limitations of low-temperature PVD 
processes also enable the development of more advanced coatings with metastable and even chemically unstable phases. Examples are 
the ternary Al-containing TMNs, as the model system used in this review, Ti–Al–N. Generally, increasing industrial demands for further 
improved coating systems with a wide range of properties and exceptional property combinations have driven the development of 
quaternary and multinary TMN-based hard coatings. However, this focus is not only based on chemical variation, but also on the 
associated microstructural changes. Those are the development of so-called superlattice coatings or nanocomposites, which allow 
increasing both hardness and fracture toughness [28–41]. 

2.1. Some basics of (Ti,Al)N coatings 

Knotek et al. [18,19] and Münz [20] can be considered as the pioneers of Ti1-xAlxN hard coatings. In fact, there are earlier reports 
about sputtered solid solution Ti–Al–N films [42,43], but Knotek et al. and Münz were one of the first reporting that substituting of Ti 
with Al improves the properties of TiN. In addition to improved oxidation resistance, the changed bond proportions and different 
atomic radii were expected to provoke solid solution strengthening, corresponding to the par-elastic (or first order elastic) and di- 
elastic (or second order elastic) interaction, due to atomic size and shear modulus misfit between solute and solvent atoms, respec-
tively. The latter are considered in the classical Fleischer equation [44,45], which is applicable mainly to dilute alloys. The Labusch 
theory [46–49] extends the mathematical description to richer solutions. The most important theories express the solid solution 
strengthening as 

Δτ = AGεmcn (1) 

with c the atomic concentration of the solvent, ε the elastic misfit parameter, G the shear modulus, A a fitting constant, m and n as 
concentration exponents (Fleischer [44,45]: m = 3/2, n = 1/2, and Labusch [46]: m = 4/3, n = 2/3). The elastic misfit parameter ε can 
be expressed as 

ε =

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅

ηʹ2 + p2δ2
√

(2) 

including the par-elastic interaction factor δ = 1
a

da
dc and di-elastic interaction factor ηʹ = η

1+0.5|η| with η = 1
G

dG
dc. The constant p is related 

to screw or edge dislocations (typical values for p are 3 for screw dislocations and 16 for edge dislocations). An overview of various 
expressions for ε is given in [50]. 

Fig. 1. (a) The classical four strengthening mechanisms based on the classical four defect categories: point, line, planar, and bulk defects, 0-, 1-, 2-, 
and 3-dimensional, respectively. The Peierls’ barrier (lattice resistance) τP is 5.9 GPa for TiN [51] and 7.2 GPa for fcc-Ti0.48Al0.52N [52]. (b) 
Calculated elastic properties, shear modulus, G, Young’s modulus, E, of isotropic polycrystalline aggregates of fcc-Ti1-xAlxN. The actual values 
represent Hill’s [53] averages, while the shaded areas demonstrate spread between Voigt [54] and Reuss [55] limits, for uniform strain and stress, 
respectively, calculated according to [56]. Additionally, the directional constants E111, E110, E100, as well as Zener’s anisotropy, ZA = 2C44/(C11 −

C12) [57] are presented. The elastic constants C11, C12, and C44 to calculate these data are taken from [58,59]. The data-connecting lines are 2nd 

order polynomial fits, being E = 459.7 – 144.8⋅x + 184.3⋅x2, G = 185.6 – 53.9⋅x + 80.4⋅x2, and ZA = 0.718 + 0.635⋅x + 1.141⋅x2. The error bar for 
G, E, and ZA at x  = 0.5 is the standard deviation due to various configurations and supercell-sizes used in [59]. 
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Essentially, all the classical four strengthening mechanisms (schematically presented in Fig. 1a) – which are based on the classical 
four defect categories – can be accessed with Ti1-xAlxN coatings. The four classical defect categories in crystalline materials are point 
(interstitials, substitutional atoms, vacancies), line (dislocations), planar (grain-, phase-, and twin-boundaries, stacking faults), and 
bulk defects (precipitates, particles) with zero-, one-, two-, and three-dimensional geometry, respectively. Point defects – “solid so-
lution strengthening” – are considered here with the simpler Fleischer equation, with its characteristic parameter of the solvent 
concentration c. Due to the approx. constant shear modulus of G ≈ 185 GPa for fcc-Ti1-xAlxN with x  ≤ 0.7 (see Fig. 1b) the di-elastic 

interaction factor η’ is 0, which simplifies Eq. (1) for such solid solutions with the Fleischer exponents to Δτ = AGp
3
2

⃒
⃒
⃒
⃒
1
a

da
dc

⃒
⃒
⃒
⃒

3
2 ̅̅̅

c
√

. Actually, 

for fcc-Ti1-xAlxN there a little difference exists between ΔτL (Labusch) and ΔτF (Fleischer), with ΔτL = 1.33 GPa and ΔτF = 1.29 GPa for 
x  = 0.5, using A = 0.038 and p = 10 (thus, ΔτF ≅ 1.8

̅̅̅
c

√
). 

Each individual defect is an obstacle for the dislocation mobility. Consequently, an increased shear load (Δτ) needs to be active on 
the dislocations to move them. The onset of dislocation glide separates the elastic from the plastic deformation (often represented by 
the yield stress σy). The minimum barrier, which needs to be overcome to move a dislocation (in the absence of thermal energy), is the 
Peierls’ barrier τP, the lattice resistance against dislocation glide. Compared to a single-crystal (001) TiN bulk material (with τP = 5.9 
GPa [51]), a (close to single-crystalline) highly 200-oriented fcc-Ti0.48Al0.52N coating (with τP = 7.2 GPa [52]) exhibits a by ≈ 1.3 GPa 
larger lattice resistance. 

Without dislocations – the only one-dimensional defects (line defects) but with various sorts of them like screw, edge, mixed, full, 
partial dislocations – crystals would be much stronger but also brittle. Dislocations give metals the invaluable properties of toughness 
and ductility and they do this also for nonmetallic crystals – but to a different extent as their Peierls’ barrier is significantly larger. The 
concept of crystal dislocations dates back to 1934 when Taylor [60] (submission 7. February 1934), Orowan [61–63] (submission 5. 
April 1934), and Polanyi [64] (submission 2. Mai 1934) independently published their seminal work. Orowan and Polanyi knew of 
each other’s work and referred to each other in their successive publications. Taylor [60] referred to Dehlinger’s [65] “Verhakungen” – 
a translation of this German word could be “hookings” – when at the same time stayed with the name “dislocation”. Other important 
historical contributions on that topic are [66–80]. 

The classical four strengthening mechanisms have in common that they impede the movement of dislocations. They are using either 
0-, 1-, 2-, or 3-dimensional crystal defects and are named “solid solution strengthening”, “strain hardening”, “grain-refinement 
strengthening”, and “particle strengthening”. This shifts the yield point to higher values. “Strain hardening” is often named “work 
hardening” as typically in metals the density of dislocations ρ increases upon plastic deformation for example during metalworking 
processes. However, especially for PVD hard coatings the usage of “strain hardening” – which by the way was also named as such by 
Taylor [60] – seems to be more appropriate. Because the dislocation density of PVD coatings depends on the deposition conditions 
leading to different strains. In such hard coatings (like TiN), the dislocation density (number of dislocations per area or accumulated 
length of dislocations per volume) is comparable to strongly deformed steels and can be about 1017 m− 2 [81]. The dislocation density – 
responsible for “strain hardening” – is considered in the Taylor relation [60]: 

ΔτT = βGb
̅̅̅ρ√

(3) 

with b the magnitude of the Burgers vector and β an empirical factor. The higher ρ is, the shorter is the mean distance (l = 1̅
ρ̅√ , ΔτT =

βGb 1
l) between them and dislocation mobility is more difficult due to the appearing forest of dislocations. For TiN and fcc-Ti1-xAlxN 

(with x  ≤ 0.7), ΔτT amounts to 0.18–1.76 GPa (for ρ = (1–100)⋅1015 m− 2), with G ≈ 185 GPa, b ≈ 3 Å, and β = 0.1. The relevant slip 
directions in these fcc-crystals are 〈110〉, thus, the magnitude of b is ≈ 3 Å, i.e. half of the unit cells face-diagonal [52]. Together with 
the Peierls’ barrier, τ ≈ 6.08–7.66 GPa and 7.38–8.96 GPa for TiN and fcc-Ti0.50Al0.50N, respectively, with such dislocation densities. 

Planar defects (2-dimensional) are for example considered by the classical Hall–Petch relation [82,83]: 

ΔτHP = k
1̅
̅̅
d

√ (4) 

with d for the grain size. Fine-grained materials provide more grain boundaries that hinder dislocation movement than coarse- 
grained ones. Typically, low-angle grain boundaries are less effective, but twin boundaries and phase boundaries are extremely 
effective. The Hall–Petch constant k might be even larger for nano-twinning than for grain-refinement, for which d would be the mean 
distance of twin boundaries, but the Hall–Petch type relationship breaks down earlier [84]. This is because the transition from 
dislocation-mediated deformation towards a deformation dominated more by interfacial activities occurs at a larger critical twin 
boundary distance than grain size [84–86]. Important note here: for metallic materials, this is the only strengthening mechanism 
allowing to increase ductility as well [87]. The others typically reduce ductility. 

Last but not least the bulk defects, which are considered for example in the Kelly–Fine mechanism (Eq. (5) where dislocations 
would cut through coherent particles [88]) and the Orowan mechanism (Eq. (6) where dislocations bypass non-coherent or coherent 
particles [89], which leaves dislocation rings around them and thus in addition also strain-harden the crystal). The general forms of 
their equations are [90]: 

ΔτKF ≅
γ̃

3
2

b

̅̅̅̅̅̅̅̅̅̅̅
rp ⋅ fp

√

̅̅̅̅̅̅̅̅̅̅̅
3Gb2

√ =
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ΔτKF ≅
γ̃

3
2

b

̅̅̅̅rp
√

̅̅̅̅̅̅̅̅̅̅̅
3Gb2

√
rp

D
(5)  

ΔτO =
Gb

D − 2rp
α =

ΔτO ≅
Gb

̅̅̅̅
fp

√

rp
α (6) 

with rp for the particle radius, fp the particle volume fraction, and ̃γ an effective surface energy (γ̃ ≅ γp + 2ΔγSF + γAPB + γδ, with 
interface energy between particle and matrix γp, stacking fault energy difference ΔγSF between particle and matrix, antiphase 
boundary energy γAPB, par-elastic contribution in form of a surface energy term γδ = Gbδ). D is the mean distance of the forming 
particles (from center to center, so that D–2rp is the free dislocation length between particles) that retain the dislocations (D ≈

rp̅ ̅̅
fp

√ for 

constant particle volume fraction and rp ≪ D). The strength of the particle is represented by α, with α = cos ϕ
2, where ϕ is the pinning 

angle of the dislocation line due to the interaction with the particles (ϕ
2 = 0 for impenetrable obstacles and 90◦ for weak ones). 

Consequently, α is between 1 and 0. Incoherent particles are always by-passed by dislocations, whereas coherent ones can be cut or by- 
passed, depending on their size. The critical domain size rc for obtaining the peak-strength can be estimated with ΔτKF = ΔτO to: 

rc ≅
Gb2

γ̃
̅̅̅̅̅̅̅̅
3α23

√
(7) 

For smaller domains, the Kelly–Fine mechanism (cutting through, Eq. (5)), is preferred, and for larger ones, the Orowan mechanism 
(by-passing, Eq. (6)) is preferred, see Fig. 1a. 

There are various modifications to the original Orowan relation, Eq. (6), to consider the interaction of statistically distributed 
particles with screw and/or edge dislocations. The modification is of the general form [91]: 

ΔτAO ≅
1

2π
̅̅̅̅̅̅̅̅̅̅̅
1 − ν

√
0.81Gb
(
D − 2rp

) ln
rp

b
(8) 

with the Poisson’s ratio ν and 1
2π

̅̅̅̅̅̅
1− ν

√ being the geometric mean for edge and screw dislocations. Comparing Eqs. (6) and (8) shows 
that α ≅ 0.81

2π
̅̅̅̅̅̅
1− ν

√ ln rp
b , which is ≈ 0.13 for ν = 0.25 and rp = 0.7 nm. 

Tabor was the first to propose a relationship between hardness and elastic limit Ye (H ≅ CYe) – considering the von Mises flow 
criterion: that yielding under multi-axial conditions initiates when the elastic distortion energy reaches the same value as obtained for 
the uniaxial yield stress σy. For Vickers hardness C is 2.9–3.0 and Ye is a representative value of the elastic limit around the indentation 
[92], corresponding to σy. Due to the indentation, the material will experience work hardening and Tabor found a representative 
deformation degree for Vickers of 8–10 %. For the provided values, Tabor mentions “the elastic limit Ye being found from careful 
compression experiments” [92]. But C depends on the geometry of the indenter (especially its angle) [93,94] and the Ye/E ratio of the 
material tested [95,96]. For a fully work-hardened steel, C increases nearly linearly from 2.3 to 2.9 with increasing cone-angle from 
100 to 160◦. A cone with a semi-angle β of 70.3◦ displaces the same volume as a Vickers or Berkovich indenter for the same penetration 
depth [97]. For Ye/E > 0.02, C values below 2.4 are obtained [95]. For hard ceramic coatings like TiN (with H ≈ 20 GPa [98], 21.2 GPa 
[52], 19.7 GPa [99], and E ≈ 463 GPa [98], 430 GPa [99] for bulk TiN, as well as Ye ≈ 14 GPa for a Ti(C,N) coating [100]), Ye/E is 
around 0.025, for which C would be 2.4 [95]. A detailed calculation with these parameters gives C ≈ 2.4 after [52,101] and: 

C =
2
3

{

1+
3

3 − 6λ
ln
(
(3 + 2μ)[2λ(1 − ζ) − 1 ]

2λμ − 3μ − 6λ
×

1
ζ

)}

(9) 

with ζ =

[
E

E− 2(1− ν2)Htanβ

]

, λ =
(1− 2ν)Ye

E , μ =
(1+ν)Ye

E , where β is the semi-angle of the equivalent cone indenter. The more convenient 

approximation given by [101] again gives C ≈ 2.4 with: 

C ≅
2
3

{

1+ ln
[

E
3(1 − ν)Ye

]}

(10) 

neglecting second-order terms in Ye/E, which is valid for Ye/E < 0.1 (thus, most materials). 
Atkins and Tabor [93] provided also the relationship between H and the principal shear stress τ (H ≅ C0τ), with C0 =

̅̅̅
3

√
C 

considering the von Mises yield criterion (with the Tresca criterion this would be C0 = 2C; however, the von Mises criterion is 
preferred as a smooth, viable, completely general, as well as modern failure criterion) [102–104]. Thus, C0 is around 4.2 for the Vickers 
hardness of hard ceramic coatings like TiN. Using these considerations, we can also write for such hard (TiN-like) materials: 

ΔH ≅ 4.2Δτ (11) 

The factor 4.2 agrees well with that for a cone-angle of ≈ 140◦ given in [93,105]. For completeness and because we recently 
encountered a confusion and incorrect usage: the von Mises yield criterion (which relates the multi-axial stress state of a material to an 
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equivalent uniaxial stress) states that for pure shear the critical resolved shear stress τcrss in the plane of flow is 1̅̅
3

√ of the uniaxial yield 
stress σy (τcrss = 1̅̅

3
√ σy). The Tresca criterion states a factor of 12. These should not be confused with the Schmid factor m, which gives the 

ratio between the uniaxial normal stress σ and the active shear stress τ for a slip system, in the shear-direction at the plane of shear, for 
single crystals (τ = mσ). Thus, the Schmid factor depends strongly on the relative orientation of the single crystal to σ and varies 
between 0 and 0.5 [106,107]. The Sachs model [108] or the Taylor model [109] extend this to polycrystalline materials by treating the 
polycrystal as an agglomerate of single crystals, with the grains subjected to the same stress or strain, respectively. They are typically 
considered as lower and upper bounds of the corresponding M factor (σ = Mτ), which is, for example, 2.23 or 3.06 for a random 
orientation of fcc single crystals according to Sachs or Taylor, respectively [110]. Consequently, the M factor allows the estimation of 
τcrss in a polycrystal based on σy obtained, for example, by micromechanical compression or tensile tests. Often the arithmetic mean of 
the two extremes for M is taken [111], corresponding to Hill’s averages [53]. 

Interestingly, many of the basic mathematical descriptions dealing with plasticity and flow (such as Schmid’s law, von Mises’ flow 
criterion, Volterra’s elastic fields around dislocation-like defects) are older than the concept of dislocations. 

Using Eq. (11) and the above-mentioned variation of τ for TiN and fcc-Ti0.50Al0.50N, 6.08–7.66 GPa and 7.38–8.96 GPa (for 
dislocation density variations of (1–100)⋅1015 m− 2), their calculated hardness variation is 25.54–32.17 GPa and 31.00–37.63 GPa, 
respectively. These values are in perfect agreement with reported hardness variations of these materials, depending on the PVD pa-
rameters used [28,112]. If fcc-Ti0.5Al0.5N is seen as a solid solution alloy of TiN, the above mentioned estimation according to 
Fleischer, ΔτF of 1.29 GPa (ΔH ≈ 5.24 GPa), can explain their difference in τP and hardness. A pronounced reduction in grain size could 
further increase their hardness due to grain-refinement strengthening, discussed in more detail later in Chs. 2.2.2 and 2.2.3. While 
these first three strengthening mechanisms seem to be obvious for the Ti–Al–N alloy system, the latter require the realization that fcc- 
Ti1-xAlxN coatings can contain highly supersaturated phases, which is a prerequisite for precipitation hardening (or age hardening). 

In fact, such Ti1-xAlxN coatings are not only superior to binary TiN coatings in hardness, oxidation resistance, and wear resistance 
[19,20,24,113–119], they also outperform TiN with their thermomechanical properties. In thermodynamic equilibrium, the solubility 
of AlN in TiN is very limited (<2 % at 1000 ◦C [120]). TiN crystallizes in the face-centered cubic fcc B1, NaCl prototype structure, while 
AlN crystallizes in the hexagonal close-packed hcp B4, wurtzite prototype structure. However, physical or chemical vapor deposition 
processes allow the synthesis of supersaturated Ti1-xAlxN films with AlN mole fractions as high as x  = 0.9 [121]. The kinetic limitation 
in the condensation of the vapor (condensation from the gas phase can be estimated with cooling rates up to 1013 K/s [122]) allows the 
synthesis of such supersaturated TM1-xAlxN solid solutions. Due to a high deposition rate, the condensed regions are quickly overgrown 
and, thus, the thermodynamic equilibrium cannot be achieved even by the typically much higher surface diffusion. In other words, the 
“freezing” from the gas phase does not allow the condensing atoms to reach a stable configuration characterized by a maximum 
formation energy [123]. 

The supersaturated cubic structure is maintained due to limited diffusion. However, segregation of the supersaturated structure 
inevitably occurs when diffusion is sufficiently activated at elevated temperatures (e.g. in the case of application during machining 
processes). This induces spinodal decomposition in the Ti1-xAlxN system, resulting in the formation of TiN-rich and AlN-rich fcc 
structured domains. The associated microstructural change leads to a hardness increase corresponding to the precipitation hardening. 
The phase transformation of the metastable fcc structured AlN-rich domains to the thermodynamically stable hcp-AlN modification 
also requires overcoming an additional energetic barrier, which is mainly due to the associated elastic distortion. A phase trans-
formation from fcc-AlN to hcp-AlN would lead to a volume change of 26 % without external constraints [124,125]. Such a trans-
formation, which typically occurs by shearing and resembles a martensitic-like transformation [126], can therefore only take place if 
the matrix also yields to deformation [127], e.g. by plastic deformation for which shearing is needed, which is particularly facilitated at 
higher temperatures. 

The existence-ranges in terms of temperature and Al content of supersaturated mixed crystals in some quasibinary nitride systems 

Fig. 2. Schematic representation of structure evolution in TM1-xAlxN as a function of their Al metal-fraction x. The structure-transition from fcc (B1, 
NaCl-type) to hcp (B4, ZnS-wurtzite-type) TM1-xAlxN solid solutions occurs at a critical value, xc, which varies for different TMNs, adapted 
from [137,140]. 
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were first defined by Holleck [123]. Since then, extensive research (both, experimentally and computationally) focused on details of 
the structural existence-ranges for many different TM1-xAlxN systems, like Ti1-xAlxN [24,30,128–137], Cr1-xAlxN [113,137–146], Zr1- 

xAlxN [137,147–151], or Nb1-xAlxN [137,152,153]. Particularly, mechanical properties and oxidation resistance of TM1-xAlxN hard 
coatings improve with their Al content as long as their fcc structure is maintained. This is only possible up to a certain critical Al 
content, xc, above which the formation of the hcp structure is increasingly favored, see Fig. 2. Due to the different bonding ratios within 
various TM1-xAlxN systems, the xc values vary with the different TMNs. 

The hcp crystallization of TM1-xAlxN solid solutions or AlN reduces their mechanical properties, leading to lower hardness and wear 
resistance [113,115,131]. The presence of only a small fraction of hcp-AlN-based phases within an otherwise fcc-dominated matrix is 
not necessarily deteriorating the mechanical properties, as shown for Ti1-xAlxN [154,155]. This behavior originates essentially on the 
precipitation strengthening (Fig. 1a, Eqs. (5) and (6)), but the presence of such nucleation sites for hcp-AlN-based phases initiates their 
rapid growth and promotes further decomposition of the fcc-TM1-xAlxN solid solutions towards thermodynamic equilibrium, especially 
for Al-rich compositions. 

As mentioned above, due to the extremely limited kinetics during synthesizing materials via PVD techniques, supersaturated Ti1- 

xAlxN solid solutions are accessible [18–20,24–43,114,156,157], although fcc-TiN and hcp-AlN actually show no solubility for each 
other, see their quasibinary diagram, Fig. 3a [123]. The ab initio calculated formation energies Ef for fcc and hcp Ti1-xAlxN solid so-
lutions show that up to x ≈ 0.6–0.7 the fcc structure is energetically favored, see Fig. 3b. In the concentration range where similar Ef 
values exist for both structures, a two-phase structure is to be expected [130,132,150,158,159]. The corresponding change in the 
mixed crystal regions (based on experimental observations by Spencer [160]) is shown by dashed lines for Ti1-xAlxN in Fig. 3a. 

Ti1-xAlxN can be considered as a model system in materials science of thin films, because not just hardness, oxidation resistance, and 
thermal stability increase with the Al content x [30,130,131,158,161–168] – if synthesized as single-phase fcc – but also structural 
changes are possible upon annealing, which trigger age hardening effects. Thus, all four classical strengthening effects discussed above 
are accessible. Ti1-xAlxN hard coatings form a dense, stable and protective Al2O3-based oxide layer especially for high Al contents, x. 
The incorporation of Al into other binary transition metal nitrides (TMNs, such as TM = V, Cr, Zr, Nb, Hf, Ta 
[113,118,147,148,150,152,169–173]) is comparable, both in terms of the formation of metastable phases and in terms of the superior 
properties of the ternary compounds when compared to the binary nitrides. With increasing Al content of the supersaturated fcc phase 
the driving force for its decomposition also increases pronouncedly. This is necessary for the structural changes/adaptations at 
elevated temperatures, triggering age hardening effects that lead to their extraordinary properties. 

The preparation of hard coatings via PVD results in a very high defect density, such as point defects and line defects. This also leads 
to significant intrinsic (growth-induced) compressive stresses [23], and large stored driving forces for atomistic and structural changes, 
supporting recovery or recrystallization. Such diffusion-driven processes are activated as soon as sufficient energy is available and 
kinetics allow, typically at sufficiently high temperatures. The latter can also occur, for example, during the application of the materials 
(e.g. during machining processes). Usually, the temperatures required for this activation are above the deposition temperatures of the 
hard coatings [174,175]. The reduction in defect density leads to a significant decrease in hardness of these coatings, because there are 
fewer defects that could impede the mobility of the dislocations [21,23,28,176]. 

However, if the hard material layers have over-saturated solid solutions, as is the case for example with Ti1-xAlxN, then the hardness 
decrease can be counteracted or even over-compensated by the almost simultaneous spinodal decomposition [28,177–181]. Mea-
surements at temperatures of up to 300 ◦C have shown that the hot hardness of Ti1-xAlxN is clearly superior to that of TiN [52]. The 
domains formed via spinodal decomposition are effective obstacles to dislocation motion and, thus, also cause an increase in hardness 
[12,90]. For this reason, hard coatings containing Al-containing fcc TM1-xAlxN solid solutions are superior to their binary counterparts 

Fig. 3. (a) Quasibinary TiN–AlN phase diagram, modified from [123]. (b) Ab initio formation energies, Ef, obtained for the fcc and hcp crystal 
structure of the Ti1-xAlxN solid solutions (adapted from Ref. [129]). The extended existence-regions of the vapor-deposited fcc and hcp Ti1-xAlxN 
solid solutions are indicated by dashed lines in (a); based on experiments [160] and ab initio phase boundaries. 
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in terms of thermomechanical properties [19,20,113–119]. 
The TiN–AlN phase diagram exhibits a very wide miscibility gap, where even at ≈ 2500 ◦C only a few at% Al is soluble in TiN 

(essentially no Ti in AlN), see Fig. 3a. As mentioned, however, PVD techniques in particular allow the synthesis of enormously su-
persaturated fcc-Ti1-xAlxN solid solutions, with a maximum Al metal-fraction of typically 66 at%. The resulting materials science 
capabilities justify the excellent performance of this coating system, especially when used at elevated temperatures [124]. Simplified, 
such supersaturated fcc-Ti1-xAlxN solid solutions can be imagined as two interconnected fcc sublattices, one fully occupied by nitrogen 
and the other partially occupied by Al and Ti [129] (or: a fcc metal lattice, where the fcc positions are occupied by the metals Ti and Al 
and all octahedral interstices are occupied by N, see Fig. 2). 

Knowledge of structure and distribution of atoms allows the calculation of the formation energy Ef of the fcc-Ti1-xAlxN solid so-
lutions and, consequently, of the enthalpy of mixing (ΔHmix) of the ternary compounds with respect to the binary constituents fcc-TiN 
and fcc-AlN. This immediately yields the stored energy, i.e. the driving force contained in such solid solutions for segregation into the 
binary components fcc-TiN and fcc-AlN, see Fig. 4a [123,136,182]. From the calculated G–x curve and its dependence on the tem-
perature, the binodal and the chemical spinodal (the additional consideration of the coherence stresses leads to the coherent spinodal, 
which always includes a smaller range; here these are drawn for 1 and 4 nm large domains) can be calculated for the quasibinary 
TiN–AlN phase diagram, according to Refs. [129,134,136], see Fig. 4b. In the region within the spinodals, the second derivative of the 
Gibbs free energy is negative (∂2G/∂x2 < 0) and, thus, the smallest compositional fluctuations (fcc-Ti1-xAlxN → fcc-Ti1-x-ΔxAlx+ΔxN +
fcc-Ti1-x+ΔxAlx-ΔxN) already lead to a reduction of the Gibbs free energy. Within this range, the chemical potential of Ti for Ti-richer 
solid solutions is smaller than for Ti-poorer ones, and correspondingly the chemical potential of Al for Al-richer solid solutions is 
smaller than for Al-leaner ones. Thus, a decomposition of the initially relatively homogeneous fcc-Ti1-xAlxN solid solution into Ti-rich 
and Al-rich fcc-Ti1-xAlxN crystals occurs, insofar as the necessary solid-state diffusion allows this [124,177,184]. 

Due to the diffusion of the metal (Me) atoms against their concentration gradients, this is also often referred to as “uphill diffusion”. 
The region of spinodals is clearly limited by the coherence stresses that may be induced (in our example, there is a significant lattice- 
parameter reduction of fcc-Ti1-xAlxN with increasing Al content) [124]. In the region outside the binodal, a fcc-Ti1-xAlxN solid solution 
is stable; between the binodal and spinodal, the fcc-Ti1-xAlxN solid solution is metastable, and decomposition toward the global 
minimum requires nucleation and growth. The positive mixing enthalpy ΔHmix over the entire composition range shows that the fcc- 
Ti1-xAlxN solid solutions have a very high driving force stored for decomposition into their fcc-TiN and fcc-AlN constituents (Fig. 4a, 
lines symbolized with a square). With increasing compressive stresses (symbolized here by the dashed line labelled 10 GPa), the 
driving force for this segregation is even higher (Fig. 4a). 

This is because the lattice parameter of the fcc-Ti1-xAlxN solid solutions is larger than the arithmetic mean of the corresponding fcc- 
TiN and fcc-AlN constituents [124] (positive deviation from Vegard’s rule [186]). The situation is different when the decomposition of 
the fcc-Ti1-xAlxN solid solutions into their thermodynamically stable phases fcc-TiN and hcp-AlN is considered. Here, there is a sig-
nificant decrease in ΔHmix with increasing compressive stresses, Fig. 4a (lines symbolized with a hexagon). This is due to the fact that 
the thermodynamically stable hcp-AlN phase occupies a significantly larger volume (about + 26 %) than its metastable fcc modifi-
cation (which is also known as the high-pressure modification of AlN) [124,181,185,187]. Accordingly, the maximum AlN content, xc, 
of the fcc structure is also highly dependent on the acting stresses, see Fig. 4c. Compressive stresses favor the fcc-Ti1-xAlxN phase. In 
other words, as long as the matrix is strong enough, any phase-transformation of fcc-AlN-rich regions towards their thermodynamically 
stable hcp-AlN variant is hampered. Because, as soon as fractions of fcc-AlN transform to hcp-AlN, the associated volume increase leads 

Fig. 4. (a) Mixing enthalpies ΔHmix of fcc-Ti1-xAlxN (from fcc-TiN and fcc-AlN, symbolized with a square; and from fcc-TiN and hcp-AlN, symbolized 
with a hexagon) as a function of AlN content, x, at different compressive stresses (adapted from Refs. [182,183]. (b) Phase diagram with binodal 
(fcc-Ti1-xAlxN → fcc-TiN and fcc-AlN, its fcc-structured constituents) and chemical spinodal. The influence of coherence stresses at 1 and 4 nm 
domains is also shown (coherent spinodals) [181]. (c) Critical AlN content, xc, of the fcc-Ti1-xAlxN solid solutions as a function of the stresses 
(negative values indicate compressive stresses) [185]. 
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to a significant increase in compressive stresses. These, if not released via dislocation slip or twinning, hinder any further fcc-AlN → 
hcp-AlN transformation. 

The dependence of the stored driving force in fcc-Ti1-xAlxN solid solutions on composition, temperature, vacancies, tensile or 
compressive stresses, as well as surface energies has been extensively studied both computationally [129,134,181,182,185,188] and 
experimentally [28,180,181]. In general, ΔHmix increases with Al content up to about x  = 0.66 and compressive stresses favor the fcc 
structure, see Fig. 4c. A comprehensive overview of the structural change of Ti0.46Al0.54N hard coatings as a function of temperature 
and time is shown in the work of Rachbauer et al. [155,189]. 

Materials that have a large single-phase field, such as TiN, and whose hardness-increase has been achieved by a very high defect 
density (as in our example by the incorporation of point as well as line defects due to the PVD process) experience a softening under 
thermal loading (Fig. 5, usually as soon as the deposition temperature is exceeded) due to the onset of recovery and recrystallization 
processes. In contrast, the supersaturated fcc-Ti1-xAlxN solid solutions allow a significant increase in hardness with increasing tem-
perature, or at least a nearly stable hardness, Fig. 5a. Spinodal decomposition allows the Ti- and Al-rich fcc-Ti1-xAlxN regions that form 
to be very homogeneously distributed throughout the matrix and their average spacing is also very small (≈ 3 nm [190,191]), at least 
initially [28,181,190,191]. This allows to obtain a maximum strength increase (Δτ) based on the Orowan mechanism (Eq. (6)). 
Coarsening of the structure, loss of coherence stresses between fcc-TiN and fcc-AlN, and the onset of hcp-AlN formation lead to a steady 
decrease in hardness at high temperatures, typically above 900–1000 ◦C [28]. 

The mean spacing as well as the size of the forming domains change with time and temperature, and thus the associated increase in 
strength is also time and temperature dependent [23,184,194]. The time-dependent change in H for Ti0.41Al0.59N during vacuum- 
annealing at 900 ◦C is given in Fig. 5b. The dash-dotted line indicates that the sweet-spot (for highest hardness) could have been 
missed by the relatively coarse intervals of 1, 120, and 480 min. The critical domain size for Ti0.50Al0.50N to obtain the peak-strength 
can be estimated with Eq. (7) to be rc ≈ 2.5 nm, using a shear modulus G of 185 GPa (for Ti0.50Al0.50N as well as for Ti0.45Al0.55N), 
magnitude of the Burgers vector b of 3 Å, α = 0.13 and an effective surface energy ̃γ of 2.4 J/m2 (for which the major contributions are 
taken as γp = 0.18 J/m2 [124] and the par-elastic surface contribution γδ = 2.20 J/m2). 

A rough estimation of the possible strength-increase due to the Orowan mechanism (with α = 0.13, as discussed when presenting 
Eq. (6)) results in ΔτO ≈ 4.38 GPa (mean distance between Al-rich domains D ≈ 3 nm [190,191] and an average particle size 2rp = 1.4 
nm [181] for the ≈ 900 ◦C annealed sample, after 1 min). For such conditions, the Kelly–Fine mechanism, Eq. (5), would lead to ΔτKF ≈

0.34 GPa. Even if the mean distance between particles would be taken as the distance between Al-rich and Ti-rich ones (thus D ≈ 1.5 
nm), ΔτKF would only double and be ≈ 0.68 GPa. Thus, definitely, the easier Kelly–Fine mechanism would be active, especially 
considering that it is highly unlikely that the small coherently formed domains are impenetrable for the dislocations. Even if the 
effective surface energy ̃γ would be 3-times larger, ΔτKF would “only” be ≈ 3.56 GPa for D ≈ 3 nm and 2rp = 1.4 nm). Furthermore, for 
the situation that the matrix remains with Ti0.45Al0.55N out of which Ti-rich and Al-rich domains form simultaneously, the remaining 
matrix would not experience a loss in solid solution strengthening. And for such a scenario, the mean distance of the forming particles 
would be 1.5 nm as mentioned above, causing the Orowan contribution (with α = 0.13) to increase even to ΔτO ≈ 70.00 GPa. The time 
dependent hardness evolution presented in Fig. 5b was obtained by using the smaller value of either ΔτKF, Eq. (5), or ΔτO (Eq. (6) with 
α = 0.13) calculated for a time-dependent evolution of particle size rp [124,195], along with a volume fraction of these particles of fp =

0.3 (for which D ≈ 2rp, thus representing the distance between Ti-rich and Al-rich domains). Additionally, the Taylor contribution ΔτT, 

Fig. 5. (a) Hardness versus annealing temperature, Ta, for arc-evaporated TiN and Ti0.34Al0.66N coatings and Ti0.34Al0.66N/TiN multilayer (adapted 
from [192], the data for Ti0.34Al0.66N1 are from [28]; these coatings were annealed 120 min at Ta in flowing Ar), as well as sputtered Ti0.42Al0.58N 
(vacuum-annealing for 1 min at Ta). The increase in hardness with temperature is due to the formation of new domains, which are effective barriers 
to dislocation movement. (b) Hardness evolution with annealing time for Ti0.41Al0.59N (vacuum-annealing at 900 ◦C) [193]. The dash-dotted line is 
an estimation based on strengthening according to Kelly–Fine ΔτKF, Eq. (5), and Orowan ΔτO, Eq. (6) with α = 0.13, and weakening according to a 
reduction in dislocation density (Taylor strengthening ΔτT, Eq. (3)). 
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Eq. (3), continuously reduced due to the reduced dislocation density upon annealing, see next paragraphs. 
Fig. 6 shows the evenly and fine distributed formation of Al-rich domains upon the spinodal decomposition of Ti0.50Al0.50N, using a 

scanning TEM (STEM) investigation of a specimen annealed at 850 ◦C for 120 min. Detailed investigations yield that the compositional 
wavelength stays constant at ≈ 2.8 nm for the first 20 min and then increased to 5.8 nm after 120 min [190]. 

For smaller domains, the Kelly–Fine mechanism (cutting through, Eq. (5)) is preferred, and for larger ones, the Orowan mechanism 
(by-passing, Eq. (6)) is preferred. Fig. 7a – using the kinetics presented in [124,195] – shows that this critical particle size (being 
independent on fp) is reached with ≈ 35 min during annealing at 900 ◦C (this is where ΔτKF and ΔτO cross). But for spinodally 
decomposed structures a more sophisticated scenario should be considered as well. The strength increase Δτ can be estimated for 
spinodal decomposition of fcc alloys [196,197] considering the size misfit: 

Δτsp,s = acδY/
̅̅̅
6

√
(12) 

with 3ac for the amplitude of the sinusoidal concentration modulation (which is 0.12 for the 900 ◦C annealed sample [181]) and 
Y = (C11 − C12)(C11 +2C12)/C11 representing a function of the cubic elastic constants C11 and C12 (for Ti0.50Al0.50N Y = 493 GPa) yields 
Δτsp,s = 0.33 GPa. 

The composition modulation also leads to a modulus misfit, which can be estimated as [196]: 

Δτsp,m = 0.65ΔGb/λ (13) 

with λ for the modulation period and ΔG for the shear modulus misfit. For Ti0.50Al0.50N, with λ ≈ 8 nm (after 60 min at 900 ◦C 
[190]) and ΔG ≈ 8 GPa (difference between Ti0.35Al0.65N and Ti0.65Al0.35N, as Al-rich and Ti-rich fcc-structured domains form), Δτsp,m 
is calculated to be ≈ 0.20 GPa. If λ would be ≈ 3 nm, as obtained after ≈ 3 min at 900 ◦C [190,191], the λ-dependent contribution Δτsp, 

m (Eq. (13)) to the strength-increase by spinodal decomposition (Δτsp) would increase to ≈ 0.52 GPa. Thus, Δτsp (Δτsp,s + Δτsp,m) would 
be ≈ 0.85 and 0.52 GPa for the 3 and 60 min annealed sample with λ = 3 and 8 nm, respectively. The maximum possible concentration 
amplitude and shear modulus difference (decomposition into fcc-TiN and fcc-AlN, ΔG ≈ 26 GPa and 3ac = 0.5) would lead to Δτsp =

3.08 or 2.01 GPa for λ = 3 or 8 nm, respectively. For the time-dependent evolution of Δτsp, the time-dependent evolution of the si-
nusoidal concentration-modulation-amplitude (3ac = 0.05, 0.12, and 0.29 for t = 0.2, 1, and 120 min, respectively, at Ta = 900 ◦C 
[155]; fitted here with a power law: 3ac = 0.09t0.25; with t in min) was used. 

Fig. 7a shows that the course of ΔτKF is similar to that of Δτsp, and overlaps when using fp = 0.3 and λ = 2.4 nm, respectively. Their 
cross-over with ΔτO (fp = 0.3) at the critical domain size (reached after 37 min) suggests for a peak-strengthening of Δτp ≈ 1.54 GPa for 
the 900 ◦C-annealed Ti0.50Al0.50N. The peak strengthening Δτp (cross-over between ΔτKF and ΔτO, thus actually ΔτO having a particle 
size of rc = 2.5 nm) for increasing particle fraction fp is also added. For this, fp is assumed to follow the same time-dependence as the 
sinusoidal concentration-modulation-amplitude 3ac (fp = 0.09t0.25; with t in min), to have fp ≈ 0.45 after 480 min. Converting a Δτ 
increase by ≈ 1.54 GPa (being Δτp with increasing fp after 130 min, Fig. 7a) to a hardness increase, Eq. (11) yields ΔH ≈ 6.47 GPa. 
Perfectly explaining the measured hardness increase by ≈ 6.0 GPa, see Fig. 5a for Ta ≈ 950 ◦C or Fig. 7b for Ti0.46Al0.54N (#1) at 800 ◦C, 
Ti0.34Al0.66N (#5) at 900 ◦C, and Ti0.34Al0.66N/TiN (#6) at 950 ◦C after t = 120 min. 

Very often such a hardness gain is not observed. The above-mentioned considerations and discussions for explaining the hardness 
increase due to the spinodal decomposition make it clear, that easily the peak-hardness can be missed, or compensated by other 
softening-effects. The latter are for example the rearrangement of defects such as dislocations towards lower energy sites, leading to a 
reduction in dislocation density ρ, which reduces the Taylor strengthening contribution ΔτT. For example, with Eq. (3), ΔτT = 1.76 GPa 

Fig. 6. Cross-sectional high-angle annular dark-field STEM overview of Ti0.50Al0.50N after isothermal annealing for 120 min at 850 ◦C. The 
elemental map by energy dispersive scanning shows the Al-rich (red) and Ti-rich (blue) regions. The autocorrelation function yields a compositional 
wavelength λ of 5.6 nm. Adapted from [190]. (For interpretation of the references to colour in this figure legend, the reader is referred to the web 
version of this article.) 
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for fcc-Ti0.50Al0.50N (with G = 185 GPa and b = 3 Å) with a dislocation density of ρ = 1⋅1017 m− 2 [81]. If ρ decreases to 1⋅1016 m− 2, ΔτT 
decreases to 0.56 GPa. The time-dependent reduction in dislocation density during an isothermal annealing can be obtained after 
[199] with: 

ρ = 1/
(

1
ρ0

+ c1t
)

(14) 

with ρ0 being the initial dislocation density and c1 a temperature-dependent time constant. 
The kinetics of (sub)grain growth during isothermal treatment follow the general form of [199]: 

dn = d0
n
+ c2t (15) 

with d and d0 for the grain size at time t and 0, respectively, c2 a temperature-dependent time constant, and n the growth exponent 
(frequently between 2 and 4). For n ≈ 2, Eq. (15) has a form similar to that used to describe grain growth following recrystallization 
[199]. For the following simple estimation of the Hall–Petch contribution ΔτHP, d0 = 20 nm and d = 120 nm (at t = 480 min) were used. 
With n = 2, c2 would become 29 min− 1, which allows to obtain a time-dependent grain size evolution. This can be fed to Eq. (4) to 
obtain the time-dependent ΔτHP evolution, presented in Fig. 7a. A simple estimation of the Hall–Petch constant k, needed in Eq. (4), 
was done with data published for Ti–B–N in Ref. [200]. There, a hardness reduction ΔH of ≈ 14.7 GPa upon a grain coarsening from ≈
2–3 to 9 nm, without significant changes of the phases present, is given. Using ≈ 4 GPa for other annealing-induced hardness reduction 
processes leaves the Hall–Petch constant for a hardness change, kH, with ≈ 35.8 GPa⋅nm0.5, after: 

kH =
ΔHHP

1̅ ̅̅̅
d2

√ − 1̅ ̅̅̅
d1

√
(16) 

where d1 is the large grains size (9 nm) and d2 the smaller (≈ 2–3 nm). For comparison, kH = 9.7 GPa⋅nm0.5 for nanocrystalline Cu 
[201], 16.1 GPa⋅nm0.5 for gradient structured Ni [202], 18.7 GPa⋅nm0.5 for electrodeposited Ni [203], 19.1 GPa⋅nm0.5 for Al–ZnO 
composites [204], and 33.4 GPa⋅nm0.5 for an MgAl2O4 spinel ceramic [205]. The latter is in excellent agreement with our kH of 35.8 
GPa⋅nm0.5 for nitride ceramic-like thin films, which with Eq. (11) corresponds to a k of 8.5 GPa⋅nm0.5 for ΔτHP. Thus, upon grain- 
growth from 20 to 120 nm, the Hall–Petch contribution ΔτHP decreases by 1.13 GPa during annealing for 480 min. Together with 
the reduction of the Taylor contribution ΔτT by ≈ 1.20 GPa, the recovery-induced softening (Δτ ≈ –2.33 GPa, ΔH ≈ –9.8 GPa) can 
compensate the gain (Δτp = 1.54 GPa for fp = 0.30) due to the newly-formed domains. For TiN, where no strengthening processes are 
active during annealing, the value of ≈ 10 GPa fits to the hardness decrease during annealing of initially very hard coatings having ≈
30 GPa [112,206], as indicated in Fig. 5a. Due to specific deposition processes, TiN can contain a high defect concentration, such as a 
dislocation density of ≈ 1017 m− 2 [81], lending them the high hardness. TiN bulk ceramic would have H ≈ 20 GPa [99]. Similarly, the 

Fig. 7. Calculated and measured strength increase of (Ti,Al)N during isothermal annealing. (a) Evolution of the particle radius rp of fcc-Ti0.34Al0.66N 
during annealing at 900 ◦C [124,195], and the thereby calculated strengthening according to Kelly–Fine ΔτKF, Eq. (5), and Orowan ΔτO, Eq. (6) with 
α = 0.13, for particle volume fraction fp of 0.3. Δτsp for spinodally decomposed structures using the size misfit Δτsp,s, Eq. (12), and modulus misfit 
Δτsp,m, Eq. (13), are added for λ = 2.4 and 8.0 nm. ΔτKF (fp = 0.3) overlaps with Δτsp for λ = 2.4 nm. The cross-over between ΔτKF and ΔτO, gives the 
critical particle size (rc ≈ 2.5 nm) – which is independent on the particle fraction fp (see also Eq. (7)) – at which peak-strength Δτp is obtained. The 
evolution of Δτp (=ΔτKF with rc) with a time-dependent increasing fp is given by the dash-dot-dot line. A possible reduction in the dislocation density 
ρ from 1017 m− 2 (as-deposited value [81]) to 1⋅1016 m− 2 (after 480 min at 900 ◦C) causes the Taylor strengthening ΔτT, Eq. (3) to decrease by 1.20 
GPa. Upon grain growth from 20 to 120 nm, the Hall–Petch contribution ΔτHP decreases by ≈ 1.13 GPa. (b) Hardness change ΔH (with respect to the 
as-deposited state) during isothermal annealing of Ti0.46Al0.54N (#1) [155] at 800 ◦C, Ti0.34Al0.66N (#2) [198] at 900 ◦C, Ti0.41Al0.59N (#3) at 
900 ◦C [193], 950 and 1000 ◦C (unpublished), Ti0.41Al0.56Ta0.03N (#4) [193] at 900 and 1000 ◦C, Ti0.34Al0.66N (#5) at 900 ◦C and Ti0.34Al0.66N/TiN 
(#6) at 950 ◦C [192]. The range of the ΔH-axis is 4.2-times that of the Δτ-axis (with the 0-line at level), according to Eq. (11). 
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hardness and compressive stress reduction by ≈ 4.5 GPa upon annealing TiN for 120 min at 700 ◦C [112] would also fit to the reduction 
in Taylor contribution ΔτT by ≈ 1.20 GPa (equivalent to a 5.0 GPa hardness reduction). 

What is yet to be considered for (Ti,Al)N is that the above-mentioned scenario considers the formation of Ti-rich and Al-rich 
domains, leaving the chemical composition of the remaining matrix unchanged and, thus, also its solid solution strength. If only 
Al-rich domains would form, the solid solution strengthening effect would decrease by ΔτF ≈ 0.38 GPa (when the matrix changes from 
Ti0.45Al0.55N to Ti0.65Al0.35N). If only Ti-rich domains would form, which causes an increase in the Al-content of the remaining matrix, 
there would be almost the same change (now we need to use fcc-AlN as the starting composition and Ti as its solvent and with Eqs. (1) 
and (2) the difference in ΔτF between Ti0.45Al0.55N and Ti0.35Al0.65N is 0.35 GPa). However, the latter scenario is not very likely, as the 
diffusion of Al is higher than that of Ti. 

The occurrence and interplay of these individual strengthening and weakening processes contribute to the measured hardness 
change ΔH (from the respective hardness in the as-deposited state) upon annealing (Ti,Al)N. A representative ΔH variation for some 
(Ti,Al)N coatings during isothermal vacuum annealing at 800, 900, 950, and 1000 ◦C is given in Fig. 7b. The gain in hardness can be as 
high as +8.0 GPa and the softening about –4.0 GPa. With Eq. (11) this would correspond to Δτ of about +1.9 and –1.0 GPa, corre-
sponding to the discussed strengthening and softening processes. Comparison with measured hardness changes renders the calculated 
contributions relevant. 

Fig. 7b also shows that the peak-hardness is sometimes only reached when annealed for longer times than 30 min. Especially the 
800 ◦C annealed sample (#1) allows for the highest hardness gain (+8 GPa) of this comparison, which is obtained only after 120 min. 
That lower temperature annealing (but for longer time) can lead to higher peak-strengths is a known behavior especially for age- 
hardenable Al-alloys. Only when adjusting a more complex microstructure, like that of Ti0.34Al0.66N/TiN (#6), a similar hardness 
gain can be obtained even when annealed at 950 ◦C for 120 min, see Fig. 7b. The combination of Ti0.34Al0.66N with TiN is also a 
combination of materials with nearly reversed E111/E100 ratio (1.43 vs 0.75), Fig. 1b. Interesting is also the hardness evolution for 
Ti0.41Al0.59N (#3), which seems to be identical when annealed at 900 and 1000 ◦C. However, a comparison with Fig. 7a (temperature 
dependence) and the specimen annealed at 950 ◦C, indicates that the evolution at 900 ◦C is more in line with the simulated one (added 
to Fig. 5b and 7b as dash-dotted lines). 

These processes – which at least are responsible for a maintained hardness of fcc-Ti1-xAlxN coatings even if they experience a 
thermal treatment at 900–1000 ◦C – contribute to the improved performance during machining processes as compared to TiN, which 
softens significantly (Fig. 5). The improved performance of (Ti,Al)N was already shown in 1987 by Knotek, Münz, and Leyendecker 
[207], showing also their massively improved oxidation resistance as compared to TiN. They further raised the question in their 
conclusion: “what needs to be done to prevent the rapid decline in performance of (Ti,Al)N coated drills at higher cutting speeds”, see 
the reproduced Fig. 8a using data from [207]. 

Now that it is evident which microstructural changes are present in (Ti,Al)N upon a thermal exposure (next to oxidation, which is 
definitely important as well for the ability of tribo-film formation [208,209] and thermal stability, as discussed later in Ch. 3), it is 
understandable why (Ti,Al)N can increase its performance upon an increase in cutting speed (equivalent to an increased thermal 
exposure). The additional strengthening mechanisms – activated by the newly formed domains upon spinodal decomposition of the 
supersatuared matrix – allow for an increased number of drilled holes upon increasing the cutting speed from 30 to 35 m/min, see 
Fig. 8a. Hörling et al. [117], correlated the increased tool life of (Ti,Al)N protected square-shaped face milling inserts during 
machining of a 42CrMo4 steel with the increased Al content of single-phased fcc-structured coatings, as thereby both hardness and 
thermal stability increase. A drastic life-time reduction was obtained as soon as the Al content exceeded 66 at% (of the metal sub-
lattice) due to the concomitant formation of hcp-AlN-based phases. Chen et al. [198] showed later that the performance of (Ti,Al)N can 

Fig. 8. (a) Drilling test conducted on 34CrNiMo6 (AISI4340) steel, adapted from [207]. (b) Life-time of Ti0.34Al0.66N coated inserts during 
continuous turning of 1Cr18Ni9Ti (X12CrNiTi18.9, AISI321) stainless steel and milling of 42CrMo (42CrMo4, AISI4140) steel after annealing at Ta, 
adapted from [198]. 
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in fact be improved upon a pre-annealing step (Fig. 8b), which initiates age-hardening. Again, as soon as the formation of hcp-AlN- 
based phases is noticeable, the life-time decreases. 

As presented and discussed for Fig. 5, a too high thermal exposure causes the phase transformation of the Al-rich domains towards 
wurtzite structured hcp-AlN, leading to a rapid decline in hardness. This can be transferred to the rapid decline in performance of (Ti, 
Al)N for cutting speeds beyond 35 m⋅min− 1, respectively the decline in life-time during milling and turning of inserts that have been 
annealed at temperatures beyond 900 ◦C, please see the similarities for TiN and (Ti,Al)N when comparing Figs. 5 and 8. 

Important to mention here is, that a small fraction of hcp-AlN phase-formation may even lead to an increased hardness [154], but 
definitely to an increased straining [155] due to the massive change in specific volume (from fcc-AlN to hcp-AlN). The latter is also 
responsible for the increased density of dislocations [28] as well as stacking faults and nano-twins [210] in these areas and the formed 
hcp-AlN. The connected increase in specific volume (upon the phase transformation from fcc-AlN towards hcp-AlN) and nano-twinning 
may even lead to an increased fracture toughness, which will be discussed in Ch. 4.5. The associated massive straining is also one key to 
postpone the hcp-AlN phase formation, which will therefore be preferred at weaker regions. These could be special grain boundaries 
and grain boundary structures as well as a reduced lattice resistance, which typically drops with increasing temperature. And if this can 
be delayed, the noticeable formation of hcp-AlN-based phases will also be reduced. 

Fig. 9 again schematically summarizes the major strengthening contributions during the course of the microstructural changes 
happening to fcc-(Ti,Al)N upon annealing. Especially the formation of the significantly weaker hcp-AlN causes the strength to decline. 
For better visibility, the individual curves are shifted with respect to each other, based on the following considerations: spinodal 
decomposition will start, but only until the chemical variation at the boundaries of the spinodal region is reached, see Fig. 4b. Thus, at 
900 ◦C this would be approx. fcc-Ti0.7Al0.3N and fcc-Al0.98Ti0.02N. This will be followed by nucleation and growth of phases with 
chemical compositions close to the binodal, which are approx. TiN and AlN at 900 ◦C, Fig. 4b. A major advantage of an initial spinodal 
decomposition step is that no preferred nucleation sites are needed (spinodal decomposition works without nucleation) and, thus, the 
decomposition will be most homogeneous throughout the microstructure of the material, see also Fig. 6. The curves of the Orowan, 
ΔτO, and Kelly–Fine, ΔτKF, mechanisms in Fig. 9 are calculated with the same parameters as used above (e.g. fp = 0.3). But additionally, 
ΔτO is also presented for much stronger particles (with α being doubled to 0.26), which causes the peak-strength to increase from 1.54 
to 1.94 GPa. These strengthening mechanisms counteract the occurring softening mechanisms due to the reduction in dislocation 
density (ΔτT) and grain growth (ΔτHP). With the looming of the much weaker hcp-AlN, the overall strength decreases massively. 

The course of Δτhcp-AlN in Fig. 9 is simply estimated by using the strength difference between these phases (ΔτAlN), the transformed 
volume fraction fAlN of fcc-AlN into hcp-AlN, as well as the relevant fraction of AlN (x) in the alloy (Ti1-xAlxN) according to: 

Fig. 9. Schematic representation of the decomposition of single-phase fcc-(Ti,Al)N towards the stable constituents fcc-TiN and hcp-AlN via an 
intermediate step of Al-rich and Ti-rich fcc-structured domains, based on [180]. The connected processes (spinodal decomposition, Δτsp, Kelly–Fine, 
ΔτKF, Orowan, ΔτO, Taylor, ΔτT, Hall–Petch, ΔτHP, transformation of fcc-AlN to hcp-AlN, Δτhcp-AlN) lead to a change in strength during annealing. 
ΔτKF and ΔτO were calculated for fp = 0.3 (using the other parameters as above). Also shown is the impact of the strength of the particles, α, which 
can be between 0 for weak and 1 for strong particles, see Eq. (6). ΔτT was shifted in x-axis as well as ΔτHP, which was also shifted by –0.7 GPa (ΔτT ≈

–0.7 GPa upon a reduction in dislocation density from 1⋅1017 to 4⋅1016 m− 2). Δτhcp-AlN was shifted in x-axis and by –1.8 GPa (ΔτHP = –1.13 GPa for a 
grain-size increase from 20 to 120 nm). Like for Fig. 7, the range of the right ΔH-axis is 4.2-times that of the left Δτ-axis (with the 0-line at level). 
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Δτhcp− AlN = − fAlN ⋅ x ⋅ ΔτAlN (17) 

With Eq. (11), ΔτAlN is estimated to ≈ 5.4 GPa from the hardness difference between fcc-AlN (40.5 GPa [211]) and hcp-AlN (17.9 
GPa [211], 17.7 GPa [212]). The general form of the Johnson–Mehl–Avrami–Kolmogorov (JMAK) equation [199] is used to obtain 
fAlN: 

fAlN = 1 − e− Btn (18) 

with B a material constant (including the nucleation and growth rate at a given temperature) and n representing the transformation 
exponent. The latter is set to 5/2 for a continuous nucleation and B is set to 1⋅10− 5 min− n, to have the transformation completed after ≈
240 min. This leaves a maximum strength reduction of Δτhcp-AlN ≈ 2.7 GPa (ΔH ≈ 11.3 GPa) for Ti0.50Al0.50N. 

As already indicated in Fig. 7b with the comparison of 900 and 1000 ◦C annealed Ti0.42Al0.58N and Ti0.41Al0.56Ta0.03N, alloying can 
postpone the hardness decline by postponing the hcp-AlN formation [193]. Therefore, a short overview on the impact of individual 
alloying elements will be given in the following chapter. 

2.2. Alloyed and microalloyed (Ti,Al)N 

In the last decades, a lot of research has been done to further improve Ti1-xAlxN hard coatings. In combination with the architecture 
of the coatings, e.g. multilayer coatings consisting of Ti1-xAlxN and other nitrides, the effect of certain alloying elements on friction, 
wear, oxidation resistance, and hardness has been investigated [213–220]. Alloying Ti1-xAlxN with C essentially leads to a substitution 
of N and results in the formation of carbonitrides. In contrast, the addition of Si and B mainly leads to grain-refinement by the triggered 
formation of a grain-boundary phase [221–224], with an associated increase in hardness and, in the case of Si, also to improved 
oxidation resistance. 

In contrast, the elements from groups III–VI mainly substitute Ti or Al at the metal-sublattice. Investigations of Cr-alloyed Ti1-xAlxN 
hard coatings have shown the great potential for improving the oxidation resistance by Cr [225–227], but this can also be improved by 
Y [228,229]. It should be noted here that the mode of action of Cr is different from that of Y. Cr helps to form a dense, stable oxide layer, 
whereas Y helps to improve the adhesion of the oxide layer and also blocks the fast diffusion paths, i.e. the grain boundaries in the 
oxide layer. These are known as reactive element (RE) effect for structural and coating materials, especially those able to form pro-
tective chromia or alumina scales [230–235]. But small additions of REs, such as Y, Ce, and La to such materials may also enhance their 
mechanical properties, see Refs. [226,236,237]. Si also positively influences oxidation resistance as well as mechanical properties 
[237]. Addition of Mo or V can significantly improve friction and wear resistance [238–243]. Alloying Ti1-xAlxN with group V and VI 
elements such as Zr, Hf, Nb, and Ta has shown significant improvements in mechanical properties and wear resistance [244–252], but 
also in oxidation resistance. 

Even to present and discuss only the most promising alloying concepts would go beyond the scope of this review article. Therefore, 
we will recapitulate recent findings in this field that have been obtained by coating-developments using the same unbalanced 
magnetron sputtering system (a modified Leybold Heraeus Z400). No other microstructural modifications than obtained by using 
alloyed compound targets are made, thus, there was no substrate rotation, no alternating between individual sputter sources, no 
multilayers or even superlattices, no gradients, etc. This allows to extract the effect of the alloying elements themselves. 

The system holds a 75-mm-circular magnetron – equipped with powder metallurgically (PM) prepared Ti1-xAlx targets (mostly with 
an Al/Ti ratio of 1) and their alloyed variants (all from Plansee Composite Materials GmbH and typically with 99.7 % purity). The static 

Fig. 10. (a) Normalized deposition rates (normalized to coatings sputtered from a Ti0.5Al0.5 target, allowing for ≈ 77 nm/min [255]) of alloyed and 
microalloyed Ti1-xAlxN coatings when sputtering the corresponding Ti0.5Al0.5 PM targets [193,255–262]. (b) Schematic presentation of the heavy 
and large particle (hp) effect, based on the sputter yield amplification effect by heavy elements [254]. 
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substrate holder is parallel to it at a distance of 4–6 cm. Typical deposition conditions were: base pressure ≤ 5⋅10− 4 Pa, total working 
gas pressure ≈ 0.35 Pa, bias potential –50 V, substrate temperature ≈ 430 ◦C, and mixed Ar/N2 DC glow discharge (both gases with 
99.999 % purity). For further details on the experimental and computational methods see the corresponding primary articles. 

2.2.1. Sputter yield amplification effect on deposition rates 
The alloyed PM prepared Ti-Al targets not only allow for a homogeneous distribution of the individual elements upon arrival at the 

substrates, they also allow for an increased sputter rate/deposition rate of the alloyed Ti1-xAlxN coatings, see Fig. 10a. The selection of 
the alloying elements is/was based on the following considerations:  

• group V (Zr, Hf) elements are isovalent to Ti and their larger size would basically lead to a di-elastic contribution in the solid 
solution,  

• group VI (Nb, Ta) elements provide additional d-electrons promoting the sp3d2-hybridisation and add par-elastic and di-elastic 
contributions to the solid solution, 

• reactive elements (Y, Ce, and La) provide additional support for the formation of protective oxide scales, but only for small ad-
ditions [253].  

• Originally, Ce was added elementary to the Ti-Al targets to study its isolated effect. Better process-handling during the powder 
metallurgical manufacturing of the targets motivated the development of CeSi2-doped Ti1-xAlx targets. The usage of CeSi2 allowed 
to extract the beneficial effects of Ce and Si. Based on the positive results for CeSi2-doped Ti1-xAlx targets and resulting coatings, La 
was added in the form of LaB6 to the Ti1-xAlx targets. Multiple processes are suggested in the individual papers to be relevant for the 
increased deposition rate, which is obtained by dividing the total coating thickness by the deposition time. Some target alloying 

Fig. 11. Fracture cross-sectional SEM micrographs of as-deposited sputtered (a) Ti0.49Al0.51N [257], (b) Ti0.44Al0.44Ta0.12N [258], and (c) LaB6 
doped Ti0.43Al0.57N [255] coatings, and arc-evaporated (d) Ti0.52Al0.48N [263], (e) Ti0.34Al0.54Ta0.12N [263], and (f) multilayered Ti0.49Al0.44-

Ta0.07N/Al0.62Cr0.38N [264] coatings. 
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elements/phases (like LaB6) lead to an increased secondary electron emission. Additionally, the heavy and evenly distributed 
alloying elements (like Ce, Y, Zr, Nb, Hf, and Ta) and particles (like CeSi2 and LaB6) act as rigid regions within the target, Fig. 10b. 

Consequently, the energy of impinging particles (like Ar and N2 ions) is concentrated to a smaller region resulting in an increased 
collision cascade density during sputtering. A very similar process and outcome has earlier been reported for sputtering of heavy- 
element-doped Al targets [254]. A corresponding behavior during arc-evaporation of such cathodes could not observed, as there 
the collision cascade within the target is not that relevant. 

2.2.2. Growth morphologies 
While the alloying elements Ce, Y, Zr, Nb, Hf, and Ta, have only a minor influence on the columnar growth morphology of the fcc- 

Ti0.50Al0.50N-based coatings for the concentration range investigated (Ce and Y ≤ 2 at% and Zr, Nb, Hf, Ta ≤ 8 at%). Microalloying 
with CeSi2 and LaB6 led to a much finer growth morphology. Exemplarily, scanning electron microscopy (SEM) fracture cross-sections 
of as-deposited sputtered Ti1-xAlxN, Ti1-x-yAlxTayN, and LaB6-doped Ti1-xAlxN coatings are presented in Fig. 11a, b, and c, respectively. 
If the chemical composition is deep within a (metastable) single-phase field region, and thus no segregation events cause repeated 
nucleation and hamper coalescence during the early stages of nucleation, a coarse-grained structured with pronounced columnar 
growth will develop for sputtered coatings, Fig. 11a and b. This can be influenced by an increased ion bombardment during film 
growth, which promotes repeated nucleation [265]. However, this typically comes with a steep price of increased stresses and 
increased dislocation density, which recover as soon as the (application) temperature is above the deposition temperature. 

Another possibility to reduce the grain size is the addition of elements during film growth that are prone to segregate to surfaces and 
interfaces, such as Si and B [266]. The grain size can be controlled by a careful selection of additional elements (or phases) [23]. Thus, 
growth morphology and column boundary fracture can massively be influenced through specific alloying elements (here shown for 
LaB6-doped Ti1-xAlxN, Fig. 11c). 

Although section 2.2 essentially is about the impact of alloying elements on deposition rate, growth morphology, preferred phase 
formation and their stability, as well as the strength of Ti1-xAlxN films – for which magnetron sputtered films are used without 
modifying their growth morphonology by other techniques then alloying the sputter-target itself – additional important possibilities 
for obtaining a dense growth morphology are briefly mentioned. 

These are for example, high power impulse magnetron sputtering (HiPIMS) and arc-evaporation as well as superlattices and 
multilayers, which typically lead to a much denser growth morphology, not necessarily a smaller grain size, but a more compact 
arrangement with less pronounced column boundaries. See for example the fracture cross-sections of arc-evaporated Ti1-xAlxN, Ti1-x- 

yAlxTayN, and the multilayered Ti1-x-yAlxTayN/Cr1-xAlxN, Fig. 11d, e, and f, respectively. 
This comparison shows that the fracture-cross-sections of arc-evaporated coatings is not dominated by grain(column) boundary 

fracture as is typically the case for sputtered ones. This is especially valid for single-phased coatings, mild deposition conditions (e.g. 
low bias potential), and no segregating elements. In this context compare Fig. 11d and a, respectively. However, Fig. 11 shows that 
growth morphology and column boundary fracture of sputtered coatings can massively be influenced through specific alloying ele-
ments (like for LaB6-doped Ti1-xAlxN, see Fig. 11c). 

2.2.3. Maximum Al-content for fcc over hcp preference 
The preferred crystal structure (fcc or hcp) of supersaturated Ti1-xAlxN solid solutions can be determined by calculating the for-

mation energy Ef of fcc-Ti1-xAlxN and hcp-Ti1-xAlxN, such as shown in Fig. 3b. Their cross-over represents the critical Al-content xc up to 
which fcc is preferred over hcp. For Ti1-xAlxN with a “random” distribution of Al and Ti on the metal sublattice, this is at xc ≈ 0.69, see 

Fig. 12. Critical AlN contents, xc, up to which the fcc-Ti1-xAlxN-based solid solutions are preferred and how this value can be tuned by various 
modifications. xc: 0.79–0.68 (stresses σ: –6 and + 1 GPa) [185], 0.75–0.625 (grain size d: 9–7.8 nm) [267], 0.74–0.64 (configuration of Ti and Al 
atoms, Fig. 3c) [129], 0.73–0.5 (alloying with 12.5 % TMNs) [193,237,252,259–261,268], 0.7–0.66 (Me or N vacancies) [269]. 
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Fig. 12. As already mentioned, “simply” redistributing Al and Ti at the metal sublattice changes xc to 0.64 (ordered distribution of Al 
and Ti) and 0.75 (clustered distribution of Al and Ti), as indicated in Fig. 3b and 12. 

A massive impact on xc have stresses, where compressive ones increase xc and tensile ones decrease it, Fig. 4c. While high 
compressive stresses such as –6 GPa are realistic in ceramic thin films, higher tensile stresses than +1 GPa usually cause the formation 
of cracks [270]. Therefore, these two values are chosen for Fig. 12 to highlight the pronounced increase in xc to 0.79 (–6 GPa stresses) 
and a reduction to 0.68 (+1 GPa stresses) [185]. Additionally, surface energy contributions, such as present due to grain and column 
boundaries, have their impact on xc, as shown in [267]. There, with a grain size increase from 7.8 to 9 nm the calculated xc increases 
from 0.625 to 0.75. As reported in [267], the upper value seems to be the limit. But the formation of vacancies (commonly observed in 
PVD coatings) also cause a variation in xc, which decreases to 0.66 for metal vacancies (Mevac) and increases to 0.7 for nitrogen 
vacancies (Nvac), see Fig. 12. 

Alloying Ti1-xAlxN with the transition metals TM = Hf, Nb, and Zr – in order to form Ti1-x-yAlxTMyN solid solutions – only mildly 
reduces xc from 0.69 to 0.68 for y up to 0.125 [193,237,252,259–261,268]. With the addition of up to 12.5 at% Y (to the metal 
sublattice) xc drastically decreases to 0.5 [237]. For Refs. [237,268] 32-atom-containing supercells were used (thus y = 2/16 = 0.125), 
whereas this was increased to 36 for better randomization of fcc-Ti1-x-yAlxTMyN using the special quasi-random structure (SQS) 
approach for Refs. [259,260] (there, y = 2/18 ≈ 11.1). The comparison yields no noticeable difference in xc and because the hcp-Ti1-x- 

yAlxTMyN was always calculated with a 32-atom-containing supercell, the maximum y is simply stated here with 0.125. With the 
addition of up to 12.5 at% Ta (to the metal sublattice; 11.1 at% for fcc-Ti1-x-yAlxTMyN) xc noticeably increases to 0.73 [193,261]. 

Yttrium favors sp3 hybridization and, thus, tends to favor the hcp crystal structure. This explains the massively decreased xc value 
when adding Y, in agreement with experimental studies [237,259]. In contrast, Ta promotes the interaction of the metal-d states with 
the N-p states favoring sp3d2 hybridization [259] and thus xc increases. But the induced changes in electronic structure and thereby on 
the cohesive energy Ecoh have also implications on the mechanical strength, as presented with the increase in indentation hardness ΔH 
of sputtered single-phase fcc-Ti1-xAlxN coatings in Fig. 13, due to alloying. Especially for Nb, Ta, and Hf alloyed fcc-Ti1-xAlxN the 
hardness increase follows a 

̅̅̅
c

√
dependence, according to Eq. (1) with Fleischer. This is because the growth morphology of the 

Ti0.50Al0.50N-based materials is little influenced by the addition of up to 10 at% (metal-fraction, c) or even 12 at% as shown in Fig. 11a 
and b. However, as mentioned in [271–273], alloying with Ta, which easily forms other nitrides than those with N/Me ≈ 1 and 
promotes the formation of vacancies in fcc-TaN compounds, special attention needs to be paid to the obtained N/Me ratio. The 
hardness increase due to Zr-alloying nicely follows the trend provided by Hf-alloying – in agreement with their similarity in size and in 
influencing the electronic structure of fcc-(Ti,Al)N [259,260]. The Sc-alloyed epitaxially grown 001-(Ti,Al,Sc)N shows the highest ΔH 
of ≈16 GPa for these basically solid solution strengthened coatings [274]. 

The impact of Y, La, and Ce (being three-valent) is significantly less pronounced and might even result in a hardness reduction, as 

Fig. 13. Strengthening of various TMNs due to solid solution (a), grain-refinement and superlattice effect (b). (a) Change in hardness ΔH of 
sputtered single-phase fcc-(Ti,Al)N hard coatings, with an Al/Ti ratio = 1 of their respective targets, due to alloying with Nb and Ta (5 VE), Zr and Hf 
(4 VE and isovalent to Ti), Ce and Y (3 VE), CeSi2 and LaB6 (% refers to at% or mol%). The solid lines are fits (according to Eq. (1), with n = ½, thus 
according to Fleischer) to the data points of Ta, Nb, and Hf alloyed coatings. The Sc-alloyed one (Ti0.5Al0.36Sc0.14N) is epitaxially grown on MgO 
[274], for which the epitaxial Ti0.50Al0.50N with H = 29.5 GPa was used as reference [52]. In average, a single-phase fcc-Ti0.50Al0.50N shows 30–35 
GPa. (b) ΔH by Si-alloying of TiN (#1 [39], #2 [275]) or (Ti,Al)N (#3 [276], #3* (unpublished own data), #4 [217], #4* [277]) – #1 & 3 are 
sputtered coatings and #2 and 4 are arc-evaporated coatings. If the Si content was normalized with the metals (to have Ti+(Al) + Si = 100 %), it was 
divided by 2 for the comparative plot. Also given in (b) is ΔH by superlattice (SL) structures (half-filled squares): SL1: TiN/SiNz [278], SL2: (Ti,Al)N/ 
(Cr,Al)N [279], SL3: (Ti,Al)N/Si3N4 [280]), SL4: TiN/(Al,Sc)N [274], SL5: CrN/AlN (2-nm-thin AlN) [281]. For more details on superlattices see Ch. 
4.2. The dash dotted red lines with a shaded region are fits proportional with 

̅̅̅
x

√
and x− 0.7 (x for Si or Λ). The red dash-double-dot line (which 

extends slightly beyond the shaded region) is a fit according to Eq. (4) with k ≈ 8.5 GPa⋅nm0.5 as used above for the (Ti,Al)N example, with d ≈ 35 
nm/Si at%, and converting Δτ in ΔH with Eq. (9). (For interpretation of the references to colour in this figure legend, the reader is referred to the 
web version of this article.) 
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presented for Y, Fig. 13a. These elements favor sp3 hybridization and thus weaken the cohesive energy of fcc-Ti1-x-yAlxN solid solutions 
[155], in agreement with the reduced xc, see Fig. 12. 

However, when using LaB6 or CeSi2 alloyed Ti1-xAlx targets, the additionally provided B or Si favor the formation of a more compact 
and uniform growth morphology with a typically increased cohesive strength of the grain and column boundaries due to Si [282,283] 
and B [266]. In combination, this allows for a pronounced hardness increase of the resulting single-phase fcc-(Ti,Al)N coatings even if 
Ce and La is present. The latter are especially beneficial for increased oxidation resistance, which will be discussed in detail in Ch. 3, 
due to the promoted RE-effect. If only Si is added to fcc-(Ti,Al)N, frequently a similar trend as presented in Fig. 13b (#3) is obtained, 
where the hardness peaks for a certain Si content (often in the range of only a few at%). The overall behavior follows what has been 
studied in detail for Si-alloyed TiN (#1 in Fig. 13b) [38–40]. 

The initial increase in H with increasing Si is due to the concomitant reduction in grain size, d. As the dependence of d on Si up to the 
hardness-peak can be described by ~1/Si [221], the increase in H with 

̅̅̅̅
Si

√
(Fig. 13b) essentially corresponds to the Hall–Petch relation 

with 1̅ ̅
d

√ . The red dash-double-dot line, extending slightly beyond the shaded region in Fig. 13b, is a fit according to the Hall–Petch 
relation, Eq. (4), with k ≈ 8.5 GPa⋅nm0.5, as used above for (Ti,Al)N, and estimating d (in nm) through the Si content (in at%) according 
to d ≈ 35/Si. Thus, the hardness increases with the Si content as long as the grain size decreases and the Si-N grain boundary phase that 
forms is thin and has a high cohesive strength [39,221], as schematically presented in Fig. 14. 

Typically, the grain size for such TiN/SiNz nanocomposites is about 5–10 nm at the hardness-peak, but not necessarily equiaxed as 
shown by Kauffmann et al. [284]. They actually pointed towards two independent mechanisms for the hardness-increase of TiN/SiNz 
coatings involving the size-dependent yield strength as well as the aspect ratio of the TiN grains. The smaller the grains but the larger 
their aspect ratio, the harder the composite. Large TiN grains with large aspect ratio would yield prior to SiNz, this is where grain- 
refinement strengthening dominates. A decreasing aspect ratio of the TiN grains reduces their relative load at the expense of 
increased load on SiNz. Since both the size and aspect ratio of the TiN grains decrease with increasing Si content, as illustrated in 
Fig. 14, a balance of these two leads to the hardness-peak. This is because the smaller TiN grains are stronger, but their decreasing 
aspect ratio also distributes the load more and more towards SiNz, which is weaker. The maximum Si content up to which the hardness 
increases depends on the deposition conditions and whether there is also Si soluted in the encapsulated nitride grains. The latter is the 
case for the arc-evaporated Si-alloyed TiN (#2 in Fig. 13b). 

Thus, such coatings would experience grain-refinement plus solid solution strengthening. Therefore, this coating shows a higher 
ΔH and maximum Si content up to which ΔH increases. The hardness-decline with increasing the Si content beyond the value (often 
2–5 at% Si [40,284], not normalized to the metals) where the hardness peaks is essentially due to the increasing thickness of the 
weaker SiNz grain boundary phase, with only a slightly further reduction in grain size, as indicated in Fig. 14. The increasing spacing 
between the TiN crystals with further increasing Si content has its similarities with the bilayer period Λ of superlattices. Therefore, this 
decline can be described with Λ–0.7 respectively Si–0.7, see Fig. 13b and the next paragraph. For (Ti,Al)N not just the formation of a thick 
grain boundary SiNz phase leads to a decline in hardness, but also the promoted hcp-phase formation beyond a critical Si content 
[287]. There are indications that the maximum hardness values, achievable through such modifications, are in the order of that 
obtained for diamond [288,289]. 

The formation of superlattice (SL) coatings, details on superlattices are given in Ch. 4.2, leads to a comparable hardness peak, but 
with respect to the superlattice modulation period Λ (often a bilayer period as here). Coming from the large Λ region, ΔH increases with 
decreasing Λ, according to the Chu and Barnett model for an increased shear stress due to the superlattice effect, ΔτSL, according to 
[290]: 

ΔτSL ≅ 1/Λp (19) 

Fig. 14. Schematic presentation of the morphological evolution of TMNs when adding elements that promote segregation to grain boundaries – 
which impedes coalescence during nucleation leading to smaller grains (here on the example of TiN–SiNz) – and how this correlates with the 
hardness evolution, adapted from [38,40,284–286]. 
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with exponent p being between 0.74 and 0.67. The underlying mechanism considers that the coherently grown layers have the 
same slip systems (but different shear moduli and/or lattice spacings) being oriented with each other also in polycrystalline cases 
[290]. This is different to the underlying mechanism for the similar Hall–Petch relation (where p = 0.5, Eq. (4)), where stresses due to 
dislocation pile-ups at the grain boundary move dislocations and activate their sources in the neighboring grains, which are differently 
oriented. However, Hall–Petch, Orowan (Eq. (6)), and other mechanisms might be active in superlattices and contribute to the 
hardness gain, as summarized in Ch. 4.2. The decline in ΔH for Λ below the peak hardness value is caused by several processes due to 
dislocation gliding across the interfaces. For example, the thickness of the interface itself, which is not atomically sharp (especially for 
miscible layers), and the opposing forces that can act on dislocations at interfaces when they are close together. Thus, lower stresses are 
needed to move dislocations [291]. This is a bit similar to the Kelly–Fine mechanism, where dislocations glide and cut through particles 
[88]. Therefore, the ΔH-vs-Λ behavior can be fitted with a 

̅̅̅̅
Λ

√
dependence, thus replacing rp with Λ in Eq. (5) for the small Λ region. 

Together, these effects result in the observed hardness peak, which is nicely presented in Fig. 13b by the SLs #1–4 (SL1 TiN/SiNz [278], 
SL2 (Ti,Al)N/(Cr,Al)N [279], SL3 (Ti,Al)N/Si3N4 [280]), SL4 TiN/(Al,Sc)N [274]), and SL5 CrN/AlN [281]. The latter shows an abrupt 
decline with decreasing Λ for values below the peak hardness (at Λ ≈ 5.5 nm). This is because these superlattices always had the same 
layer thickness of AlN (≈ 2 nm) and if the CrN layer becomes thinner than AlN, it is not stabilized anymore in its polymorphic fcc 
structure. Similarly, SL1 (TiN/SiNz) always contained a 1.7 nm thin SiNz layer, except for the coating with the highest ΔH (at Λ ≈ 4.8 
nm). There, the SiNz layer was only 0.7 nm thin. 

2.2.4. Thermal stability of the phases and corresponding hardness evolution 
Before dealing with the mixing enthalpies ΔHmix of some quaternary Ti1-xAlxN-based solid solutions – where Ta and Nb (5 VE), Zr 

and Hf (4 VE and isovalent to Ti), and Y alloyed ones are used as model systems – we will discuss the stability (based on the mixing 
enthalpies ΔHmix) of their ternary components. For example, a quaternary fcc-Ti1-x-yAlxTMyN could decompose into the three fcc- 
ternaries: Ti1-xAlxN, TM1-xAlxN, and Ti1-y’TMy’N. The mixing enthalpies ΔHmix of the AlN-based ternary fcc-TM1-xAlxN (Fig. 15a) 
and the TiN-based ternary fcc-Ti1-yTMyN (Fig. 15b) solid solutions are calculated after: 

ΔHmix = Ef ,ternary − Ef ,binary (20) 

with Ef,ternary and Ef,binary being the DFT-obtained energy of formations for the respective fcc ternary and fcc binary nitrides. 
The Al-containing ternary fcc-TM1-xAlxN solid solutions generally provide positive ΔHmix values (Fig. 15a). Only Nb- and Ta-based 

ternary solid solutions show slightly negative ΔHmix values for small Al contents. Thus, there is even a stabilization of the fcc structure 
by a small addition of Al. This is remarkable since the stable structure of AlN is hcp. But not only in terms of decomposition into fcc- 
based binaries, the data suggest that Nb- and Ta-based ternary fcc solid solutions with low Al content might also be stable in terms of 
decomposition into fcc-TMN and hcp-AlN. This was validated by additional DFT and experiments for Nb-Al-N and Ta-AlN [292]. 
Fig. 15a shows this when using the dash-dotted line, which is the AlN-mole-fraction-based gain in energy for the transformation of fcc- 
AlN to hcp-AlN, as the base-line. On the Al-rich side, ΔHmix shows a strong gradient. 

The ΔHmix values of the Ti-containing ternary fcc-Ti1-y’TMy’N solid solutions are strongly positive for Y and Zr, nearly zero for Hf 
and again slightly negative for Nb and Ta (Fig. 15b). Again, the already very stable fcc structure of TiN is further stabilized by the 
addition of Nb and Ta. These calculations indicate that, for the alloys considered here, the formation of ternary products during 
decomposition of quaternary fcc-Ti1-xAlxN-based solid solutions are only likely if alloyed with Nb, Ta, or Hf. There, fcc-structured 
ternary Ti1-y’Nby’N, Ti1-y’Tay’N, and Ti1-y’Hfy’N could form almost over the entire composition range (Fig. 15b); especially if 
considering that with increasing temperature (which would be necessary for such decomposition) the stabilizing effect of entropy 

Fig. 15. Mixing enthalpies ΔHmix of (a) fcc-TM1-xAlxN (the lines are 6th order polynomial fits) and (b) fcc-Ti1-y’TMy’N (the lines are 4th order 
polynomial fits) with respect to their binary fcc-nitrides. The dash-dotted line in (a) gives the base-line for the decomposition into fcc-TMN and hcp- 
AlN. Details are reported in Refs. [153,237,259,260,293]. 
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steadily increases. It should be remembered, any system tries to minimize enthalpy, but to maximize entropy. 
Ternary fcc-structured Nb1-xAlxN and Ta1-xAlxN would prefer a low Al-content, in the range of x ≈ 0.1, see Fig. 15a. The Al-rich part 

is essentially always the binary AlN. This needs to be considered when discussing the stability of quaternaries based on ΔHmix, as it 
requires the knowledge of the entire landscape. For this, machine learning (ML) would be an ideal tool, where DFT would provide some 
pillars. For example, the quaternaries fcc-Ti1-x-yAlxTMyN with 11.1 at% (metal-fraction) Nb, Ta, and even Hf, nearly show ΔHmix of ≈ 0 
eV/at, if considering a constitution of fcc-Ti0.89TM0.11N and fcc-Al0.89TM0.11N, see Fig. 16a. Especially when considering the retarding 
components connected with any decomposition (such as formation of new interfaces and build-up of strains due to different specific 
volumes of the formed domains [124,195]) these quaternaries would hardly decompose into these ternaries. For fcc-(Ti,Al)N, the 
strain energy associated with the formation of fcc-AlN and fcc-TiN domains can be as high as 0.273 kJ/cm3 (equivalent to 0.273 GPa or 
0.0155 eV/at; for x ≈ 0.5) and the interface energy amounts to another 0.275 kJ/cm3 for spherical domains with 2 nm radius [124]. 
According to Fig. 15a and b, fcc-Ta0.11Al0.89N would decompose into fcc-AlN and fcc-Ta0.9Al0.1N, while fcc-Ti0.89Ta0.11N could be 
stable, respectively. This is similar for the Nb-alloyed alternative. 

Thus, for example, fcc-Ti0.39Al0.5Ta0.11N would tend to decompose towards fcc-Ta0.89Al0.11N, fcc-Ti1-y’Tay’N, and fcc-AlN (later 
hcp-AlN). Based on the elemental balance y’max = 0.22 in fcc-Ti1-y’Tay’N, for which the phase fraction of fcc-Ta0.89Al0.11N becomes 0. A 
decomposition of fcc-Ti0.39Al0.5Ta0.11N into: 0.49⋅AlN + 0.07⋅Ta0.89Al0.11N + 0.44⋅Ti0.89Ta0.11N (all fcc-structured), is connected with 
an energy release of 0.095 eV/at. The energy is further decreased by 0.006 eV/at if no fcc-Ta0.89Al0.11N forms, but therefore fcc-Ti1- 

y’Tay’N holds the maximum Ta of y’ = 0.22. A decomposition into the binaries fcc-AlN, fcc-TaN, and fcc-TiN, would only decrease the 
energy by 0.087 eV/at. This is similar to fcc-Ti1-x-yAlyNbyN, which show a slightly higher energy release, but still behaves very similar 
as non-alloyed fcc-Ti1-xAlxN (being 0.108 eV/at for x  = 0.5), see Fig. 16b. A decomposition of fcc-Ti0.39Al0.5Nb0.11N into 0.5⋅AlN +
0.5⋅Ti0.78Nb0.22N causes an energy-release of 0.110 eV/at and 0.109 eV/at into the respective binary fcc-nitrides. From the energy-of- 
formation point-of-view, an fcc-structured Al-containing ternary is unlikely to be formed during decomposition. Formation of the 
stable hcp-AlN modification further reduces the chances of remaining Al-containing ternary constituents. However, ternary fcc-Ti1- 

y’TMy’N are likely formed (especially for Nb and Ta alloyed ones, Fig. 15b), which is in agreement with experiments conducted on (Ti, 
Al,Ta)N [261]. 

The Hf-containing fcc-Ti1-x-yAlxTMyN solid solution would hardly form Al-containing ternaries (already based on Fig. 15a), but fcc- 
Ti1-y’Hfy’N solid solutions (with y’ = y/(1–x) if otherwise only AlN is formed) would be feasible according to Fig. 15b. However, the 
decomposition of fcc-Ti0.39Al0.5Hf0.11N into the binaries releases 0.123 eV/at; about 0.004 eV/at more than a decomposition into 
0.5⋅AlN + 0.5⋅Ti0.78Hf0.22N. But, decomposition-connected costs, like formation of new interfaces and build-up of strains as TiN and 
HfN have hugely different lattice parameters, and entropy-stabilization, ΔSmix ≈ 0.001 kJ/Kcm3 for Ti0.50Al0.50N; thus at 900 ◦C 
T⋅ΔSmix is ≈ 1.227 kJ/cm3 or 0.07 eV/at, make these solid solutions quite possible, as observed experimentally during decomposition 
of (Ti,Al,Hf)N [260]. This is also to be expected for Zr, although ΔHmix for fcc-Ti1-y’Zry’N is positive; however, during decomposition of 
fcc-Ti0.39Al0.5Zr0.11N the difference is only 0.022 eV/at between forming fcc-binaries or a remaining fcc-Ti0.78Zr0.22N. The Y-con-
taining fcc-Ti1-x-yAlxTMyN solid solutions are different with their strong tendency to decompose into the constituting binary nitrides 
(YN, AlN, and TiN), see Fig. 15a and b; in agreement with experiments [228]. 

These considerations highlight that the formation of fcc AlN domains via spinodal decomposition is also expected for such alloys, 
like for fcc-Ti1-xAlxN. Especially for the Nb and Ta alloyed fcc-Ti1-xAlxN solid solutions there is nearly no difference in ΔHmix between 
the 5.5 or 11.1 at% alloys, and both provide a similar value as fcc-Ti1-xAlxN up to x ≈ 0.7, see Fig. 16b. Therefore, spinodal 
decomposition is observed in these alloys as well and sometimes even earlier (in terms of temperature and time), especially for those 
with large ΔHmix. But at the same time, the decomposition process itself, if started, is retarded (in terms of temperature and time). 

Fig. 16. Mixing enthalpies ΔHmix of fcc-solid-solutions Ti1-x-yAlxTMyN with y = 0.055 and 0.111 as a function of Al content, x: (a) based on a 
constitution of fcc-AlxTM1-xN (Fig. 15a) and fcc-Ti1-y’TMy’N (Fig. 15b); (b) based on a constitution of fcc-AlN, fcc-TiN, and fcc-TMN. The lines are 4th 

order polynomial fits to the DFT data. 
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Several factors contribute to this, like higher lattice resistance at higher temperatures [52], increased retardation by the larger lattice- 
mismatch of evolving domains [124,195] and impeded diffusion. Therefore, typically the XRD peaks of alloyed (Ti,Al)N are broad 
(with marks of left- and/or right-hand shoulders) even after annealing at ≈ 1100 ◦C, while those of (Ti,Al)N passed this stage already 
and shift closer to the fcc-TiN positions, see Fig. 17a and b. Consequently, also the formation of the thermodynamically stable 
modification of AlN (hcp-AlN) is retarded. The process of spinodal decomposition and the retarding effect by alloying can be well 
observed by isothermal annealing treatments for different times, see, for example, the XRD patterns taken after 1, 120, and 480 min at 
900 ◦C of Ti0.41Al0.59N and Ti0.42Al0.48Ta0.10N, Fig. 17c. 

Alloying (Ti,Al)N with Si is special in the sense that a pronounced formation of Al-rich and/or Ti-rich fcc-structured domains upon 
annealing is hardly observed by XRD, see Fig. 17b. Furthermore, the addition of Si needs to be little (typically below 10 at%) and 
balanced with the Al content to avoid the formation of the hcp-phase already during deposition [287]. Contrary to these (Ti,Al)N-based 
materials, ΔHmix of fcc-Cr1-xAlxN (if considering magnetic moments, as needed) is ≈ 0.035 eV/at maximum [144,145]. The strain 
energy associated upon decomposition into fcc-AlN and fcc-CrN domains can amount to 0.055 kJ/cm3 (equivalent to 0.003 eV/at; for 
x ≈ 0.5; unpublished data). The remaining ≈ 0.032 eV/at is too little to compensate for the entropic loss and build-up of interfaces, this 
is why no spinodal decomposition is observed in this material system. 

Upon annealing, typically direct formation of the thermodynamically stable hcp-AlN is present in (Cr,Al)N [294], because thereby 
the energy can massively be lowered (see the dash-dotted line in Fig. 15a, following –0.205⋅x). Important to mention here also is that 
the formation of hcp-AlN with its much larger specific volume (about + 26 % compared to fcc-AlN without external constrains, Figs. 2 
and 9) causes a strain energy of ≈ 6.705 kJ/cm3 (equivalent to 6.705 GPa and 0.706 eV/at; for x  = 1.0; unpublished data). The build- 
up of strain energy follows a 3rd-order polynomial fit with 0.239⋅x + 0.297⋅x2 + 0.171⋅x3 for Ti1-xAlxN. Thus, for x ≈ 0.5 the thereby 
connected strain energy amounts to ≈ 0.216 eV/at, while the fcc–hcp transformation of AlN only releases ≈ 0.103 eV/at. 

Consequently, the lattice resistance of the “matrix” plays a major role in allowing for the hcp-AlN formation. This, in addition to 
diffusion, explains why such a formation is typically observed at temperatures above ≈ 800 ◦C only, where the material is already 
much softer. If at the same time the matrix further weakens due to e.g. N2-release (as observed for Cr–Al–N [294]) the hcp-AlN for-
mation is accelerated. Contrary, improving the lattice resistance and avoiding N2-release can postpone or at least retard the hcp-AlN 
formation, as observed for some of the alloyed (Ti,Al)N materials (e.g., Ta, Zr, and Si, see Fig. 17). As will be discussed in Ch. 4, the 
formation of hcp-AlN can be very beneficial for the fracture toughness due to the thereby connected massive compressive stresses. 
Thus, similar to transformation-induced toughening mechanisms, the propagation of cracks can be retarded (further discussed in Ch. 
4). 

Fig. 18a shows the simulated microstructural evolution during the spinodal decomposition process of a fcc-Ti0.33Al0.67N alloy, 
during annealing at 850 and 900 ◦C [190], with the indicated change in Al content. A schematic phase evolution (based on experi-
mental studies and DFT calculations) with increasing temperature is shown in Fig. 18b for the ternary fcc-Ti0.50Al0.50N phase and in 
Fig. 18c for the quaternary fcc-Ti0.4Al0.5TM0.1N phases with TM = Zr, Nb, Hf, and Ta. The Y-containing fcc-Ti1-x-yAlxYyN solid solu-
tions, which provide a much larger ΔHmix, decompose faster, and as mentioned, towards AlN, fcc-TiN, and fcc-YN [228]. The schematic 
phase evolution is given in Fig. 18d. 

A comprehensive DFT study over 126 equimolar Al-containing high-entropy sublattice nitrides [296] showed, that entropy- 
stabilization (≈ 0.06 eV/at at 800 ◦C) is always smaller than the 0.10–0.27 eV/at enthalpy-governed driving force for decomposi-
tion into stable binaries, ternaries, or quaternaries. But for 22 compounds the latter could be overruled with the additional strain- 

Fig. 17. XRD patterns of (Ti,Al)N and its alloys (which all were single-phase fcc in the as-deposited state) with (a) Y (Ti0.51Al0.47Y0.02N [228,229]), 
Zr (Ti0.40Al0.55Zr0.05N [252]), Hf (Ti0.35Al0.55Hf0.10N [260]), Nb (Ti0.35Al0.57Nb0.08N [268]), and Ta (Ti0.42Al0.48Ta0.10N [193]) after vacuum- 
annealing at 1100 ◦C for 1 min, and (b) Ce (Ti0.48Al0.50Ce0.02N [257,258]), Si (7 at% Si, unpublished), CeSi2 (Ti0.50Al0.50N(CeSi2)0.02 [257]), 
LaB6 (Ti0.43Al0.57N(LaB6)0.02 [255]), and Ta + CeSi2 + LaB6 (Ti0.43Al0.43Ta0.14N(CeSi2)0.01(LaB6)0.01 [262]) after vacuum-annealing at 1100 ◦C for 
10 min. (c) XRD patterns of Ti0.41Al0.59N and Ti0.42Al0.48Ta0.10N film powder after vacuum-annealing at 900 ◦C for 1, 120, and 480 min. 
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stabilization (up to 0.28 eV/at; with an average decrease in driving force by 0.12 eV/at). This estimation does not consider any 
reduction in strain energy due to the formation of dislocations or other defects (like deformation twins), which will especially be 
promoted at higher temperatures needed for the decomposition. This is a major reason why the predicted strain-stabilized high-en-
tropy sublattice nitride (Ti,Al,Hf,V,Zr)N stills shows small signs of decomposition when annealed for 30 h at 800 ◦C. However, (Ti,Al, 
Cr,Nb,Ta)N – predicted to be not that strain-stabilized – shows pronounced signs of decomposition after 30-h-annealing at 800 ◦C, 

Fig. 18. (a) Phase-field simulated microstructure evolution of Ti0.33Al0.67N, with red representing AlN and blue TiN seen in the [001] direction, 
when annealed for 1.5, 2.6, and 25 min at 850 ◦C, and 25 min at 900 ◦C, adapted from [190]. (b) Schematic representation of the phase evolution of 
fcc-Ti0.50Al0.50N as a function of temperature Ta. The fcc-AlN regions formed by spinodal decomposition [155,295] transform into the stable hcp 
modification (hcp-AlN) as the temperature continues to increase. (c) Schematic phase evolution of the quaternary fcc-Ti0.4Al0.5TM0.1N solid so-
lutions for TM = Zr, Nb, Hf, and Ta. (d) Schematic phase evolution of the quaternary Y-containing fcc-Ti0.4Al0.5Y0.1N solid solutions. (For inter-
pretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 

Fig. 19. Hardness of (Ti,Al)N and its alloys (which all were single-phase fcc in the as-deposited state) with (a) Hf (Ti0.35Al0.55Hf0.10N [260]), Zr 
(Ti0.40Al0.55Zr0.05N [252]), Nb (Ti0.35Al0.57Nb0.08N [268]), and Ta (Ti0.42Al0.48Ta0.10N [193]) after vacuum-annealing at Ta for 1 min, and (b) Y 
(Ti0.51Al0.47Y0.02N [228,229]), Ce (Ti0.48Al0.50Ce0.02N [257,258]), Si (7 at% Si, unpublished), CeSi2 (Ti0.50Al0.50N(CeSi2)0.02 [257]), LaB6 
(Ti0.43Al0.57N(LaB6)0.02 [255]), Ta + CeSi2 + LaB6 (Ti0.43Al0.43Ta0.14N(CeSi2)0.01(LaB6)0.01 [262]), and Cr + Nb + Ta and Cr + Nb + Ta + Si 
(Ti0.21Al0.21Cr0.26Nb0.16Ta0.16N and 6.4-at%-Si-alloyed Ti0.21Al0.20Cr0.28Nb0.16Ta0.14N [298]) after vacuum-annealing at Ta for 10 min. For com-
parison, data of Ti0.44Al0.44Ta0.12N [258] (labeled Ta*) are added to (a) to show that alloying elements require an adjustment in deposition pa-
rameters for optimized properties. This sample differentiates from Ti0.42Al0.48Ta0.10N (which presents the highest H-vs-Ta in (a)) by different 
deposition conditions (same type of deposition system and Ti0.46Al0.46Ta0.08 target) and a longer annealing time of 10 min at Ta. The total (Ar + N2) 
deposition pressure pT = 0.5 Pa, N2-to-total pressure ratio pN2/pT = 0.4, substrate temperature Ts = 500 ◦C, substrate bias Ub = –50 V, and target 
power density P ≈ 9 W/cm2 for Ti0.42Al0.48Ta0.10N [193], while pT = 0.35 Pa, pN2/pT = 0.2, Ts = 430 ◦C, Ub = –50 V, and P ≈ 11.5 W/cm2 for 
Ti0.44Al0.44Ta0.12N [258]. Thus, the latter (with a lower H-vs-T curve) was prepared especially with a much lower N-supply (lower pN2/pT and larger 
P). For comparison, also the data of arc-evaporated Ti0.34Al0.66N1 from [28] – also presented in Fig. 5a here – is added to (a) as well as those for 
Ti0.53Al0.39W0.08N (+W1) [297], which exhibits the formation of W Guinier–Preston zones upon annealing. The annealing time at Ta for these 
coatings (marked with a superscript 1) was 2 h. 
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where AlN domains are embedded in an otherwise still homogenous (Ti,Cr,Nb,Ta)N matrix. This example and its Si-alloyed variant will 
be added to the discussion of hardness evolution and oxidation resistance of (Ti,Al)N based materials. 

The change in hardness caused by the phase transformations upon annealing is given in Fig. 19a for the base material Ti0.42Al0.58N 
and for its quaternary alloys with Nb and Ta (5 VE), Zr and Hf (4 VE and isovalent to Ti), and Y (3 VE). Due to the already discussed 
narrowing of the fcc-Ti1-xAlxN phase range by the addition of Y only up to 2 at% Y could be alloyed to this base system (with x ≈ 0.52) 
when keeping the structure single-phase fcc. All hard coatings presented in Fig. 19 had a single-phase fcc structure in their as-deposited 
state. The base system Ti0.42Al0.58N shows very clearly the hardness increase induced by spinodal decomposition with Ta ≈ 950 ◦C. 
Such a distinct hardness increase is not seen in the Y-alloyed coatings. On the contrary, the hardness declines at higher temperatures 
due to recovery processes occurring, the reduced cohesive energy by Y, and the formation of hcp-AlN. Coatings alloyed with Zr, Hf, Nb, 
and Ta show again a hardness increase with higher annealing temperatures, but not as pronounced as for Ti0.42Al0.58N. This may stem 
from the fact that these materials start at a much higher hardness level (due to the additional par-elastic and di-elastic interactions 
effective here, as discussed above). Or the “sweet-spot” was missed, which for Ti0.42Al0.58N is for example only between 900 and 
1000 ◦C and an annealing time of a few min, see Figs. 5, 7b, and 19a. 

However, it is remarkable that the Zr, Hf, and Ta alloyed coatings still show hardness values of ≈ 40 GPa even after heat treatment 
at 1100 ◦C. These coatings accordingly do not show any hcp-AlN phase formation at this temperature (see Fig. 17a and 18b). The little 
increase in background of the XRD pattern for the Hf-alloyed one might indicate the formation of a small fraction of hcp-AlN, but as 
highlighted in [154,155], the thereby associated increased strain (due to the larger specific volume of hcp-AlN with respect to fcc-AlN) 
can cause the hardness to increase. Remarkable is also the pronounced H increase by ≈ 9 GPa when annealing a W-alloyed (Ti,Al)N at 
1000 ◦C, which stems from the additional formation of W Guinier–Preston zones, where atomic-plane-thick W disks populate {111} 
planes of the nitride matrix [297]. 

Fig. 19a additionally shows that for similar chemical compositions, Ti0.42Al0.48Ta0.10N and Ti0.44Al0.44Ta0.12N, the H-vs-T curves 
can be shifted by ≈ 5 GPa to lower H values for Ti0.44Al0.44Ta0.12N. Both coatings were prepared with the same type of deposition 
equipment and using the same Ti0.46Al0.46Ta0.08 PM target, but the coatings with lower H values are obtained with a significantly lower 
N2-to-total pressure ratio (pN2/pt, some details about the deposition parameters are given in the caption of Fig. 19). Unfortunately, the 
N/Me ratios of the coatings were only estimated with energy dispersive X-ray spectroscopy (EDS). However, upon vacuum-annealing 
the Ti0.44Al0.44Ta0.12N coating, prepared at lower pN2/pt, experiences the formation of a hex-Ta2N phase [258], hinting towards a N- 
deficiency. This might be the reason for the observed lower hardness values. 

The so-called high entropy metal sublattice coating, (Ti,Al,Cr,Nb,Ta)N, which contains Cr, Nb, and Ta, and thus many metals with a 
preference for Me2N phases, experiences the formation of Me2N phases already when vacuum-annealed to 900 ◦C [298] (≈ 100 ◦C 
earlier than hcp-AlN can be detected). Consequently, the hardness for this coating – after a small increase with Ta = 800 ◦C – declines 
early, Fig. 19b. This can be postponed by the additional alloying with Si, which also increases the overall hardness by ≈ 2 GPa. 

Also, the Ta + CeSi2 + LaB6-alloyed (Ti,Al)N experiences an early formation of a hex-Ta2N phase (even ≈ 200 ◦C earlier than the 
formation of hcp-AlN can be detected) [262], causing the hardness to decline already with Ta ≥ 900 ◦C, Fig. 19b. This is not the case for 
the Ta-free films presented in Fig. 19b, and especially the B or Si alloyed ones exhibit rather high (close to and even above 40 GPa) 
hardness values. Further details on the individual material systems can be found in the references given in the caption of Fig. 19. 

Fig. 20. (a) Transport of species (Men+, O2–, e− , electron holes, h, cation and anion vacancies, Vc, Va) across the oxide scale (here for the example of 
Me2O3, and Me3+), which solely grows at the interfaces I or II driven by the potential (Φ) gradient. If e− are the slowest (like in Al2O3), the faster 
species (cation or anion) determine the place of oxidation. (b) Cation outward diffusion dominated growth promotes growth at outer interface II 
(allowing small cracks to be healed), according to an n-type semiconductor. Coupled movement of Me+ and e− . (c) Anion inward diffusion 
dominated growth promotes growth at the inner interface I (cracks can and will grow into metal), according to a p-type semiconductor. (d) 
Schematic presentation of the major oxide scale growth kinetics. Typically, the oxides grown on Ta and Nb follow a linear kinetic, those on Fe, Ni, 
Cu, Al, and Si follow a parabolic law, and those on Mo and W follow a negative linear kinetic (above certain temperatures, where volatile oxides 
form). Adapted from [300,301]. 
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3. Oxidation and oxidation protection 

In addition to the excellent thermomechanical properties of hard coatings, their stability in oxidizing and corrosive ambient media 
is crucial. In the following, this is illustrated in more detail using the example of oxidation resistance. 

3.1. Some materials science basics 

Oxidation in its most general sense is a chemical reaction between two species, one donates electrons (the oxidizing species, being 
oxidized) to the other (the oxidizing agent, being reduced). Considering that all base metals are eager to form oxides [299], the 
question is not whether oxidation occurs, but on what time scale it occurs. 

At low temperatures, the diffusion processes required for this run relatively slowly, but at elevated temperatures, the strong 
oxidation tendency of many metals can negatively influence their property profile. If the forming oxide can cover the surface of the 
material with a continuous thin layer and allows even a low mobility for the reactants (metal, oxygen, or in the case of the nitrides 
discussed here, also nitrogen), a progressing oxidation process is very strongly inhibited by the forming oxide layer. Further oxide 
growth can only occur – which takes place solely at the inner interface (I, oxide/metal) or outer interface (II, oxide/gas) – upon a 
transport of needed species (Men+, O2–, e− , electron holes h, cation and anion vacancies, Vc, Va) across the oxide scale driven by the 
potential gradient, as schematically presented in Fig. 20a. 

A very prominent example of this is Al, which immediately (on contact with atmospheric oxygen) covers itself in a protective thin 
layer of Al2O3. Al2O3 offers one of the slowest ionic mobility in solids and is therefore an excellent protective layer against further 
oxidation. SiO2 or Cr2O3 behave similarly. Therefore, alloys with additions of Al, Cr, and Si (where thin, well-adherent Al2O3, Cr2O3, 
and SiO2 oxide layers can form) provide excellent protection in oxidizing atmospheres [302–304]. 

3.1.1. Transport mechanisms 
The oxidation of metals (e.g. 3Me + O2→Me2O3) proceeds by two basic separate reactions: the anodic reaction at interface I 

(Me→Me3++3e− ) and the cathodic reaction at interface II (2/3O2 + 3e− →3O2− ) [301], see Fig. 20a. 
The metal cations – released from the nitride at the metal/oxide interface – migrate through the oxide to the oxide/gas interface via 

vacancy diffusion (cation vacancies, Vc) or using interstitial sites. The electrons also migrate with them and enable the cathodic re-
action at this interface to produce the oxygen anions. These simultaneously migrate through the oxide via vacancy diffusion (anion 
vacancies, Va) or using interstitial sites. If the cation outward diffusion is dominating, the oxide formation tends to occur/proceed at 
the outer interface II (oxide/gas), Fig. 20b. Via this mechanism, cracks within the oxide scale could even be healed. Contrary, if anion 
inward diffusion is dominating, the oxide formation tends to occur/proceed at the inner interface I (metal/oxide). Any cracks within 
the oxide scale, which provide fast-diffusion channels, would promote oxidation into the metal at these regions, Fig. 20c. The vacancies 
can coalesce to form cavities/pores (sometimes named Kirkendall voids) at or behind the oxide/metal interface, which usually favors 
such accumulation [301]. 

Just to give a short insight into the complexity of the oxidation and diffusion processes: In p-type oxides like NiO, cation vacancies 
(due to excess oxygen) provide a transport mechanism for the metal. While in n-type oxides such as TiO2, anion vacancies (due to 
excess metal) provide a transport mechanism for the metal. But other n-type oxides like Al2O3 accommodate the excess metal inter-
stitially, which is then also the transport mechanism for this type of materials (via interstitial cations) [305]. Thus, any change in 
chemistry of the metal or nitride that oxidizes can easily alter the dominating transport mechanisms within the oxide scale that forms 
on it. 

However, effective protective oxides are characterized by low diffusion coefficients for the species involved, which generally 
correlate with the melting point. This explains why α-Al2O3 (Tm = 2054 ◦C [306]), Cr2O3 (Tm = 2424 ◦C [307]), and SiO2 (Tm =

1713 ◦C [308]) are protective oxides, while Cu2O (Tm = 1229 ◦C) [307]) and FeO (Tm = 1371 ◦C [309]), for example, are less pro-
tective. Moreover, Al2O3, Cr2O3, and SiO2 are electrical insulators and efficiently slow down the transport of electrons, which are 
typically the fasted among the species involved [303,304], see Fig. 20. 

Diffusion data for single-crystal Cr2O3 show that the diffusion of oxygen ions is three orders of magnitude smaller than that of Cr, 
thus, strongly indicating a cation-dominated defect structure, and that Cr2O3 layers grow mainly via cation diffusion [310–313], 
Fig. 20b. The actual cation transport at the Cr/Cr2O3 interface (at low oxygen partial pressures) occurs via an interstitial mechanism 
[302,312–315]. In contrast, at near-atmospheric oxygen partial pressures, i.e. on the outside of the Cr2O3 layer, Cr2O3 is an intrinsic 
electron conductor [313]. 

At temperatures well below the melting point Tm (i.e. at T < 0.6 Tm), the dominant transport mechanism of the growing oxide layers 
is via defect sites such as dislocation cores or grain boundaries, rather than via bulk diffusion itself. In most applications, Cr2O3 or 
Al2O3 are in this “low” temperature range [316]. Along with the predominant cation transport, diffusion of O- anions also occurs along 
the oxide grain boundaries [317–322]. Thus, in the mostly polycrystalline oxide layers, both cation and anion diffusion (Fig. 20c) are 
involved in the thickness growth of the oxides [302,323–325]. 

Preferred cation diffusion is noticed in Cu2O, FeO, Fe3O4, NiO, CoO, and Cr2O3, while preferred anion diffusion is noticed in TiO2, 
ZrO2, SiO2, and Fe2O3, when exposed to air. 

3.1.2. Oxide scale growth rates 
Tammann [326] used Wagner’s oxidation theory [327], which considers that the rate determining step of oxide growth is the 

diffusion of species through it, to show that the oxide scale thickness y follows a parabolic law with time t [328]: 
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y2 = kp ⋅ t + Ap (21) 

kp is the parabolic rate constant and Ap is a constant. This is valid if there is a steady chemical potential gradient between the oxide/ 
metal and gas/oxide interfaces (Fig. 20a), allowing to use Fick’s first law [329]. Hence, the oxide scale needs to be dense, homoge-
neous, charge neutral, or relatively thick to have chemical equilibrium at these interfaces I and II. Otherwise, the scale growth kinetics 
deviates from parabolic [330] to follow more a linear, cubic or logarithmic law, see Fig. 20d. The latter applies for oxides having 
thicknesses below the Debye length, according to the Cabrera and Mott theory [331]: 

y = klg ⋅ log
(
Alg ⋅ t + B

)
(22) 

klg is the logarithmic rate constant, Alg and B are further constants. 
There, the rate determining step is point defect formation in the oxide at the interfaces I or II. Because the ion transport through the 

film is accelerated by an electric field, built by tunneling of electrons from the metal to the adsorbed oxygen at the oxide/gas interface. 
As this is predominant at lower temperatures, oxide scale growth often follows a logarithmic law only at lower temperatures [328]. 
With increasing film thickness the electric field decreases resulting in negligible growth rates after some time. Such critical thicknesses, 
up to which space charges are present, are a few 100 nm for Cr2O3 or Al2O3, due to their inherently low defect concentration (their 
Debye length is a few 10 nm) [330]. If electron transport is possible, e.g., in semiconducting oxides or by thermionic emission, the 
model is valid also for thicker oxides. 

For oxides with dominating grain boundary mechanisms, the scale growth often follows another sub-parabolic law, e.g. the cubic 
one [332]: 

y3 = kc ⋅ t + Ac (23) 

kc is the cubic rate constant and Ac is a constant. For example, the alumina scale growth on Fe–Cr–Al alloys (containing reactive 
elements, RE) follows a sub-parabolic kinetic, because there the rate determining step is diffusion of O at the oxide grain boundaries. As 
the grain size increases along the thickness of the scale and thus with increasing scale thickness, but also with ongoing thermal 
exposure (causing the grain boundary density to decrease with time), the kinetics follow a sub-parabolic law (often close to cubic) 
[332]. 

If the phase boundary reactions to form the oxide (at interface I and/or II, see Fig. 20) are rate determining, the oxide scale growth 
follows a linear law (y = kl⋅t, where kl is the linear growth rate). This is likely for porous oxide scales, allowing for a fast diffusion of the 
reactive species, not like in compact layers. But especially for the oxidation of ceramic-like materials, the metal species need to be 
provided fast enough at interface I (ceramic/oxide), otherwise the diffusion of metals from such a ceramic (like the nitride coatings 
considered here) to this interface is rate-limiting. Therefore, nitrides show typically only at the beginning a linear-like oxidation ki-
netic, even if the oxide scale is porous. If oxidation of metals, or other materials with fast supply of metals species to the oxide interface, 
causes the formation of a compact scale, the phase boundary reactions (at interface I and/or II) only limit the overall kinetics at the 
beginning. As soon as the diffusion through the scale is limiting the growth rate, the oxidation kinetics change from linear to parabolic 
(or cubic or logarithmic). 

Whenever characterizing the oxide growth kinetic for metal nitrides (MeN) through the detection of mass changes (as typically 
done for characterizing the oxidation kinetics of metals), we need to consider that simultaneous to the weight gain (upon oxidation) 
there is also weight loss due to the conversion of a nitride into an oxide, e.g.: 

2MeN+
3
2
O2→Me2O3 +N2, or (24)  

2MeN+2O2→2MeO2 +N2 (25) 

A simultaneous mass-gain and loss during oxidation occurs also if the oxidation product is (partly) volatile, like during oxidation of 
Mo, W, Cr, or B. For Cr2O3, especially at temperatures above 1000 ◦C, volatile oxides may form [Cr2O3(s) + 3/2O2(g) → 2CrO3(g)] 
[310,333,334]. Therefore, thermo-gravimetric measurements should always be complemented by other methods like X-ray diffraction 
or electron microscopy, otherwise incorrect conclusions could be drawn. Especially if mass-gain and loss are completely superimposed, 
which would indicate that there is no change. Very often, parabolic oxide growth may also be superimposed on linear oxide growth. 

According to Eqs. (24) and (25) any oxidation of nitrides releases N2, thus N2 needs to be removed, which might be difficult 
especially if there is a considerable oxide formation at the interface I (coating/oxide). If the oxide scale is an effective barrier against 
N2-diffusion, the Me/N ratio within the nitride coating will change as well, especially close to interface I. This naturally influences any 
ongoing oxidation. Furthermore, the stoichiometry of the nitride coating itself can change, which is nicely shown for the oxidation of 
Cr2N, in which the fraction of CrN gradually increases upon ongoing oxidation [335]. The effective volumes (per one mole of metal 
atoms) for Cr2O3, CrN, and Cr2N are ≈ 14.6, 10.7, 8.8 cm3, leading to PBR’s of ≈ 1.4 and 1.7, respectively. 

Analogous to diffusion, the oxidation rates also follow the Arrhenius law and, thus, increase exponentially with temperature [304]: 

kp = k0,p ⋅ e−
Qp
RT (26)  

where k0,p is a constant and Qp the activation energies for parabolic growth, correspondingly, this is valid for the other rate laws, e.g., 
logarithmic or cubic. 

The temperature dependence of typical parabolic growth rates for Al2O3, Cr2O3, and TiO2 forming metallic compounds is shown in 

P.H. Mayrhofer et al.                                                                                                                                                                                                 



Progress in Materials Science 146 (2024) 101323

26

Fig. 21a. Furthermore, oxidation rates obviously depend on the O partial pressure, so that increasing O partial pressures cause 
increasing rates [303,304]. This figure shows that whenever the oxidation resistance needs to be improved, alumina, silica, or chromia 
formers are added. And relevant for (Ti,Al)N-based coatings, the formation of TiO2 should be suppressed. Therefore, high-Al- 
containing (Ti,Al)N coatings typically provide a better oxidation resistance, as well as Cr and/or Si alloyed ones. 

In contrast to Cr2O3, which crystallizes only in its stable corundum structure (α-Cr2O3), several metastable, fast-growing poly-
morphs occur in Al2O3 in addition to the stable α-modification. Metastable Al2O3 polymorphs (e.g., γ and θ) generally form below 
900 ◦C, while the slow-growing α-Al2O3 tends to occur at higher temperatures [336,337]. The γ- and θ-phase most likely grow via 
transport of Al3+ ions [338–340]. However, even the slowest growing oxide layer can only protect the underlying material from further 
oxidation if it has excellent adhesion to that material. In addition to these important parameters, we always need to consider any 
volume changes connected with the oxidation process. 

Small compressive stresses are manageable (sometimes even wanted as thereby the compactness increases or fast diffusion 
pathways like grain boundaries become less preferrable), but tensile stresses (even small ones) are often intolerable. Correspondingly, 
also phase transformations within the oxide scale during exposure that would cause a reduction in specific volume are not wanted. A 
typical example for this is TiO2, which tends to start forming in its anatase structure, but then transforms into the thermodynamically 
more stable rutile structure. If the accumulated compressive stresses within the oxide scale become too high – and the adhesion is too 
weak – the oxide scale tends to spall off, see the schematic of in Fig. 21b how compressive stresses could evolve and lead to local 
detachment (Fig. 21c), which finally cause failure (Fig. 21d). 

As summarized in [305], Pilling and Bedworth [343] made the earliest attempt to describe the molar volume ratio between the 
oxide produced and the metal, respectively nitride, consumed, which is known in literature as the Pilling–Bedworth ratio, PBR (PBR =

VOxide
n⋅VMetal

, with n representing the number of metals in the oxide MenOm). They assumed – based on the knowledge at those days that the 
predominating transport was always O to the metal – that a larger molar volume of the oxide than the metal consumed by its pro-
duction leads to compressive stresses, while a lower oxide volume leads to a cellular and porous scale. In brittle oxide layers, these 
easily exceed their strength leading to spallation and/or cracking, providing an easy access of gaseous oxygen to the metal surface. A 
PBR of 1 would suggest a stress-free growth, < 1 leads to tensile stresses, whereas >1 tends to compressive stresses – preferred values 
are between 1 and 2. However, with proceeding experimental evidence, especially due to the development of marker and tracer 
experiments, it has become clear that transport of species through the oxide scale is much more complex, and that the PBR ratio 
provides a too simplified picture. Therefore, in practice the PBR is a poor descriptor, but still it is used to have an idea about possible 
stress developments. For the model-system of this review, (Ti,Al)N, the relevant primary oxides are α-Al2O3 and TiO2 in its anatase (a-) 
and rutile (r-) structure [344]. The effective volume (per mole of metal atoms) of fcc-Ti0.50Al0.50N is ≈ 11.0 cm3, which is much smaller 
than that for the relevant oxidation products, α-Al2O3 (≈ 13.5 cm3), a-TiO2 (≈ 20.5 cm3), and r-TiO2 (≈ 18.9 cm3). The derived PBR is 
thus smallest for α-Al2O3 (≈ 1.2), followed by r-TiO2 (≈ 1.7), and highest for a-TiO2 (≈ 1.9) when grown on (Ti,Al)N. As mentioned 
above, if used at all, these values need to be considered with care. But for sure problematic is the anatase-to-rutile TiO2 transformation, 
because the connected volume reduction by 5–10 % [345,346] promotes the formation of pores and cracks within the oxide scale 
[301]. 

Thus, protective oxide scales should have the following most important characteristics:  

• Dense, pore-free with continuous growth 

Fig. 21. (a) Arrhenius-plot of apparent parabolic growth rates kp for Al2O3, SiO2, Cr2O3, and TiO2, compared to NiO, CoO, and FeO (modified from 
[302,336,341,342]). The transition from the solid to dashed lines for SiO2 and Cr2O3 indicates that there the formation of volatile oxides may form, 
depending on the atmospheric conditions. Schematic presentation on how new oxide formation within scale grain boundaries of α-Al2O3 or Cr2O3 
can lead to build-up of compressive stresses, which can cause interfacial sliding displacement (b). Local stress concentrations at interfacial irreg-
ularities or voids cause local detachment (c), which can cause scale failure (d), adapted from [337]. 
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• Thermodynamically stable (high melting point and low vapor pressure)  
• Low scale growth rate (low electrical conductivity and low diffusivity for anions and cations)  
• Good adhesion to the material on which it grows (including not too high tensile and compressive stresses) 

Additionally important are (which are not explicitly described here further):  

• High temperature plasticity  
• Self-healing ability of cracks  
• Similar thermal expansion coefficient to the material on which it grows  
• No local attack (like on grain boundaries) 

Before discussing the oxidation resistance of (Ti,Al)N and how it can be improved – based on oxide scale growth rates derived from 
isothermal ambient air exposure at 850, 900, and 950 ◦C – we shortly look into the oxidation kinetics of CrN. This, because CrN is often 
a benchmark for transition metal nitrides in terms of oxidation resistance. Due to the rather limited thermal stability of CrN itself, as it 
dissociates towards Cr via Cr2N upon exposure above ≈ 900 ◦C [347,348]. However, most oxidation studies available for CrN have 
been conducted at temperatures below 800 ◦C and only for a rather short time (a few hours). In order to have a plausible bench-mark 
also for 850 ◦C (the lowest temperature for the (Ti,Al)N-based materials discussed in Ch. 3.2), the oxide scale thicknesses on CrN after 
oxidation at 725, 750, 775, 800, and 825 ◦C presented in Fig. 22a, whereas the Arrhenius-plot for kp is given in Fig. 22b [349]. This 
allows to estimate the kp value for 850 ◦C using Eq. (26). The slope of the Arrhenius-plot gives the activation energy, which is ≈ 323 kJ/ 
mol for the oxidation of this CrN coating. Other reported values cover quite a wide range from 110 kJ/mol [350] to 225 kJ/mol [351] 
to even 440 kJ/mol [335]. Important to mention is that the large value of 440 kJ/mol is for the parabolic oxidation step after the initial 
oxidation of the CrN surface. Reported activation energies of self-diffusion coefficients for Cr in Cr2O3 are 256 kJ/mol (61.1 kcal/mol) 
[352] and 419 kJ/mol (100 kcal/mol) [353]. 

The activation energy for the oxidation of Cr in the temperature range of 1000–1100 ◦C is 249 kJ/mol (59.4 kcal/mol), while the 
value at lower temperatures appears to be only 157 kJ/mol (37.5 kcal/mol) due to the interference from linear oxidation [333]. The 
comparison with these literature values for self-diffusion and oxidation of Cr suggests, that the wide range of activation energy for CrN 
oxidation indicates a wide range of morphologies of the Cr2O3 oxide scale formed. The latter also pronouncedly depends on the growth 
morphology of the CrN itself. The comparison of various CrN coatings showed an increased activation energy for their oxidation with 
increased compressive stresses, due to the more compact and dense growth morphology of the nitride itself [335]. 

The estimated kp value for 850 ◦C corresponds to the results obtained for CrN reported in [350]. There, the presented SEM fracture 
cross-section for CrN after ambient air exposure for 2 h at 850 ◦C indicates an oxide scale thickness of 0.52 ± 0.04 µm (average of 4 
measurement points). The corresponding parabolic fits border the colored region in Fig. 22b. When comparing oxidation studies, 
important is also to compare the conditions of the experiment, for example if the atmosphere was Ar + O2, synthetic or ambient air. 
Especially if materials easily release nitrogen (like CrN), the results can be different when comparing studies done in Ar + O2 or 
ambient air. Here, the massive N2-supply of air will influence the dissociation of CrN to Cr2N [348] and thereby the oxidation process 
itself. 

However, the structure of the oxide layer on (Ti,Al)N is more complex than on CrN or TiN, which is due to different diffusion 
properties and tendencies to oxide formation of Ti and Al. The composition of oxide scales formed on (Ti,Al)N was studied in detail 
early on [157,355], and air-oxidized samples between 500 and 900 ◦C show a typical two-layer structure in all cases. Outermost there 

Fig. 22. (a) Oxide scale thicknesses on CrN as a function of time. The circles are from [349] and the crosses are from [354]. The parabolic fits give 
their kp values, which are used to draw the Arrhenius plot (b). From this the kp for 850 ◦C was calculated to draw the blue solid line in (a). This 
corresponds to the parabolic fits through the maximum and minimum value of the oxide scale thickness after 2 h at 850 ◦C, measured from [350], 
red dotted lines bordering the shaded region. 
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is Al2O3 with only a bit of Ti, followed by a layer composed mainly of titaniumoxide and oxynitride (with only a small amount of Al) 
above the nitride [356]. Additionally of importance is, if the substrate material is inert or if there is a massive diffusion into the nitride 
coating. For example, often Si is used as substrate for laboratory investigations, but Si massively diffuses into the coating already at 
temperatures slightly above 500 ◦C. Especially, if the coating is thin, e.g. below 2 µm, Si would influence also the oxidation process 
itself. 

As mentioned above, the reactive element effect – improved adhesion of the oxide scale and blocking of their fast diffusion 
pathways such as grain boundaries by alloying small additions of REs like Y, Ce, and La to chromia and alumina formers – helps to 
improve the oxidation resistance of both structural and coating materials. But other alloying elements, like Nb and Ta (5 VE), Zr and Hf 
(4 VE and isovalent to Ti) are also able to improve the oxidation resistance. In one or another way, these elements promote the direct 
formation of r-TiO2 or retard the transformation from anatase-to-rutile or promote the formation of a more-dense TiO2. Important for 
our model system (Ti,Al)N is, that many of these elements are also beneficial for their thermomechanical behavior, as discussed in Ch. 
2.2.4. 

3.2. Alloyed and microalloyed (Ti,Al)N 

The influence of the alloying elements on the oxidation resistance of (Ti,Al)N-based coatings is obtained by investigations of the 
oxide scales grown during isothermal treatments in ambient air at 850, 900, and 950 ◦C, see Fig. 23. To avoid any cross-diffusion with 
the substrate materials, mostly sapphire or polycrystalline Al2O3 substrates are used in the individual studies, as indicated in the 
caption of Fig. 23. As a reference, the oxide scale thickness grown on TiN is ≈ 2.2 µm after 2 h at 700 ◦C [39] respectively 0.5 µm after 1 
min at 850 ◦C [357]. During dynamical DSC/TGA treatments, TiN shows with ≈ 500 ◦C an ≈ 400 ◦C earlier onset for massive oxidation 
than (Ti,Al)N [161]. CrN exhibits an ≈ 0.5 µm thick oxide scale after 3 h at 825 ◦C [335], Fig. 22. 

The oxidation resistance of (Ti,Al)N generally increases with increasing Al content, see the results for samples #1, 2, 3, 4 
(increasing Al content) at 850 ◦C in Fig. 23. Ti0.25Al0.75N, the one with highest Al content (#4), even survived 40 h at 850 ◦C, while the 
others fully transferred their ≈ 4 µm nitride into oxides [161]. Alloying (Ti,Al)N with Ta (#5, 6, 7), Nb (#8), Hf (#9), Zr (#10), Cr 
(#12), and Si (#13), or microalloying with Ce (#14), Y [229,344], LaB6 (#15), and CeSi2 (#16), further improves the oxidation 
resistance. 

As mentioned above, the oxide scales grown on the (Ti,Al)N-based coatings consist of a relatively dense Al2O3 layer and a Ti-rich 
mixed oxide layer, see Fig. 24a. For an estimation, if Ti0.50Al0.50N transforms into TiO2 and Al2O3, their molar fractions would be 66.7 
and 33.3 %, respectively. Thus, upon a full oxidation, the thickness of the original nitride would increase to 155 % (using molar 

Fig. 23. Oxide scale thicknesses grown during isothermal ambient-air treatments at 850, 900, and 950 ◦C on (Ti,Al)N and its alloys: Ti0.48Al0.52N 
(#1 [161]), Ti0.50Al0.50N (#1* [114]), Ti0.42Al0.58N (#2 [256]), Ti0.38Al0.62N (#3) and Ti0.25Al0.75N (#4) [161], Ti0.43Al0.42Ta0.15Narc (#5 [358]), 
Ti0.45Al0.36Ta0.19Narc (#6 [359]), Ti0.42Al0.48Ta0.10N (#7 [193]), Ti0.47Al0.45Ta0.08Narc (#7* [344]), Ti0.35Al0.57Nb0.08N (#8 [268]), 
Ti0.35Al0.55Hf0.10N (#9 [260]), Ti0.40Al0.55Zr0.05N (#10 [252]), Ti0.49Al0.44Zr0.07Narc (#10* [344]), Ti0.45Al0.49Zr0.06Narc (#10** [360]), 
Ti0.54Al0.45Narc/Ta0.82Al0.18Nrsd (#11 [359]), Ti0.18Al0.35Cr0.47N (#12 [361]), Ti0.43Al0.48Si0.09Narc (#13 [287]), Ti0.56Al0.34Si0.10Narc (#13* [360]), 
Ti0.48Al0.50Ce0.02N (#14 [257,258]) – Ti0.50Al0.48Y0.02Narc (#14* [344]) and Ti0.51Al0.47Y0.02N (#14** [229]) show oxide scale thicknesses of ≈ 1.2 
and ≈ 0.95 µm after 20 h at 850 ◦C, respectively, which are not presented as there are too many data points in this region – Ti0.43Al0.57N(LaB6)0.02 
(#15 [255]), Ti0.50Al0.50N(CeSi2)0.02 (#16 [257]), Ti0.21Al0.21Cr0.26Nb0.16Ta0.16N (#17), 6.4-at%-Si-alloyed Ti0.21Al0.20Cr0.28Nb0.16Ta0.14N (#18), 
and 9.8-at%-Si-alloyed Ti0.21Al0.20Cr0.27Nb0.17Ta0.14N (#18*) [298,362], Ti0.54Al0.46Narc (#19 [363]), Ti0.44Al0.44Ta0.12N (#20 [258]), 
Ti0.49Al0.44Ta0.07Narc (#21) and Ti0.44Al0.41Ta0.15Narc (#22) [264], Ti0.40Al0.54Ta0.06Narc (#23) and Ti0.34Al0.54Ta0.12Narc (#24 [263]), 
Ti0.34Al0.48Ta0.18Narc (#24* [360]), (Ti,Al)Narc/MoSiBrsd-multilayer (λ = 37 nm, #25 [364]), Ti0.43Al0.43Ta0.14N(CeSi2)0.01(LaB6)0.01 (#26 [262]), 
Cr0.45Al0.53Y0.02N (#27 [253]), Ti0.49Al0.44Ta0.07Narc/Al0.62Cr0.38Narc (#28) and Al0.62Cr0.38Narc (#29) [264], Ti0.30Al0.54Ta0.16Narc (#30) and 
Ti0.32Al0.60Ta0.08Narc (#31) [358], Ti0.51Al0.43Ta0.06Narc/Ta0.77Al0.23Nrsd-multilayer (λ = 13 nm, #32 [365]), Ti0.34Al0.48Ta0.18Narc/Ti0.56Al0.34-

Si0.10Narc-multilayer (#33 [366]). The dotted lines are parabolic fits through the individual oxide scale thickness values, while the dash-dotted ones 
are cubic fits (for #16, 18, 26, 28, 29). 
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volumes of ≈ 11.0, 13.5, and 18.9 cm3 for fcc-Ti0.50Al0.50N, α-Al2O3, and r-TiO2, respectively) or its weight would increase to 170 % 
(using molar weights of ≈ 51.4, 102.0, and 79.9 g for Ti0.50Al0.50N, Al2O3, and TiO2). With the difference in molar fraction and volume 
between α-Al2O3 and r-TiO2, the oxide scale grown on Ti0.50Al0.50N easily consists of 70–75 % TiO2. The thermodynamically more 
stable form of TiO2 is rutile, but anatase easier nucleates and is preferred for small grain sizes. This is why typically a-TiO2 is formed 
first and phase-transforms to r-TiO2 upon a time or temperature increase. This is unfortunately connected with a volume reduction as a- 
TiO2 has 20.5 cm3/mol, leading to cracks (see Fig. 24a), which, in turn, promotes further oxidation. As McInyre et al. [114] noted, the 
mobile species are essentially Al and O (at ≈ 800 ◦C), and while Al diffuses through the sublayer of the Ti-rich oxide towards the oxide/ 
gas interface, the oxygen counterdiffusion flow delivers O to the nitride/oxide interface for a further formation of the Ti-rich oxide. 

With a much higher Al content, here shown for Ti0.25Al0.75N, especially the porous Ti-rich mixed part massively decreases, Fig. 24b, 
leading to the much-improved oxidation resistance. Unfortunately, the Ti0.25Al0.75N coating typically crystallizes with the hcp 
structure, due to the Al content being above xmax for a complete single-phase fcc structure, see Fig. 12. This leads to reduced me-
chanical strength, and therefore we will concentrate here on possibilities to improve oxidation resistance of (Ti,Al)N-based materials 
without sacrificing mechanical strength. In particular, the Ti-rich mixed oxide layer needs improvements (i.e. it should be less porous 
and without cracks) so that the Al-rich oxide layer above it can develop its full effect [114,252]. Especially for the TM alloyed ma-
terials, the Ti-rich mixed oxides contain these elements often as a solid solution, and therefore thereby alloyed (Ti,Al)N shows a further 
improvement in oxidation resistance, Fig. 23. This is particularly the case for Ta, where fully oxidized (Ti,Al)N/(Ta,Al)N multilayer 
exhibits a homogenous distribution of Ti, Ta, and O throughout the scale [359]. These observations agree well with studies on arc- 
evaporated Ti-Al-Ta-N films [250], which suggest that partial-substitution of Ti in TiO2 with Ta also leads to a lower density of ox-
ygen vacancies, which delays oxygen diffusion [250,367]. 

The a-TiO2-to-r-TiO2 transformation can be retarded by Al, Y, or Zr [345,368,369]. Therefore, Zr addition to Ti1-xAlxN improves its 
oxidation resistance especially in the lower temperature regions [360]. Contrary, Ta promotes the direct formation of r-TiO2 
[358,344]. One of the Ta-oxides is isostructural related to r-TiO2, thus solid solution r-(Ti,Ta)O2 phases are observed during oxidation 
of (Ti,Al,Ta)N. Tantalum is thus able to completely avoid the undesirable anatase-to-rutile transformation (by promoting the direct 
formation of rutile), while Y and Zr can only delay or postpone it. However, extremely important is the Al content, which should be 
maximized first, as mentioned above for non-alloyed (Ti,Al)N. Ti0.25Al0.75N shows even after 40 h oxidation at 850 ◦C only a 1.1 µm 
thick oxide scale [161]. This is also valid for the alloyed (Ti,Al)N coatings, which should have a high Al-content as well, compare for 
example #5 and #7 of the (Ti,Al,Ta)N coatings in Fig. 23 for 850 ◦C. As Ta modifies the growing r-TiO2, also the Ta content should not 
be too high, compare #6 and #7. Detailed studies show that (Ti,Al,Ta)N provides excellent oxidation resistance for Al/Ti ratios ≈ 2 and 
Ti/Ta ratios ≈ 3 [358] (hence, a composition close to Ti0.3Al0.6Ta0.1N), compare #20 (Ti0.44Al0.44Ta0.12N) and #24 (Ti0.34Al0.54-

Ta0.12Narc) at 900 ◦C, or Ti0.30Al0.54Ta0.16Narc (#30) and Ti0.42Al0.48Ta0.10N (#7) as well as Ti0.32Al0.60Ta0.08Narc (#31) at 950 ◦C in 
Fig. 23. Interestingly, the chemically very similar coatings Ti0.42Al0.48Ta0.10N (#7) and Ti0.47Al0.45Ta0.08Narc (#7*) form the lower and 
upper bound of various (Ti,Al,Ta)N coatings at 850 ◦C, see the green-shaded regions. 

The use of arc-evaporation instead of sputtering (or vice versa) cannot be considered a guarantee of better oxidation resistance. 
More important is a dense microstructure and the optimized chemical composition. As the coatings presented in Fig. 23 were mostly 
developed for improved mechanical performance (or at least to have excellent mechanical properties as well), an important point was 
their single-phase fcc structure in the as-deposited state. Often, arc-evaporation allows to combine this with a higher Al content, 
particularly for standard-near deposition conditions. 

Important for the protectiveness of the oxide scale formed is also its structural complexity. For the Ta-alloyed (Ti,Al)N, even after 
30 h oxidation treatments at 950 ◦C, solely α-Al2O3 and r-TiO2-structured (with Ta solid solution) oxides are present (#30 and 31). 
Corresponding to the phases present in the oxide scale after 20 h at 850 ◦C (#7*), see the XRD patterns summarized in Fig. 25. But the 

Fig. 24. SEM fracture cross-sections of (a) Ti0.48Al0.52N and (b) Ti0.25Al0.75N (on polycrystalline Al2O3) after isothermal oxidation for 20 h at 
850 ◦C [161]. 
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Y- and Zr-alloyed (Ti,Al)N coatings also provide other complex oxides such as yttrium titanate, like Y2Ti2O7, and zirconium titanate, 
like ZrTiO4, respectively, next to a-TiO2, r-TiO2, and α-Al2O3 [344]. Thus, Ta is helpful in this regard as it promotes the direct formation 
of r-TiO2, avoiding other complex oxide phase formations, and additionally Ta enhances the formation of α-Al2O3. ZrO2 and TiO2 react 
to form ZrTiO4 at ≈ 850 ◦C, which further reacts with TiO2 to form ZrTi2O6 (Zr0.33Ti0.67O2) [370]. 

These are the major phases (next to ZrO2 and TiO2) within the ZrO2–TiO2 phase diagram. Within the phase diagram SiO2–TiO2, 
there is no additional phase but a eutectic point at 6.3 % TiO2 and 1552 ◦C [371], but there is a ZrSiO4 phase within the SiO2–ZrO2 
phase diagram [372]. The SiO2–Al2O3 phase diagram also holds one additional phase, i.e. mullite (3Al2O3⋅2SiO2) [373]. However, its 
formation was not observed during oxidation of a Si-alloyed (Ti,Al)N, not even when increasing the temperature to 1200 ◦C (followed 
by an immediate cooling segment) [287]. No separate SiO2-based crystalline phase could be detected there even after oxidation at 
1200 ◦C. This is because SiO2 has a strong glass-forming ability (e.g. it is the principal glass former in glazes) and combines with almost 
all oxides to bring them into a glass structure. Moreover, pyrochlore-type Y2Ti2O7 forms during annealing of TiO2 and Y2O3 powders at 
≈ 800 ◦C [374]. Contrary, aluminum titanate Al2TiO5 (the only additional phase within the Al2O3–TiO2 phase diagram) is formed 
above 1283 ◦C (upon a reaction between α-Al2O3 and TiO2). Therefore, the latter is present if (Ti,Al)N was oxidized at 1450 ◦C, while 
only r-TiO2 and α-Al2O3 is present if the oxidation temperature was only 950 ◦C, Fig. 25. 

In this overview, the high entropy metal sublattice coating (Ti,Al,Cr,Nb,Ta)N (#17, 850 ◦C) is comparable to the weakest (Ti,Al,Ta) 
N coating (#5), mostly because of the much lower Al content. Considering this, the coating shows a remarkable oxidation resistance. 
This can be related to its single-crystalline-phase oxide scale (being rutile), which shows an excellent adhesion to the nitride from 
which it grows, Fig. 26a. 

The oxide scale adopts the morphology from the nitride it substrates, but provides chemically a rather sharp transition and exhibits 
pores with 20–30 nm in diameter, Fig. 26b. By alloying this with 6.4 at% Si, the oxidation resistance can massively be improved to 
match that of the CeSi2 microalloyed (Ti,Al)N, compare #18 and #16 in Fig. 23, respectively. With the help of Si, the oxide scale 
thickness even after 100 h at 850 ◦C is only 0.25 µm (2.7 µm without Si) [298]. Although the oxide scale still shows only a single- 
crystalline-phase r-TiO2-based structure, it is divided in two regions, Fig. 26c. The inner oxide (oxide 1) is Si-rich and provides a 
gradual transition in chemistry and morphology to the nitride from which it grows, see Fig. 26d. 

Very often the addition of Si massively improves the oxidation resistance of nitride coatings, see the Si-containing coatings (#16, 
18, 26), which are among those with the thinnest oxide layers during oxidation at 850, 900, and 950 ◦C, Fig. 23. The effect is similar to 
that one presented for the HESN-Si coating, which has a well-adherent and dense Si-rich inner oxide layer and essentially a simple 
oxide structure. Interesting is here also the coating Ti0.43Al0.48Si0.09Narc (#13), which shows an oxide scale thickness of ≈ 1 µm at 850, 
900, and 950 ◦C, indicating a very stable scale formation. The oxide growth kinetics of the Si-containing nitride coatings follow more a 
cubic like behavior rather than a parabolic one. Thus, the oxide scale initially grows faster, but then provides a protective nature with 
slow kinetics. 

The Arrhenius-plot, as shown in Fig. 27a, indicates an activation energy Qp of 45.8 kJ/mol for the parabolic oxidation of 
Ti0.43Al0.48Si0.09Narc (#13). Interestingly, Ti0.40Al0.55Zr0.05N (#10) also provides a rather low Qp of 56.8 kJ/mol, but its chemical 
relative, i.e. Ti0.49Al0.44Zr0.07Narc (#10*), was already fully oxidized after 20 h at 950 ◦C (which indicates a much larger Qp as both 
have a similar kp at 850 ◦C). The Al-leaner Ti0.57Al0.38Zr0.05N (2.1 µm thin), even fully oxidized during the 1 h exposure to air at 700 ◦C 
[164]. The reasons for the better performance of Ti0.40Al0.55Zr0.05N compared to Ti0.49Al0.44Zr0.07Narc could be the higher Al and lower 
Zr content. Both coatings exhibit a layered oxide scale with an outermost, dense α-Al2O3, but the mixed Ti-Zr-O layer is more likely a 
Zr0.33Ti0.67O2 on Ti0.40Al0.55Zr0.05N [370] and a ZrTiO4 on Ti0.49Al0.44Zr0.07Narc [344]. The chemically closer Ti0.45Al0.49Zr0.06Narc 

Fig. 25. XRD patterns of Ti0.48Al0.52N (#1) after dynamic oxidation to 1450 ◦C and isothermal oxidation at 1000 ◦C for 1 h (in synthetic air). The 
alloyed (Ti,Al)N coatings (#7* Ti0.47Al0.45Ta0.08Narc [344], #10* Ti0.49Al0.44Zr0.07Narc [344], and #14* Ti0.50Al0.48Y0.02Narc [344]) are oxidized for 
20 h at 950 ◦C, while #10 (Ti0.40Al0.55Zr0.05N [252]) is oxidized for 1 h at 1000 ◦C, which still shows pronounced contributions from the fcc nitride 
(broad XRD peaks at 2θ ≈ 37 and 43◦). 
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(#10**) coating [360] also provides a small Qp of 92.9 kJ/mol and even smaller kp values than Ti0.40Al0.55Zr0.05N. Again, there the 
mixed Ti-Zr-O layer is more likely a Zr0.33Ti0.67O2. These results suggest that the oxidation resistance of Zr-alloyed (Ti,Al)N coatings 
strongly depend on the nature of the mixed Ti-Zr-O layer. Here, the Zr0.33Ti0.67O2 seems to provide a more protective behavior than 
ZrTiO4. 

The LaB6 and CeSi2 microalloyed (Ti,Al)N coatings, Ti0.43Al0.57N(LaB6)0.02 (#15) and Ti0.50Al0.50N(CeSi2)0.02 (#16), have quite 
large Qp values of 442.8 and 435.6 kJ/mol, respectively. Only Ti0.18Al0.35Cr0.47N (#12) provides a larger one with 516.5 kJ/mol. Due 
to their high Qp values, these coatings have larger kp values at 950 ◦C although providing the lowest ones at 850 ◦C. Contrary, the Ta- 
alloyed (Ti,Al)N coatings, which are not among the best ones at 850 ◦C, provide smallest kp values at 950 ◦C (0.05 µm2/h for #31) – 
granted by the relatively small Qp, which is 171.6 kJ/mol for Ti0.42Al0.48Ta0.10N (#7). This compares well with the reported activation 
energy for oxidation of (Ti,Al)N of 187 kJ/mol [164], but for temperatures between 700 and 850 ◦C (200 ± 30 kJ/mol [375] at 
500–800 ◦C, 2.2 eV (212 kJ/mol) at 750–800 ◦C and 4.2 eV (405 kJ/mol) at 850–900 ◦C [114]). At higher temperatures the oxidation 
of (Ti,Al)N accelerates [114], in agreement with results presented in Fig. 23. Evaluating the oxidation data for AlN bulk ceramic yields 
212 kJ/mol (51 kcal/mol) [376] and 234 kJ/mol (56 kcal/mol) [377] for the initial parabolic kinetic at 900–1100 ◦C (TiN bulk 
ceramic provides 194 kJ/mol at 625–1075 ◦C [378]) and those of TiN-Si (14 at% Si) [39] yields 288 kJ/mol, Fig. 27a. All solely Ta- 
alloyed (Ti,Al)N coatings presented in Fig. 23 (#5–7, 20–24, 30–32) have kp values within the green-shaded region of Fig. 27. The Nb 
and Hf alloyed (Ti,Al)N, Ti0.35Al0.57Nb0.08N (#8) and Ti0.35Al0.55Hf0.10N (#9), are also in this region, but their larger Qp values of 201.0 
and 246.8 kJ/mol, respectively, cause their change from the midfield at 850 ◦C to the upper bound at 950 ◦C. 

Contrary, the solely Si-alloyed (Ti,Al)N (Ti0.43Al0.48Si0.09Narc, #13), which is in the midfield of the green-shaded region at 850 ◦C, 
comes closer to the lower bound at 950 ◦C. As highlighted in [287], the formation of a dense and protective outermost α-Al2O3-based 
scale requires a high temperature. This might be due to the bonding with SiO2 and its glass-forming ability, which better works at 

Fig. 26. Cross-sectional TEM investigations of the HESN coating (Ti,Al,Cr,Nb,Ta)N (#17) without Si (a) and (b), and with 6.4 at% Si (#18) (c) and 
(d) after oxidation in air at 850 ◦C for 100 h. (a) is a dark field TEM, (c) a bright field TEM, (b) and (d) STEM studies. The remaining nitride is still 
single-phase fcc structured (SAED inset I), and all oxide regions indicate a single-phase rutile structure (SAED inset II for Si-free; and III and IV for 
oxide 1 and oxide 2 of the Si-containing film). (b) The oxide scale itself is homogeneous in morphology and chemistry, except for the Al-and O-rich 
outermost region (not shown). (d) The oxide itself has gradual changes in morphology and Si as well as Cr contents. The inner Si-rich region (oxide 
1) is denser than the outer Cr-rich region (oxide 2), which shows much smaller pores than for the Si-free sample (20–30 nm in diameter (b)) [298]. 
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higher temperatures. Generally, the overview displayed in Fig. 27 shows that the protectiveness of the oxide scale formed depends on 
the temperature, which can alter the most promising alloying concept. 

The combination of the Ta-, Si-, and RE-effect helps Ti0.43Al0.43Ta0.14N(CeSi2)0.01(LaB6)0.01 (#26) to be among the best ones at 
900 ◦C, although the chemistry of Ti0.43Al0.43Ta0.14N is not ideally and outscored by the one closer to the mentioned ideal composition 
Ti0.3Al0.6Ta0.1N, Ti0.34Al0.54Ta0.12Narc (#24). At 900 ◦C, only the (Al,Cr)N-based coatings, Cr0.45Al0.53Y0.02N (#27), Ti0.49Al0.44-

Ta0.07Narc/Al0.62Cr0.38Narc (#28), and Al0.62Cr0.38Narc (#29) provide smaller kp values. For comparative reasons, the oxide growth 
rates of the coatings #16, 18, 26, 28, and 29 were fitted with a parabolic law, although they follow more a cubic one, Fig. 27b. 

4. Fracture toughness 

4.1. Some materials science basics 

Typically, ceramic-like materials provide high strength and thermal stability but exhibit only limited fracture toughness. Fracture 
mechanics and especially the fracture toughness of ceramics is a very complex field in itself, for which the reader is referred to further 
literature such as [379–384]. We present here only some basics, which we understand as tools to increase the fracture toughness of 
ceramic-like coating materials. According to the Griffith criterion, the critical stress σc at which instable crack propagation (fatal 
failure) occurs can be estimated based on the liner-elastic-fracture mechanics theory, see e.g. [384–389], as 

σc =
Kc

Y ̅̅̅̅̅̅̅πac
√ (27) 

Kc is the critical stress intensity factor (or fracture toughness, which is the materials resistance against instable crack propagation). 
Y represents a geometry factor (considering the specimen and crack geometry) and ac is the crack length or critical failure size (like the 
pore size in ceramics). The critical stress intensity factor Kc (for a plain stress) can be estimated as 

Kc =
̅̅̅̅̅̅̅̅
GcE

√
(28) 

with E being the Young’s modulus and Gc the energy a crack consumes. Without any plastic deformation this is often associated 
with 2γ, where γ is the specific surface energy, and the factor 2 belongs to the two surfaces of the crack (in other words, two opposite 
surfaces are created). For a plain strain situation (as in the middle of a sample), E

1− ν2 instead to E (for a plane stress situation and a plane 
specimen) needs to be used for Eq. (28), with ν being the Poisson’s ratio. Generally, due to the three major loading modes of the crack- 
tip, three Kc values, KIc, KIIc, and KIIIc are classified. Let us assume a plane specimen with crack, Mode I refers to the opening or tensile 
mode (tensile stresses are active at the crack-tip), mode II to the shear or slide mode (shear stresses are active at the crack-tip in crack 
propagation direction), and mode III to the shear or tear mode (with shear stresses at the crack-tip perpendicular to the crack prop-
agation direction) [387]. Mode I is the most demanding one and, generally, KIc < KIIc or KIIIc. Failure occurs if the active stress at the 
crack-tip is above σc. This is schematically presented in Fig. 28a (according to Eq. (27)), which also indicates what measures can be 
taken (without decreasing σ) to enter the safe zone. Obviously, a reduction in ac helps, but if that is not possible, we need to increase Kc, 

Fig. 27. (a) Arrhenius-plot of the apparent parabolic growth rates kp for the (Ti,Al)N-based coatings presented in Fig. 23 (with the same 
numbering). Coatings showing a breakaway oxidation where only considered up to this point. Colored numbers refer to coatings with more than just 
one data point here. The data for AlN bulk ceramics [114] and TiN-Si coatings (14 at% Si) [39] are added as an additional reference. For comparison 
reasons, the growth rates of oxide scales on #16, 18, 26, 28, and 29 are fitted with a parabolic law (although they follow more a cubic one). 
Therefore, they have quite large error bars in (a). (b) Arrhenius-plot of the apparent cubic growth rates kc for these coatings, Ti0.50Al0.50N(CeSi2)0.02 
(#16 [257]), 6.4-at%-Si-alloyed Ti0.21Al0.20Cr0.28Nb0.16Ta0.14N (#18) and 9.8-at%-Si-alloyed Ti0.21Al0.20Cr0.27Nb0.17Ta0.14N (#18*) [298,362], 
Ti0.43Al0.43Ta0.14N(CeSi2)0.01(LaB6)0.01 (#26 [262]), Ti0.49Al0.44Ta0.07Narc/Al0.62Cr0.38Narc (#28) and Al0.62Cr0.38Narc (#29) [264]. The error bar is 
typically smaller than the symbol size. 
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and, according to Eq. (28), this is possible via an increase in E or Gc. 
As summarized by Ritchie [390], contributions to Gc can be divided into extrinsic and intrinsic ones. Intrinsic mechanisms 

(typically in front of the crack-tip like microplastic zones, additional stress-fields, cleavage fracture of microparticles) are determined 
by material properties and are therefore independent of component geometry and crack morphology. Extrinsic mechanisms (typically 
behind the crack-tip like oxide-wedging, grain-bridging, fiber-bridges, crack displacement) are strongly dependent on the formation of 
the crack and on the shape. They locally reduce the stress intensity at the crack-tip, so-called crack-tip shielding, and thereby increase 
the crack propagation resistance. In macroscopic terms, the energy absorption of both mechanisms increases the critical energy release 
rate Gc. 

In ductile materials, mainly intrinsic mechanisms are active and used to increase toughness. These intrinsic mechanisms include 
pile-up of mobile dislocations with a subsequent cleavage fracture or microscopic interfacial detachment and the formation of micro- 
defects and their joining. This leads to the formation of a microplastic zone in front of the crack-tip. Extrinsic mechanisms can also act 
in an inelastic zone behind the crack-tip. This occurs primarily during thermomechanical fatigue by crack-bridging or by sliding of the 
crack-faces. Since the extrinsic mechanisms act in the crack-wake, i.e. behind the crack-tip, they have no influence on crack initiation. 
They only start to act after a crack has formed. For this reason, in materials in which extrinsic mechanisms act, the toughness 
(resistance to failure) increases with increasing crack length. In brittle materials (such as ceramics), mainly extrinsic mechanisms are 
suitable to increase toughness [390,391]. 

The major energy dissipation mechanisms to increase the toughness of ceramic materials are based on “crack deflection (1)” and 
“crack shielding (2)” – being the most effective – followed by “contact shielding (3)” and increasing intrinsic material properties through 
“improved ductility (4)”. 

Crack deflection (1) can be achieved by particles that have a higher crack resistance than the matrix or another Young’s modulus. 
Crack deflection also occurs at the interfaces of laminates (or multilayers) in front of a propagating crack. If layers with low crack 
resistance are arranged perpendicular to the crack propagation, then a crack can be deflected at the interface. The stress at the two 
crack fronts is now significantly lower and also two new surface pairs had to be formed (needs energy) – such a scenario is sche-
matically presented in Fig. 28b and can be extracted in hard coating materials through superlattices for example (see Ch. 4.2). The 
difference in Young’s modulus can either attract or repel the crack. This leads to bulging of the crack or deflection of the crack in the 
crack plane (plane perpendicular to the applied stress) or out of the crack plane. In both cases, the crack front sees a lower stress. The 
splitting from mode I into mode I + II or I + III directly at the crack-tip reduces the intensity (because, KIc < KIIc or KIIIc) [391]. 

As pointed out by Gabel et al. [395] on the example of a layered eutectic NiAl–Cr(Mo) in-situ composite, when in addition to crack 
deflection (Fig. 29a) also crack renucleation and crack bridging (Fig. 29b and c) can be activated, the fracture toughness is much 
higher. 

There are different mechanisms to shield (2) a crack from the applied stress. The best known is transformation strengthening/ 
toughening, which works for metals (e.g. steels) and ceramics (a lot is known for ZrO2-toughened ceramics). The principle is based on 
the intercalation of a metastable second phase into the matrix which transforms under mechanical stress with an increase in volume 
(but not otherwise). 

The classical example is the intercalation of some vol.% ZrO2 in oxides or other brittle ceramics. The high temperature modification 
of ZrO2 is tetragonal (t-ZrO2) and has a much smaller specific volume than the monoclinic (m-ZrO2) low temperature modification. By 

Fig. 28. (a) Schematic presentation of Eq. (27), where the green asterisk symbolizes a given loading σ at a given ac. If the original conditions would 
be above σc (being in the fracture region), decreasing ac or increasing Kc can change this so that for the same loading, σ is below σc (being in the safe 
region). (b) Schematic of the interaction of an approaching crack-tip and a second phase (maybe as layers perpendicular to the crack growth di-
rection) having a different characteristic (different Young’s modulus, different lattice parameter a for coherently grown layers, or lower crack 
resistance), adapted from [392]. (c) Schematic of transformation toughening mechanisms due to a martensitic transformation of particles with an 
associated volume increase (e.g. the t-ZrO2-to-m-ZrO2 transformation in thereby toughened ceramics, see text), adapted from [393,394]. (d) 
Schematic of a combination of (b) and (c), which might be accessible for multilayers or superlattices where one layer is epitaxially stabilized in its 
lower-volume metastable structure. 
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adding other metal oxides such as MgO, Ce2O3, or Y2O3, the driving force for the transformation can be lowered, i.e. the t-ZrO2-to-m- 
ZrO2 transformation temperature is lowered. Above 2370 ◦C the cubic modification is preferred. An important consequence of the t- 
ZrO2-to-m-ZrO2 transformation (which could be initiated by the propagation of a crack, where the crack-wake or tensile stressed 
regions near the crack-tip would allow for this) and the associated increase in volume is that additional compressive stresses build up. 
These will influence the stress situation at the crack-tip – which is directed perpendicular to the crack propagation and thus relieves the 
effective tensile stresses at the crack front – and counteract further transformation of the t-ZrO2 grains in the matrix. Such a scenario is 
schematically presented in Fig. 28c and d and can be extracted in hard coating materials through superlattices for example (see Ch. 
4.2). Less effective than transformation strengthening/toughening is the toughness increase due to the formation of microcracks or 
pores in the process zone leading to a reduction of the effective energy on a crack. These could be triggered by microstructural elements 
that break or open respectively detach near the crack front due to the increased tensile stresses there. Possible features for such could 
be droplets within arc-evaporated coatings, but their size needs to be smaller than the critical size ac. 

Contact shielding (3): Everything that holds the crack together behind the crack-tip relieves the crack-tip and thus the “toughness” 
increases, since less stress is effective at the crack-tip. The most important mechanisms are grain bridging and fiber reinforcement. 
Bridging causes the crack flanks to interlock, e.g. via friction, and, thus, reduces the effective stress at the crack-tip. Through fiber 
reinforcement, energy is dissipated due to the deformation of the fibers (elongation and fracture) by pulling out fibers and 

Fig. 29. SEM images of microcantilevers in the crack arresting orientation after testing, made from two 6 at% Mo-containing layered eutectic 
NiAl–Cr in-situ composites. (a) Sample with lowest fracture resistance, where mainly crack deflection contributes to dissipate energy, schema below. 
(b) Sample with highest fracture resistance, due to the joined effects of crack-deflection, − renucleation, and − bridging. (c) A higher-magnification 
image of the region boxed in (b). Adapted from [395]. 

Fig. 30. (a), (b) Focus ion beam (FIB) cut through a crack introduced during straining (18 % with 0.6 mm/min) of a polymer substrate [397] that 
has been coated with CrN/AlN multilayers: (a) CrN and 3-nm-thin AlN layers (fcc due to coherent growth with fcc-CrN, AlN layers are marked by 
dashed white lines) and (b) CrN and 10-nm-thin AlN (hcp, as coherency to fcc-CrN breaks if too thick, see Ch. 4.2) [398]. (c), (d) In-situ compression 
test of coatings on massively thinned Si substrates (<400 nm) until failure. In (c) is the same coating as in (a) and in (d) the same as in (b) [398]. The 
loading (tensile or compressive) was always in-plane of the layers. 

P.H. Mayrhofer et al.                                                                                                                                                                                                 



Progress in Materials Science 146 (2024) 101323

35

delamination from the matrix. As these are difficult to be used in hard ceramic thin film materials, we mainly concentrate on the energy 
dissipation mechanisms based on crack deflection (1), crack shielding (2), and contact shielding via bridging (3). 

The impact of layers, within a hard coating, with a perpendicular arrangement to the crack propagation direction strongly depends 
on the nature of the layers, but also the stress field generated at their interfaces. Obviously, if one of the layer-materials is more ductile 
(like metals, Me, as compared to ceramic-type layers, e.g., TMN/Me, TMC/Me, or TMB2/Me), the fracture toughness would increase 
with increasing metal-fraction. But this typically would be on the expense of strength [396], which we therefore will not discuss here 
further. However, as pointed out in [396] with the example of VC/W, the correct choice of the alternating-layer and the formation of 
superlattices (Ch. 4.2) allows to improve hardness and toughness. In addition to the more ductile character of one layer, the strain field 
generated by lattice-mismatched and/or elastic constants mismatched layers [396] influences the crack propagation. 

Crack propagations due to tensile or compressive loading of CrN/AlN multilayers are captured in Fig. 30a to d. 
If the AlN layers are grown coherently (thus only 2–3 nm thin) on fcc-CrN, the cracks passing through the CrN/AlN multilayers 

exhibit more deflection at the individual interfaces and even branching, than if the AlN layers are non-epitaxial and in their ther-
modynamically stable hcp structure (here, 10 nm thin). Compare Fig. 30a and b for samples that have been tensile strained respectively 
Fig. 30c and d for samples that have been compressed until failure. This impressively shows that the nature (or structure) of the in-
dividual layers (and the thereby associated strain fields) hugely impact the crack growth behavior. In the next chapter we will 
introduce the concept of epitaxial layers, termed epitaxial stabilization, and superlattices and why epitaxy maybe lost after a certain 
thickness of the layers. 

4.2. Superlattices 

First reports about superlattice (SL) structures date back to 1925, based on XRD studies of solid solutions within the systems Au–Cu 
and Pd–Cu [399]. Thus, they outdate the concept of crystal dislocations by Taylor [60] from 1934 or the assumption of such crystal 
defects (without naming them dislocations) made by Prandtl [66] in 1928. What they have in common is that Dehlinger – whom we 
mentioned during introducing the concept of dislocations in Ch. 2.1 for his “Verhakungen” [65] – together with Graf was also for 
superlattices among the first to study them and provide additional explanations [400–402]. The superlattice structure within some 
compositions of Au–Cu (essentially at 25, 50, but also 75 at% Cu) originate by their perfectly ordered arrangement of Au and Cu atoms 
within the fcc-structure (Cu is either at all corners or face centers of an fcc cell, thus for 25 or 75 at% Cu; or (001) and (002) planes 
alternate in being either Cu or Au, giving 50 at%). The AuCu3-type (AB3-type) is actually present in more than 75 different inter-
metallic systems and allows for densely packed crystals that the A-atom is only coordinated by B-atoms. The AuCu-type (AB-type) is 
actually tetragonally distorted in the [001] direction, along which Au (e.g. at 001-planes) and Cu (e.g. at 002-planes) monolayers 
alternate. Due to the distinct chemical difference of the layers (either Au or Cu), combined with atomically sharp “interfaces”, the 
AuCu-type provides pronounced satellite reflections during XRD investigations. Such satellite reflections arise from constructive 
interference of X-rays reflected from the upper and lower interfaces of the bilayer units (a bilayer period Λ denotes the combined 
thickness of layer A and B). The more pronounced the satellite reflexes are, the better the long-range coherent periodicity of these 
bilayers and the higher the quality of the SL in terms of planar and homogeneous interfaces. The smaller Λ, the further the satellite 
reflections deviate from their main Bragg peak. The bilayer period Λ can be calculated from XRD patterns with satellite reflections 
using the modified Bragg’s law: 

Fig. 31. Epitaxial growth of layers A and B with (a) lattice-matched layers (Δa = 0), (b) strained layers due to a lattice mismatch (Δa ∕= 0, here layer 
B has a larger lattice parameter than layer A), (c) formation of misfit dislocations for too high misfit strains, and (d) dependence of the critical layer 
B thickness for an epitaxial growth on layer A with the lattice mismatch between these layers. Adapted from [406]. 
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Λ = ±
nλ

2sinθn − 2sinθSL
(29) 

with n for the order of the satellite reflection, λ the wavelength of the radiation, θn the diffraction angle of the corresponding (nth- 
order) satellite reflection, and θSL for the diffraction angle of the main Bragg peak (around which satellites form). With their concept of 
artificially made superlattices [403] – essentially multilayered thin films, prepared by alternating two or more layers via vacuum 
deposition techniques – Esaki and Tsu initiated a new research-field in developing new “materials”. Although their concept was 
motivated by the development of a one-dimensional periodic potential in monocrystalline semiconductors, this concept soon entered 
other research disciplines (beyond the field of semiconductors). Esaki and Tsu proposed that the one-dimensional periodic potential 
can be obtained by a periodic variation of the alloy composition or by a periodic variation of the doping content during an epitaxial 
crystal growth. In the same year (1970), Koehler proposed a composite material for a strong solid, which is similarly based on epitaxial 
growth of alternating layers of crystals A and B [404]. To this end, the two crystals should have the same lattice parameter but as 
different elastic constants as possible, and the layers should be sufficiently thin so that no dislocation generation mechanisms (such as 
Frank–Read sources) can operate, according to the schema presented in Fig. 31a. Koehler correctly mentions, that it is actually the 
difference in line energy of dislocations that matters. Dislocations would prefer to stay within the layer providing smallest line energy 
and to drive them into the other layer requires a very high stress. Lehoczky [405] was the first to report about the experimental 
verification of Koehler’s attempt, using thin-layered Al–Cu and Al–Ag laminates. For example, the tensile yield strength of Al–Cu 
laminates (with equal Al and Cu thicknesses) increases from ≈ 140 MPa (rule of mixture for thick Al and Cu films) to ≈ 670 MPa with 
decreasing the layer thickness to 70 nm. With a further reduction (down to 20 nm) the tensile yield strength essentially stays at this 
high value. Contrary to the Hall–Petch type inverse-square-root variation with grain-size (Eq. (4)), Lehoczky observed a linear 
dependence of the tensile yield strength on the inverse layer thicknesses due the repulsive dislocation-image forces as described by 
Koehler. 

In addition to this “Koehler strengthening” or modulus difference strengthening, superlattices or multilayers also allow for “coherency 
stress strengthening”. Here, strains at coherent interfaces (for lattice mismatched materials, as schematically presented in Fig. 31b) 
impede the dislocation motion. They also allow for an “epitaxial stabilization effect”, where the pseudomorphic forces of the stabilizing 
layer act on the surface of the other layer during nucleation and growth, causing it to crystallize in its metastable but more similar 
structure rather than its thermodynamically stable but different structure. Depending on the lattice mismatch and generated strain, 
misfit dislocations may form (Fig. 31c) and the critical layer thickness at which (partial) coherency breaks is inversely proportional to 
this strain, see Fig. 31d. 

The coherency stresses may even result in enabling structures difficult to obtain otherwise, like the tetragonal β-Mo2N phase, which 
has an ordered vacancy distribution on the N-sublattice. During growth of single-crystalline 001-oriented TiN/MoN0.5 superlattices 
(Fig. 32a), the stretching of the lattice parameter a of MoN0.5 to match that of TiN, causes a shortening of its [001] direction, pro-
moting the formation of β-Mo2N (having a c/a ratio of 1.96) over the fcc structured γ-Mo2N [407], see Fig. 32b and c (corresponding to 
the schematic drawing presented in Fig. 31b). Both phases, β-Mo2N and γ-Mo2N can be imagined as an fcc NaCl (rocksalt) structure, 
where the metal sublattice is theoretically fully occupied and the N-sublattice is half vacant (ordered vacancies for β-Mo2N and random 

Fig. 32. Cross-sectional TEM investigations of a 001-oriented single-crystalline TiN/MoN0.5 superlattice with Λ = 9.9 nm, grown on MgO(001). (a) 
STEM overview image. (b) [100] SAED pattern with most intense reflections from the fcc TiN/MoN0.5 lattice and lower-intensity satellite reflections 
along [001] due to the superlattice. The latter are marked by + / − in the enlargement from the region marked by a white dashed rectangular. The 
other lower-intensity reflections (along lines marked with small arrows at the bottom) stem from the ordered tetragonal β-Mo2N phase of the MoN0.5 
layers. (c) Simulated SAED pattern with reflections of fcc TiN (black circles) and β-Mo2N (smaller red and green circles) overlaid on the inverted 
SAED image (the other half of (b)). (d) Lattice-resolved high-resolution TEM micrograph capturing several bilayers and showing the coherent 
growth of the fcc-TiN and β-Mo2N layers. Adapted from [407]. (For interpretation of the references to colour in this figure legend, the reader is 
referred to the web version of this article.) 
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ones for γ-Mo2N). Thus, β-Mo2N itself has a superlattice structure, it also shows a higher Cauchy pressure (defined by the single crystal 
elastic constants as C12–C44) than γ-Mo2N (125 vs 90 GPa). The Cauchy pressure is often treated as inherent ductility criteria (the 
higher the more ductile), which is introduced in Ch. 4.3. HRTEM investigations confirm the coherent growth of the TiN and MoN0.5 
layers with apparently few (misfit)dislocations, see Fig. 32d. However, this should not lead to the conclusion that such single- 
crystalline superlattices have low dislocation densities. Detailed investigations of single-crystalline TiN/Cr0.37Al0.63N SLs show 
dislocation densities of 2.4⋅1016 and 4.7⋅1016 m− 2 for bilayer periods of 2.5 and 7.3 nm, respectively [408]. 

A classic example for the epitaxial stabilization effect would be AlN, which is hcp in its thermodynamically most stable structure but 
also allows for a metastable fcc structure, typically for high compressive stresses. This is because fcc-AlN has an ≈ 26 % larger specific 
volume (volume/atom) than hcp-AlN (without external constrains) [124,125], and therefore also the critical Al content up to which 
Ti1-xAlxN can be synthesized as single-phase fcc structured increases with increasing compressive stresses (see Ch. 2.2.3). Corre-
spondingly, due to the epitaxial stabilization effects, AlN layers grow coherently in the fcc structure on fcc-CrN (or fcc-TiN) as long as 
they are only a few-nm thin, see Fig. 30, and as long as the supporting or stabilizing layer is at least as thick as the layer that should be 
stabilized (here AlN) [281]. Due to the higher mechanical properties and elastic constants of fcc-AlN compared to hcp-AlN, the 
strength of CrN/AlN superlattices is also higher when they contain AlN layers in their fcc structure. For CrN/AlN superlattices, the 
critical AlN layer thickness is 2–3 nm and the hardness peaks with ≈ 31.0 GPa for Λ = 3 and 5.5 nm when containing 1 and 2 nm thin 
AlN layers, respectively [281]. Detailed TEM studies highlight that the critical AlN layer thickness is larger on 100- and 110-oriented 
grains than on 111-oriented grains [409]. For TiN/AlN superlattices, the critical AlN layer thickness is 1.5 nm and highest hardness of 
≈ 37.0 GPa is obtained with Λ = 2.5 nm when containing 0.9 nm thin AlN layers [410]. This nicely correlates with earlier reports about 
TiN/AlN, yielding 39.0 ± 6.7 GPa at Λ = 2.5 nm [411]. Due to epitaxial growth, not just metastable phases are accessible, but the 
interface-induced perturbation of the periodic crystal potential leads to Friedel oscillations of the charge density [412], which force the 
oscillatory behavior of the interplanar spacings [413]. These oscillations are more pronounced in TiN than AlN (within the TiN/AlN 
superlattice) because of its mobile electrons, which can redistribute as reported in [414]. 

In addition to these three coherent-layer-growth-induced strengthening effects, also other interface-induced strengthening effects 
can be active in such multilayers. These are the “Orowan-like strengthening” – plastic deformation by dislocation movement and bowing 
inside layers; thus, the mean spacing D of pinning-points retaining the dislocations for Eq. (6) would be the layer thickness – and 
“Hall–Petch strengthening” – due to a reduction in grain size of individual layers caused by the alternating layer-growth itself. Strictly, 
the latter is only active in polycrystalline superlattices – as obtained for example for (Ti,Al)N/(Ti,Al,Si)N multilayers, where the grain 
size decreases from 90 to 30 nm for a bilayer period of 7 nm [217] – and can contribute to the sometimes observed inverse-square-root 
dependence of hardness on the layer thicknesses (~Λ− 0.5). As mentioned above, Lehoczky [405] reported a linear dependence of the 
tensile yield strength on the inverse layer thicknesses (~Λ− 1) due the repulsive dislocation-image forces described by Koehler [404] 
and after the Chu and Barnett model [290] ΔH follows ~ Λ− 0.7 (Eq. (19)) for Λ beyond the peak. 

Helmersson et al. [415] where the first to show that single-crystal nitride superlattices exhibit a pronounced peak-hardness when 
varying the bilayer period Λ. For TiN/VN (with symmetric bilayers) the microindentation hardness peaks with 5560 ± 1000 kg/mm2 

(≈ 54.5 ± 9.8 GPa) at Λ = 5.2 nm, which rapidly declines to 3950 ± 550 kg/mm2 (≈ 38.7 ± 5.4 GPa) upon increasing Λ to 7.5 nm or to 
4400 ± 830 kg/mm2 (≈ 43.2 ± 8.1 GPa) upon decreasing Λ to 4.8 nm. A comprehensive overview on various TMN-based multilayered 
hard coatings is from Yashar and Sproul [416]. Based on their outstanding properties and property-combinations, such as high 
corrosion resistance, wear resistance, when combining the proper materials, PVD superlattices rapidly also entered industrial appli-
cations as protective coatings for machining tools and components [417–419], next to Esaki and Tsu’s [403] concept for microelec-
tronic applications. Early TEM [420] and SEM [421] investigations also show that multilayers and superlattices provide higher 

Fig. 33. Typical HRTEM images recorded from the as-deposited (a) and deformed (b) TiN/AlN superlattice (with Λ = 1.7 nm and an ≈ 0.8 nm thin 
AlN layer). The insets are corresponding HRTEM images of the interface structure and their fast Fourier transformation (FFT). The dislocation 
density in the as-deposited state is (0.9–1.9)⋅1017 m− 2 and after deformation (7.2–13.4)⋅1017 m− 2. Adapted from [423]. 
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resistance to crack propagation than their monolithically grown counterparts, even causing branching and deflection of the cracks 
when entering new layers, as presented in Fig. 30. 

In addition to the superlattice-effect on hardness, superlattices also provide a superlattice-effect on fracture toughness, which was 
reported for the first time for ceramic-like hard coatings by Hahn et al. [422]. On the example of CrN/TiN superlattices, they showed 
that the hardness as well as the fracture toughness (Ch. 4.5) peak at a similar bilayer period of 8.6 nm and 6.2–8.6 nm, respectively. 
Compared with the Λ = 1.8 nm CrN/TiN superlattice (having the smallest H and KIc), an improvement by ≈ 34 % in H and ≈ 52 % in KIc 
was obtained. Even if the individual improvements are not outstanding, this study shows very clearly that strength and toughness – 
which are often counteractive – can be improved simultaneously by such superlattices. Recent detailed TEM and HRTEM studies of 
TiN/AlN superlattices in the as-deposited and deformed states [423] show that the interface, especially when the AlN layers grow 
coherently on fcc-TiN, is the source of nucleation and emission of numerous dislocations, see Fig. 33a and b, respectively. These may 
contribute to any microplasticity effects in front of a crack-tip, increasing the fracture toughness of the SL. Upon a heavy deformation, 
even intermixing of the individual layers is possible leading to the formation of a solid solution. 

In addition, Koutná et al. [424] showed via ab initio molecular dynamics and classical molecular dynamics studies of TiN/AlN 
superlattices that especially when loaded in-plane (thus along [100] or [110] of 001-oriented TiN/AlN SLs) different plastic defor-
mation mechanisms initiate in the AlN layers. These are the onset of {111}〈110〉 slip in AlN, which terminates at interfaces by for-
mation of stacking faults, which themselves initiate a phase transformation of AlN from the B1 (fcc) to the cubic B3 (F 4 3 m, 
zincblende) structure, see Fig. 34a. Similar to the fcc-AlN-to-hcp-AlN phase transformation, also here the volume increases by ≈ 26 % 
[428]. Furthermore, the structural changes and defect formations cause nucleation and emission of misfit-dislocations, like captured 
by the ab initio molecular dynamics snapshot of the 26 % strain TiN/AlN SL, Fig. 34a. All these processes consume energy and reduce 
the stress intensity at the crack-tip, which by plastic flow even may have a reduced sharpness, as indicated in Fig. 34b. This is a nice 
example that the mechanisms shortly introduced via Fig. 28d can be activated also in ceramic-like thin films. 

Another possibility to simultaneously improve hardness and toughness is by increasing intrinsic material properties through 
improved ductility (4), allowing again for an easier mobilization of dislocation activities, which we introduce in the following chapter 
for ceramic-like materials. 

4.3. Inherent ductility descriptors 

Bonding in ceramic-like material structures involves a simultaneous contribution of covalent, ionic, and (to a lesser extent) metallic 
bonding to the cohesive energy. As a result, they are typically hard and relatively brittle, but exhibiting high thermal and electrical 
conductivity and a metallic character. They even display superconductivity like β-Mo2N. A widely accepted empirical indicator is that 
more directional covalent and ionic bonding components lead to higher chemical stability and mechanical strength, while more 
metallic bonding contributes to better electrical conductivity, adhesion, as well as ductility. Because the delocalized electrons control 
the shearing resistance and, hence, plastic deformation [429]. This allows to characterize the important material feature – ductility – in 
terms of elastic constants. The Pugh criterion dates back to 1954 [430] and suggests that for a ductile (metallic) material the ratio 
between shear and bulk modulus (G/B) should be small, whereas high values imply brittle failure. He furthermore mentions that 
materials with small Poisson’s ratio ν will be brittle, due to the correlation between G/B and ν. Although a critical value separating 
brittle from ductile failure is not given, the provided data suggest this to be at G/B = 0.43–0.56 and 0.60–0.63 or at ν = 0.26–0.31 and 

Fig. 34. (a) Ab initio molecular dynamics snapshots of AlN/TiN SLs with Λ = 2.5 nm strained in the [110] direction (parallel to interfaces) at 300 K. 
The yellow coloring highlights structural changes (leading to a B1-to-B3 phase transformation in AlN) and interface incoherency, while the red 
coloring marks initiating voids/cracks. The structural changes also lead to emission of misfit dislocations from the AlN/TiN interface, see the 
snapshot for 26 % straining [424]. (b) Schematic presentation of a reduced crack sharpness (from R0 to R) due to activated slipping in front of the 
crack-tip, adapted from [425–427]. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of 
this article.) 
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0.25–0.27 for fcc and hcp metals, respectively. These values were also interpreted as such by Lewandowski et al. [431] and they found 
that bulk metallic glasses with G/B > 0.41–0.43 (equivalent to ν < 0.31–0.32) are brittle. 

Pettifor [432] described in 1992 that a change in Cauchy pressure (C12–C44) from negative to positive values is due to altered 
bonding types from directional covalent towards metallic. The improved ductility by this can be referred to the population of shear- 
sensitive metallic d–d states [433]. Shearing – which causes bending of shear-resistive non-metal–metal bonding states – increases the 
overlapping shear-sensitive metal–metal orbitals. This allows to activate slip systems, promoting dislocation activities, and hence 
plastic deformation as captured by HRTEM studies, see Fig. 33, and ab initio molecular dynamics, see Fig. 34. The plastic flow con-
tributes to reduce intrinsic stresses and may even slightly blunt sharp crack-tips, such as indicated in Fig. 34b, as also proved 
experimentally [434]. Niu et al. [435] confirmed that many cubic-structured materials obey the general trend of ductile and brittle 
behavior for positive and negative Cauchy pressures, respectively. They furthermore showed by using cubic structured Al12X com-
pounds (X = Cr, Mo, W, Mn, Tc, and Re) that the Pugh ratio (G/B) has a linear relation with C12–C44, such as shown in Fig. 35, within a 
material class. From such a plot, they derived that for C12–C44 = 0 GPa the G/B ratio is 0.571, which is sometimes used to indicate the 
ductile-to-brittle transition (or its reciprocal 1.75). For the nitrides presented in Fig. 35 this would be at 0.59. Since Pugh did not 
provide a value (but he expected that the transition between ductile and brittle materials is sharp), the specification of G/B < 0.571 as 
the Pugh criterion would be not fully correct. Furthermore, Niu et al. [435] also showed that when comparing materials over a wide 
variety (332 compounds) there is no longer a linear relation between G/B and C12–C44, but there is a hyperbolic trend between G/B and 
C12 − C44

E (i.e. a Cauchy pressure normalized by the Young’s modulus E), such as shown for our nitrides in the inset of Fig. 35. This as well 
indicates that if there is a linear relationship between G/B and C12–C44, the materials can be considered as belonging to the same class 
of materials. And only materials within the same class should be compared in terms of their Pugh ratio and Cauchy pressure, as to 
whether they tend to be more brittle or ductile. 

This is also highlighted by Thompson and Clegg [436], because a change in crystal structure and Peierls’ barrier can make a 
material brittle due to the difficulty of plastic flow. One of their examples is that although both the Pugh ratio and the normalized 
Cauchy pressure are between those of Cu and Au, the cubic Laves phase NbCr2 is clearly brittle. The crystal structure of NbCr2 is 
different from that of Cu and Au, but even for materials with the same crystal structure, a comparison based solely on elastic constants 

Fig. 35. Ab initio obtained relative indicators (G/B ratio and Cauchy pressure C12–C44) for inherent ductility of various fcc-TMN’s. The dash-dotted 
box marks the region for G/B < 0.5 and C12–C44 > 0 GPa. (a) Data for various TMNs are calculated from data presented in [56], TM-alloyed TiN and 
VN [433], and TM-alloyed (paramagnetic) CrN [447]. For comparison, also the position of non-magnetic CrN is added (CrNnm) [445,446]. The data 
for V0.5TM0.5N and Cr0.89TM0.11N are shifted by +0.04 in y-direction for better differentiation. A negative G/B ratio, as obtained for MoN [407] and 
WN [449], indicates mechanical instability. This can be overcome by a superlattice structure with TiN for example, see the superlattice SL1* (TiN/ 
MoN, Λ ≈ 4 nm [407]) and the SL2* (TiN/WN, Λ ≈ 4 nm [450]) data points. The corresponding superlattices with stable structured fcc-MeN0.5 
layers, SL1 (TiN/MoN0.5) and SL2 (TiN/WN0.5) with Λ ≈ 3 nm are not that deep in the indicated ductility region as SL1* and SL2*. The solid 
solutions Ti0.5Mo0.5N [407] and Ti0.5W0.5N [449] provide similar values. (b) Data of W-alloyed TiNz having various vacancy-contents at the N- 
sublattice [449]. With increasing W, the descriptors indicate increasing ductility. But WN (as well as MoN) itself is mechanically instable in the fcc- 
structure, which therefore prefers the formation of fcc-WN0.5 or hcp-WN (the latter is not considered here). By forming vacancies, the structure can 
be stabilized, see MoN0.75 [407]. (c) Impact of alloying Ti0.50Al0.50N with 25 at% (metal-fraction) Ta, V, Nb, W, and Mo (in this order G/B decreases 
or C12–C44 increases) [451]. The TiN/AlN superlattices SL3 (here shown for Λ ≈ 3 nm: SL32.4, SL31.2, and SL30.4 with 2.4, 1.2, and 0.4 nm thin AlN 
layers, respectively) tend to have descriptors between those for AlN and TiN – the higher the AlN-fraction the closer to AlN and vice versa [413]. 
Only for very small Λ (<3 nm) this trend can be reversed. Essentially, the”best” TiN/AlN SL (SL3) only comes close to TiN [413], which itself is 
similar to the Ti0.50Al0.50N solid solution [451]. For comparison, here also the position of hcp-AlN [452] is added (green hexagon), being much 
closer to the ductility region than fcc-AlN, while paramagnetic fcc-(Cr,Al)N [453] is further away, but can be made more ductile again through 
alloying with heave elements, like shown here for Ta (25 at% metal fraction, unpublished). Please note that the x-axis covers a different range in the 
individual panels, but the bluish dash-dotted line has the same parameters of G/B = 0.59–0.0019⋅(C12–C44). The inset of (c) shows the hyperbolic 
like trend of G/B with the normalized Cauchy pressure (C12 − C44

E ), according to G/B = 0.85
1+(C12 − C44)/E − 0.25, for the fcc-structured nitrides presented. 
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(which are used to calculate the Pugh ratio, Poisson’s ratio, and Cauchy pressure) can be misleading. Despite unchanged elastic 
constants, there could be changes in the Peierls’ barrier or type of dislocations (e.g. full dislocations vs partial dislocations), which in 
turn leads to different plastic behavior [436]. Consequently, we use the Pugh ratio and Cauchy pressure only to indicate whether or not 
a material tends to be more ductile, and mark the region in a G/B-vs-C12–C44 diagram where G/B < 0.5 and C12–C44 > 0, based on the 
considerations mentioned and Refs. [437,438], see Fig. 35. 

On the example of Zr1-xAlxN, Holec et al. [439] showed that fcc-Zr1-xAlxN heavily outperform their hcp (ZnS-wurtzite structured) 
counterparts with these descriptors for ductility. A review about such inherent ductility criteria and toughness of hard TMN-based thin 
films is provided by Kindlund et al. [440], including an overview table on elastic constants and C12–C44 and G/B. 

We want to mention that for comparative reasons often the magnetic state of specific elements (like Cr) is not considered, but the 
elastic constants and lattice parameters of CrN hugely vary between non-magnetic and magnetic state. CrN is antiferromagnetic (next- 
nearest neighbor spins are antiparallel) below the Néel temperature (273–283 K) and paramagnetic above it [441,442]. While the 
difference in lattice parameter and elastic constants between antiferromagnetic and paramagnetic (being closest to experiments 
[443,444]) is little, non-magnetic CrN has much smaller lattice parameter and C44 values [445]. Thus, G/B and C12–C44 is 0.14 and 
202–262 GPa [445,446] for nonmagnetic CrN or 0.58 and –1 GPa [445,447] for paramagnetic CrN, respectively. Hence, either being 
considered ductile (nonmagnetic CrN, CrNnm) or brittle (paramagnetic CrN), see their relative position in the G/B-vs-C12–C44 plot, 
Fig. 35a, unfortunately, the latter is correct (without epitaxial stabilizing-effects and/or alloying). With experimental data [443,444], 
the G/B ratio is even 0.69 and C12–C44 is only –61 GPa (actually very close to those of TiN in Fig. 35a). These are best captured by DFT 
when the strong Coulomb interaction (U) – due to strong electron correlation effects by the localized 3d electrons of chromium – is 
accounted for by using the generalized gradient approximation (GGA, or local density approximation, LDA) together with a Hubbard 
U-term [445,448]. 

Similarly, MoN and WN with fcc structure would have high Cauchy pressures of 255 and 310 GPa, respectively, rendering them as 
much more ductile compared to the other nitrides, but their negative C44 values (which also lead to negative G/B ratios) prove that 
they are mechanically not stable in fcc for an N/Me ratio of 1. However, these examples underline the importance of metastable 
structures, which are readily available via the formation of superlattices (especially for layer-thicknesses below 2 nm) [416] and PVD. 
Both these ductility criteria – similar to shear modulus and hardness – correlate with the valence electron concentration (VEC) as well, 
which is therefore also used as an indicator [446,447]. Essentially, when moving from IVB transition-metal-nitrides (TMN) to XIIB 
TMNs the criteria suggest increased ductility with increasing VEC. The close-to-linear decrease of G/B and increase of C12–C44 
(increased ductility criteria) with increasing VEC is nicely shown for (Cr,X)N (with X being IIIB, IVB, VB, and VIB elements) [447] and 
various TMN and TMC as well as TMC1-zNz [446]. This is because the number of valence electrons per formula unit is related to shear- 
sensitive orbital interactions (d–t2g metal/metal). Thus, the shear modulus G and elastic constant C44 decrease (suggesting improved 
ductility) upon rising VEC. Therefore, when TMNs are alloyed with heavy elements (like V, Nb, Ta, Mo, and W, with their many 
electrons) both criteria come closer to the ductility region (or even enter it) [447], see Fig. 35a and c. 

Because too high VECs induce a mechanical instability transition [454,455], fcc-structured nitrides should have VECs between 9 
and 10, to exhibit ductility, high hardness as well as mechanical and dynamical stability. This is also the reason why fcc structured MoN 
and WN rather prefer a TM2N chemistry, where half of the N-sublattice is vacant. As calculated for Ti1-yWyN (Fig. 35a and b), both 
criteria (G/B and C12–C44) suggest increased ductility with increasing W content. However, this is limited by the preferred formation of 
an fcc-WN0.5 structure, and therefore various N-sublattice populations (i.e. vacancy contents) have been calculated as well [449], 
Fig. 35b. Based on these descriptors, the solid solution fcc-Ti0.5W0.5N and the TiN/MoN superlattice (SL1*, Λ ≈ 4 nm [407]) are stable 
materials that are deepest in the considered ductility region of the individual nitrides compared here. Experimentally reported physical 
properties of TMN films vary widely and they depend largely on composition, presence and density of vacancies and voids, shape and 
size of grains, and film purity. But these criteria help to steer the development in the direction where materials and their structures 
show the desired properties. Another useful indicator for toughness, but specifically wear resistance, is the H/E ratio [456,457], which 
is particularly relevant for hard ceramic coatings with their variable fractions of metallic, covalent, and ionic bonds. In these materials, 
an increasing fraction of metallic bonds, which indicates increased ductility [56,433], typically results in a lower modulus of elasticity 
and consequently a higher H/E ratio. Additionally, their hardness is often more influenced by growth morphology – such as coarse, 
open columnar structures with low H versus dense, equiaxed structures with high H – than elasticity. Both scenarios – higher metallic 
bonding fractions leading to lower E values, and denser growth morphologies resulting in higher H values – generally contribute to 
increased toughness. However, similar to the G/B ratio, the H/E ratio should also be treated with caution, especially when comparing 
different classes of materials, crystal structures, or growth morphologies [449]. For example, if H in metallic materials is massively 
increased by strain, solid solution, and/or precipitation hardening (while their E modulus does not change as much, i.e. the H/E ratio 
increases), their toughness often suffers due to limited ductility. In contrast, grain-refinement strengthening, which also leads to a 
higher H/E ratio, does allow for an enhanced toughness. Although these ratios (G/B and H/E) could be useful indicators, experimental 
verification of toughness is required. 

4.4. In-situ micromechanical bending tests to obtain KIc 

There are many different attempts to quantify the fracture toughness of thin films, which can be divided into those where the film 
still adheres to the substrate (here symbolized with Kf+s) and those where the support from the substrate is removed (specifically at the 
regions used for testing the film). The latter are essentially based on micromechanical testing. One of the first, if not even the first for 
hard coatings, to develop an in-situ micromechanical testing procedure with a negligible support from the substrate were Kamiya et al. 
[458] and Massl et al. [459]. With FIB, microcantilevers of TiN hard coatings where machined and the substrate underneath was 
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removed [458] or thinned to 2.2–10 µm [459]. Matoy et al. [460] further optimized the procedure and the cantilever geometries based 
on three-dimensional finite element (FEM) simulations, but most important they introduced the procedure of leaving small material- 
bridges on both sides of an already sharp FIB-machined notch, Fig. 36a and b. This guarantees the initiation of a really sharp crack-tip, 
Fig. 36c, as the FIB-machined notch itself would still be blunt and hence, the fracture toughness would be overestimated. Later, 
Brinkmann et al. [461,462] showed the importance of the correct geometry to have a valuable KIc, and as they used a representative 
geometry of dimensions of thickness w, breadth b ≈ w, and length l ≈ 7⋅w (Fig. 36a), this is also used in most of our KIc investigations of 
hard coatings. 

For such micromechanical bending tests, it is important to note that the test and the specimen geometries need to fulfil the 
traditional criteria associated with KIc, otherwise the obtained values are only conditional. These criteria are that the sample di-
mensions (w, notch depth a0, and ligament size w–a0) need to be larger than the plastic zone (such as that a0 ≥ 2.5(KIc/σy)2 [463], with 
σy being the 0.2 % yield strength). Additionally, when wanting to compare individual KIc values, the geometries of the cantilevers 
should be alike. Important is further that for valuable comparison also the l/w ratios should be similar. Typically, smaller l/w ratios 
(due to shorter distances between loading and notch, l) lead to larger fracture toughness values. 

A comparative study of various micromechanical techniques showed that each of them (single cantilever bending [460], clamped 
beam bending [464], double cantilever bending [465], pillar splitting [466], see Fig. 37a to d, respectively) has its merits and demerits, 
but essentially they all gave the same KIc of ≈ 0.8 MPa⋅m0.5 for Si(100) [467]. For the other techniques, where the substrate (on which 
the film is deposited) is not removed, special care needs to be taken also for the still present macro-stresses. Many of them are 
summarized in Refs. [468,469]. 

These techniques, like the cube corner method [470], of course have their value especially for comparative studies and the pos-
sibility to investigate the crack geometry and crack formation by TEM or SEM [468], see Fig. 38a and b, respectively. Fig. 38a shows 
that directly underneath the indent there is a massive plastic deformation in the Si substrate due to the loading with 300 mN. Within 
the TiN–SiNz multilayer (but also in the substrate), cracks nucleated and propagated. Higher magnification micrographs demonstrate 
that the cracks propagate along the TiN–Si3N4 interfaces. Occasionally the cracks turned and propagated across a layer, but then 
continued along the interface again. Thus, the interlayers deflect cracks (crack deflection) and the repeated deflections consume 
energy, making the material tougher as described above. SEM top-view examinations of cube corner imprints (Fig. 38b) allow for a 
qualitative comparison of the fracture toughness and, taking into account some limitations, even a quantitative evaluation (if cracks 
form at the corners of the indent, following the procedure described in [470]). However, the latter should be used only with caution. 
Qualitative evaluation of Ti-W-N coatings using this technique [449] found that the imprint of Ti0.42W0.58Nz (Fig. 38b) exhibits sig-
nificant pile-up formations, which is a clear sign for plastic flow under the cube corner pressure load. 

4.5. Fracture toughness of TMNs and alloyed (Ti,Al)N 

TiN provides a reported hardness, Young’s modulus, and KIc value in its bulk ceramic form (hot isostatic pressed, HIP) of 10.8 GPa, 
353 GPa, and 3.5 MPa⋅m0.5 having a relative density of 86.4 % [472], or 19.7 GPa, 430 GPa, and 4.3 MPa⋅m0.5 having a relative density 
of 97 % [99], respectively. Bulk ceramic AlN (HIP) provides a hardness of 13.0 GPa and Kc of 3.9 MPa⋅m0.5 [473] respectively H = 17.7 
GPa and Kc = 0.5 MPa⋅m0.5 for single-crystal AlN ceramic [212] (with B = 220 GPa, E = 374 GPa, and G = 154 GPa [474]). Reactive 
plasma sprayed TiN has a reported Vickers hardness Hv of 3.7 GPa and KIc of 4.5 MPa⋅m0.5 [475]. Magnetron sputtered (Cr,Al)N 
exhibits an increase in H from 10.4 ± 1.8 to 25.8 ± 3.0 GPa and KIc from 1.67 to 2.02 MPa⋅m0.5, as the grain size decreases from 52 to 
13 nm, upon increasing the bias potential during deposition from − 50 to − 260 V. Thereby, also the compressive stresses increase from 

Fig. 36. SEM overview image of a micromechanical bending test on a free-standing cantilever (a), and the cross-sectional SEM image of the 
cantilever after fracture (b). (c) Schematic of the formation of a sharp pre-crack-tip at the material bridges left next to the FIB made notch, adapted 
from [460]. The notch root radius should be as small as experimentally possible. 
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− 0.7 to − 1.4 GPa [476]. CrN, (Cr,Ti)N, and (Cr,Al)N coatings yield H of 14.5, 13.9, and 17.7 GPa with KIc of 1.06, 2.73, and 2.70 
MPa⋅m0.5 [477]. Generally, the fracture of TMN hard coatings is determined by their intergranular cleavage behavior, which can 
already qualitatively be judged by their fracture cross-sectional appearance during SEM investigations, such as shown in Fig. 11. Such 
intergranular fracture appearance strongly varies with the deposition conditions, and especially bias potential applied or discharge 
current used during deposition. Because these parameters influence the growth morphology as well as residual stress state. Therefore, 
hardness, fracture toughness but also compressive residual stresses increase with increasing bias potential or increasing discharge 
current [478]. Different growth morphologies and preferred growth orientation are the major cause of the wide variation in KIc and H, 
as presented in Fig. 39a and b for TiN. Especially fracture toughness values obtained from films that are still on the substrate (Kf+s) – as 
obtained by cube corner indentation for example – exhibit a strong dependence on the residual stresses present, see Fig. 39a. 

However, there is no obvious difference between TiN, (Ti,Al)N, CrN, and (Cr,Al)N, as long as their residual stresses are comparable, 
but typically the CrN-based coatings exhibit lower compressive stresses if they are not even under tensile residual stress state [270]. 
Therefore, they exhibit lower fracture toughness values, especially if analyzed with indentation-based methods. Nevertheless, in 
agreement with ab initio obtained inherent ductility descriptors, Fig. 35, the Mo and Ta containing nitrides outscore CrN (considering 
the magnetic moments, because nonmagnetic CrN is not correct), TiN, (Cr,Al)N, and (Ti,Al)N for example. As mentioned above, the 
indentation-based evaluation of the fracture toughness requires a careful attention of their residual stresses. Therefore, micro-
mechanical investigations of the film material (removed from the substrate) deliver more material-based (or architecture and 
morphology-based) data. A comparative study of TiN coatings revealed that the cube corner obtained fracture toughness overestimates 
that from microcantilever beams by ≈ 1 MPa⋅m0.5 per 1 GPa compressive residual macrostresses [479], compare sample #1 in Fig. 39a 

Fig. 37. Overview of four different geometries for fracture toughness testing with micromechanical techniques: (a) single cantilever bending, (b) 
clamped beam bending, adapted from [467], (c) double cantilever beam compression, adapted from [465], and (d) pillar splitting, adapted 
from [466]. 

Fig. 38. (a) Cross-sectional TEM overview of a deformed TiN–SiNz multilayer with a low-cohesive-energy TiN/SiNz interface [471]. (b) Top view 
SEM micrograph of a cube corner indent performed with 150 mN on Ti0.42W0.58Nz [449]. Adapted from [471,449]. 
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and b. 
The massive change in compressive residual stresses (from − 3.9 ± 0.3 to − 6.2 ± 0.3 GPa) within (Ti,Al)N upon vacuum-annealing 

at 900 ◦C is also the major source of the pronounced increase of the indentation-obtained fracture toughness from 4.5 ± 0.5 to 8.3 ±
1.2 MPa⋅m0.5 (combined with an increase in H from 34.1 ± 1.2 to 36.9 ± 2.3 GPa) [210]. The annealing-induced origin of this change 
stems from the decomposition of the fcc-(Ti,Al)N solid solution towards their stable constituents fcc-TiN and hcp-AlN via Ti-rich and 
Al-rich fcc-structured domains, as discussed above (Ch. 2.2.4, Figs. 5 and 9). As noted, the martensitic-like transformation of fcc-AlN to 
hcp-AlN would lead to a huge volume increase of ≈ 26 % without external constrains [124,125], this leads to the increase in residual 
stresses [127] (which would only be released during progressive annealing treatments due to stimulated plastic deformation of the 
particle and matrix, for which shearing is needed). The change in KIc, as obtained from micromechanical bending tests (details next 
paragraph), due to this is less pronounced, because there the massive compressive stresses are relieved due to the removal of the 
substrate (but still KIc increases from 2.7 ± 0.3 to 3.0 ± 0.2 MPa⋅m0.5, cf. Fig. 39a and b). 

Using the example of TiN – which was among the first PVD hard coatings to be tested for fracture toughness by micromechanical 
investigations, as mentioned above – Massl et al. [459] showed that the fracture toughness values obtained by this method were 
essentially due to the material-related properties and not influenced by high compressive stresses. This outcome was obtained by 
analyzing the fracture toughness values of the same TiN specimen (with a homogeneously distributed compressive stress state of –1.5 
GPa) while its Si substrate was thinned to thicknesses between 2 to 10 µm, which leaves the TiN coating with different residual stress 
distributions in the microbeams. This essentially resembles a situation where residual stresses are externally applied, due to the fixture 
with a substrate. However, if the deposition process itself leaves the individual coatings with different residual stresses (on the same 
substrates), the fracture toughness values differ for the same kind of coating material, because their intergranular cleavage differs. 
Although macrostresses will be relieved when removing the substrate for the in-situ micromechanical investigations, their growth- 
induced origin (thus, without the effect induced by the differential thermal expansion coefficient between film and substrate) re-
mains (e.g. growth-induced defects). Due to this, the fracture toughness of TiN varies between 1.2 MPa⋅m0.5 [486] (grown at 200 ◦C 
and exhibiting a pronounced V-shaped open-columnar growth morphology) and 2.9 ± 0.1 MPa⋅m0.5 [485] (grown at 380 ◦C and 
exhibiting a dense growth morphology), see Fig. 39b. When vacuum-annealing the latter TiN sample at 500 ◦C for 2 h, the residual 
stresses recover from –1.12 to –0.88 GPa (room-temperature values). This reduction by 0.25 GPa is due to structural recovery effects 
where growth-induced defects anneal-out or re-structure to lower-energy sites (resembling the classical recovery effects of materials), 

Fig. 39. Fracture toughness versus nanoindentation hardness H plots of various TMN-based films. The fracture toughness for (a) is obtained from 
films with substrates (Kf+s) and in (b) by in-situ micromechanically bending tests of film cantilevers from which the substrate was removed, ac-
cording to Fig. 36a and 37a. The label numbers refer to different nitrides, with filled symbols for sputtered coatings, half-filled for HiPIMS, and 
empty for arc-evaporated (or also chemical vapor deposited coatings, like for (Ti,Al)N). (a) TiN [422,480–482] (#1 [81,479]), (Ti,Al)N [483] (#2, 
#2HT (after vacuum-annealing at 900 ◦C) [484]), CrN [477], (Cr,Al)N [476,477], and (Mo,Ta)Nz [272]. (b) TiN 
[81,210,407,408,422,449,450,479,485] (#1 [479]), TiN (#1*), SiO2 and TiN/SiO2 multilayer (ML1) with l/w ≈ 7 [486], and a similar TiN/SiO2 
multilayer (ML2) but with l/w ≈ 4 [487], TiNarc (#1**) with l/w ≈ 3 [488], (Ti,Al)N (#2, #2HT (after vacuum-annealing at 900 ◦C)) with l/w ≈ 6 
[210], (Ti,Al)Narc (#2*) and (Ti,Al,Ta)Narc (#2*Ta) [489], (Ti,Al)Narc (#2p) and (Ti,Al,Cr)Narc (#2p,Cr) [490] with a micro-pillar splitting test ac-
cording to Fig. 37d, (Ti,Al)NHiPIMS (2i) with l/w ≈ 6 [491] (KIc from [491] and H from [492]), (Ti,Al)NCVD (2**) with l/w ≈ 5 [493], CrN (#3 [422]), 
CrNarc (#3* [494]) with a double cantilever beam compression test according to Fig. 37c, CrNarc (#3p [490]) with a micro-pillar splitting test, CrN 
(#3**) and CrN/Cr multilayer (ML3) with l/w ≈ 3 [486], Cr0.74Ta0.26N (3**Ta) with l/w ≈ 3 [495], (Cr,Al)N (#4 [408]), (Cr,Al)Narc (#4* [494]) with 
a double cantilever beam compression test, (Cr,Al)N (#4**) with l/w ≈ 3 [496]), hcp-structured (Al,Cr)Narc (#5) with l/w ≈ 4 [497], MoNz (#6) and 
(Ti,Mo)Nz (#16) [407], WNz (#7 [450]), and (Ti,W)Nz (#17 [449]). The l/w ratio of the cantilevers from samples (#1, 2*, 2*Ta, 3, 4, 6, 7, 16, 17) was 
always ≥ 7. The black dash-dotted ellipse encloses KIc data-points obtained from microcantilevers with l/w ≈ 3–4, the shaded green dotted and the 
shaded red dotted ellipses mark the regions of TiN and (Ti,Al)N coatings. The arrows in (a) and (b) indicate the change due to vacuum annealing at 
900 ◦C for (Ti,Al)N [210,484] and at 500 ◦C for TiN [485]. (For interpretation of the references to colour in this figure legend, the reader is referred 
to the web version of this article.) 
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which causes the hardness to decrease from 31.9 ± 0.7 to 27.3 ± 0.6 GPa and the fracture toughness from 2.9 ± 0.1 to 2.5 ± 0.1 
MPa⋅m0.5 [485], indicated in Fig. 39b with a grey arrow. 

An architectural design of TiN (#1*) through a multilayer-arrangement with SiO2 (ML1 consisting of 35-nm-thin SiO2 and 115-nm- 
thin TiN layers) allows to increase KIc from 1.2 to 1.9 MPa⋅m0.5, see Fig. 39b, through introducing low-cohesive energy interfaces 
enabling crack-deflection as indicated also in Fig. 38a for a weak TiN–Si3N4 interface. Unfortunately, thereby also the hardness de-
creases from 24.5 to 12.1 GPa [486]. A furthermore modification of this architecture (20-nm-thin SiO2 and 250-nm-thin TiN, which are 
additionally zig-zag tilted) allows to regain some hardness (16 GPa) and might further improve KIc (as suggested by Fig. 39b, ML2), but 
unfortunately this sample was tested with an l/w ratio of only ≈ 4 (of the cantilever-beam, Fig. 36a) [487]. When comparing thereby 
obtained data, the l/w ratio should be the same and preferably ≥ 7 [461,462]. Similarly, the KIc data for arc-evaporated TiN (1**), CrN 
(3**), CrN/Cr multilayer (ML3), Cr0.74Ta0.26N (3**Ta) and hcp-structured (Al,Cr)Narc (#5) should be treated with caution, as these are 
obtained from beams with l/w only ≈ 3 [486,488,495] respectively ≈ 4 [497]. However, they do show the potential of a multilayer 
arrangement, where with additional repeated introduction of soft layers (SiO2 for TiN respectively Cr for CrN) especially the fracture 
toughness can be improved due to additional energy consumption by for example crack deflection processes – unfortunately on the 
expense of hardness. KIc values of sputtered and arc-evaporated CrN are actually ≈ 1.5 MPa⋅m0.5 as confirmed by two independent 
techniques (micro cantilever beam with l/w ≈ 7 [422] and double cantilever beam compression test [494]), see samples 3 and 3* in 
Fig. 39b, respectively. With a slight advantage for the arc-evaporated coating, which typically also exhibits a more dense and compact 
growth morphology, see the growth-morphology-comparison of sputtered and arc-evaporated (Ti,Al)N in Fig. 11a and b, respectively. 
A corresponding outcome is obtained for (Ti,Al)N (2 and 2*) and (Cr,Al)N (4 and 4*). For example, the arc-evaporated (Ti,Al)N 
surpasses the sputtered one by 0.8 MPa⋅m0.5 (3.5 ± 0.3 vs 2.7 ± 0.3 MPa⋅m0.5). Unfortunately, the microcantilevers for the CVD (Ti, 
AlN) coatings (2**) had an l/w of only ≈ 5 [493], which does not allow for a direct comparison. However, they show the potential of a 
hierarchical microstructure to dissipate and consume the energy of crack growth, allowing to increase KIc from 3.1 ± 0.2 to 4.7 ± 0.4 
MPa⋅m0.5. Similarly, the structural modifications of fcc-(Ti,Al)N upon annealing, where Al-rich and Ti-rich small fcc-structured do-
mains formed (Ch. 2.2.4), are responsible for the increase in KIc upon annealing, cf. Fig. 39b. These materials also provide the potential 
of phase-transformation-induced toughening effects (due to the formation of hcp-AlN), as illustrated in Fig. 28c and 34. 

In addition to the impact of multilayer and hierarchical structures, Fig. 39b shows the effectiveness of alloying CrN, TiN, or (Ti,Al)N 
with Mo, W, or Ta, which would bring their inherent ductility descriptors close-to or even into the ductility region, see Fig. 35. This is 
highlighted here with Ti0.5Mo0.5N0.77 (#16, 3.3 ± 0.2 MPa⋅m0.5) and Ti0.42W0.58Nz (#17, 3.6 ± 0.2 MPa⋅m0.5), which even outscore 
MoN0.5 (#6, 2.8 ± 0.2 MPa⋅m0.5) and WNz (#7, 3.1 ± 0.1 MPa⋅m0.5), because the solution with TiN allows their crystallization with 
single-phase fcc combined with a high nitrogen content. As mentioned above, MoNz as well as WNz would prefer crystallization with 
hcp for N/Me ratio (z) close to 1. However, DFT suggests that fcc-WN1 is more ductile than fcc-WN0.5 (which would be the preferred 
chemistry for fcc; similarly fcc-MoN1 is more ductile than fcc-MoN0.75), cf. Fig. 35a and b. Tantalum is not only capable of significantly 
increasing hardness and especially thermomechanical properties as well as oxidation resistance of (Ti,Al)N (as shown in the previous 
chapters), but Ta is also able to improve the fracture toughness – from 3.5 ± 0.3 to 4.7 ± 0.2 MPa⋅m0.5 for arc-evaporated coatings 
[489], as indicated in Fig. 39b. Important to highlight is that these alloying concepts (with Mo, W, or Ta) allow to increase both, KIc and 
H. 

The other important concept to improve KIc and H simultaneously is nanostructuring, as exemplarily shown in Fig. 40 for Si-alloyed 
TiN (#2, #2+), Si-alloyed (Ti,Al)N (#1**), and Si-alloyed (Cr,Al)N (#4 and 4**), as well as various superlattice coatings, e.g. TiN/CrN 
(SL1, SL1+, SL1*), TiN/MoN (SL2), TiN/WN (SL3), MoN/TaN (SL4), and TiN/(Cr,Al)N (SL5). The KIc values of these superlattices can 
be fitted proportionally to Λ− 0.5 for Λ beyond the peak, similar to the predicted increase in fracture strength of laminar composites 
made of layers with very different elastic moduli [498]. The TiN/(Cr,Al)N (SL5) is a modulus-matched superlattice, which does exhibit 
a superlattice-effect for H but not for KIc, cf. Fig. 40a and b, respectively. 

Alloying Si to TiN improves its hardness (Fig. 40a), oxidation resistance (Fig. 27), and fracture toughness (Fig. 40b). Especially H 
and KIc peak at a certain Si content (often in the range 5–10 at%, not normalized to Ti) by forming a nanocomposite, as long as the SiNz 
boundary phase is not too thick and a high-cohesive-energy interface is present (as discussed above when presenting the strengthening 
effects, Fig. 13b). The Ti-Si-N nanocomposites presented in Fig. 40 (#2) have a H-peak of 33.7 ± 0.9 GPa at 10.5 at% Si and a KIc-peak 
of 3.0 ± 0.2 MPa⋅m0.5 at 8.5 at% Si [499]. Corresponding to TiN, improving the deposition conditions (especially with respect to 
plasma parameters and deposition temperature) their growth morphology can further be improved leading to H of 37.6 ± 1.5 GPa and 
KIc of 4.5 ± 0.6 MPa⋅m0.5 at 8.5 at% Si, see data point #2+ in Fig. 40. This nanocomposite essentially is composed of 10–20 nm sized 
TiN crystals encapsulated by an ≈ 1 nm-thin SiNz tissue phase [500]. The formation of a sharp and high-cohesive energy interface and 
essentially flaw-free TiN nanocrystals is crucial, as such structures require a much higher stress to induce and propagate cracks [504]. 
This is correspondingly valid also for (Ti,Al)N and (Cr,Al)N, samples #1**, 4 and 4** in Fig. 40. 

With the help of CrN/TiN superlattice coatings (SL1), Hahn et al. [422] were the first to show that in addition to the well-known 
superlattice-effect on hardness (partly presented in Fig. 13b) there is also a superlattice-effect on fracture toughness, as already 
mentioned. Both peak at a comparable modulation period Λ of 6–9 nm (Fig. 40a and b). Again, improving their deposition conditions 
(SL1+) and especially by developing epitaxial layers (on MgO(100), SL1*) can further improve their H and KIc, peaking with 32.9 ±
1.0 GPa at Λ = 4.7 nm and 2.7 ± 0.2 MPa⋅m0.5 at Λ = 7.6 nm [502]. These data are clearly outperformed (especially for KIc) by the TiN/ 
MoN superlattice (SL2), with a hardness peak of 34.8 ± 1.6 GPa and a KIc peak of 4.1 ± 0.2 MPa⋅m0.5, both at Λ = 9.9 nm, and the TiN/ 
WN superlattice (SL3) – with peak-values of 36.7 ± 0.8 GPa (Λ = 8.1 nm) and 4.6 ± 0.2 MPa⋅m0.5 (Λ = 10.2 nm). Out of these 
superlattice coatings, which show a clear KIc-vs-Λ peak (corresponding to that of H-vs-Λ), the TiN/WN (SL3) also exhibits a high KIc 
value of 3.9 ± 0.1 MPa⋅m0.5 (and H of 33.5 ± 0.9 GPa) for the smallest bilayer period of Λ = 2.8 nm, Fig. 40b. An explanation for this 
alleged “outlier” can be obtained from DFT data (Fig. 35a), suggesting that TiN/WN is more ductile than TiN/WN0.5. The fcc-structure 
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of WNz (which would prefer y = 0.5) with a high N-content can be stabilized through the epitaxial growth with TiN. Thus, the Λ = 2.8 
nm TiN/WN superlattice might have a higher N content in their WNz layers than those with a larger bilayer period, which are more 
likely TiN/WN0.5 [502]. Correspondingly, the solid solution fcc-Ti0.5Mo0.5N0.77 exhibits a higher KIc value than fcc-Ti0.52Mo0.48N0.68 
(3.3 ± 0.2 vs 2.6 ± 0.3 MPa⋅m0.5) [407]. In addition to these intentionally designed superlattice coatings, a corresponding lattice and 
modulus mismatch due to chemical modulations along the growth direction may also originate from the deposition process itself. For 
example, an arc-evaporated (Ti,Al)N prepared in an industrial-sized machine with the help of a Ti, Al0.67Ti0.33, and Al target is 
composed of an alternating package of nm-thin TiN, Al0.67Ti0.33N, Al0.67Ti0.33N, and AlN layers [490]. Correspondingly, the (Ti,Al,Cr) 
N is composed of an alternating package of nm-thin TiN, Al0.7Cr0.3N, CrN, and AlN layers, which might explain their very high fracture 
toughness in combination to high hardness (#2p,Cr in Fig. 39b). 

In addition, in some PVD coatings and architectures nano-twins and stacking faults are present [409,505–507], which also have a 
high potential to improve both H and KIc – we have discussed this in more detail in Chs. 2.1 and 4.5 – as has been achieved for bulk 
metallic materials [508,509]. This may partly explain why the TiN/TaN superlattice (SL6 in Fig. 40) – prepared with a bilayer period of 
Λ = 5.4 nm and not yet optimized for its peak value – already demonstrates and outstanding combination of hardness H and fracture 
toughness KIc for such a small Λ. As Fig. 40 suggests, the peak values of H and KIc occur around Λ ≈ 8–9 nm. Enhancing the interfaces 
between TiN and TaN layers with boron (the B-doped TiN/TaN SL6 has a total B content of 0.1 at% as confirmed by elastic recoil 
detection analysis) leads to even higher H and KIc values. Twinning-induced plasticity [510,511] has been little researched for hard 
ceramic-type coating materials such as transition metal nitrides, carbides, and borides, but deserves much more attention. 

The combination of the data presented in Fig. 40a and b allowed to draw the KIc-vs-H plot shown in Fig. 40c. This nicely highlights 
the simultaneous improvement in KIc and H through the nanostructural design by Si-alloying and superlattices. Especially the well- 
defined superlattices TiN/MoN (SL2) and TiN/WN (SL3), solid solutions (Ti,Mo)Nz (#16) and (Ti,W)Nz (#17) and (Ti,Al,Ta)N 
(#2*Ta), as well as the well-defined TiN/SiNz nanocomposite (#2+) noticeably deviate towards higher KIc values from the majority of 
the specimens (indicated by the red dash-dotted linear fit, following KIc = 0.1⋅H-0.5). The combination of several effects allows for an 
above-average consumption of cracking energy. These effects are for example increased ductility (through combination or alloying 
with Mo, W, or Ta, Fig. 35), stabilized crystal structure, alternating strain fields, and increased emission of dislocations at interfaces 
(through superlattices), and a nanostructure (through nanocomposites with high cohesive energy interfaces), which have been dis-
cussed above. The data suggest that especially the latter effects are responsible for the superlattices TiN/WN as well as TiN/MoN 
outperforming their solid solutions Ti1-xWxNz and Ti1-xMoxNz in terms of hardness and fracture toughness, although their Pugh ratios 
and Cauchy pressures are similar. Coating developments resulting in data points outside the shaded region of Fig. 40c favor either 

Fig. 40. (a) Nanoindentation hardness H and (b) fracture toughness KIc (by in-situ micromechanical bending tests) of Si-alloyed TiN (#2 [499], #2+

[500]), arc-evaporated Si-alloyed (Ti,Al)N (#1** with l/w ≈ 3 [488]), Si-alloyed (Cr,Al)N (#4, with a double cantilever beam compression test 
[494], #4** with l/w ≈ 3 [496]), and various superlattice (SL) coatings with different bilayer periods Λ. SL1 (TiN/CrN [422]), SL1+ (TiN/CrN 
[501]), SL1* (epitaxial TiN/CrN [502]), SL2 (TiN/MoN [407]), SL3 (TiN/WN [450]), SL4 (MoN/TaN [503]), SL5 (TiN/(Cr,Al)N [408]), SL6 (TiN/ 
TaN and B-doped TiN/TaN, unpublished own data). For comparison, data for CrN (#3 [422]) and TiN (#1 [81,422,479,500]) are also added. The 
latter with a wide spread in H and KIc (see Fig. 39b) due to their different growth morphologies. If the Si content was normalized with the metals (to 
have Me + Si = 100 %), it was divided by 2 for the comparative plots. The red-shaded regions are bordered by fits proportional to 

̅̅̅
x

√
and x− 0.7 for x 

below and beyond the hardness peak according to the discussions when presenting Fig. 13, or proportional to x0.75 and x− 0.5 for x below and beyond 
the KIc peak (x being the Si content or Λ). (c) KIc versus H plot of these coatings presented in (a) and (b) with the reference of arc-evaporated (Ti,Al)N 
(#2*), its Ta-alloyed variant (2*Ta) [489], (Ti,Al,Cr)Narc (#2p,Cr) [490] with a micro-pillar splitting test, (Ti,Al)NHiPIMS (2i) [491], and the solid 
solutions Ti0.5Mo0.5N0.77 (#16) [407] and Ti0.42W0.58Nz (#17) [449] from Fig. 39b. The l/w ratio of the cantilevers from samples (#1, 2, 2+, 2*, 2*Ta, 
3, 5, SL1, SL1+, SL1*, SL2, SL3, SL4, SL5) was always ≥ 7. The red-shaded region is bordered by fits proportional to H1.5 (upper bound: KIc = 1.2 +

1
30(H − 15)1.55; lower bound: KIc = 1.1 + 1

50(H − 15)1.45) and the red dash-dotted line, which extends slightly beyond this shaded region, is a linear 
fit through all data points (with KIc = 0.1H − 0.5). (For interpretation of the references to colour in this figure legend, the reader is referred to the 
web version of this article.) 
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fracture toughness (when above the upper bound) or hardness (when below the lower bound), compare also with Fig. 39b. 

5. Summary and outlook 

The Ti1-xAlxN coating system, which is used in a wide range of industrial applications, allows the use of all four classical 
strengthening mechanisms (strain hardening, solid solution strengthening, fine grain strengthening, and particle strengthening). Strain 
hardening is based on a very high point defect density and dislocation density, which may well be 1017 m− 2 due to the used PVD 
process. Solid solution strengthening is based on the formation of single-phase supersaturated fcc-Ti1-xAlxN solid solutions, which can 
be realized in the way (with up to 70 or even 90 at% Al on the metal sublattice) only by vapor deposition. Similarly, fine grain 
strengthening is process-related, with grain sizes well below 100 nm being achieved. This can further be reduced (down to a few nm) 
by alloying with grain boundary active elements, like Si and B. The strongly Al supersaturated fcc-Ti1-xAlxN solid solutions also allow 
the use of the fourth strengthening mechanism, namely particle strengthening. 

The Ti1-xAlxN hard coatings used in the processing industry consistently have Al contents of 50 or 66 at% (of the metal sublattice). 
Based on their G–x curve, such fcc-Ti1-xAlxN solid solutions are actually chemically unstable, but the very limited kinetics in the PVD 
growth process of these hard coatings still enables their production. If these materials are used at elevated temperatures, e.g. tem-
peratures of 1000 ◦C are easily possible in the machining process of metals at the cutting edge, the increased solid-state diffusion causes 
spinodal decomposition of these supersaturated solid solutions towards the formation of fcc-TiN and fcc-AlN. This process causes the 
formation of coherent fcc-structured domains, which are effective obstacles for the dislocation motion and thus counteract the 
generally observed hardness-decline by recovery processes. The spinodal decomposition allows a homogeneous and fine distribution of 
the formed domains, maximizing the associated hardness gain. 

A further temperature increase finally leads to the phase transformation of fcc-AlN regions to their thermodynamically stable 
modification, i.e. hcp-AlN. Such a transformation typically occurs by shearing and resembles a martensitic-like transformation, which 
can only take place if the matrix also yields to deformation, e.g. by plastic deformation, which is particularly facilitated at higher 
temperatures. The associated volume increase of about 26 %, without external constraints, can even lead to cracking of the layer 
material or its spallation from the substrate, especially if shearing is limited. Density functional theory and corresponding experiments 
have shown that the alloying element Ta in particular has a very positive effect on the mechanical properties (hardness, fracture 
toughness, and thermomechanical properties) as well as oxidation resistance. Tantalum increases the cohesive energy and effectively 
slows down the thermally induced phase transformation of the forming Al-rich fcc-structured domains into hcp-AlN. This is accom-
panied not only by higher hardness values in the as-deposited state, but also by improved thermomechanical properties, whereby 
Ti0.42Al0.48Ta0.10N still exhibits a hardness of 42.0 ± 2.4 GPa even after annealing at 1100 ◦C. The fracture toughness of already 
morphologically optimized Ti0.54Al0.46N hard coatings (KIc = 3.5 ± 0.2 MPa⋅m0.5) could also be improved by alloying with Ta, as 
shown for Ti0.44Al0.41Ta0.15N exhibiting 4.7 ± 0.2 MPa⋅m0.5. 

The oxidation resistance of the Ta-alloyed Ti1-xAlxN coatings is superior to that of all the alloys investigated due to the very dense 
oxide layer formed. For example, the approx. 3 µm thick Ti0.42Al0.58N is completely oxidized after 10 h at 850 ◦C in an ambient at-
mosphere, whereas the Ta-alloyed Ti0.42Al0.48Ta0.10N hard coating has only an ≈ 1.3-µm-thin oxide layer even after 20 h at 950 ◦C. 
Further alloying concepts, like with Si or reactive elements (such as Y, Ce, and La) additionally boost their oxidation resistance. 
Combining these effects with production technology of the corresponding target materials led to the development of CeSi2 an LaB6 
alloyed targets and coatings that outperform their relatives in strength, thermomechanical properties, as well as oxidation resistance. 
For example, the characteristics of Ti0.50Al0.50N(CeSi2)0.02 are, H = 35.3 ± 1.3 GPa in the as-deposited state and still 31.9 ± 2.2 GPa 
after vacuum annealing for 10 min at 1200 ◦C and only an ≈ 0.6-µm-thin oxide scale after 10 h exposure at 950 ◦C in ambient air. 

Multilayers and superlattices as well as nanocomposites allow for an additional degree of design-flexibility. For example, the oxide 
scale grown onto the Ti0.34Al0.48Ta0.18N/Ti0.56Al0.34Si0.10N-multilayer is only ≈ 0.3 µm thin after 10 h at 950 ◦C in ambient air. Such 
concepts are also highly beneficial for the fracture toughness without compromising strength or oxidation resistance. Superlattice 
structures are particularly advantageous here in order to achieve hardness and fracture toughness values that are far above the 
arithmetic mean value of their constituting layers. Especially when such structures are combined with alloying concepts – such as Ta, 
Mo, and W – able to increase the inherent ductility of TiN, CrN, or (Ti,Al)N, which are themselves rather brittle. But the use of epitaxial 
stabilization effects through superlattices can also enhance hardness and toughness, like shown for superlattices containing MoNz, 
WNz, SiNz, or AlN layers. As a result, in addition to coherency stresses (due to lattice mismatches) and modulus mismatches, phases as 
well as stoichiometries that may exhibit higher inherent ductility, according to their decreased G/B ratio and increased Cauchy 
pressure, become accessible. Loading of such superlattices causes additional nucleation and emission of numerous dislocations at the 
layer-interfaces and triggers the transformation of the epitaxial stabilized layer-material towards its more thermodynamically stable 
state. Together, these effects dissipate additional energy and allow for an improved fracture toughness, as shown for TiN/WN 
superlattices (H = 36.7 ± 0.8 GPa and KIc = 4.6 ± 0.2 MPa⋅m0.5 for Λ = 8.1 and 10.2 nm, respectively). Corresponding processes might 
be active in nanocomposites or (Ti,Al)N-based materials, where coherent Al-rich and Ti-rich fcc-structured domains form due to 
spinodal decomposition, explaining the observed increase in fracture toughness upon annealing. 

Thus, with this review we have summarized and demonstrated that the thermomechanical properties, fracture toughness, and 
oxidation resistance of Ti1-xAlxN can be improved simultaneously through knowledge-based materials developments. This is essential 
to meet the ever-increasing demands on this material system. However, the guidelines presented are by no means limited to (Ti,Al)N 
and similar nitrides, but are also relevant for other materials such as carbides and borides, as well as protective and functional thin 
films in general. 
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[235] Mrowec S, Jedliński J, Gil A. The influence of certain reactive elements on the oxidation behaviour of chromia- and alumina-forming alloys. Mater Sci Eng A 

1989;120:169–73. 
[236] Choi WS, Hwang SK, Lee CM. Microstructure and chemical state of Ti1− xYxN film deposited by reactive magnetron sputtering. J Vac Sci Technol A 2000;18: 

2914–21. 
[237] Moser M, Mayrhofer PH. Yttrium-induced structural changes in sputtered Ti1-xAlxN thin films. Scripta Mater 2007;57:357–60. 
[238] Knotek O, Leyendecker T, Jungblut F. On the properties of physically vapour-deposited Ti-Al-V-N coatings. Thin Solid Films 1987;153:83–90. 
[239] Kutschej K, Mayrhofer PH, Kathrein M, Polcik P, Mitterer C. A new low-friction concept for Ti1− xAlxN based coatings in high-temperature applications. Surf 

Coat Technol 2004;188:358–63. 
[240] Mayrhofer PH, Hovsepian PE, Mitterer C, Münz W-D. Calorimetric evidence for frictional self-adaptation of TiAlN/VN superlattice coatings. Surf Coat Technol 

2004;177–178:341–7. 
[241] Kutschej K, Mayrhofer PH, Kathrein M, Polcik P, Mitterer C. Influence of oxide phase formation on the tribological behaviour of Ti–Al–V–N coatings. Surf Coat 

Technol 2005;200:1731–7. 
[242] Pfeiler M, Kutschej K, Penoy M, Michotte C, Mitterer C, Kathrein M. The influence of bias voltage on structure and mechanical/tribological properties of arc 

evaporated Ti–Al–V–N coatings. Surf Coat Technol 2007;202:1050–4. 
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[322] Stroosnijder MF, Sunderkötter JD, Cristóbal MJ, Jenett H, Isenbügel K, Baker MA. The influence of yttrium ion implantation on the oxidation behaviour of 

powder metallurgically produced chromium. Surf Coat Technol 1996;83:205–11. 
[323] Hagel WC. Anion Diffusion in α-Cr2O3. J Am Ceram Soc 1965;48:70–5. 
[324] Oishi Y, Kingery WD. Self-diffusion of oxygen in single crystal and polycrystalline aluminum oxide. J Chem Phys 1960;33:480–6. 
[325] Prescott R, Graham MJ. The formation of aluminum oxide scales on high-temperature alloys. Oxid Met 1992;38:233–54. 
[326] Über TG, von Metallen A. Z Anorg Allg Chem 1920;111(1):78–89. 
[327] Wagner C. Beitrag zur Theorie des Anlaufvorgangs. Z Phys Chem 1933;21B:25–41. 
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[485] Buchinger J, Löfler L, Ast J, Wagner A, Chen Z, Michler J, et al. Fracture properties of thin film TiN at elevated temperatures. Mater Des 2020;194:108885. 
[486] Daniel R, Meindlhumer M, Zalesak J, Sartory B, Zeilinger A, Mitterer C, et al. Fracture toughness enhancement of brittle nanostructured materials by spatial 

heterogeneity: a micromechanical proof for CrN/Cr and TiN/SiOx multilayers. Mater Des 2016;104:227–34. 
[487] Daniel R, Meindlhumer M, Zalesak J, Baumegger W, Todt J, Ziegelwanger T, et al. Multi-scale interface design of strong and damage resistant hierarchical 

nanostructured materials. Mater Des 2020;196:109169. 
[488] Moritz Y, Kainz Ch, Tkadletz M, Czettl Ch, Pohler M, Schalk N. Microstructure and mechanical properties of arc evaporated Ti(Al, Si)N coatings. Surf Coat 

Technol 2021;421:127461. 
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[503] Hahn R, Koutna N, Wójcik T, Davydok A, Kolozsvári S, Krywka C, et al. Mechanistic study of superlattice-enabled high toughness and hardness in MoN/TaN 

coatings. Commun Mater 2020;1:62. 

P.H. Mayrhofer et al.                                                                                                                                                                                                 

http://refhub.elsevier.com/S0079-6425(24)00092-6/h2300
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2300
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2305
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2305
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2310
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2310
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2315
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2315
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2320
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2320
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2325
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2330
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2330
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2335
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2335
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2340
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2345
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2350
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2360
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2360
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2365
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2365
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2370
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2375
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2375
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2380
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2380
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2385
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2385
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2390
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2390
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2395
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2395
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2400
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2400
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2405
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2405
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2410
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2410
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2420
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2420
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2425
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2430
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2430
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2435
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2435
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2440
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2440
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2445
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2450
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2450
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2455
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2455
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2460
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2460
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2465
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2465
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2470
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2475
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2475
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2480
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2480
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2485
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2485
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2490
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2490
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2495
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2500
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2500
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2505
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2505
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2510
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2515
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2515


Progress in Materials Science 146 (2024) 101323

57

[504] Veprek S. Superhard and functional nanocomposites formed by self-organization in comparison with hardening of coatings by energetic ion bombardment 
during their deposition. Rev Adv Mater Sci 2003;5:6–16. 

[505] Yang S, Guo T, Yan X, Gao K, Qiu J, Pang X. Nanotwinned transition metal nitride coating with excellent thermal stability. Acta Mater 2024;267:119743. 
[506] Patel N, Wang S, Inspektor A, Salvador PA. Secondary hardness enhancement in large period TiN/TaN superlattices. Surf Coat Technol 2014;254:21–7. 
[507] Huang Y, Chen Z, Wagner A, Mitterer A, Song K, Zhang Z. High density of stacking faults strengthened TaN/TiN multilayer. Acta Mater 2023;255:119027. 
[508] Gludovatz B, Hohenwarter A, Catoor D, Chang EH, George EP, Ritchie RO. A fracture-resistant high-entropy alloy for cryogenic applications. Science 2014;345: 

1153–8. 
[509] Luo H, Lu W, Fang X, Ponge D, Li Z, Raabe D. Beating hydrogen with its own weapon: Nano-twin gradients enhance embrittlement resistance of a high-entropy 

alloy. Mater Today 2018;21:1003–9. 
[510] De Cooman BC, Estrin Y, Kim SK. Twinning-induced plasticity (TWIP) steels. Acta Mater 2018;142:283–362. 
[511] Zhao S, Zhang R, Yu Q, Ell J, Ritchie RO, Minor AM. Cryoforged nanotwinned titanium with ultrahigh strength and ductility. Science 2021;373:1363–8. 

P.H. Mayrhofer et al.                                                                                                                                                                                                 

http://refhub.elsevier.com/S0079-6425(24)00092-6/h2520
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2520
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2525
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2530
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2535
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2540
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2540
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2545
http://refhub.elsevier.com/S0079-6425(24)00092-6/h2545
http://refhub.elsevier.com/S0079-6425(24)00092-6/optfC199jM3sh
http://refhub.elsevier.com/S0079-6425(24)00092-6/optbJiPt3Bopl

	Materials science-based guidelines to develop robust hard thin film materials
	1 Introduction
	2 Phase stability and mechanical properties
	2.1 Some basics of (Ti,Al)N coatings
	2.2 Alloyed and microalloyed (Ti,Al)N
	2.2.1 Sputter yield amplification effect on deposition rates
	2.2.2 Growth morphologies
	2.2.3 Maximum Al-content for fcc over hcp preference
	2.2.4 Thermal stability of the phases and corresponding hardness evolution


	3 Oxidation and oxidation protection
	3.1 Some materials science basics
	3.1.1 Transport mechanisms
	3.1.2 Oxide scale growth rates

	3.2 Alloyed and microalloyed (Ti,Al)N

	4 Fracture toughness
	4.1 Some materials science basics
	4.2 Superlattices
	4.3 Inherent ductility descriptors
	4.4 In-situ micromechanical bending tests to obtain KIc
	4.5 Fracture toughness of TMNs and alloyed (Ti,Al)N

	5 Summary and outlook
	CRediT authorship contribution statement
	Declaration of competing interest
	Data availability
	Acknowledgments
	References


