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A B S T R A C T

High-strain cold deformation introduces high driving forces for recrystallization, i.e., high dislocation densities, 
which in turn remarkably alters the microstructure. The static recrystallization behavior of ultra-low carbon steel 
during annealing, following cold torsion tests with engineering strain greater than 2, is experimentally investi-
gated. Metallographic and EBSD analysis are used to evaluate the resulting microstructure after deformation and 
annealing. The recrystallized grain size decreases with increasing strain until reaching a saturation point. The 
study reveals that torsion tests are well suited to investigate the recrystallization behavior for a wide range of 
strain in ferritic steel. The experimental results are compared to computer simulations using a mean-field 
recrystallization model implemented in MatCalc. By using an extended Kocks-Mecking model approach and 
considering the subgrain boundary misorientation, the simulations consistently reproduce the experimental re-
sults, validating the accuracy of the model.

1. Introduction

Metal forming techniques that are carried out at room temperature, 
such as thread rolling or deep drawing, can induce high local strains 
(ε > 2) [1], leading to remarkably high dislocation densities. The asso-
ciated high stored deformation energy is the driving force for the 
competing mechanisms of recrystallization and recovery, thus strongly 
influencing the microstructure evolution [2], which makes their control 
and predictability industrially relevant. Primary static recrystallization 
(SRX) during annealing after plastic deformation changes the grain 
shape and the crystallographic texture. The form of grains changes from 
elongated and heavily deformed grains to small, equiaxed grains, thus 
decreasing the average grain size, which is a significant strengthening 
mechanism in steel generally and also in ferritic, body-centered cubic 
(BCC) steel [3]. The resulting recrystallized grain size decreases to some 
extent with increasing deformation but is hardly influenced by the 
annealing temperature if no grain growth occurs [2,4,5]. Moreover, the 
recrystallization behavior is connected to the crystallographic orienta-
tion, which can be controlled to some extent by the degree of plastic 

deformation and the mobility of grain boundaries [4], which is influ-
enced by grain boundary pinning due to second-phase particles and 
solute drag [4]. In particular, it has been shown that segregated man-
ganese atoms at grain boundaries lower the mobility of grain boundaries 
and thus slow down the ferrite growth kinetics [6,7].

Many groups have given special emphasis, e.g., [2,8–11], to the SRX 
behavior of hypo-eutectoid steel in the austenitic region. In contrast, 
existing studies on the SRX behavior of ferrite in low-carbon steel mainly 
deal with compression tests and strains up to 80 %. By investigating 
deformed material with engineering strain greater than two after torsion 
testing, we want to address this gap. Diehl et al. [4] examine the 
nucleation and recrystallization process of a commercial unalloyed low- 
carbon steel using electron backscatter diffraction (EBSD) after a rolling 
reduction of 65 %. They investigate the recrystallized microstructure 
and observe the nucleation of new grains, especially in highly deformed 
regions, with the newly nucleated grains inheriting the orientation from 
the deformed microstructure. Ogawa et al. [12] examine the behavior of 
cold-rolled low-carbon steel during intercritical annealing after a 
reduction of 67 % and find a retardation of ferrite recrystallization and a 
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strain induced formation of austenite at the interface between recrys-
tallized and non-recrystallized ferrite grains. Herrera et al. [13] and 
Tavakoli et al. [14,15] investigate the influence of cold rolling and 
subsequent annealing at temperatures ranging from 500 ◦C to 720 ◦C for 
medium carbon steel and a rolling reduction between 35 % and 90 %. 
The latter report provides valuable insight into the SRX kinetics, 
incorporating the effects of annealing temperature and reduction in 
thickness. Chbihi et al. [16] and Alaneme [17] study the competition 
between ferrite recrystallization and austenite formation in medium 
carbon low alloy steel and find a strong interdependence between ferrite 
recrystallization and austenite formation.

In terms of analyzing the resulting microstructure after torsional 
deformation and annealing, Whitley et al. [18], Wright et al. [19], and 
Diehl et al. [4] made relevant contributions. Whitley et al. [18] inves-
tigated the resulting strain after thermomechanical torsional deforma-
tion of steel in the austenite region by microstructural observation. 
Wright et al. [19] and Diehl et al. [4] contributed by providing methods 
for investigating the recrystallized areas via EBSD. Considering an 
approach by Pantleon [20] on resolving geometrically necessary dislo-
cations (GNDs) by EBSD provides a lower limit for the total dislocation 
density that can be approximated by using the crystal orientation from 
EBSD measurements.

Since the excess dislocation density is the driving force for SRX, 
correct consideration of dislocations in crystalline material is crucial. 
Nye [21] and Ashby [22] divide dislocations into GNDs and statistically- 
stored dislocations (SSDs) [23]. The former type (GNDs) appears per 
definition in strain gradient fields dependent on the geometrical con-
straints of the crystal lattice. The latter type (SSDs) arises from random 
trapping during plastic deformation [22,23]. Breitbarth et al. [24] state 
that in Aluminum at low strain (< 2 %), SSD-density measured with 
electron channeling contrast imaging (ECCI) is 10 times higher than 
GND-density measured with EBSD. Zhu et al. [25] investigate the evo-
lution of SSDs and GNDs up to a strain of 0.46 by measuring the latter 
with EBSD. The authors calculate the SSD-density by subtracting the 
GND-density from the estimated total dislocation density according to 
Taylor’s hardening model [26]. Zhu et al. find that only at very low 
strain the GND-density is bigger than the SSD-density, i.e., 0.09 for a 
grain size of 30 µm in Nickel.

For describing recrystallization kinetics at constant temperature, the 
Johnson-Mehl-Avrami-Kolmogorov equation (JMAK) is often used 
[15,27,28]. With this analytical equation, the volume fraction of the 
recrystallized grains, dependent on two parameters, can be calculated. 
Rios and Villa [28] show that the spatially varying dislocation density 
widely influences the recrystallization behavior and that assuming a 
constant growth velocity of the new phase is unjustified for good spatial 
resolution [4]. Medina and Quispe [29] model the recrystallization 
plateaus with two interrelated transformation curves using an empirical 
Avrami approach [30] and considering the influence of solute drag with 
different activation energies. Rehman and Zurob [31] present an 
approach where the recrystallization plateaus are taken into account by 
pinned dislocations. For the impact of solute drag, the approach by Cahn 
[32] is used. Bailey and Hirsch [33] provide a model for static recrys-
tallization, where subgrains in contact with high-angle grain boundaries 
can act as newly recrystallized grains and continue growing into the 
adjacent grain. In this model, the driving force for recrystallization re-
sults from the stored deformation energy, which is directly related to the 
total dislocation density. Gil Sevillano et al. [34] and Kaibyshev et al. 
[35] mention the increase of subgrain boundary misorientation with 
strain. The subgrain boundary misorientation, dependent on the total 
strain, influences the recrystallization behavior via the number of GNDs 
to maintain given substructure characteristics, e.g., subgrain size [36]. 
Therefore, the evolution of subgrain boundary misorientation versus 
strain is crucial for accurately describing the total dislocation density 
evolution and, consequently, the amount of stored deformation energy.

The present work contributes to understanding the SRX behavior of 
cold-deformed, ultra-low carbon steel up to high strains of 2 via 

experimental torsion testing and annealing combined with computa-
tional simulations using the software package MatCalc [37]. The novelty 
of this work lies in the combination of different models for correctly 
describing the resulting fraction of recrystallized grains and the result-
ing grain size. In the simulative part, we integrate models for sub-
structure evolution by Kocks-Mecking [38] and for static 
recrystallization by Bailey-Hirsch, as introduced by Buken et al. [39]. 
This model uses the total excess dislocation density as the driving force 
for static recrystallization. Furthermore, we have developed a descrip-
tion for the subgrain misorientation angle evolution, which is crucial for 
understanding the substructure evolution and the evolution of the 
dislocation density during stage IV hardening.

On the experimental side, torsion tests for ultra-low carbon steel with 
engineering strain greater than 2 in the ferrite temperature region are 
performed. The advantages of torsion tests are higher strain and a wide 
strain variation compared to rolling [40] and compression tests often 
used for similar experimental investigations. We show that microstruc-
tural observations of steel after cold-torsional deformation can reason-
ably accurately quantify the resulting strain in ferrite. The torsional 
deformation and the subsequent annealing at different temperatures 
ranging from 500 ◦C to 700 ◦C for 120 s are carried out on a Gleeble [41] 
thermomechanical simulator. The results are analyzed in the tangential 
longitudinal plane at the effective radius, which is given by 0.724 times 
the radius (R), referred to as the tangential plane of interest, and in the 
specimen cross-section. We experimentally investigate the evolution of 
grain size and recrystallized fraction based on strain and annealing 
temperature by optical light microscopy (LOM) and EBSD. The resulting 
strain after deformation in the tangential plane of interest is controlled 
by adapting the methodology of Whitley et al. [18] for ferrite, where the 
inclination angle between non-recrystallizing particles, like manganese- 
sulfide (MnS) and the axis of symmetry can be used for determining the 
resulting strain. Additionally, we employ EBSD to analyze the resulting 
state of the microstructure and evaluate the recrystallized fraction and 
the resulting ferrite grain size. The objective of this study is to elaborate 
a precise methodology capable of forecasting the kinetic parameters 
associated with recrystallization and the progression of grain size during 
the process of static recrystallization in ferrite in ultra-low carbon steel, 
both of which are contingent upon the magnitude of applied strain.

2. Materials and methods

2.1. Material

An ultra-low carbon steel with the chemical composition shown in 
Table 1 is used to examine the static recrystallization mechanism. We 
choose this material to minimize the influence of grain boundary 
pinning (Zener pinning [42]) by carbonitride precipitates or solute drag 
[32] by different microalloying elements such as Nb or Ti. The initial 
microstructure is ferrite with a grain size of 33 µm.

2.2. Torsion tests

2.2.1. Experimental setup
The time–temperature-deformation history in Fig. 1 consists of a 

torsional deformation at room temperature on a Gleeble 3800 [41] 
thermo-mechanical simulator with a total torsional angle of 13.4 rad. 
For further detail on torsion testing, it is referred to [43,44]. A heat 
treatment with different soaking temperatures held for 120 s and a 
subsequent quenching step to freeze the microstructure is applied to 
investigate the static recrystallization behavior and the associated ferrite 
grain evolution.

Table 2 summarizes the variations in soaking temperature and strain 
rate. The comparison of a low strain rate of 0.1 s− 1 with a high strain rate 
of 10 s− 1 at 700 ◦C provides insight into the influence of the deformation 
speed on the microstructure evolution.

Fig. 2 shows the cylindrical specimen’s geometry, with the gauge 
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area dimensions being 7.2 mm in diameter and 14.4 mm in length. The 
gripping area, with a diameter of 10 mm, is assumed to be free of 
deformation, resulting in strain occurrence only in the gauge area. With 
one thermocouple type K placed in the center for temperature control of 
the experiment and another placed 5 mm from the center for tempera-
ture measurement, the resulting temperature at the surface is monitored. 
The assumption of constant temperature over the whole radius is legit-
imate because of the small dimensions of the sample. For the subsequent 
microstructure investigation, we cut the specimen precisely at the lon-
gitudinal and cross-section plane. The longitudinal polish plane (Fig. 2) 
provides insight into the resulting strain, following the approach by 
Whitley et al. [18]; see Section 2.3. The cross-section polish plane 

provides a strain variation across the radius, which makes it possible to 
investigate the influence of the shear strain on the resulting 
microstructure.

2.2.2. Evaluation of stress–strain evolution from torsion tests
The driving force for recrystallization increases with increasing 

strain, which evolves with altering the radius position in the cross- 
section of the cylindric specimen. Torque T and twist ϑ are obtained 
from the torsion test on the Gleeble and provide the basis for the 
calculation of the shear strain εshear, effective strain εeff , and effective 
stress σeff . The local values of the shear strain across the radius (R), 
length of the gauge area (L), according to Gräber and Pöhlandt [45], are 
obtained from Eq. (1). 

εshear =
ϑ⋅R
L

(1) 

According to the von Mises criterion, adapted by Maccagno et al. 
[46] and Medina et al. [11], the value for εeff is given by Eq. (2), 

εeff =
ϑ⋅R
̅̅̅
3

√
L

(2) 

2.3. Evaluation of shear strain from microstructural observations

We use a method developed by Whitley et al. [18] to evaluate the 
accumulated shear strain after the deformation step. This approach 
measures the inclination angle θ‘ between inclusions, such as manganese 
sulfide MnS, and the reference line at the effective radius Reff in the 
longitudinal polish plane. The reference line is parallel to the torsional 
axis with a distance of Reff = 72.4 % of the gauge radius, as developed by 
Barraclough et al. [47]. The advantage of this position is the minimi-
zation of the effects of strain rate sensitivity and strain hardening 
behavior [47], i.e., the smallest affection on the values of stress and 
strain [18]. Evaluating the microstructure at a certain distance from the 
surface avoids the influence of, for instance, oxidation or decarburiza-
tion on the microstructure [5].

Fig. 3 shows the expected morphological features after torsional 
deformation in ferrite and the position of each feature with respect to the 
reference line, according to Whitley et al. [18]. Features A and B, rep-
resenting inclusions such as MnS and non-recrystallized ferrite grains, 
respectively, are expected to reflect the impact of the locally accumu-
lated shear strain, analogously to the approach by Whitley et al. [18] for 
torsional deformation in austenite and can therefore be used to deter-
mine the inclination angle. Feature C symbolizes recrystallized grains, 
which cannot be used to evaluate the imposed shear strain. We imply 
that (i) before deformation, ferrite grains are equiaxed, (ii) recrystallized 
grains grow isotropically in an equiaxed morphology [13,36], and (iii) 
during deformation, the cross-sectional area of each grain remains 
constant [18].

Fig. 4 shows the θ‘ as described in Fig. 3 to evaluate the accumulated 
shear strain in a tangential plane at radius position Reff after torsional 
deformation and heat treatment. The specimens are either directly 
investigated under an optical microscope or etched with Nital etching 
agent to measure the inclination angle with MnS or with non- 
recrystallized ferrite grains, respectively. The samples are positioned 
under the microscope so that the lower horizontal edge of the image 
section coincides with the reference line. The angle between inclusions 
or non-recrystallized grains and the horizontal line depicts the inclina-
tion angle.

Eq. (3) gives the correlation between the inclination angle θ‘ and the 

Table 1 
Chemical composition of the examined steel in wt.%.

C Al N Mn S Cr Cu Si Nb Ti Fe

0.02 0.05 0.003 0.2 0.009 0.02 0.02 0.0064 0.001 0.001 bal.

Fig. 1. Time-temperature-deformation profile.

Table 2 
List of carried-out experiments with corresponding strain rate and soaking 
temperature.

Experiment Nr. Strain rate [1/s]ϕ̇ Soaking temperature [◦C] Ts

1 0.1 700
2 10 500
3 10 600
4 10 700

Fig. 2. Sample geometry, positions of the thermocouples (TC) on the sample, 
positions of the polish planes (cross-section and longitudinal).
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accumulated shear strain γacc. 

γacc = tan(θʹ) (3) 

This correlation is confirmed by Whitley et al. [18] for austenite, 
which we analogously claim to be also valid for ferrite.

Note that ε and γ are used to describe strain after evaluation via Eqs. 
(1–2) or Eq. (3), respectively.

2.4. Electron backscatter diffraction analysis

The EBSD analysis delivers the crystal orientation and thus provides 
detailed information on the resulting microstructure, e.g., grain size and 
strain. The grain size can be evaluated via crystal orientation data by 
dividing the specimen into regions with similar orientations; high-angle 
grain boundaries (HAGBs) typically show misorientations bigger than 
15◦ [48]. We analyze the cross-section plane of the samples with EBSD. 
For the sample preparation, we follow the recommended polishing 
routine for EBSD from Struers [49]. For the analysis of the EBSD data, we 
use the open-source MTEX toolbox [50]. With the crystal orientation 
data, the Kernel-Average-Misorientation (KAM) of directly connected 
neighbors (1st order) is evaluated for each point. In mapping the result, 

each value is assigned a particular color, from white (low KAM value) to 
dark red (high KAM value). It can reasonably be assumed that areas with 
a low KAM value (white areas) and a low local misorientation within the 
grains are recrystallized [23] since no deformation gradient is expected 
within a freshly recrystallized grain.

2.4.1. Grain size and recrystallized fraction
The grain size of differently strained material is evaluated with the 

line-cutting method [51] after etching with Nital, using a magnification 
of 500x in the light optical microscope. The line-cutting method is 
known to provide accurate results [51]. For each measured point, the 
standard error of the mean is calculated by taking a minimum of five 
measuring lines using the line-cutting method. To assess the recrystal-
lized fraction in the cross-section in dependence of strain, we use LOM 
and EBSD in a field emission gun electron microscope (ZEISS Sigma 500) 
with EBSD attachment OIM of EDAX/TSL. All observations are made at 
15 kV acceleration voltage, at a working distance of 14 mm, and with a 
step size of 0.1 µm.

2.4.2. Dislocations
We use the data from EBSD measurement and apply an approach by 

Pantleon [20] to estimate the GND-density. In this approach, local 
orientation measurements on planar surfaces allow for the determina-
tion of the dislocation density tensor, and finally, via linear optimiza-
tion, a lower dislocation density bound is obtained. Statistically stored 
dislocations (SSDs), which also affect the total dislocation density and 
stored energy, can not be resolved by EBSD misorientation measure-
ments and are thus not evaluated by this approach. Following the work 
by Zhu et al. [25] and Breitbarth et al. [24] on the evolution of GNDs and 
SSDs, we assume SSDs to be the dominant type, especially for high 
deformation levels.

3. Modeling

Recrystallization happens by the reconstructive movement of HABGs 
through a deformed microstructure, with the driving force for this 
process being the reduction of stored deformation energy. In the ther-
mokinetic software package MatCalc (Version 6.05.0015) [37], the 
relevant mechanisms for describing static recrystallization, as described 
by Buken and Kozeschnik [52], are nucleation, growth, and coarsening 
of recrystallized grains, taking into account the dislocation density 
evolution and precipitation kinetics [53].

3.1. Substructure evolution model

The dislocation density evolution in MatCalc is based on an extended 
Kocks-Mecking model [54,55] as introduced by Sherstnev et al. [55]. It 
describes the dislocation density evolution with a single state parameter 
that is the total dislocation density ρ. The parameterization in Eq. (4) 
uses parameters A, B, and C, with the individual terms representing 
dislocation generation (A), dynamic recovery (B), and static recovery 
(C), 

dρ
dφ

=
M
bA

̅̅̅ρ√
− 2BM

dcrit

b
ρ − 2CDeff

Gb3

φ̇kT

(
ρ2 − ρ2

req

)
, (4) 

with k being the Boltzmann constant, M the Taylor factor, b the Burgers 
vector, Deff the effective diffusion coefficient [56], and φ̇ the strain rate. 
dcrit in the dynamic recovery part (B) in Eq. (4) is the critical distance 
that two dislocations of opposite signs can be apart from each other and 
still have the possibility to spontaneously annihilate.

The required dislocation density to uphold a given substructure ρreq 
[36] is the sum of the equilibrium dislocation density value ρeq, 
considered constant, and the wall dislocations ρb, Eq. (5). 

ρrep = ρeq + ρb (5) 

Fig. 3. Schematic representation of features in the ferritic microstructure after 
torsion testing and heat treatment. Adapted from Whitley et al. [18]. Inclusions, 
such as MnS (A), non-recrystallized ferrite grains (B), and recrystallized grains 
(C). The inclination angle θ‘ lies between the reference line and the features A 
and B.

Fig. 4. Optical microscope image showing the inclination angle θ‘ between the 
reference line and non-recrystallized ferrite grains.
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The cell walls contain the geometrically necessary dislocations ρ b to 
build up the given substructure, expressed by the Read-Shockley [57] 
geometrically necessary dislocations. Eq. (6) defines ρ b via the subgrain 
diameter δAV and the subgrain boundary misorientation, ϴAV with 

ρb =
tan(θAV)

bδAV
. (6) 

The subgrain size and the number of dislocations stored in cell walls are 
correlated through the principle of similitude [36], Eq. (7), which can be 
written in differential form as 

δ̇AV =
δ3

AV

2(Aʹ)2 , (7) 

with the similitude parameter A’ and the generation rate of excess mo-
bile dislocations ρ̇+

ex. A decrease in subgrain size leads to an increase in 
stored energy density, which finally promotes recrystallization.

The evolution of the average sub-boundary misorientation ϴAV de-
pends on the material and the temperature [34,35,58–61]. For the 
experimental investigation of the subgrain − boundary misorientation 
variation with strain in aluminum, Schuh and von Heimendahl [62] use 
inter-dislocation spacing in sub-boundaries, and Nes [36] uses Kikuchi 
patterns from individual subgrains. Both conclude that the average 
subgrain − boundary misorientation increases rapidly to 3◦ at a strain of 
about 1, after which it remains constant to a strain of 4. Kaibyshev et al. 
[35] approximate the sub-boundary misorientation in a 1421 aluminum 
alloy within the strain range of 1 to 4 by the linear function θAV ≈ 5◦⋅εeff . 
In our simulation, we opt for a cubic root [63] function to capture the 
actual behavior of ϴAV at low strain instead of a linear description and to 
be more consistent with the recrystallization simulations, with θAV =

9⋅ ̅̅̅̅̅̅̅εeff3
√ .

3.2. Static recrystallization model

In MatCalc, the static recrystallization model [39] is based on the 
Bailey-Hirsch mechanism [33], where subgrains that are in contact with 
HAGBs can nucleate as recrystallization seeds and subsequently grow 
into the adjacent grain when exceeding the critical subgrain diameter 
δRX

crit, given as 

δRX
crit =

4γHAGB

PRX
D

=
4γHAGB

1
2 Gb2(ρtot

D − ρequ
D )

(8) 

δRX
crit is influenced by the HAGB energy γHAGB and the driving pressure for 

recrystallization PRX
D . PRX

D is directly related to the total dislocation 
density (ρtot

D ) i.e. the stored deformation energy. This model uses the 
HAGB energy (γHAGB) because a subgrain reaching critical size is treated 
as a new grain.

A Rayleigh distribution is used to approximate the distribution of 
subgrain sizes δ. The critical diameter evolves with time due to recovery 
and subgrain growth. It thus changes the fraction of subgrains that 
potentially develop into recrystallized nuclei over time. The evolution of 
the critical subgrain diameter (Eq. (8)) and the nucleation rate of 
recrystallized grains Ṅ are essential for SRX. 

Ṅ = NRX
pot⋅B

RX⋅Ḟl . (9) 

Ṅ (Eq. (9)) depends on the number density of potential nucleation sites 
NRX

pot, the saturation factor BRX accounting for already recrystallized sites, 
and the flux of subgrains reaching the critical size Ḟl.

3.3. Grain boundary pinning and solute drag

In the present model, the influence of solute elements and pre-
cipitates, which can retard the grain boundary movement, is accounted 

for by the solute drag mechanism using Cahn’s model [32] and Zener 
pinning [42]. In MatCalc, these effects are taken into account simulta-
neously in the calculation of the mobility of HAGBs and low-angle grain 
boundaries (LAGB) [64]. The effective mobility Meff is calculated taking 
the reciprocal sum of the intrinsic mobility without obstacles Mint, the 
mobility accounting for solute drag Msol, and the grain boundary 
mobility in the presence of precipitates Mprec, Eq. (10). 

1
Meff

=
1

Mint
+

1
Mprec

+
1

Msol
. (11) 

Values of 2500J/mol and 1500J/mol for the interaction energy with 
Manganese were reported by Zurob et al. [6] and Benrabah et al. [7], 
respectively. Benrabah et al. [7] explain this discrepancy with the dif-
ferences in the thermodynamic models for interface mobility used by 
these two authors. For the mobility, the binding energy Eb of a substi-
tutional element at the interface is a relevant property, which is, how-
ever, not known experimentally and is generally treated as a fitting 
parameter.

3.4. Grain growth – Movement of HAGBs

In MatCalc, the model implementation of grain growth has been 
described by Buken and Kozeschnik [39], with the change in grain 
diameter Ḋ being determined by the effective mobility Meff and the 
driving pressure Ptot

D , as 

Ḋ = Meff ⋅Ptot
D . (11) 

Ptot
D , consists of two parts, as seen in Eq. (12): The first part, PGG

D , de-
scribes the tendency to minimize the total surface area. The associated 
growth and coarsening of grains is similar to the one under the effect of 
Laplace pressure [42]. The second part of Ptot

D denotes the driving force 
for recrystallization (PRX

D ) due to deformation, which is the driving 
pressure for the movement of HAGB in Eq. (8) [2], 

Ptot
D = PGG

D +PRX
D = kd⋅γHAGB

(
1

Rm
−

1
R

)

+
Gb2

2
⋅(ρtot

D − ρequ
D ) , (12) 

with kd being the grain diameter evolution coefficient, Rm and R being 
the mean radius and the radius of the grain, respectively.

3.5. Incubation time

In Sections 3.1 to 3.4, we implicitly assume that we are dealing with 
a perfectly established substructure, which implies that supercritical 
subgrains/deformed regions around precipitates will immediately 
transform into recrystallized grains as soon as a critical value is reached. 
However, in reality, it can be expected that before the formation of a 
perfect recrystallized grain, some rearrangement of dislocations and 
HAGBs is necessary, for which thermal activation is required (at least in 
the static case). If this is not accounted for, recrystallization at room 
temperature after cold deformation is, in principle, a possible outcome 
of the simulation. To address this issue, an incubation distance is defined 
as the path that a HAGB traveled on average under the given driving 
forces due to deformation. In the case of Bailey-Hirsch nucleation [33], 
this mechanism sort of represents the bulging out of the HAGB where the 
new recrystallized grain has formed. The incubation factor finc is 
calculated with the bulging distance, dbulge, and the critical subgrain 
diameter, δRX

crit, as 

finc = 1 − exp
(

−
dbulge

δRX
crit

)

(13) 

finc multiplied with the nucleation rate Ṅ, Eq. (9), provides a modulated 
amount of nucleating grains, considering incubation time. In essence, 
this approach prohibits the instantaneous nucleation of a new grain from 
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a supercritical subgrain up to a certain delay.

4. Simulation setup

Experimentally evaluated stress–strain curves of the used material 
give insight into the evolution of the dislocation density during plastic 
deformation via the Taylor Equation, as Eq. (14), 

σ = αMGb
̅̅̅ρ√

(14) 

which describes the relation between the true stress σ and the disloca-
tion density ρ. α is the strengthening coefficient, depending on slip 
mode, dislocation arrangement, and dislocation density [65]. M, G, and 
b represent the Taylor factor, the shear modulus, and the Burgers vector, 
respectively. This expression, Eq. (14), allows for the derivation of the 
dislocation density evolution as a function of strain from a given 
stress–strain curve. Sobotka et al. [66] summarize the usage of stress–-
strain curves and the parametrization of the dislocation density evolu-
tion model. We assume no static recovery at low temperatures. Thus, the 
parameter for static recovery (C) in the substructure evolution model is 
set to a very low value, 1 ⋅ 10− 9. Table 3 summarizes the input variables 
used for the thermokinetic simulation.

5. Experimental results and discussion

5.1. Microstructures

The deformed and annealed samples are analyzed metallographi-
cally in the longitudinal plane at the effective radius Reff (0.724 ⋅ R) and 
in the center cross-section plane after etching with Nital. In the longi-
tudinal plane at Reff, measuring the resulting shear strain γacc (Eq. (3) 
[18]) and by this determining the local shear strain is possible, which 
guarantees trustful statements on the recrystallization behavior and 
grain size. Fig. 5 shows the resulting microstructure after torsional 
deformation of 13.4 rad in the tangential plane of interest without heat 
treating the sample.

Evaluating the accumulated shear strain γacc, Eq. (3), by measuring 
the θ‘ between the horizontal reference line and the morphological 
features in the ferrite in Fig. 5 gives a value of 2.4, which is in good 
agreement with the calculated value for the local shear strain by Eq. (1), 
i.e., 2.32. The lower horizontal edge coincides with the reference line, 
see Section 2.3.

The resulting microstructures after torsional deformation and sub-
sequent heat treatments with different annealing temperatures and 
strain rates in the longitudinal plane at Reff are shown in Fig. 6.

By comparing Figs. 5 and 6a, we conclude that no recrystallization 
occurs after annealing at 500 ◦C. In contrast, after annealing at TS =

600 ◦C, the microstructure is fully recrystallized (Fig. 6b). The non- 
recrystallization temperature (TNR) thus lies between 500 ◦C and 
600 ◦C. We assume that no significant recovery occurs during the cold 
torsion test since the deformation-induced temperature at the surface 
reaches 240 ◦C at maximum [68]. This is attributed to the negligible 
mobility of dislocations at temperatures approaching room temperature 
[69]. Note that grain shapes and sizes at 700 ◦C seem independent of the 
strain rate (Fig. 6c and 6d). This behavior is attributed to the negligible 
mobility of dislocations in steel and, thus also, the insignificant recovery 
[68] at low temperatures and the accumulation of high defect densities, 
i.e., mainly dislocations and crystallographic textures, which are 
assumed in the grains [2], independent of the strain rate. With the dis-
locations providing the driving force for SRX upon subsequent anneal-
ing, we conclude that within the experimental limit, there is no relevant 
effect of the strain rate on SRX but only by the magnitude of the strain. 
However, the temperature dependence at constant straining can be seen 
by comparing Fig. 6b and 6d: Higher temperatures increase the mobility 
of grain boundaries, facilitating grain growth and recrystallization. 
Accordingly, an increasing grain size from 3 µm at 600 ◦C to 10 µm at 

Table 3 
Used parameters for the thermokinetic simulation in MatCalc.

Symbol Name Value Unit Source

α Strengthening coeff. 0.25 − This work
ν Poisson‘s ratio 0.30 − MatCalc 

defa.
G Shear modulus 210000 − 75 × T[C]

2(1 + ν)
MPa MatCalc 

defa.
b Burgers Vector 2.5 ⋅ 10− 10 m MatCalc 

defa.
M Taylor factor 2.5 − MatCalc 

defa.
k Boltzmann constant 1.381 ⋅ 10− 23 JK− 1 MatCalc 

defa.
ρeq equ. dislocation density 1012 m− 2 MatCalc 

defa.
DG Initial grain diameter 33 ⋅ 10− 6 m This work
DSG Initial subgrain 

diameter
33 ⋅ 10− 6 m This work

A substr. evo. param.b A 40 − This work
B substr. evo. param.b B 4 − This work
C substr. evo. param.b C 1 ⋅ 10− 9 − This work
A’ similitude parameter 60 − This work
θAV subgrain misorientation 9⋅ ̅̅̅̅̅̅̅εeff3

√ # − This work
EB,Mn Solute drag binding 

energy of Mn
1000 Jmol− 1 This work

Deff Diffusion ratio disl./ 
bulk (pipe – diffusion)

0.003⋅exp−
130000

RT mbs− 1 [67]

DGB Diffusion ratio GB/bulk 0.0035⋅exp−
150000

RT mbs− 1 [67]

kd GD evolution coeff. 1.5 − MatCalc 
defa.

γHAGB HAGB-energy 0.5 Jm− 2 MatCalc 
defa.

γLAGB LAGB-energy 0.3 Jm− 2 MatCalc 
defa.

ω Grain boundary width 10− 9 m [31]
ηHAGB, 

int

Free HAGB-prefactor 0.015 − [64]

ηHAGB, 

int

Free LAGB-prefactor 10 − MatCalc 
defa.

ηHAGB, 

pin

Pinned HAGB-prefactor 0.001 − [8]

ηHAGB, 

pin

Pinned LAGB-prefactor 0.001 − [8]

a MatCalc def. …. Default values in the software package MatCalc.
b Substructure evolution parameter, as described in Section 3.1.

Fig. 5. Microstructure in the tangential plane of interest after torsional defor-
mation with a torsional angle of 13.4 rad and without a subsequent annealing 
treatment; strain rateϕ̇ = 10 s− 1, εeff = 1.34.

M. Führer et al.                                                                                                                                                                                                                                 Materials & Design 254 (2025) 114024 

6 



700 ◦C is observed, see Fig. 6b and 6d. The difference in grain size 
depending on the annealing temperature is attributed to faster grain 
growth at higher temperatures.

With increasing strain, the tendency for recrystallization increases. 
Fig. 7 shows the resulting microstructure for the experiment with TS =

600 ◦C at the lateral position in the longitudinal plane at Reff of the 
specimen, see Fig. 2, with a measured temperature at the surface of 
576 ◦C (thermocouple position edge, as schematized in Fig. 2). A tem-
perature gradient and heat transfer towards the gripping area explain 
the decreased temperature at the edge position compared to the center 
position.

The bigger diameter in the gripping area of the sample leads to 
supporting effects of the near gripping regions of the gauge area and thus 
decreases the degree of deformation. The shear strain γacc increases in 
the longitudinal plane towards the center (from left to right in Fig. 7) of 
the specimen. With Eq. (3), measured inclination angles of 62◦ and 65◦

indicate accumulated shear strains γ acc of 1.80 and 2.15, respectively. 

We observe an increase of the recrystallized grain fraction towards the 
sample center in the longitudinal plane with increasing γacc. In Fig. 7, it 
is notable that the nucleation of recrystallized grains predominantly 
occurs at grain boundaries, which is the favored nucleation site for static 
recrystallization according to Humphreys and Hatherley [2].

Investigating the cross-section plane of the samples provides insight 
into the recrystallization kinetics and the grain size evolution in 
dependence of strain across the radius. Fig. 8 shows the resulting 
microstructure in the cross-section in radial direction from the sample 
center to the edge after torsional deformation and annealing at 600 ◦C.

Following Eq. (1), the resulting strain increases with the radius, 
which directly influences the recrystallization behavior and grain size. 
Three markings indicate the regions with: a) only slight deformation and 
without recrystallization, (b) with more deformation and some recrys-
tallization, and (c) with full recrystallization, respectively. With 
increasing strain across the radius, the recrystallized fraction increases, 
and the resulting grain size decreases. Fig. 9 shows the evolution of the 
microstructure over the radius in more detail, with respect to Fig. 8. 
With increasing strain across the radius, from a to c in Fig. 8, the 
recrystallized fraction increases, and the average grain size decreases. 
With increasing recrystallized fraction, we observe that the fraction of 
highly deformed areas decreases, indicating a decrease in dislocation 
density in the already recrystallized areas [2]. This is corroborated by 
the EBSD measurement mappings in Figs. 10 and 11.

5.2. EBSD analysis

We use EBSD to investigate the interrelation of the recrystallization 
behavior of the material with the misorientation, following an approach 
by Wright et al. [19], in dependence on the applied strain. Fig. 10 shows 
the result of an EBSD mapping in the cross-section at radius R = 0.54 mm 
(εeff = 0.28) of the sample annealed at 600 ◦C after deformation. In 
Fig. 10, the mappings of inverse pole figure (IPF), image quality (IQ), 
kernel average misorientation (KAM), and GND-density are given. IPF, 
IQ, and KAM give insight into the local deformation condition of a 
microstructure. Uniform coloring inside a grain in the inverse pole figure 

Fig. 6. Microstructure after torsion testing with a torsional angle of 13.4 rad and annealing treatment at different temperatures TS and strain rates ϕ̇ at the effective 
radius (0.724⋅R, εeff = 1.34) in the longitudinal plane. a) TS = 500 ◦C, strain rateϕ̇ = 10 s− 1, b) TS = 600 ◦C, ϕ̇ = 10 s− 1, c)TS = 700 ◦C, ϕ̇ = 0.1 s− 1, d)TS = 700 ◦C, ϕ̇ 
= 10 s− 1. Nital is used as etching agent.

Fig. 7. Edge position in the longitudinal plane at Reff with measured Tsurface =

576 ◦C and ϕ̇ = 10 s− 1. The degree of deformation increases from left to right 
simultaneously with the recrystallized fraction.
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map without deviation in the color tone suggests homogeneous orien-
tation and no or only shallow deformation. Brighter areas in the IQ 
mapping show better pattern quality and indicate a low misorientation 
value, provided that the sample preparation across the sample surface is 
homogeneous. Blue and red lines in the IQ map indicate LAGBs and 
HAGBs, respectively. KAM gives the local misorientation of a pixel 
concerning its vicinity. It should be noted that only directly connected 
neighbors (1st order) from the same grain are considered for calculating 
the KAM. White areas show no misorientation and indicate regions of 
freshly recrystallized microstructure. With image analysis, we measure 
the white areas and are thus able to evaluate the recrystallized fraction.

Fig. 10d shows the calculated GND-density using the approach of 
Pantleon [20], see Section 2.4.2. The darker and recrystallized grains 
indicate areas with a lower dislocation density, i.e., GND-density close to 
equilibrium dislocation density of about 1012 m− 2. The brighter and not 
recrystallized areas give a GND-density of 5 ⋅ 1014 m− 2 corresponding to 
an increase of more than two orders of magnitude compared to the 
already recrystallized grains. The dislocation density in the non- 
recrystallized areas for a strain of 0.28 varies from 2 ⋅ 1014 m− 2 to 8 ⋅ 
1014 m− 2. This high deformation level and resulting high dislocation 
density provide the driving pressure for recrystallization, following the 
Bailey-Hirsch mechanism [33].

Fig. 11 shows KAM mappings in the cross-section for the sample 
annealed at 600 ◦C across the radius from 0.1 mm to 1.24 mm and 
effective strain εeff from 0.05 to 0.65. HAGBs are marked with contin-
uous black lines. The recrystallization behavior clearly varies across the 
radius and resulting strain. With increasing strain, the fraction of 

recrystallized volume (white areas) increases, and the resulting grain 
size decreases. The misorientation in the KAM mappings increases with 
increasing strain and turns zero after recrystallization.

As mentioned in Section 2.4, areas with low KAM value (white areas) 
and no misorientation within the grain can be assumed to be fully 
recrystallized. The radius position at 0.24 mm (εeff = 0.13) corresponds 
to the recrystallization limit. The mapping is indicative of the fact that 
grain boundaries are the preferred nucleation site for recrystallized 
grains [2].

The contents of the trace elements in the material, like sulfur, copper, 
chromium, and aluminum (see Table 1), are small and in a typical range 
for industrially used steel. Although these elements at these low frac-
tions have an influence on the boundary mobility, their influence is not 
any further considered. Instead, we assume a boundary mobility typi-
cally for technologically pure steel.

5.3. Evaluated grain sizes and recrystallized fractions

The grain size and recrystallized fraction versus the effective strain 
εeff are evaluated in the cross-section plane depending on the radius 
position via Eq. (2). Fig. 12 depicts the grain size (dashed lines and 
triangles) and the recrystallized fraction (continuous lines and circles) 
after torsion test and annealing for 120 s at 600 ◦C (filled symbols) and 
700 ◦C (empty symbols), respectively. The average grain size quickly 
decreases with increasing strain till it reaches a saturation level, which 
strongly depends on the soaking temperature [2]. After reaching a 
particular degree of deformation, increasing the deformation at 

Fig. 8. Cross-section after torsion test as described in section 2.1 and annealing at 600 ◦C for 120 s, the dash-dotted line is the radial connection from the sample 
center to the edge. The evolution of the resulting microstructure is directly influenced by the resulting strain across the radius. For insight into positions a, b, and c, 
see Fig. 9.

Fig. 9. Cross-section, detail of Fig. 8 with part a) referring to the low-deformed and hardly recrystallized center part (εeff = 0.26). Part b) intermediate area with 
deformed grains and some small recrystallized grains (εeff = 0.57), and part c) fully recrystallized site in the cross-section (εeff = 1.03).
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approximately 0.8 strain does not further decrease the ferrite grain size. 
Regarding the recrystallized fraction, we see that the microstructure at 
700 ◦C is already fully recrystallized at a much lower strain. This is due 
to the increase of grain boundary mobility with increasing temperature, 
thus facilitating the recrystallization mechanism at higher temperatures.

The grain size is represented in the graph with error bars indicating 
the standard error of the mean. The substantial error bars observed in 
the low strain data can be attributed to incomplete recrystallization 
occurring at low strain levels. At low strain, a bimodal distribution of the 
grain size is evident, with recrystallized grains exhibiting a significant 
decrease in grain size, as illustrated in the KAM − mapping in Fig. 11.

6. Simulation results and discussion

MatCalc [37], a toolbox for thermokinetic simulation, is used to 
simulate the recrystallization behavior and grain size evolution in 
dependence on strain and temperature. The thermodynamic basis for the 

thermokinetic simulation provides the Calphad-developed [70], open- 
source database mc_fe.tdb [71]. The models implemented and used in 
MatCalc [37] for the substructure evolution, recrystallization, and grain 
growth are presented in Section 3. The model for the substructure 
evolution is parameterized using a measured flow curve.

6.1. Phase stabilities

The thermodynamic equilibrium phase stabilities in the studied alloy 
RFE80 as a function of temperature are shown in Fig. 13. The ferrite to 
austenite phase boundary is at 720 ◦C. Aluminum nitride (AlN), MnS, 
and cementite (Fe3C) are present in equilibrium. Following the equi-
librium simulation in Fig. 13, we do not expect phase transformations in 
the experimental temperature range up to 700 ◦C.

Lückl et al. [73] investigate the co-precipitation of AlN and MnS in 
low-carbon steel and find AlN nucleation facilitated at MnS. The authors 
[73] state that precipitates of MnS and AlN at grain boundaries and AlN 

Fig. 10. EBSD-mapping of the cross-section of the sample annealed at 600 ◦C after deformation at position R = 0.54 mm (εeff = 0.28). a) IPF in reference with the 
axial direction (AD), giving insight into the orientations within the microstructure, b) IQ with HAGB and LAGB and c) KAM, used to measure the recrystallized 
fraction. d) GND-density, according to Pantleon [20].
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on primary MnS are, on average, some hundred nanometers large, which 
is too large to provide any notable Zener-drag [74]. Regarding the 
experimentally applied annealing temperatures in the range up to 
700 ◦C, we conclude from the constant phase stabilities in this temper-
ature range and the results of Lückl et al. [73] (i.e., considering the AlN 
and MnS precipitate size) that precipitates do not play a role for the 
recrystallization and grain growth behavior of this alloy.

6.2. Simulated flow curve and dislocation density evolution

To parameterize the strengthening coefficients A, B, C, and ϴAV (see 
Table 3) of the dislocation density evolution model, we use a measured 
flow curve of the RFE80 material, dotted line in Fig. 14, from a 
compression test at 200 ◦C with a strain rate of 10 s− 1. The flow curve of 
the RFE80 material, which is used for parametrization, is evaluated via a 
compression test on a Gleeble thermomechanical simulator [41]. To 

accurately address the actual material behavior in the Gleeble 
compression test [75], it is necessary to take into account the stiffness of 
the thermomechanical simulator and a temperature correction assuming 
the peak of the temperature evolution at the end of the deformation 
segment. The influence of friction between the specimen and the com-
ponents of the thermomechanical simulator is disregarded for strain 
values up to 0.8. To ensure the reliability of the experimental results, the 
experiments are repeated. The v. Mises criterion [46] is applied to 
compare the results from torsional deformation with simulation results.

In Fig. 14, we see a slight reduction of the experimental flow curve at 
a strain of 0.3, which shows a clear deviation from the ideal shape of the 
flow curve, as described by Kocks and Mecking [38]. These authors [38] 
state the correlation of the Taylor Equation (Eq. (14)) holds for all cases 
where the flow stress is purely controlled by dislocation–dislocation 
interaction. In the case of bcc-structures, at lower temperatures deva-
tions can be observed [38]. It is reported that the formation of cleared 

Fig. 11. KAM mapping after EBSD-measurement of the cross-section of the sample annealed at 600 ◦C for the radius position ranging from 0.1 mm to 1.27 mm 
(corresponding εeff = 0.05–0.65). The white areas with low KAM and no misorientation within the grain are recrystallized. Note that the recrystallization behavior 
clearly varies across the radius.
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slip channels is the reason for this behavior at low temperatures in bcc- 
structures [76], resulting in an anisotropic dislocation density evolution 
[77]. In any case, the simplified model for the substructure evolution 
from Section 3.1 still shows good agreement with the behavior of the 

real material.
For correctly describing the evolution of the wall dislocation density 

and the resulting total dislocation density, see Section 3.1, an appro-
priate description of the evolution of the subgrain boundary misorien-
tation ϴAV over strain is needed to accurately predict the slope of the 
linear part of the flow curve (stage IV hardening [38]). In turn, the total 
dislocation density directly influences the driving pressure for recrys-
tallization, so correctly describing ϴAV is crucial (see Eq. (6)). Using a 
cubic root function for ϴAV provides reasonable misorientation values, 
especially for low strains up to εeff = 1.

Fig. 15 compares the simulated dislocation density evolution, using 
the parameters from Table 3, with the experimental dislocation density 
evolution data from Despujols et al. [78] and Tanaka et al. [79] at 
different strains for low-carbon steel.

The measurement error of the dislocation density has been docu-
mented to be substantial in the extant literature [79,80]. Following this, 
this type of comparison in Fig. 15 indicates that the amount of defor-
mation energy being stored within the material, representing the driving 
force for SRX, is in the correct order of magnitude [33]. The present 
experimentally derived GND-density, see Fig. 10, of approximately 5 ⋅ 
1014 m− 2 also agrees with the simulated dislocation density evolution, 
marked as a star in Fig. 15. The binding energy for the solute drag 
contribution of Mn is taken as 1000 Jmol− 1, which agrees well with the 
literature data [6,7].

6.3. Simulated recrystallized fraction and grain size

The fraction of statically recrystallized microstructure (Fig. 16) and 
the grain growth behavior (Fig. 17) are simulated for the thermo-
mechanical treatment of Fig. 1. Fig. 16 compares the recrystallized 
fraction from the simulation (continuous lines) and the experimental 
values (dashed lines) with respect to the effective strain after von Mises 
(compare to Eq. (2) and [46]).

The static recrystallization behavior is compared for 600 ◦C (tri-
angles) and 700 ◦C (circles) soaking temperatures. A good agreement 
between simulation and experiment is obtained using the parametriza-
tion from Table 3.

In Fig. 17, the experimentally measured grain size evolution (dashed 
lines) is compared to the simulation (continuous lines) versus the 
effective strain for 600 ◦C (triangles) and 700 ◦C (circles) soaking 
temperatures.

The grain size simulation at 600 ◦C overestimates the measured grain 
sizes up to a strain of 0.7. At 700 ◦C, the grain size simulation un-
derestimates the measured value until reaching a strain of 0.8. The 
correct description of the mobility of grain boundaries and the interac-
tion between solute and grain boundary is highly complex and widely 

Fig. 12. Experimentally evaluated grain size (dashed line) and recrystallized fraction (continuous line) after torsion test and annealing for 120 s at 600 ◦C (filled 
markers) and 700 ◦C (empty markers), respectively. The grain size is represented graphically with error bars, which correspond to the standard error of the mean.

Fig. 13. Stepped equilibrium calculation; Phase fraction over the temperature 
in ◦C of the used steel RFE80; Used thermodynamic database: mc_fe.tdb [72].

Fig. 14. Measured flow curve (200 ◦C, 10 s− 1) from compression test (dashed 
line) and simulation result (continuous line) with calibrated parameters A, B, C, 
and ϴAV from Table 3.
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dependent on temperature [81], type of solute, and solute concentration 
[6,7]. We see good agreement in the saturation level of the grain size, 
with data points lying within the experimental error bar. A promising 
trend in the low-strain region is seen, suggesting that the applied 
approach captures the key aspects of the underlying physics.

The simulations are primarily influenced by the dislocation density, 
which serves as the driving force for recrystallization. Another impor-
tant factor pertains to the mobility of grain boundaries. In general, grain 
boundary mobility is particularly influenced by intrinsic mobility and 
retardation forces resulting from solute drag and Zener pinning. It is 
noteworthy that the low alloying element fraction in the studied alloy 
serves to minimize the influence on grain boundary mobility, with Mn 
proving to be the primary effective element. The dislocation density 
evolution is evaluated by employing a mean-field approach, wherein the 
accurate description of the subgrain boundary misorientation evolution 
is imperative to precisely describe the behavior of the flow curve during 
stage IV hardening. In essence, this approach considers only one type of 
glide system without explicit consideration of edge and screw disloca-
tion characteristics and a constant Burgers vector. On one hand, these 
simplifications affect the accuracy of the simulation. On the other hand, 

Fig. 15. Simulated dislocation density evolution (continuous line) as a function of strain in comparison to experimental data [78,79]. The experimentaly measured 
GND-density, see Fig. 10, is marked as star with error bar.

Fig. 16. Evolution of the recrystallized fraction as a function of effective strain 
using the von Mises criterion [26]. Comparison of experiment (dashed lines) 
and simulation (continuous lines) for torsion testing at room temperature and 
subsequent annealing for 120 s at 600 ◦C (triangles) and 700 ◦C (circles), 
respectively.

Fig. 17. Grain size evolution over effective strain using the von Mises criterion [26]. Comparison of experiment (dashed lines) and simulation (continuous lines) for 
torsion testing at room temperature and subsequent annealing for 120 s at 600 ◦C (triangles) and 700 ◦C (circles), respectively. The experimental result of the grain 
size is represented graphically with error bars, which correspond to the standard error of the mean. Lines are a guide to the eye.
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the mean-field approach enables fast-forward simulations, a low number 
of calibration parameters, and the applicability for multi-component 
systems with precipitation and solute drag [37,82]. Trustfull valida-
tion of the dislocation density evolution is given by comparison of the 
yield strength (see Fig. 14) via the Taylor equation (Eq. 14) and with 
experimental dislocation density values (see Fig. 15). No definitive 
approach for determining precise error bars is available regarding the 
accuracy of the simulation setup. Furthermore, systematic model errors 
resulting from imperfect modeling cannot be quantified as statistical 
model errors [83,84]. Consequently, validation of model outcomes with 
experimental results is imperative.

7. Conclusions

Torsion tests provide a convenient possibility to investigate high 
strain levels and significant strain variations with only a few experi-
ments in low-carbon steels. The experimental results show a decrease of 
the recrystallized grain size with increasing strain before reaching a 
saturation level. The annealing temperature influences the grain size at 
the saturation level.

The SRX simulations agree well with the experimental data 
regarding the recrystallized grain size after deformation and subsequent 
annealing when the subgrain boundary misorientation is considered in 
the modeling, using a cubic root function for its description.

The ABC parameters of the extended mean-field Kocks-Mecking 
model for the dislocation density evolution are calibrated with a suitable 
flow-curve, allowing for the simulation of the dislocation density evo-
lution in agreement with GND-density data evaluated from EBSD ex-
periments. To correctly picture the behavior during stage IV hardening, 
a cubic root function for the subgrain boundary misorientation is 
developed.

The correct description of the grain boundary mobility is confirmed 
by the consistency between simulative and experimental results, 
revealing decreasing grain size with increasing strain until a saturation 
level is reached at an effective strain of roughly one. The annealing 
temperature strongly influences the level of saturation of the resulting 
grain size. The strain rate during the cold deformation process does not 
measurably influence the resulting microstructure in the present work.

The predictive power of the present SRX simulations for ultra-low 
carbon steel helps to reduce the number of prior experimental in-
vestigations within industrial processes.
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