
dissertation

Fracture toughness of hard coatings

carried out for the purpose of obtaining the degree of Doctor technicae (Dr. techn.),

submitted at TU Wien, Faculty of Mechanical and Industrial Engineering,

by

Dipl.-Ing. Rainer Hahn

under the supervision of

Univ. Prof. Dipl.-Ing. Dr.mont. Paul Heinz Mayrhofer

Univ.Ass. Dipl.-Ing. Dr.mont. Matthias Bartosik

Institute of Materials Science and Technology, E308

Materials Science Division

Vienna, June 2019

Reviewed by

. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

Daniel Kiener

Department Werkstoffwissenschaft

Montanuniversität Leoben

Jahnstraße 12, 8700 Leoben

. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

Christoph Eisenmenger-Sittner

Institut für Festkörperphysik

TU Wien

Wiedner Hauptstraße 8-10, 1040 Wien



This work was supported by Plansee Composite Materials GmbH and

Oerlikon Balzers, Oerlikon Surface Solutions AG in the framework of the

Christian Doppler Laboratory for Application Oriented Coating Development.

I confirm, that going to press of this thesis needs the confirmation of the examination

committee.

Affidavit:

I declare in lieu of oath, that I wrote this thesis and performed the associated research myself,

using only literature cited in this volume. If text passages from sources are used literally,

they are marked as such.

I confirm that this work is original and has not been submitted elsewhere for any examination,

nor is it currently under consideration for a thesis elsewhere.

Date Signature

ii



”[...] der unermesslich reichen, stets sich erneuernden Natur gegenüber wird der Mensch, so

weit er auch in der wissenschaftlichen Erkenntnis fortgeschritten sein mag, immer das sich

wundernde Kind bleiben und muss sich stets auf neue Überraschungen gefasst machen.”

– Max Planck (1858-1947)
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Abstract

Ceramic hard coatings deposited by physical vapor deposition (PVD), i.e. transition metal

nitrides, carbides, and borides, are successfully used as protective coatings in the cutting

industry and on forming tools. Thereby they prolong the lifetime of tools and cutting

inserts by up to some 100%. Their advantageous properties like high hardness, chemical

stability, thermal stability, and oxidation resistance provide the basis for operating in harsh

environments. However, major drawbacks of these materials are their inherent brittleness

stemming from their lack of ductility, and their low fracture toughness KIC . This material

property is technologically relevant, a failure of the coating leads to immediate oxidation and

mechanical load of the substrate and thus to premature failure, especially in applications

where wear is dominated by mechanical loads. Due to the constant endeavor in industrial

processes for increased throughput without compromising restrictions in reliability, the search

for new material systems as well as the effort to understand basic mechanisms leading to

enhanced properties is consistently high.

In this PhD thesis, mechanisms overcoming this unfavorable behavior are investigated and

characterized. In-situ micromechanical cantilever bending tests, used to obtain fracture

toughness values, provide the basis for these studies. Thereby cantilevers, typically in the

size of some µm, are machined using a focused ion beam (FIB) work station. Here, special

attention is given to the creation of the pre-notch, which should be as sharp as possible to

imitate conditions present during application. The tests are carried out using an in-situ

scanning electron microscope (SEM) indenter in order to control the point of loading, assure

mode I load conditions, and monitor possible violations. Conventional nanoindentation is

used to determine the hardness as well as the indentation modulus. Additional studies

based on X-ray diffraction, scanning and high-resolution transmission electron microscopy are

conducted to characterize the microstructure of the coatings and to assess structure-property

relations. Since the behavior at elevated temperatures is relevant for many applications,

annealing treatments in vacuum and following characterization of these annealed samples are

carried out.
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Abstract

The results clearly show strategies for enhancing the fracture toughness. We observe a

fracture toughness peak, depending on the bilayer period (modulation period), similar to the

well-known hardness peak for TiN/CrN superlattice systems on various substrates, produced

with different PVD techniques. With the addition of boron to TiN we observe a significant

improvement in hardness while the fracture toughness is not affected. Moreover, if hexagonal

BN phases are avoided, an increase in fracture toughness can be realized. The influence

of temperature on these properties (hardness and fracture toughness of nanolayered and

B-alloyed coatings) is strongly depending on the involved phases. However, we identified

proper approaches for retaining them under thermal loading.
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Kurzfassung

Keramische Hartstoffschichten, die mittels physikalischer Dampfphasenabscheidung (engl.

physical vapor deposition – PVD) hergestellt werden, können erfolgreich die Standzeiten von

Werkzeugen der Zerspanungs- und Bearbeitungsindustrie um mehrere 100% verbessern. Dabei

kommen ihnen ihre hohe Härte, die chemische und thermische Beständigkeit und ihre gute

Oxidationsbeständigkeit zu Gute. Diese Eigenschaften bilden die Basis für die Anwendung in

schwierigen Umgebungsbedingungen. Allerdings besitzen derartige Schichten nur eine relativ

geringe Duktilität und niedrige Bruchzähigkeit, wodurch es bei starken Beanspruchungen

durchaus zur Rissbildung und einem vorzeitigen Versagen kommen kann. Um den steigenden

Anforderungen an derartige Schutzschichten gerecht zu werden und höhere Bearbeitungs-

und Schnittgeschwindigkeiten zu ermöglichen, wird permanent nach neuen Materialien und

Möglichkeiten geforscht.

Das Ziel dieser Doktorarbeit war es somit, einzelne Mechanismen zur Erhöhung der Zähigkeit

von derartigen keramischen Hartstoffschichten im Detail zu untersuchen. Besonderes Augen-

merk wurde dabei auf jene Mechanismen gelegt, die die anderen mechanischen Eigenschaften,

wie Härte, nicht nachträglich beeinflussen. Mithilfe eines fokussierten Ionenstrahls wurden

kleine Biegebalken aus den Hartstoffschichten gefertigt, die in einem Rasterelektronen-

mikroskop (REM) mittels mikromechanischer Versuche bis hin zum Bruch belastet wurden.

Die simultan aufgenommenen Kraft-Durchbiegungskurven wurden unter Berücksichtigung des

tatsächlichen Probenquerschnitts analysiert und zur Berechnung der Bruchzähigkeit herange-

zogen. Die Härte der Schichten wurde mittels konventioneller Nanoindentierung bestimmt.

Mittels Röntgendiffraktometrie, Rasterelektronenmikroskopie und Transmissionselektronen-

mikroskop wurde die Mikrostruktur und der Schichtaufbau charakterisiert. Die thermische

Stabilität der einzelnen Schichten und Mikrostrukturen wurde mit Vakuumglühversuchen

und Differentialkalorimetrie geprüft.

Die Kombination dieser Untersuchungen erlaubte es, Mechanismen zu finden, die die

Bruchzähigkeit zu erhöhen, ohne dass dabei die Härte oder auch die thermische Stabilität

verringert wird. Die Entwicklung von sogenannten Superlatticeschichten (hier im System

TiN/CrN erforscht) erlaubt die gleichzeitige Steigerung der Bruchzähigkeit und Härte. Auch
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Kurzfassung

durch Zulegieren von Bor zu TiN kann dessen Härte deutlich gesteigert werden, ohne dass

dabei die Bruchzähigkeit beeinflusst wird. Im Gegenteil, wenn vor allem die Bildung von

hexagonalen BN Phasen verhindert werden kann, lässt sich dadurch auch die Bruchzähigkeit

verbessern. Die thermische Stabilität derartiger Schichtkonzepte hängt sehr stark von den

beteiligten Phasen ab, aber auch hier lassen sich optimale Konzepte identifizieren.
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Chapter 1

Introduction

Coatings are used to protect components from harsh environments and thereby enable

to combine beneficial properties of both, the substrate and the coating. Ceramic coating

materials (i.e. nitrides, carbides, borides, and oxides) are commonly known for their inherent

hardness, their chemical stability, their thermal stability, and their oxidation resistance. The

beginning of industrial application of hard coatings was in the 1980s where first tools were

protected with TiN using chemical vapor deposition (CVD). From there on, the coating

industry grew, leading to a share of coated to uncoated tools of ∼80%. Besides the tooling

industry, the component industry becomes more and more important. This segment of the

industry has a great potential, as of today only ∼10% of suitable parts are coated [1–3].

Widely used techniques to deposit such thin films (usually in the range of 1 µm up to

∼30 µm) are CVD, and its variations such as plasma assisted CVD, low pressure CVD; and

physical vapor deposition (PVD). Especially PVD enables – due to the relatively low process

temperatures, high cooling rates during film growth, and a wide variation in deposition

parameters – a huge potential for further improvements of advanced hard coatings. These

coating processes consist of three main steps: vaporization, transportation, and condensation.

A further classification of different PVD processes is done by distinction of vaporization types

(i.e. magnetron sputtering, cathodic arc evaporation, and laser or electron-beam vaporization)

or types of condensation (reactive or non-reactive) [2, 4].

New requirements driven by industry in the search for improved efficiency, lead to the

development of new coating systems with enhanced mechanical and chemical properties by

academic and industrial research groups. In particular focus of recent developments are

advances in mechanical and thermal properties (oxidation resistance as well as enhanced

mechanical properties at increased temperatures [5–8]) for cutting tools in high speed cutting

applications as well as enhanced component coatings leading to longer service life or higher

service temperatures [9]. However, besides these properties, a premature failure due to

spalling, cracking, and other mechanisms – leading to interaction of substrate and the
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1.1 Fracture Toughness

environment – has to be prevented. To avoid such unfavorable events, a coating needs a

sufficient resistance against crack formation and crack growth, as well as an resistance to

abrasive wear. The associated material properties for improvements are here the fracture

toughness KIC , the hardness H, and the Young’s modulus E. The present work focuses

on the determination and improvement of KIC , an inherent material property that became

quantifiable for thin films very recently with advances in micromechanical testing methods [10–

13].

The successful development of state-of-the-art protective coatings is often realized by ap-

plying concepts also used for bulk materials such as alloying, work hardening effects, and

strengthening by reduction of the grain size. The mentioned mechanisms exist in thin films

as: forming solid solutions of solvable and of even unsolvable constituents (e.g. the solution

of AlN in TiN due to very high cooling rates in PVD processes), introduction of lattice

defects such as point defects (vacancies, interstitial atoms) and line defects (dislocations), and

the growth of nanocrystalline thin films respectively. All of these mechanisms successfully

impede the dislocation movement, and hence lead to higher hardness values. In addition to

those strengthening mechanisms, compressive stresses – arising from differences in thermal

expansion coefficients (TEC) of thin film and substrate, as well as intrinsic growth-related

stresses – further advance the hardness of a coating, peaking to hardness values well over

40GPa (a threshold value for the definition as superhard material) [14, 15].

Increases in oxidation resistance are here accessible by alloying with oxygen-favoring elements

such as Al, Si, or Zr. These additions often lead to a dense oxide scale in use, preventing

further oxidation of the remaining thin film along with hindered outward diffusion of its

constituent elements [16, 17].

Typical representatives and widely applied hard coatings in focus of these research efforts are

TiN, TiB2, TiAlN, CrN, TiC, and Al2O3 [2, 3].

1.1 Fracture Toughness

Though, as mentioned earlier, in industrial relevant applications the fracture toughness is

of great importance because of dynamic loading profiles in use, including peak loads due

to impact of small particles, cavitation, and interrupted cutting conditions. The fracture

toughness of an intrinsic brittle material can be described as the resistance of a material

to crack propagation and is therefore increasing with increasing energy needed for fracture.

This was first described by Griffith [18] by finding that:

σf ·
√
a ≈ C (1.1)
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1.1 Fracture Toughness

and

C =

�
2 · E · γ

π
(1.2)

Where C is a constant, σf is the fracture strength, a is the flaw size, E denotes the Young’s

modulus, and γ the specific surface energy. Thus, mechanisms increasing the fracture

toughness of a material are – according to Griffith – related to an increase in Young’s

modulus. The Griffith criterion however is only valid in the framework of linear elastic

fracture mechanics, neglecting any plasticity at the crack tip and therefore the stress and the

strain at the crack tip are infinite per definition. As this might be fulfilled for ideal brittle

materials, it does not hold true for materials showing plastic deformation at the crack tip.

A modification established by Irwin [19] considers this effect, he therefore modified the Griffith

criterion to:

σf ·
√
a =

�
E ·G
π

(1.3)

with:

G = 2 · γ +Gp (1.4)

where G is the total dissipated energy, and Gp is the energy dissipated mostly due to plastic

deformation but also including other origins of energy dissipation. Here, the dissipation of

energy because of plastic deformation can be understood as thermal energy due to frictional

forces occurring during dislocation movements. Whereas G for brittle materials is in the order

of ∼2 J·m−2 and dominated by the surface energy, for materials showing plastic deformation

(thus Gp dominates the term) it is in the order of up to 1000 J·m−2. When G overcomes

the threshold value Gc (the critical energy release rate) fracture occurs. This gives a first

understanding how important the formation of a plastic zone can be in order to optimize the

fracture properties of materials (even though this mechanism lowers the strength).

Another important parameter introduced by Irwin is the stress intensity factor K: for a small

plastic zone size compared to the crack length, the energy required for growth of the crack is

not decisively affected by stress state, therefore a purely elastic approach can be used [19, 20]:

K =
√
G · E (1.5)

for plane stress conditions. Transforming equation 1.5 using equation 1.3 gives the common
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1.2 Ti-B-N Model System

known equation for the stress intensity factor K:

K = σf ·
√
π · a (1.6)

In fracture mechanics exist three main modes of loading on a crack tip (figure 1.1):

– Mode I: load applied perpendicular to the crack plane (tensile, opening)

– Mode II: in plane shear loading (sliding)

– Mode III: out of plane shear loading (tearing)

hereby mode I present the most severe loading condition. Hence, together with a subscript

c for “critical”, the formula symbol KIC is defined as the critical stress intensity factor

in mode I loading conditions and widely accepted as the defining parameter for fracture

toughness [21, 22].

Fig. 1.1: The three main loading modes at crack tips.

However, as under testing conditions neither the notch radius is infinite small nor are the

strain and stress tensor at the crack tip infinite large. Thus, a correction factor Y is introduced

accounting for the stress distribution in a round notch tip. The validity of this correction

factor was later verified by finite element simulations, the factor itself depends on the specimen

geometry. Equation 1.6 then reads [20, 23]:

KIC = σf · Y · √π · a (1.7)

a definition which will further be used in this thesis for calculation of the fracture toughness.

1.2 Ti-B-N Model System

Within the theoretical part of this thesis, TiN and Ti-B-N hard coatings are used as simple

model systems to explain and illustrate various already known mechanisms. These coatings
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1.2 Ti-B-N Model System

were deposited and characterized within the framework of the thesis, however have yet to be

published.
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Chapter 2

Thin Film Deposition

2.1 Physical Vapor Deposition

The main advantage of physical vapor deposition over other techniques for the preparation

of thin films is its variety in adjustment options. Different deposition parameters enable to

deposit metallic, ceramic, and even organic thin films in a broad property range. Typical

varied parameters are the substrate temperature, the bias voltage accelerating process gas ions

and other ionized species to the substrate, the applied power on the targets, the deposition

pressure, the process gas mixture, and the target- and process gas elements. Furthermore,

the selection of the PVD method significantly influences the coating properties. During any

PVD process a target material is evaporated, transported through the vacuum deposition

chamber and condensed on the substrate material leading to grain nucleation and subsequent

film growth. Depending on whether process gas species (e.g. nitrogen or oxygen) react with

the sputtered species or not a process is called reactive or nonreactive, respectively.

Further advantages of this technique are a low deposition temperature which enables to apply

thin films on temperature sensitive substrates like high speed steel, high cooling rates (up

to 1013K·s−1) for the deposition of metastable materials, and the variety of different target

materials and reactive gases.

There are two main deposition techniques widely applied in industrial processes: magnetron

sputtering (including its derivates) and cathodic arc evaporation which will be described in

further detail [2, 4].

2.1.1 Cathodic Arc Evaporation

During cathodic arc evaporation (CAE) an arc is ignited on the target material (using currents

in the order of 80 to 170A, and voltages typically between 20 and 30V) leading to a localized

temperature peak followed by immediate evaporation of the target material [24]. The affected
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2.1 Physical Vapor Deposition

area of this arc impact – the so-called cathode spot – is thereby in the order of 2 to 50 µm

and exists for a few nanoseconds, after which immediately a next cathode spot occurs in

the vicinity of the preexisting one. The limited area coupled with high currents, leads to

current densities in the order of 1011 - 1012A·m−2, resulting in an almost 100% ionization

of the evaporated material. Further it shall be mentioned that a magnetic field behind the

cathode can influence the arc flow, a technique described as steered arc. Besides the ions the

process product consists of neutrals and macroparticles, which will be described later. An

illustration of a cathodic arc process is depicted in figure 2.1:

Fig. 2.1: Schematic cathodic arc evaporation process, after Koller [25].

The main advantage of this high ionization rate is a highly dense coating in the sense of

compact column boundaries. Furthermore, ions are attractable by a negative bias voltage

which guarantees a more uniform coating thickness even in shielded areas of the substrate.

The target erosion in a CAE process is characterized by a uniform erosion, maximizing

the target usage rate. A further advantage compared to magnetron sputtering is the high

deposition rate, both effects are causing economic benefits. Based on the presented advantages
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2.1 Physical Vapor Deposition

cathodic arc evaporation has been established as preferred method for depositing hard coatings

on cutting tools [2, 26–29].

Macroparticles

However, the before described high energy impacts also bring some disadvantages. The

usually metallic targets conduct heat very well which leads, besides direct evaporation of

the material, to melting pools in the vicinity of the cathode spot. The plasma pressure then

causes the ejection of so-called droplets out of this melting pool. A schematic illustration of

the droplet formation is shown in figure 2.2:

Fig. 2.2: Step-by-step formation of a droplet during cathodic arc evaporation [25].

When arriving at the substrate these metallic macroparticles are integrated in the growing thin

film where they act as preferred areas for beginning failure of the coating (the soft metallic

droplets have lower mechanical properties and often establish preferred diffusion pathways

for oxygen). The macroparticles further suffer from a lowered coating adhesion [2, 30, 31].

2.1.2 Magnetron Sputtering

Impact Processes

During the magnetron sputtering (MS) process gas ions are accelerated to a target surface.

As a result of the impact, momentum transfer takes place. Consequently, collision cascades

are induced in the target, when those reach the target surface again and the energy is larger

than the binding energy of the target atoms they are knocked out of the target. An important

factor describing the effectiveness of this process is the sputter yield, a ratio describing the

ejected atoms per impinging ion. This parameter depends on the atom mass, the impinging

ion energy (which depends on the ion species and the acceleration voltage) as well as the

bonding strength of the metallic bonding between the atoms. An overview of different sputter

yields for Ar as the process gas using a typical acceleration voltage of 500V as a function of

atom mass is demonstrated in figure 2.3. A trend can be derived by recognizing that elements
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2.1 Physical Vapor Deposition

with similar atomic masses can possess very different sputter yields, which reveals that the

bonding strength of the target species (thus the sublimation energy) is the more influential

factor on the sputter yield [32].

Fig. 2.3: Calculated sputter yields of different metals (+B, C, and Si) using Ar+ ion with an
acceleration voltage of 500V (therefore the ion energy is 500 eV as Ar is single charged). The
elements sputtered within this thesis are marked red (the values were calculated using [33]).

The previous considerations are only valid for targets consisting of one element only. Very

recently Asanuma et al. showed that large atoms, such as Ta, Ce, or La, can have a ram

effect leading to increased sputter yields and deposition rates for Ti-Al-N coatings [5, 6, 17].

Plasma Discharge

A basic requirement for this reaction is of course ionized species present that actually can

be accelerated. Therefore, electrons are necessary which can be created using a variety of

methods, however the most common one is plasma, which is defined as mixture of neutrals

(atoms and molecules) and charged particles (electrons, positive and negative ions). The

ignition and maintenance of plasma takes place as anomalous glow discharge between the

cathode on the one side and the substrate on the other side. In DC magnetron sputtering

plants this is done by applying a DC signal – other variants of sputtering use different signal

types, e.g. a radio frequency, pulsed DC or a high-power impulse (HiPIMS) signal – in an

Argon atmosphere with a total pressure between 0.1 and 1.0 Pa. During this process available

electrons are accelerated and eventually inelastically collide with neutral Ar atoms leading to

an ejection of further electrons leaving the Argon single positively charged. This is followed

by an attraction of the Ar+ ion to the cathode initiating the previously discussed impact
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2.1 Physical Vapor Deposition

processes on the target surface. The plasma discharge, impact processes, and transportation

of sputtered atoms are shown in figure 2.4 in an unbalanced magnetron configuration.

Fig. 2.4: Schematic magnetron sputtering process [25].

Magnetron

The role of a magnetron in this process is to concentrate electrons near the cathode surface

and hence increase the sputtering efficiency. This is realized by the (unbalanced) magnetic

field, stemming from either permanent magnets or electromagnets directly behind the target,

which forces free electrons in a cyclonic movement in the vicinity of the cathode surface.

Here, the magnetic field lines form a (closed) toroidal barrier for electrons as those experience

a force orthogonal to the magnetic field lines. This is described by Lorentz-force [34]:

6F = q · 6E + q · 6v × 6B (2.1)

where 6F denotes the Lorentz force, q the electric charge, 6E the electric field strength, 6v the

velocity, and 6B the magnetic flux density.

14



2.1 Physical Vapor Deposition

The toroidal shape of the “electron-barrier” leads to the formation of a so-called race track,

a preferred place of sputtering due to the electron concentration, leading to uneven target

erosion.

In industrial processes the magnetic field lines are often not fully closed, thus the magnetron

is an unbalanced magnetron. The non-closed field leads to a lower electron density as e−

can escape from their supposed environment. As a consequence, these electrons ionize Ar

atoms between cathode and anode (substrate), which then are accelerated by a bias voltage.

The implications of this process will be discussed in later chapters. The process using such

configurations is then called unbalanced magnetron sputtering (UBMS), and is used for thin

film deposition within this thesis [2, 35, 36].

Transportation

After being ejected, the sputtered atoms are moving towards the substrate and the chamber

walls. The angular distribution of the sputtered species is thereby largely following a cosine

distribution, whereas the energy distribution shows a Maxwell-Boltzmann distribution [37, 38].

Reactive and Non-Reactive Processes

Reactive gases (such as nitrogen, oxygen, and acetylene) are widely used to deposit transition

metal nitrides, oxides, and carbides, respectively. The reaction of (sputtered) atoms with

the reactive gas takes primarily place at the target surface and at the substrate or chamber

wall. The formation of these ceramic layers on the target surface is called poisoning. This

is an unwanted phenomenon as e.g. Al2O3 is a poor conducting compound which leads to

voltage punctures (arcs) during the process. To avoid such poisoning the reactive gas content

(partial pressure) has to be reduced until a transition regime in so-called poisoning curves is

reached. In this transition regime (between pure metallic and pure ceramic sputtering) the

target surface is, in the region of the race track, in metallic sputtering mode which increases

the total sputtering rate. This increase is due to higher bonding strength and thus higher

sublimation energy. To avoid poisoning also a deliberate positioning of the Ar gas inlet is

helpful. In industrial available sputtering plants, these inlets are commonly placed near

the cathodes, whereas the gas inlets for the reactive gases are located in the vicinity of the

substrate.

The reaction on the substrate surface is dominated by diffusion processes and adatom mobility.

Thereby the reactive species – target atom and reactive gas – and the substrate surface

determine the speed of reaction. To further enhance the formation kinetics of the compound,

Ar+ ion bombardment can be applied by using bias voltage on the substrate.

Non-reactive processes on the other hand do not include any reactive species in the process,

commonly Ar is used as the working gas (other noble gases like Helium, Krypton, and
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Xenon are not widely used because of their lower atomic mass in case of helium, or because

of economic reasons for the other noble gases). During non-reactive sputtering the target

elements determine the film components. Hence, compound targets are used for the deposition

of ceramic thin films, e.g. TiN on a copper backplate. For a new class of thin films systems –

transition metal diborides – these compound targets are conditional. However, the chemical

composition is not only determined by the target composition: light elements such as boron

are subject to collision during transportation to the substrate, and because of their low mass,

they are more influenced (deflected) by other atoms. This leads to an inverse relation between

the deposition pressure and the boron content in the thin film (as measured for example in

paper IV) [2, 4, 39].

2.2 Film Nucleation and Growth

2.2.1 Nucleation

Usually substrate materials differ from the thin film material in structure and elemental

composition. Therefore, before a film can grow, nucleation has to take place. In a first step

the impinging atoms are adsorbed on the substrate. When several atoms combine themselves

to a cluster, a first nucleus occurs. However, in this phase the atoms still have enough

mobility to separate from the cluster, this means a certain nucleus size has to be overcome to

be stable. Although being stable, when two of these cluster touch each other, coalescence

takes place due to minimization of the total energy (saving of free surface energy). These

bigger islands then grow together until the whole substrate is covered and the nucleation

phase is complete [40, 41].

2.2.2 Film Growth

Depending on the binding energies between film and film atoms, and film and substrate

atoms, three types of film growth can be observed [35]:

– Volmer-Weber (three-dimensional island formation)

– Frank van-der-Merwe (two-dimensional layer-by-layer growth)

– Stranski-Krastanov (combined growth)

Whereas a preferred film-film atom interaction results in island growth a favored substrate-film

will lead to a layer-by-layer growth. Volmer-Weber growth is for example observed during

sputtering of Silver on SiO2 substrates, whereas pure Frank van-der-Merwe growth can be
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2.2 Film Nucleation and Growth

Fig. 2.5: Illustration of the three main growth modes observed during magnetron sputter-
ing [35].

observed during heteroepitaxy of TiN on MgO. Figure 2.5 shows the growth modes usually

observed during magnetron sputtering.

During sputter deposition of polycrystalline thin films of transition metal nitrides and borides

(TMN and TMB) usually a Stranski-Krastanov growth is observable. Hereby both, layered

and island growth are in competition to each other, however it is often observed that initially

a layered growth starts that merges into three-dimensional island growth.

Structure Zone Models (SZM)

The growth morphology, which determines – besides the chemical composition – primarily

the mechanical properties of the coating, can be described by so-called structure zone models

(SZM). These models were developed to derive information on the influence of varying

parameters on a given or unknown morphology. The first such model was published by

Movchan and Demchishin [42] in 1969 for evaporated coatings. They illustrated 3 different

growth morphologies depending on the homologous temperature T/Tm where Tm is melting

temperature in K and T is the substrate temperature in K. At low temperatures (zone 1)

they found a porous coating due to low mobility of the adatoms. Zone 2 describes a dense

columnar film morphology with smooth surface, and zone 3 shows a recrystallized structure

with non-oriented grains.

Based on this study, Thornton (1974) [43] and Messier (1984) [44] developed models for

magnetron sputtered coatings including the deposition pressure and bias voltage (energy) as

additional variable respectively. Thereby a new structure-zone was described: zone T.

Zone T

In this field, competitive growth between different crystallographic oriented grains takes place.

In the case of TiN, the (111) orientation grows faster than the (100) because the (111) plane

has equal amounts of Ti and N atoms, hence a lower potential energy. However, the lateral

growth is faster for the (100) orientation, as a result the coating has large (111) crystallites in
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2.2 Film Nucleation and Growth

growth direction and a large area covered with (100) oriented crystal [40]. Such a morphology

is shown in figure 2.6:

Fig. 2.6: Scanning electron microscopy (SEM) fracture cross section of a non-reactively
magnetron sputtered TiN coating on silicon (100) showing large (111) crystallites whereas
the remaining surface is covered by (100) oriented columns.

Influence of Deposition Pressure

The influence of the deposition pressure was described by Thornton. He observed a widening

of zone T and similarly a shift to lower temperatures of zone T and zone 2 with decreasing Ar

pressure. The explanation of this behavior is a reduced interaction of sputtered species with

gas atoms during transportation from the target surface to the substrate, thus the energy

and the adatom mobility increases with decreasing sputtering pressure [43]. Figure 2.7 shows

two non-reactive sputtered TiN thin films with differing Ar pressures:

One can see on this fracture cross sections dense column boundaries and competitive growth

in (a), and underdense columns (b).

Influence of the Bias Voltage

The influence of the bias voltage on the microstructure of a sputtered coating was described

by Messier et al. in 1984 [44]. They found a widening of zone T and a shift to lower substrate

temperatures with increasing bias voltage. Again, similar to the observations of Thornton, an

increasing energy yielding an increased adatom mobility. Figure 2.8 shows two non-reactively

sputtered TiN coatings with different applied bias voltages:

A smoother surface as well as a smaller column size is apparent in figure 2.8b compared to

figure 2.8a. The surface roughness was not quantified, however an x-ray diffraction (XRD)
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2.2 Film Nucleation and Growth

Fig. 2.7: SEM fracture cross sections of two non-reactively magnetron sputtered TiN coatings
on silicon (100). The thin films were deposited at the same substrate temperature (400 ◦C),
using the same bias voltage (-40V), applying the same target current (0.75A), but at different
deposition pressures: (a) 0.4 Pa and (b) 0.7 Pa. Both micrographs were taken using the same
magnification.

Fig. 2.8: SEM fracture cross sections of two non-reactively magnetron sputtered TiN coatings
on silicon (100). Picture (a) is the same coating as in figure 2.7a, but (b) is deposited using
-80V bias instead of -40V. The magnification is identical for both micrographs.

analysis of the (111) peak derived a crystallite size of ∼60 nm and ∼24 nm for -40V and

-80V bias voltage respectively.

Normalized Structure Zone Model

In 2010 Anders [45] presented an extended structure zone model also suitable for high ion

fluxes, usually present in cathodic arc evaporation and HiPIMS processes. In this model the

temperature axis, as well as the energy flux axis are normalized. This is especially useful

for the latter, as energy can be delivered to the system in different ways, as shown before.
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2.3 Experimental

Additionally, the resulting film thickness as well as the ion etching region are featured in this

model, shown in figure 2.9:

Fig. 2.9: Structure zone model after Anders [45].

2.3 Experimental

Within the thesis several methods were applied to examine the microstructure, the elemental

composition, as well as the mechanical and thermal properties of thin films. However, most

of these methods are widely applied over several fields of materials science, physics and

chemistry, therefore in the following section only the most important property for this work

is described in detail: the determination of fracture toughness KIC .

The experimental setup in this thesis was following:

– AJA International Orion 5 for deposition of Ti-B-N coatings using a total Ar-pressure

of 0.4Pa (the Ar flow was set to 10 sccm, the process was pressure controlled), a

substrate heater temperature of 600 ◦C, -60V bias, varying target (TiN, TiB2, and Ti,

all from Plansee composite materials GmbH, at least 99.6% purity) currents from 0.05

to 0.75A to obtain different chemical compositions, and a standard substrate (Si (100)

and Al2O3 (11̄02)) cleaning procedure before deposition (acetone, ethanol, and Ar+
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2.3 Experimental

plasma-etching). Details on the deposition parameter for other coatings are specified in

the respective publication.

– FEI Quanta 200 3D Dual Beam FIB operated at 30 kV and different milling currents

– FEI Quanta 250 FEGSEM operated at 10 kV

– XPERT II: PANalytical XPert Pro MPD (θ-θ diffractometer) equipped with a CuKα

radiation source (λ = 0.154 nm), operating in Bragg-Brentano geometry

– UMIS Nanoindentation equipped with a diamond Berkovich tip

– Centorr VI LF series vacuum furnace

– Hysitron PI-85 SEM PicoIndenter for in-situ micromechanical testing

2.3.1 Fracture Toughness Testing

There are several methods available for testing the fracture toughness of bulk materials such

as compact tension (CT, DIN EN ISO 12737) for ductile materials, and the single edge

v-notched beam (SEVNB) method for brittle materials such as ceramics. For both tests, the

load is applied in a way to create tensile stresses at the pre-crack tip.

The assessment of the fracture toughness of thin films is – due to the small film thicknesses –

not easily accessible. However, there are several methods available [46–50]:

– Indentation fracture:

– Evaluation by measuring radial crack length

– Fracture energy-based method

– In-situ micromechanical testing

– Pillar splitting

– Micro-cantilever testing

Indentation Fracture Methods

Indentation fracture methods base upon crack formation as a consequence of stress intensities

at the indenter edge or – in case of the energy-based method – on cracking due to delamination,

subsequent buckling and following chipping of the thin film. In both cases the system (coating

and substrate) is tested, which leads to influences of the substrate on the measured fracture

toughness. Hence, the term fracture toughness is inaccurate, the preferred term for these

values is “apparent fracture toughness” seems to be more appropriate, already suggesting an
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external influence. The benefit of this methods however is the relatively straightforward and

fast testing procedure: A series of indents using a cube corner diamond tip with different

loads leads to desired cracking events. Thereby load-deflections curves are recorded and

analyzed. In case of the classical indentation fracture – a method also available for bulk

ceramics using a Vickers diamond – the crack length is afterwards measured using the SEM.

Thereof, the fracture toughness is calculated using following equation [46]:

KIC = α ·
�
E

H

�1/2

· Pmax

c
3/2
f

(2.2)

where E is the Young’s modulus of the coating, H the hardness, Pmax the maximum indenter

load, cf the measured fracture length, and α the indenter geometry coefficient.

Using the energy-based method the apparent fracture toughness of the coating is calculated

as follows [51]:

KIC =

�
E · Uf

(1− ν2) · 2π · Cr · t (2.3)

where Uf is the dissipated energy during fracture, ν the Poisson ratio, Cr the delamination

radius measured in the SEM, and t the film thickness.

Pillar Splitting

Pillar spitting is an in-situ micromechanical method to determine the fracture toughness

without the influence of residual stresses. In a first step a pillar is produced using a focused

ion beam microscope (FIB). The dimensions of this pillar are a height similar to the film

thickness and a height to diameter ratio larger than one. The pillars are then indented until

fracture using a cube corner diamond tip. This procedure is usually conducted in-situ in a

SEM as the positioning of the indenter tip is crucial for the validity of the calculated fracture

toughness. The measured parameter during the test is the indenter force as the pillar split,

Pc. The fracture toughness is then derived by following cohesive zone finite element method

(CZ-FEM) proven computed formula:

Kc = γp · Pc

R3/2
(2.4)

with R being the pillar radius, and γ the CZ-FEM based calibration coefficient. Details on

the calculation of γp can be found in [52, 53].
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2.3.2 Single Cantilever Bending Test

Single cantilever bending tests are a widely used technique to measure the fracture toughness

of hard coatings, additionally they are also capable to determine KIC of micrometer-sized

features in of bulk materials. This method allows, like pillar splitting, the determination of

the fracture toughness KIC without the influence of the substrate [11, 13, 54–56].

Thereby microcantilever with defined dimensions are FIB-milled and subsequently loaded

until fracture. Within this thesis tested cantilever had target dimensions depending on the

film thickness t:

– The length l of the cantilever was 7·t

– The width b had the same dimension as t

– The height w was also in the dimension range of t

The initial notch had a depth a of ∼0.2 to 0.3 of the height w, and was milled in a sufficient

large distance to the root of the cantilever to avoid complex stress states, deviating from

mode I loading conditions. The milling conditions were chosen to minimize FIB damage in

sensitive areas of the cantilever: 5.0 nA for coarse cuts when etching of the substrate was

not possible (Si was usually etched away by ∼10µm from the edge using a 40wt.% aqueous

solution of KOH at a temperature of 70 ◦C to obtain free standing thin film material), 1.0 nA

for FIB-milling in the vicinity of the cantilever, and 0.5 nA for the final milling step defining

the shape. The initial notch was milled using a current of 50 pA. The actual notch depth was

measured after testing, however to predict the depth, a series of notches with differing milling

times was made, Pt coated and the cross section was investigated using a SEM equipped

with a field emission gun (FEGSEM).

The testing was carried out with a Hysitron PI-85 SEM PicoIndenter equipped with a

spherical diamond tip (the tip radius was ∼1µm) in displacement-controlled mode (5 nm·s−1).

Before loading the indenter was carefully placed in the middle of the width of the cantilever,

∼500 nm away from its free end and approached to a distance of ∼200 nm away from the

surface. The indenter axis is perpendicular to the cantilever surface to assure a pure bending

load in the cantilever cross section and hence have mode I load condition in the pre-notch

front.

The fracture toughness was then calculated according to Matoy et al. [11]:

KIC =
Pmax · l
b · w3/2

· f
� a

w

�
(2.5)

with
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f
� a

w

�
= 1.46 + 24.36 ·

� a

w

�
− 47.21 ·

� a

w

�2

+ 75.18 ·
� a

w

�3

(2.6)

with Pmax the load before fracture and f a geometry function. The maximum force was

determined using a Wolfram R� Mathematica R� script analyzing the load-deflection curve.

The dimensions of the cantilever were determined after fracture (except the point of load

incidence) in fracture cross section micrographs recorded with the SEM.

To ensure the validity of these tests and get an idea of the robustness of the method under

uncertainties of the cantilever and initial notch dimensions, Brinckmann et al. performed

several FEM calculations. They found major deviations in stress intensities at the crack tip

for smaller cantilever length as well as for too small initial notch depth [57, 58].

The presented method is valid for linear elastic behaving (brittle) materials, however recent

research also provides methods for semi-brittle materials such as bcc-metals and even ductile

materials using and J-integral approach [10].
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Chapter 3

Mechanical Properties

The mechanical properties of materials are determined by their intrinsic bonding properties

and extrinsic mechanisms weakening or strengthening the material. Extrinsic mechanisms

are either base on a modification of the microstructure or rest on hindered dislocation

motion because of local stress fields (solid solution strengthening). In materials science there

are four basic strengthening mechanisms known, which will be introduced in the following

subchapter [14].

3.1 Strengthening Mechanisms

3.1.1 Solid Solution Strengthening

Solid solution strengthening is based on the introduction of local stress fields as solvent atoms

and solute atoms may differ in size. This size difference results in local stress fields around

the solute atom that interact with dislocations and hence impede the motion of it. The

strengthening thereby scales with:

Δτ ∝ √
c (3.1)

where τ is the stress to move dislocation, and c is the solute concentration.

In hard coatings this mechanism is successfully applied in the Ti-Al-N system where AlN can

be solved in the TiN – due to high cooling rates – and increases the hardness by several GPa.

Also, on the non-metal sublattice alloying can be implemented, exemplified by the Ti-B-N

system: Here boron atoms replace nitrogen on the non-metal sublattice leading to a hardness

increase, see figure 3.1.
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Fig. 3.1: Nanoindentation hardness of B alloyed TiN. An x-ray diffraction (XRD) analysis of
these coatings revealed similar column sizes for all tested thin films.

XRD patterns of these coatings are presented in figure 3.2. No formation of TiB2 was observed

in our coating, as the elemental composition was varied along the TiN-TiB tie line in the

ternary Ti-B-N phase diagram. This was realized by sputtering an additional Ti target.

The peak shift in the patterns with increasing B content can therefore be attributed to the

formation of a solid solution (the stresses necessary for such a peak shift would be in the

order of ∼8GPa).

Fig. 3.2: XRD patterns of Ti-B-N coatings along the TiN-TiB tie line.

The overall stresses in the Ti-B-N coatings in figure 3.1 vary between -0.9±0.1GPa (compres-
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sive stress) for ∼2.3 at% B and -2.6±0.2GPa for the TiN and ∼6.8 at% B. The coating with

∼4.6 at% B has a residual stress of -1.8±0.2GPa. Therefore, the hardness improvement of

∼5GPa from TiN to Ti-B-N with ∼6.8 at% B can be attributed to solid solution strengthening

due to non-metal alloying with boron.

3.1.2 Grain Refinement Strengthening

This hardening mechanism is based on hindered dislocation motion over a grain boundary.

This results in a dislocation pile at the grain boundary and a consequential increase in

strength. With an increasing grain boundary density, the strengthening increases following

the Hall-Petch relation [59, 60]:

Δτ ∝ 1√
d

(3.2)

where d is the grain size of the material. The mechanism however does not work for very

small grain sizes (the limit is materials depending and in the order of some nm), as grain

boundary sliding events take place, what is called inverse Hall-Petch relation.

Grain refinement strengthening is also applied in thin film technologies, the column size

(diameter) can for example specifically adjusted by varying the bias voltage. Also annealing

and the occurring recovery and recrystallization lead to a change in column size, however

they cause an increase the grain size (figure 3.3).

Fig. 3.3: The hardness of TiN as a function of the annealing temperature (30min holding
time and a heating rate of 20K·min−1). The red dots belong to the right axis, the full width
at half maximum (FWHM), derived from XRD measurements [61].
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A decrease of the full width at half maximum (FWHM) is observed for TiN with increasing

annealing temperature, the corresponding XRD patterns are shown in figure 3.4:

Fig. 3.4: XRD patterns of TiN coatings deposited on sapphire with different annealing
temperatures Ta [61].

The FWHM is the width of an XRD-peak at the half intensity of this peak. Assuming the

validity for thin films of the relation given by Scherrer [62]:

L =
KS · λ

Γ · cos(θ0) (3.3)

with L being the crystal size, KS a dimensionless shape factor, λ the x-ray wavelength, Γ the

FWHM, and θ0 the Bragg angle. Presuming a constant shape factor with increasing annealing

temperature Ta, and only minor changes in the Bragg peak position (due to reduction of

residual stresses) measured with the same instrumental setup one can identify an inverse

relation of crystallite size and FWHM:

L ∝ 1

Γ
(3.4)
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Therefore, an increase in grain size is observed with increasing annealing temperature, while

the hardness of TiN is decreasing with increasing temperature. Figure 3.5 shows the hardness

vs. the FWHM.

Fig. 3.5: Hardness vs. FWHM of non-reactively sputtered TiN in different annealing
states [61].

Also, for the TiN thin films shown in figure 2.8, a hardness increase from 19.5±3.4 (a)

GPa to 25.0±0.8 (b) GPa was observed. Here the large error bar for (a) is due to the

rough surface influencing the projected indentation area. A similar effect can be observed

in multilayered [63] coatings where a reduction in apparent column size is reached by the

interfaces between the constituents. Although these can grow in a coherent manner, the

difference in mechanical properties leads to strengthening of the thin film.

3.1.3 Cold Work Strengthening

Cold work hardening draws upon hindered dislocation motion due to mutual obstruction of

dislocations. Also point defects interact with dislocations leading to increased strength and

hardness. The hardness increase can be quantified using [14]:

Δτ ∝ √
ρ⊥ (3.5)

with ρ⊥ being the dislocation density. Thin films demonstrate a comparatively high dislocation

(defect) density due to the very fast cooling rates. Hence, the potential for further increase is

less pronounced compared to the other mechanisms. Though this effect could be observed
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3.2 Fracture Toughness Enhancement

when thin films are annealed at temperatures well below any possible recrystallization (and

hence grain growth), but recovery takes place.

3.1.4 Precipitation Strengthening

When a dislocation moves through a crystal lattice and comes upon a precipitation, Kelly and

Fine found for coherent precipitations following strengthening rate (up to a critical particle

radius rc where cutting of the precipitate takes place):

Δτ ∝ �
rp · fp (3.6)

where rp is the particle radius and fp is the particle fraction. If the radius of the precipitation

exceeds rc, the dislocation will bypass the precipitation, the strengthening thereby scales

with (after Orowan):

Δτ ∝ �
fp · 1

rp
(3.7)

Incoherent particles are not subject to cutting mechanisms they are instead always bypassed

by a dislocation. Precipitation strengthening is preferentially applied in metallic materials

for example in age hardened Al-alloys or oxide dispersion strengthened steels. In thin films

materials this hardening mechanism can be deployed for instance by co-sputtering a metal

that does not form any compound with the reactive gas or the non-metal constituent. This is

for example realized in nc-TiN/Ni coatings. It has to be noted however, that these additions

also lead to nanograin structures, hence the hardening is also covered by grain refinement [64].

3.2 Fracture Toughness Enhancement

Electronic Properties of Materials

As discussed in the introduction of this work, the fracture toughness of brittle materials can

be influenced by the bonding conditions of a material. These in turn are characterized by

the electron structure and the resulting electronic properties of its atoms. Two separated

atoms attract each other due to a dipole moment, with decreasing atomic distance, these

interactions become stronger. However, when they get too close their electron shells are

interacting, leading to a repellent force. The sum of these interactions results in so-called

binding potential curves. The progression of these curves is defined by potential functions,

the most common are the Morse-potential (exponential approximation) [65]:

V = D · (e[−2·α·(r−r0)] − 2 · e[−α·(r−r0)]) (3.8)
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and the Lennard-Jones-Potential (power-law approximation) [66]:

V =
A

r12
− B

r6
(3.9)

where V is the potential, A, B, D, and α are constants, r is the atomic distance, and thus r0

the equilibrium distance.

The progression of such a Lennard-Jones-potential is demonstrated in figure 3.6 (black line).

Fig. 3.6: Lennard-Jones-(12, 6)-potential with the first and the second derivate (a measure
for the binding force and the Young’s modulus respectively).

If a material is cleaved – separated from r0 to r∞ – the energy which has to be overcome is

then the difference in U0 and the energy at r∞ (
def
= 0), referred to as cleavage energy Uc.

The first derivation (red line in figure 3.6) of the energy gives the force that is necessary to

change the atomic distance (with regard to the proportional area of one atomic bonding in

the crystal lattice, the first derivation gives the mechanical stress). The area under this curve

can then be defined as work of separation.

The change of the first derivation with the distance – the slope of the curve, or the second

derivation (blue line in figure 3.6) – is then defined as the Young’s modulus of the material.

This can be explained straightforward by remembering Hooke’s law for linear elastic behavior
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(here given for isotropic materials):

σ = E · � (3.10)

With σ being the stress, and � the strain:

� =
Δr

r0
(3.11)

hence the stress divided by the strain (change of bonding length) is the Young’s modulus.

Importantly the Young’s modulus is an experimental available parameter and proportional to

the cleavage energy. According to Griffith (equations 1.1 and 1.2), the square root of γ and

E (the surface energy γ is by definition related to the cleavage energy as during cleavage two

new surfaces are generated) is proportional to the fracture strength and thus the fracture

toughness:

KIC ∝
�

E · Uc (3.12)

Yet, these considerations do not account for any possible plasticity in the vicinity of the crack

tip and are therefore valid for brittle materials.

The Role of Plasticity

Further contribution to fracture toughness enhancement can be realized by increasing the

plastic deformability of a material. The underlying mechanism is a raise in the energy needed

for cleavage Uc: ductile materials show – according to Sangiovanni et al. – the ability to

recover atomic bonding during cleavage. The reason for this behavior is attributed to highly

populated d-d metallic bonding states in such ceramic materials [67–69].

To assess the population density of states as well as gain information on the specific curva-

ture of the binding potential, density functional theory calculations can be utilized. This

quantomechanical approach is widely used in materials science, however as it is not a focus

of this thesis, the reader is referred to reference [70] for basic information and further details.

3.2.1 Fracture Properties of the Ti-B-N System

In the Ti-B-N model system besides the coating series along the TiN-TiB tie line, a second

series along the TiN-TiB2 tie line was deposited. The hardness of this coatings is slightly

higher compared to coatings on the TiN-TiB tie line, as presented in figure 3.7:
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Fig. 3.7: Hardness of Ti-B-N coatings as a function of the boron content. The coatings were
deposited along the TiN-TiB2 tie line.

This series also has a lower grain size compared to the TiN-TiB system, as one can identify

on the XRD patterns in figure 3.8:

Fig. 3.8: X-ray diffraction patterns of B alloyed TiN coatings. Here the elemental composition
is along the TiN-TiB2 tie line.

Here the boron alloying does not lead to such a peak shift as observed for the TiN-TiB tie

line patterns, this is a first indication that the boron is not fully incorporated as solid solution

element in TiN, instead a migration to the grain boundaries is imaginable, causing the small

grain size. Consequential, the higher hardness of this coating series compared to TiN-TiB
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coatings can be explained. However, the measured fracture toughness values reveal a different

picture. A slight increase in fracture toughness is observed for the TiN-TiB coatings, whereas

the TiN-TiB2 coatings show a significant drop in fracture toughness (see figure 3.9):

Fig. 3.9: Fracture toughness KIC of TiN-TiB and TiN-TiB2 tie line coatings measured using
in-situ single cantilever bending tests, calculated under the condition of linear elastic fracture
mechanics. The line connecting the data points is a parabolic fit guiding the eye.

Here the slight increase in KIC for the TiN-TiB coatings with increasing boron content is

attributed to toughening by increasing the ductility of the coating, as the Young’s modulus

of this coating series is actually decreasing with increasing boron content:

Fig. 3.10: The Young’s modulus vs. the boron content of coatings with an elemental
composition on the TiN-TiB and TiN-TiB2 tie line.
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3.2 Fracture Toughness Enhancement

Therefore, when boron is dissolved in the TiN matrix, a slight improvement in ductility is

obtained. In turn, as soon as boron cannot be dissolved in TiN, it segregates to the column

boundaries, leading to earlier, brittle failure.

3.2.2 Other Mechanisms Increasing the Fracture Toughness

Besides the described enhancement (and lowering) in KIC for the Ti-B-N system, other

mechanisms were investigated within this thesis. These are presented in the upcoming

sections (publication I to publication III and publication V to publication VIII).
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Chapter 4

Contributions to the field

Besides the studies on the Ti-B-N system, the results of the work done within this thesis

is presented in publications accepted from international peer-reviewed journals, or in final

preparation for submission. In chapters 4.1. and 4.2. a brief summary of this contributions

is provided, further publications are listed with full bibliographic details in chapter 4.3.

The supervision done within this thesis is listed in chapter 4.4, and contributions (talks and

poster presentations) to international conferences are presented in chapter 4.5.

4.1 First Author Publications

Publication I

R. Hahn, M. Bartosik, R. Soler, C. Kirchlechner, G. Dehm, and P.H. Mayrhofer

Superlattice effect for enhanced fracture toughness of hard coatings

Scr. Mater. 124 (2016). doi:10.1016/j.scriptamat.2016.06.030.

TiN and CrN hard coatings are well described material systems, successfully applied as

wear resistant top layer in several industrial applications. The superlattice coating – a

multilayer with coherent growth and a bilayer period Λ in the range of some nm – based

on these two constituents shows an effect of the bilayer period on the hardness. However,

the fracture toughness of such systems had yet to be quantified. In this publication we

show that unbalanced magnetron sputtered TiN-CrN superlattice coatings exhibit a peak in

fracture toughness (measured with single cantilever bending tests) similar to the well-known

hardness peak. Importantly this peak is in the same bilayer period range (∼6 nm) as the

hardness peak, the measured values are KIC =2.0±0.2MPa
√
m and H =24±1GPa. Hence,

we added an important detail of a mechanism now known for increasing both, hardness

and toughness. The reason for the increase in hardness is covered by the hindrance of

dislocation motion within and across the interfaces and draw upon in difference in shear
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4.1 First Author Publications

moduli ΔG of its constituents, our micromechanical experiments however, show little-to-non

plasticity. Thus, an intrinsic bilayer period dependent property is responsible for the fracture

toughness enhancement which has yet to be figured out. Besides the mechanical properties,

we complemented our study by describing the microstructure of our coatings using x-ray

diffraction, x-ray reflectivity, and high-resolution transmission electron microscopy (HRTEM).

Publication II

R. Hahn, M. Bartosik, M. Arndt, P. Polcik, and P.H. Mayrhofer

Annealing effect on the fracture toughness of CrN/TiN superlattices

Int. J. Refract. Met. Hard Mater. (2017). doi:10.1016/j.ijrmhm.2017.11.008.

The behavior of hard coatings at elevated temperatures is of great importance as such

coatings are usually applied at high temperatures. Following the findings in publication I

for TiN-CrN superlattice coatings, we were therefore interested in the high-temperature

performance of these coatings. A series of annealing between 600 ◦C and 800 ◦C was performed

for our superlattices with Λ=9.0 nm and Λ=18.0 nm (deposited on Al2O3) in vacuum (to

measure solely the material behavior instead of a combination due to oxidation) and after

that analyzed. Again, we performed micromechanical tests to quantify KIC , different to our

previous study we did not etch the substrate away, instead we milled pockets using a FIB. The

main findings of this study were a – expected – decrease in H with annealing temperature,

as well as a differing behavior of KIC . We attribute the loss in hardness to a combination

of recovery effects and interdiffusion between the layers reducing the superlattice effect on

the hardness. The fra8cture toughness of the sample with 9.0 nm bilayer period follows the

hardness, and is reduced from 2.3±0.15 to 1.8±0.2MPa
√
m. The other investigated sample

shows an unexpected increase in KIC from 1.7±0.15 to 2.2±0.1MPa
√
m at 700 ◦C, leading

to the conclusion that hardness and fracture toughness can show a different dependence on

annealing treatments.

Publication III

R. Hahn, A. Kirnbauer, M. Bartosik, S. Kolozsvári, and P.H. Mayrhofer

Toughness of Si alloyed high-entropy nitride coatings

Mater. Lett. 251 (2019) 238–240. doi:10.1016/j.matlet.2019.05.074.

In this contribution we quantified, for the first time, the inherent fracture properties of an

emerging class of coating materials: high entropy nitrides (HEN). Our (Al,Ta,Ti,V,Zr)N

thin film exhibits a hardness of 30.7±1.5GPa and a fracture toughness of 2.4±0.1MPa
√
m.

Typically, the addition of the unsolvable Si to a nitride coating leads to the formation of

a nanocrystalline structure which increases the hardness and toughness (publication VII)

of a material. Though, we did not observe this effect on high entropy nitrides, although
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the coating shows a nanocrystalline fracture cross section. Instead we observed similar H

and KIC values (29.2±0.8GPa and 2.3±0.1MPa
√
m respectively) as in the coating without

silicon. Yet, we noticed a significant difference in the elastic response: The Young’s modulus

is reduced by ∼100GPa from 433±23GPa to 326±6GPa and consequently, the elastic strain

to failure is increased by 33%. This is of significance, as the elastic deformability of a hard

coating also determines its damage tolerance. This study further shows that the addition of Si

– considering the decreased Young’s modulus, the essentially constant KIC , and the relation

KIC ∝ √
G · E – provides mechanisms to increase the dissipated energy during fracture.

Publication IV

R. Hahn, V. Moraes, A. Limbeck, P. Polcik, P.H. Mayrhofer, and H. Euchner

Electron-configuration stabilized (W,Al)B2 solid solutions

Acta Mater. (2019). doi:10.1016/j.actamat.2019.05.056.

Transition metal diborides (TMBs) are – like high entropy materials – an emerging class of

thin film- and bulk materials. In recent years these systems attracted attention from industry,

as well as from academic research groups. These systems mainly crystallize in two different

hexagonal structures: the α-type (space group #191) and the ω-type (space group #194).

Due to a strong covalent bonding present in the hexagonal boron planes in both structures,

they achieve excellent mechanical properties. However, hardness values over 45GPa and

indentation moduli up to 650GPa were reported for the α-modification of TMBs. Here

especially the α-structure of WB2 is of great interest due to its balanced properties (high

hardness and high fracture toughness, see publication VIII). However, a drawback of this

coating is their relatively poor oxidation resistance. A well-known concept for increasing the

oxidation resistance is alloying with aluminum, silicon, and zirconium. All of these elements

form a dense oxide scale prohibiting further oxidation. Hence, using an ab initio calculation

approach, we calculated the energy of formation, crystal structures, and stabilization limits for

Al-alloyed W1−xAlxB2 coatings and supplemented these findings with an experimental study.

We found hardness values reaching 42±2GPa and an indentation modulus of 593±12GPa

for pure WB2, decreasing with increasing Al content, where the maximum content was

∼20 at% Al to obtain crystalline films. This coating also showed an indication of spinodal

decomposition upon annealing at 1000 ◦C in He atmosphere. The driving force for this

decomposition is confirmed by our ab initio calculations which furthermore reveal vacancies

as major cause for the experimentally received α-WB2 and the impeded formation of binary

AlB2 and Al-rich W1−xAlxB2.
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4.2 Thesis-Related Co-Author Publications

Publication V

R. Hahn, N. Koutná, T. Wójcik, A. Davydok, D. Holec, M. Bartosik, and P. H. Mayrhofer

Influence of the Superlattice Effect on the Mechanical Properties of the MoN-TaN system: a

computational and experimental approach

Manuscript in final preparation.

MoN and TaN are so-called late transition metal nitrides; thus, their valence electron con-

centration is comparatively high. This indicates an increased ductility, which was confirmed

by our DFT studies using calculated ductility criteria (Pugh criterion: G/B> 0.571, Frant-

sevich criterion: ν > 0.26, and Pettifor criterion: c12-c44> 0). A preceding DFT study (see

chapter 4.3) furthermore revealed the formation of a tetragonal distorted ζ-phase for TaN

in a superlattice structure, whereas MoN is present in its most stable form, MoN0.5. These

two constituents have a difference in lattice constants of Δa∼ 0.23 Å, a relatively large

value, plus a comparatively small difference in shear modulus of ΔG∼ 30GPa. Although the

small difference in shear modulus, we measured a peak in fracture toughness with a relative

increase of 23% to 3.0MPa
√
m, whereas the increase in hardness is within the experimental

error. Hence, we argue that the difference in lattice constants is the dominating origin

for the increase in fracture toughness of superlattice coatings. In addition, the resulting

strain at the interface leads to different atomic binding length, thus to increased cleavage

energies for superlattices. Within this study we also investigated the elastic constants of the

superlattice system, performed high-resolution XRD studies, and synchrotron nanodiffraction

experiments. These studies led to the conclusion that TaN is stabilized in the ζ-structure up

to a layer thickness of ∼2.5 nm. Thicker layers then form a metal deficient Ta0.75N phase.

We complemented this paper with FEGSEM and HRTEM studies showing an uneventful

microstructure for hard coatings, although importantly confirming the diffraction studies.

4.2 Thesis-Related Co-Author Publications

Besides the first author contributions described in chapter 4.1, micromechanical tests were

performed on different hard coating materials. These papers deal with the fracture properties

of following material systems:

– Publication VI: Here the industrial highly important Ti-Al-N system was investigated.

We found a slight increase in fracture toughness with increasing annealing temperature,

whereas TiN remains unchanged. Importantly, when measuring the apparent fracture

toughness on the substrate – using indentation fracture – an increase after annealing is

found.

– Publication VII: In this contribution we show an enhancement in KIC of TiN by more

44



4.3 Further Publications

than 50% to 3.0MPa
√
m by alloying with up to 14 at.% Si. The peak was found for

8.5%, at the same time we observed also an improvement in hardness of ∼6GPa.

– Publication VIII: In this article we present, for the first time, quantified fracture

toughness values of transition metal diborides without any substrate influence. We

predicted and measured a decrease in KIC for Ta-alloyed WB2. A simultaneous

hardness increase was observed, leading to the conclusion of successful (although

reversed) toughening via increased ductility.

– Publication IX: Here we performed cube corner indentation on low-temperature de-

posited TiN-CrN superlattices and multilayer coating. Theses indents were then

examined by cross sectional SEM micrographs exposed using FIB, and additional TEM

studies of such indents. The SEM observations of the residual imprints reveal columnar

glide as the main deformation mechanisms under the indenter tip, and crack deflection

of circumferential cracks around the tip for bilayer period < 37.5 nm.

4.3 Further Publications

Apart from the thesis-relevant assignments, following publications were co-authored:

– C.M. Koller, R. Hahn, J. Ramm, S. Kolozsvári, and P.H. Mayrhofer, Microstructural

modifications in powder-metallurgically produced Al0.675Cr0.275Fe0.05 targets during ca-

thodic arc evaporation, J. Vac. Sci. Technol. A Vacuum, Surfaces Film. 34 (2016).

doi:10.1116/1.4938407.

– C.M. Koller, R. Hahn, B. Widrig, J. Ramm, S. Kolozsvári, J. Paulitsch, and P.H.

Mayrhofer, Triggering the Phase Evolution Within (Al,Cr)2O3-based Coatings by Alloy-

ing and Microstructural Concepts, BHM Berg- Und Hüttenmännische Monatshefte. 161

(2016) 325–329. doi:10.1007/s00501-016-0506-2.

– C.M. Koller, A. Kirnbauer, R. Hahn, B. Widrig, S. Kolozsvári, J. Ramm, and P.H.

Mayrhofer, Oxidation behavior of intermetallic Al-Cr and Al-Cr-Fe macroparticles, J.

Vac. Sci. Technol. A Vacuum, Surfaces, Film. 35 (2017) 061601. doi:10.1116/1.4986928.

– N. Koutná, R. Hahn, J. Zálešák, M. Friák, M. Bartosik, J. Keckes, M. Šob, P.H.

Mayrhofer, and D. Holec, Point-defect engineering of MoN/TaN superlattice films:

A first-principles and experimental study, ArXiv E-Prints. (2019) arXiv:1905.04155.

Submitted for publication to Pure and Applied Chemistry.

– T. Glechner, R. Hahn, T. Wojcik, D. Holec, S. Kolozsvári, H. Zaid, S. Kodambaka,

P.H. Mayrhofer, and H. Riedl, Assessment of ductile character in superhard Ta-C-N

thin films, Submitted for publication to Acta Materialia.
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4.4 Supervision

– V. Nedelkovski, R. Hahn, P.H. Mayrhofer, A. Steiger-Thirsfeld, J. Bernardi, and P.J.

Thurner, Influence of experimental constraints on micromechanical assessment of hard

tissues: a validation study in silicon, Manuscript in final preparation.

4.4 Supervision

Bachelor Thesis

– Einfluss von Bor auf die mechanischen Eigenschaften von TiN-Schichten, Arnold

Tymoszuk, finished in April 2018.

– Thermische Eigenschaften von Ti–B–N Hartstoffschichten, Oruç Süleyman Fıçıcı,

finished in June 2018.

Master Thesis

– Mechanische Eigenschaften von Übergitter-Strukturen, Arnold Tymoszuk, ongoing work,

started in September 2018

Co-Supervision of Foreign PhD Students on their Stay at TU Wien

– Investigation of cracking mechanisms in hard multilayer ceramic coatings considering a

layer-arrangement effect, Ahmad Azizpour, from May 2018 until November 2018

4.5 International Conference Contributions

– 46th ICMCTF 2019

Fracture toughness enhancement in superlattice hard coatings

San Diego (USA), Oral presentation.

– 45th ICMCTF 2018

Effect of Boron on the Mechanical Properties, especially Fracture Toughness, of TiN

San Diego (USA), Oral presentation.

– MRS Fall Meeting 2017

Fracture toughness enhancement of epitaxially grown CrN/TiN superlattice thin films

Boston (USA), Oral presentation.

– Nanomechanical Testing in Materials Research and Development VI 2017

Annealing Effect on the Fracture Toughness of CrN/TiN Superlattice Systems

Dubrovnik (Croatia), Oral presentation.
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4.6 PhD Related Awards

– 19th Plansee Seminar 2017

Annealing effect on the fracture toughness of CrN/TiN superlattices

Reute (Austria), Oral presentation.

– 63rd Metallkunde Kolloquium 2017

X-ray nano-diffraction demonstrating microstructural evolution and formation limits of

CrN/AlN superlattice thin films

Lech am Arlberg (Austria), Oral presentation.

– Stress Evolution in Thin Films and Coatings 2016

Superlattice Effect for Enhanced Fracture Toughness of Hard Coatings

Chicago (USA), Oral presentation.

– Future Possible Use of Neutron and Synchrotron Sources by the Austrian User Com-

munity 2016

X-Ray nano-diffraction pointing out formation limitations of c-AlN in nanolayered thin

films

Graz (Austria), Poster presentation.

4.6 PhD Related Awards

– Graduate Student Award Silver Medalist at the 46th ICMCTF in San Diego (USA)
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Coherently grown nanolayered TiN/CrN thin films exhibit a superlattice effect in fracture toughness, similar to
the reported effect in indentation hardness. We found –by employing in-situmicromechanical cantilever bending
tests on free-standing TiN/CrN superlattice films– that the fracture toughness increases with decreasing bilayer
period (Λ), reaching a maximum at Λ ~ 6 nm. For ultrathin layers (Λ ~ 2 nm), the fracture toughness drops to
the lowest value due to intermixing and loss of superlattice structure. Both, fracture toughness and hardness
peak for similar bilayer periods of TiN/CrN superlattices.

© 2016 Elsevier Ltd. This is an open access article under the CC BY-NC-ND license
(http://creativecommons.org/licenses/by-nc-nd/4.0/).

Keywords:
Fracture toughness
Superlattice toughness
Nanolayer
Hard coatings
Micromechanical testing

Hard coatings are used to protect engineering components, e.g. cut-
ting tools, from severe external loads and harsh environments [1].
Thereby, the coatings should ideally be strong and tough. Multilayer
coatings composed of two coherently stacked, alternating materials
with a periodicity length in the nanometer range, referred to as
superlattice films, have been reported to possess exceptional high hard-
ness values exceeding that of their single layered constituents by some
hundred percent. In the 1980s, Helmersson et al. [2] reported on a hard-
ness enhancement of up to ~250% compared to single-layered materials
for the single-crystalline coherent TiN/VN superlattice (SL) structure
grown by physical vapor deposition on single crystalline MgO (100)
substrates. Thereby, the peak hardness was found for a periodicity
length of ~5 nm. Later, an hardness enhancement was observed for a
row of other SL film systems grown on MgO (100), but also on (native
oxide) of Si (100) and polycrystalline steel substrates [3].

Besides high hardness values, a sufficiently high fracture toughness
is needed to ensure the integrity of bulk and coated engineering compo-
nents. Unfortunately, these material properties are commonly mutually
influential (especially for materials showing plastic behavior), as a high
strength often implies a low fracture toughness and vice versa [4]. In
the last decades various strategies have successfully shown how to
break down this relationship, spanning from grain refinement toughen-
ing –based on the classical Hall-Petch relation used in a variety of steels

[5,6]– to recently found nanoscaled twinning mechanisms being
operative inhigh-entropy alloys –enabling exceptional high fracture-re-
sistance even at cryogenic temperatures [7]– and several other mecha-
nisms presented in Ref. [4]. Strategies for enhancing the (fracture)
toughness of ceramic coatings (see review by Zhang et al. [8]) include:
incorporating a ductile phase; toughening through a nanocrystalline
microstructure, composition, or structure grading; multilayer structur-
ing; phase transformation toughening; or apparent toughening by im-
plementation of compressive stresses, most of them being already
effectively applied in industrial products. However, the exceptional ef-
fect of a superlattice structure on the fracture toughness has yet not
been reported.

Here, we study the influence of the superlattice structure on the frac-
ture toughness. Therefore, we have conducted micromechanical exper-
iments on freestanding superlattice coatings with different bilayer
periods (Λ). The isomorphous face-centered cubic (B1) TiN/CrN
superlattice grown on Si (100) substrates served as a model system.
The constituents TiN and CrN represent one of the most widely used ni-
trogen-based hard coating materials and their shear moduli (~180 GPa
[9] and ~135 GPa [10], respectively) are significantly different, which
promotes the superlattice effect [11].

TiN/CrN multilayer films with equal thick layers –bilayer periods
ranging from ~2 to 200 nm, and total film thicknesses of ~2 μm– were
synthesized by dc unbalanced reactive magnetron sputtering. All films
were grown on Si (100) substrates (7 × 20 × 0.38 mm3) in an AJA Inter-
national Orion 5 magnetron sputtering system equipped with one two-
inch Cr and one three-inch Ti target (both from Plansee Composite Ma-
terials GmbH, 99.6 at.% purity). Prior to the deposition, the substrates
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were ultrasonically cleaned in ethanol and acetone, for 5 min each.
Subsequently, the substrates were mounted inside the deposition
chamber (evacuated to a base pressure below 10−4 Pa), thermally
cleaned at 500 °C for 20 min, and Ar-plasma etched (Ar pressure =
6 Pa) at the same temperature for 10 min. The deposition was carried
out at 500 °C in an Ar/N2 gas mixture with a flow ratio of 1/1 and a
total pressure of 0.4 Pa. Both targets were dc powered using a target
power density of 6.8 W/cm2 for Ti and 7.6 W/cm2 for Cr. To ensure a
dense film morphology, a constant negative bias potential of −60 V
was applied to the substrates. The alternating and equally thick TiN
and CrN layers were deposited by using a computer controlled shutter
system mounted in front of the Ti and Cr targets. Films with the follow-
ing nominal bilayer periods (obtained by dividing the total film thick-
ness with the number of TiN/CrN pairs) were synthesized: 1.8, 4.0, 6.2,
8.6, 9.4, 13.2, 18.0, and 186 nm. To highlight the superlattice effect itself,
we intentionally used only a moderate bias potential of −60 V during
the deposition of our polycrystalline TiN/CrN thin films, although
Barshilia et al. [12], for instance, reported even higher peak hardnesses
for TiN/CrN superlattice films when prepared with high bias potentials
of −150 V.

X-ray diffraction (XRD) patterns from all coatings were collected in
symmetric Bragg-Brentano configuration using Cu-Kα radiation and
are presented in Fig. 1(a). The XRD patterns show that the films grew
in the face-centered cubic crystal structure. Cumulative diffraction
peakswith peak positions laying in between TiN and CrN peaks (instead
of two clearly differentiate peaks) reveal the presence of a superlattice
structure with strained layers. Furthermore, positive and negative satel-
lite peaks reflecting the SL structure (marked exemplarily with arrows
in Fig. 1(a) in the vicinity of the 200 Bragg peak) emerge for the Λ =
6.2 nm multilayer film and become more apparent with increasing bi-
layer period. In the case of the multilayer film with the thickest bilayer
period (Λ = 186 nm), two clearly separated Bragg peaks matching TiN
and CrN lattice constants are observed, suggesting a largely indepen-
dent growth of TiN and CrN layers with incoherent or semi-coherent in-
terfaces, as expected for large bilayer periods. The native oxides on the
Si (100) substrates lead to the formation of a polycrystalline structure
within all our thin films.

In order to confirm the estimated nominal bilayer periods we con-
ducted X-ray reflectivity (XRR) measurements, Fig. 1(b), and used a
modified Braggs-law approach to calculate Λ:

sin2 θð Þ ¼ m � λ
2 � Λ

� �2

þ 2 � δ; ð1Þ

where m denotes the order of the reflection, λ the wavelength of ra-
diation (here Cu-Kα) and δ the real part of the average refractive index
(in our case δ ~ 1.6 ∗ 10−5) [13]. The XRR obtained bilayer periods excel-
lently fit to the nominal bilayer periods, see the listed values in Fig. 1b.
The XRR patterns show no signs for a superlattice structure for our
thin films with the largest and smallest nominal bilayer periods (Λ =
186 and 1.8 nm), hence, noXRR obtained bilayer periods could be calcu-
lated for these. This suggests that for our thin film with the smallest
nominal bilayer period of 1.8 nm, the intermixing interface regions be-
tween TiN and CrN layers are too dominant to allow for the develop-
ment of a superlattice structure. These results are further supported

Fig. 1. XRD (a) and XRR (b) scans of TiN/CrN superlattice films with different bilayer
periods Λ. The arrows in (a) exemplarily mark satellite peaks in the vicinity of the 200
Bragg peak reflecting the SL structure. The bilayer periods quoted in the left column
(blue) in (b) were calculated by dividing the total film thickness through the number of
TiN/CrN pairs (obtained from the computer controlled deposition system), those in the
right column (red) were calculated from the 2θ peak-positions. The coatings with the
thickness-obtained Λ of 1.8 nm and 186 nm show no signs of a superlattice structure.
(For interpretation of the references to colour in this figure legend, the reader is referred
to the web version of this article.)
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by transmission electron microscopy (TEM) cross section images, Figs.
2(a) and (b). In contrast to our thin film with a nominal Λ of 13.2 nm
(exhibiting a pronounced superlattice structure) no layered structure
can be observed for the sample with a nominal Λ of 1.8 nm, explaining
the missing XRR peak. The TEM samples were prepared by conventional
grinding of afilm-substrate lamella down to a thickness of ~10 μm using
a diamond abrasive. A GATAN Precise Ion Polishing System was used to
further thin the sample down till electron transparency. The TEM-im-
ages were recorded using a FEI TECNAI F20 operating with an accelera-
tion voltage of 200 kV.

To determine the fracture toughness of all TiN/CrN thin films,
micromechanical single cantilever bending tests were performed on
free-standingfilms. This approach allows to effectively eliminate poten-
tial sources of errors, like the influence of the substrate material and re-
sidual film stresses on the fracture toughness [14]. The Si substrates
were locally dissolved by 90 min wet chemical etching in a 30 wt.% po-
tassium hydroxide (KOH) solution heated to 60 °C. As a result, free-
standing films (~20 μm broad and a few mm wide) were obtained.
Cantilevers with dimensions of ~2 × 2 × 14 μm3 were fabricated by
Ga+ focused ion beam (FIB) milling perpendicular to the film surface,
using a FEI Quanta 200 3D DBFIB work station. A final milling current
of 500 pA at an acceleration voltage of 30 kV was employed. The pre-
notch was milled using 50 pA. A scanning electron microscope image
(30° inclined from top view) of a pre-notched single cantilever speci-
men after FIB milling is depicted in Fig. 3(a).

The in-situ micromechanical experiments were performed in a JEOL
scanning electron microscope (JEOL JSM 6430, JEOL Ltd., Akishima,
Japan) equipped with an UNAT SEM-2 nanoindenter (ASMEC GmbH,
Radeberg, Germany). A 2 μm spherical diamond tip was used for the ex-
periments. The tests were carried out on a displacement-controlled
mode, at a constant displacement rate of 5 nm/s. For each multilayer
film system, 10 μ-beams were tested (with an average success rate of
~76%). Representative load-deflection curves for the SL films with
Λ = 1.8, 6.2, and 18.0 nm are shown in Fig. 3(b). Note that deviations
on loading stiffness arise for different cantilevers due to small variations
on actual cross-sections and distances of applied load, l. Nonetheless, all

SL structures present a perfect linear-elastic brittle fracture behavior
without any signs of plasticity in the load-displacement response.
Therefore, linear-elastic fracture mechanics was applied to quantify
the fracture toughness KIC:

K IC ¼ Pmax � l
b �w3=2

� f
a
w

� �
; ð2Þ

whereby the geometry factor f ða
wÞ was taken as:

f
a
w

� �
¼ 1:46þ 24:36 � a

w

� �
−47:21 � a

w

� �2
þ 75:18 � a

w

� �3
; ð3Þ

according to Matoy et al. [15]. Pmax denotes the maximum force, l the
lever arm, b the width of the cantilever, and w the film thickness (see
Fig. 3(a)). The initial crack length, a, was determined from SEM micro-
graphs of the post mortem fracture surface, as shown in an example in
the insert of Fig. 3(a). The relatively flat fracture surface together with
the absence of dimples or any other sign of significant plastic deforma-
tion, confirm the brittle fracture response of our thin films.

The derived fracture toughness (KIC) vs. the bilayer period for all
superlattices studied – as well as those of the thin films with a nominal
Λ of ~186 and 1.8 nm– is presented in Fig. 4 showing a pronounced bi-
layer-period-dependent behavior. For large bilayer periods (Λ ≥ 13 nm),
KIC remains relatively constant, at ~1.65 ± 0.1 MPa√m. For smaller

Fig. 2. HR-TEM images of the TiN/CrN superlattice films exhibiting bilayer periods of 13.2
(a) and 1.8 nm (b), respectively. While the nanolayered structure can be clearly seen for
the large bilayer period sample (a) the interdiffusion-areas between TiN and CrN and
loss of the layer structure becomes evident for the smallest bilayer period samples
shown in (b).

Fig. 3. (a) Scanning electronmicroscope image (30° inclined from top view) of a pre-notched
single cantilever specimen before micromechanical testing. The insert is a post mortem SEM
imageof the fractured surface showingpre-notchdepth a. (b) Representative bending stress-
deflection curves recorded in the micromechanics single cantilever bending experiments
from TiN/CrN superlattice films with bilayer periods of 1.8, 6.2 and 18.0 nm.
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bilayer periods, KIC significantly raises, reaching a maximum value of
~2.01 ± 0.18 MPa√m at Λ ~ 6.2 nm. Further decreasing Λ drops dramat-
ically KIC to a minimum value of ~1.31 ± 0.13 MPa√m at Λ ~ 1.8 nm. In-
terestingly, a very similar dependency is observed for the hardness
measurements, with H vs. Λ exhibiting a hardness peak with 24.2 ±
0.9 GPa at Λ ~ 8.6 nm. The agreement between KIC vs. Λ and H vs. Λ sug-
gests that similar bilayer-period-dependent mechanisms could be re-
sponsible for both, the indentation hardness and the fracture
toughness enhancement. The relatively constant indentation modulus
as a function of the bilayer period, E vs. Λ, further proofs our KIC vs. Λ
curve by the coincidence with the H/E empirical criteria, often used to
qualitatively rate materials for their toughness [16,17]. This simplified
criterion predicts for brittle materials with similar E values, that a higher
hardness would result in a higher energy absorbed until fracture.

The hardness enhancement due to the superlattice effect, described
by the model after Chu and Barnett [18], is based on two mechanisms
being operative during plastic deformation of a superlattice system.
For small bilayer periods, the stresses required for dislocations to glide
across layers with different shear moduli increase with increasing bilay-
er periods. The second mechanism describes the stress required to
move preexisting dislocations within the layers, as well as the stress re-
quired to activate dislocation sources. The latter two required stresses,
τ, decrease with increasing bilayer period, following a Hall-Petch-like
relationship:

τ∝Λ−m: ð4Þ

According to Chu and Barnett [18] the hardness enhancement in
superlattices is, therefore, a plasticity driven phenomenon, and as
such, is governed by dislocation mobility. In contrast, the herein pre-
sented fracture experiments show an absence of plastic deformation,
hence, behave in a linear-elastic brittle manner. In this case the failure
of the material is controlled by the average defect density and average
maximum defect size. Thereby, rather than a bilayer-period-dependent
dislocation-based mechanism, there must be an underlying bilayer-pe-
riod-dependent property governing both SL effects. Someof these bilay-
er-period-dependent properties might be: coherency strains; misfit
dislocation arrays at the interface; spatially oscillating elastic moduli
influencing crack growth; average grain size and other defects confined
into individual layers.

It is yet to be discovered which intrinsic SL property is responsible
for the fracture toughness enhancement. But based on our results, a
power-law relationship similar as for τ will hold between the fracture
toughness and the bilayer period:

K IC∝Λ
−m; ð5Þ

with the exponent m depending on the type and interface constitu-
tion of the superlattice structure. The exponent m equals roughly 0.25
for our superlattice TiN/CrN coatings with Λ ≥ 6.2 nm.

The decline in H as well as KIC when further reducing the bilayer pe-
riod (below ~6 nm) is also based on the decreasing SL effect, as with
smaller bilayer periods the intermixing interface-regions between
both layer types become dominant – see Figs. 1(b) and 2(b) and the
missing signs for a superlattice structure with a nominal Λ of 1.8 nm.

Based on our results on polycrystalline TiN/CrN SL structures –de-
posited by unbalanced magnetron sputtering with different bilayer pe-
riods on Si (100) substrates–we can conclude, that a significant increase
in fracture toughness is observed when SL structures are formed, similar
to the well-known SL effect on hardness. However, further investiga-
tions into the toughening mechanisms are required in order to better
understand this behavior and how it relates to the hardness SL effect.
This new superlattice effect represents a significant improvement in
mechanical properties of hard thin films, especially when both, hard-
ness and fracture toughness, are simultaneously enhanced as it is the
case here.
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a b s t r a c t

By combining experimental and theoretical methods, we have conducted a detailed study of the ternary
diboride system (W1-xAlx)1-yB2(1-z). Tungsten rich solid solutions of (W1-xAlx)1-yB2(1-z) were synthesized
by physical vapor deposition and subsequently investigated for structure, mechanical properties and
thermal stability. All crystalline films show hardness values above 35 GPa, while the highest thermal
stability was found for low Al contents. In this context, the impact of point defects on the stabilization of
the AlB2 structure type is investigated, by means of ab initio methods. Most notably, we are able to show
that vacancies on the boron sublattice are detrimental for the formation of Al-rich (W1-xAlx)1-yB2(1-z),
thus providing an explanation why only tungsten rich phases are crystalline.
© 2019 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access article under the CC BY-NC-

ND license (http://creativecommons.org/licenses/by-nc-nd/4.0/).

1. Introduction

Nowadays the increasing interest in sustainability also results in
a growing industrial demand for protective coatings with superior
mechanical properties such as high hardness, good elastic proper-
ties, and improved thermal stability. As a consequence, the search
for improved physical properties leads to the exploration of new
material systems. Despite the fact that transition metal (TM) based
nitrides are successfully applied in automotive or aerospace in-
dustries, the quest for improved functional materials is an ongoing
challenge [1e3].

One of the peculiarities of vapor phase deposition techniques is
the fact that they allow the growth of supersaturated non-
equilibrium phases like cubic Ti1-xAlxN (NaCl-prototype, Fm3m,
space group 225). Here, the supersaturation of the cubic TiN phase
essentially starts with small aluminum contents [4] leading to Ti1-
xAlxN solid solutions. A further increase of the Al fraction causes a
further supersaturation of the cubic phase, which is found to result
in age hardening effects at elevated temperatures. The origin of this

age hardening is found in the spinodal decomposition of cubic Ti1-
xAlxN, which goes along with the formation of TiN- and AlN-rich
cubic domains [5e8]. A degradation of the mechanical properties
may only occur under further annealing when the metastable cubic
AlN transforms into the thermodynamically stable wurtzite phase.
A major retarding force for this phase transformation arises from
the associated huge volume increase of almost 30% [7]. However,
the significant volume change going along with this cubic to
wurtzite transition may trigger toughening effects for controlled
AlN phase fractions [9e11]. Consequently, the exceptional proper-
ties of Ti1-xAlxN can be attributed to the interplay and competition
of the two boundary phasesdcubic TiN and wurtzite AlNdwhich
prefer to crystallize in different structure types.

This well-known concept, being responsible for the unique
properties of Ti1-xAlxN and its derivatives, has lately been evoked as
design principle for ternary borides, opening access to this new
class of functional materials with various exceptional properties
such as improved mechanical properties and enhanced thermal
stability [12e17]. Despite the large progress that has been achieved
with such concepts for ternary and even quaternary TM nitrides,
the field of multinary borides is still largely unexplored and also
lacks fundamental understanding.

Many diborides, comprising the technologically relevant TiB2
phase [18,19], have been observed to crystallize in the so-called a-
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type structure [20], with a three atom unit cell of space group 191
(AlB2-prototype, P6/mmm) [21]. This structure type can be illus-
trated as a stacking of boron planes (the boron atoms form cova-
lently bonded hexagons) separated by hexagonal metal planes as
given in Fig. 1. The boron atoms sit in every vertex formed by three
neighboring metal atoms (or in other words, the metal atoms are
always in the center of a hexagon formed by the boron atoms).
Apart from the prevailing a-type modification, other binary boride
phases are known to adopt slightly different crystal structures.
WB2 is observed to crystallize in at least two different modifica-
tions [22,23]. Physical vapor deposited WB2 thin films have been
reported to crystallize in the a-type [24,25] structure, whereas
bulk materials prefer the so-called u modification, also known as
W2B5-z-prototype [23]. The u-phase is closely related to the AlB2-
prototype, however, it consists of alternating flat and puckered
boron layers. Still the boron atoms form covalently bonded
hexagons (either flat or puckered) and the metal atoms form flat
hexagonal planes. In Fig. 1 it is also apparent that the position
(“stacking” on the metal sublattice) of the hexagonal metal-planes
changes due to the puckered boron plane (i.e. from the “A” site to
the “B” site and then back to again to the “A” site with the next
puckered plane e using the well-known notification of AB stack-
ing of densely packed layer in hexagonal close packed structures).
As a consequence of the alternating layers an increased unit cell,
comprising twelve atoms and adapting space group 194 (P63/
mmc), is necessary to describe the u-modification, as presented in
Fig. 1.

Here, (W1-xAlx)1-yB2(1-z) thin films with varying Al metal frac-
tions x up to 50.1 at% on the metal sublattice have been deposited
using physical vapor deposition (PVD). The obtained films reveal a
high hardness, with themaximumvalue reaching almost 42 GPa for
the case of WB2-z. Furthermore, high thermal stability was
observed with the films remaining stable after 30min of annealing
at 1000 �C. Decomposition and stabilization of a-(W1-xAlx)1-yB2(1-z)
is investigated by ab initio methods, once more pointing out the
importance of point defects for the phase evolution of PVD
deposited materials [13,26,27] and most strikingly giving an
explanation for the fact that it is extremely difficult to grow Al-rich
ternary boride thin films. In fact, a detailed literature review
showed that there is no report about a crystalline AlB2 thin film in
the as deposited state. Nevertheless, the addition of Al to WB2 will
promote their self-passivating effects, as observed for Al alloying in
ReB2 [28].

2. Experimental and computational methods

A lab-scale magnetron sputtering system (AJA Orion 5) was used
to deposit ternary (W1-xAlx)1-yB2(1-z) films with varying Al content
(the base pressure was below 0.1mPa). Two diboride targets,
namely a 2-inch W2B5-z and a 2-inch AlB2 target (Plansee Com-
posite Materials GmbH), were operated by dc plasma generators
with a power-controlled signal. The maximum target power den-
sity was set to 7.4W∙cm�2 and accordingly reduced for chemical
variations. In our setup, the magnetrons, in a dual confocal
arrangement, face the rotating substrate holder, which is placed at a
distance of 11 cm. After reaching a temperature of 500 �C, single
crystalline Si (100-oriented) and sapphire substrates (1102-
oriented) were ion etched in Ar atmosphere (at a pressure of
6 Pa). During the depositions, the substrate temperature was kept
constant at a temperature of 500 �C, while a working gas pressure
(Ar) of 0.7 Pawas used and no bias voltagewas applied (the floating
potential is about �20 V). We had to reduce the working gas
pressure to 0.4 Pa for obtaining close to stoichiometric WB2 films,
because with 0.7 Pa we ended up with a WB1.4 film. A similar
dependence of the B/metal ratio on the working gas pressure was
reported for TiBx [29]. The deposition timewas 240min resulting in
1.1e1.8 mm thin films, depending on the power density of theW2B5-
z target and working gas pressure used (resulting in a typical
deposition rate of 6 nm∙min�1). The high Al-containing thin film
was deposited for 480min to obtain a comparable thickness.

The elemental composition of the as-deposited thin films on Si
substrates was determined by inductively coupled plasma atomic
emission spectroscopy (ICP-AES), for dissolution samples were
treated with a mixture of nitric acid and hydrofluoric acid at
elevated temperature [30]. This method was chosen since it allows
for an accurate determination of the boron content, which is
difficult to access by other characterization techniques. Structure
and morphology of the as-deposited films on sapphire substrates
were investigated by X-ray diffraction (XRD).

The thermal stability was investigated by comparing XRD
measurements of the thin films in as-deposited state and after
annealing (base pressure below 0.1mPa) at 1000 �C for 30min in
He atmosphere (the heating rate was 20 K/min and the cooling rate
by simply turning off the heater was >50 K/min down to 500 �C).
XRD measurements were conducted with a PANalytical XPert Pro
MPD (q-q diffractometer) in Bragg Brentano geometry equipped
with a CuKa cathode (wave length l¼ 1.54 Å, 45 kV, 40mA).

Moreover, a FEI Quanta 250 scanning electron microscope
equipped with a field emission gun (FEGSEM) was used to take
cross section micrographs. The residual stresses of our thin films
were determined using the Stoney-equation [31], after extracting
the substrate curvature making use of a Nanovea PS50 chromatic
confocal profilometer.

The mechanical properties of both, the as-deposited and the
annealed coatings on sapphire substrates, were studied by nano-
indentation, using an ultra-micro indentation system (UMIS).
Loads within a range from 3 to 45mN were applied with a Berko-
vich type indenter. Indents exceeding an indentation depth greater
than 10% of the film thickness were excluded from the analysis to
minimize the substrate interference. Hardness and indentation
modulus were determined from the resulting load-displacement
curves of the nanoindents using the standard approach after
Oliver and Pharr [32], the errors noted are standard deviations.

The structural stability of a- and u-(W1-xAlx)1-yB2(1-z) with
respect to stoichiometry and changing vacancy concentrations on
the respective sublattice y and z was investigated by means of
density functional theory (DFT). For this purpose the Vienna Ab
Initio Simulation Package (VASP) [33,34], using the projector
augmented wave method [35], was applied. Exchange and

Fig. 1. Structure of the a-AlB2 and u-W2B5-z prototypes with the corresponding layer
sequence.
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correlation were accounted for by the generalized gradient
approximation as introduced by Perdew and Wang [36]. To start
with, supercells of the a- and the u-modification of (W1-xAlx)1-
yB2(1-z) were constructed. For the smaller a-phase a 2� 2� 4
supercell, containing 48 atoms, was selected, whereas in case of u-
(W1-xAlx)1-yB2(1-z) a 2� 2� 1 supercell with the same number of
atoms was created. For the realization of solid solutions or random
alloys with different stoichiometries the metal sublattices were
populated by the respective Al/W ratios, by making use of the
special quasirandom structure (SQS) approach [37]. The corre-
sponding SQS structures were then constructed using the at pack-
age [38]. As a next step, atomic coordinates and lattice geometry of
the obtained SQS configurations were optimized using the VASP
code with an energy cutoff of 600 eV and a 8� 8� 4 G-centered k-
point mesh. The plane wave cutoff energy and the k-point resolu-
tion were chosen to ensure convergence and an accuracy of the
calculation within a few meV/at. To introduce vacancies in the two
structure types, the same approach was used by simply considering
vacancies as additional alloying element in the SQS approach.

Schematics were produced using VESTA [39].

3. Results and discussion

Solid solutions of (W1-xAlx)1-yB2(1-z) thin films have been pre-
pared for various Al/W ratios, evidencing boron contents between
60 and 66%, thus being close to stoichiometric (W1-xAlx)1-yB2(1-z)
diborides (see Table 1).

Our XRD results highlight that only for Al metal fractions far
below 50 at%, as-deposited crystalline films can be obtained (see
Fig. 2). For Al metal fractions below 20% (i.e., x� 0.2), we clearly see
single phase solid solution of a-(W1-xAlx)1-yB2(1-z) with the c-axis
lattice parameters lying in between those of a-AlB2 [40] and the
experimentally observed one of a-WB2 [22]. With increasing Al
content, the positions of the (001) and (002) reflections shift to
lower angles also confirming the incorporation of Al on the metal
sublattice.

In agreement with these XRD investigations, the fracture cross
sectional SEM micrographs, Fig. 3, show dense columnar growth
morphologies for all thin films, except the highest Al-containing
one. The cross section of the latter is more comparable to
amorphous-like films. Additionally, an increased growth rate when
reducing the deposition pressure is seen for the binary WB2-based
thin film.

Interestingly, our (W1-xAlx)1-yB2(1-z) thin films exhibit significant
changes in their XRD patterns upon 30-min annealing in He at-
mosphere at 1000 �C. The initially amorphous film with an Al
fraction of 50.1 at% on the metal sublattice (absolute Al content of
17.3 at%) shows clearly crystalline XRD peaks at the position of u-
W2B5-z [41]. The (nano-) crystals of this coating are randomly

oriented (contrary to our other thin films) and they crystallize in
the u-type structure. For the film with 19.2 at% Al on the metal
sublattice (absolute Al content of 6.9 at%), we observe a peak
splitting of the (002) reflection upon annealing, which will also be
discussed in the DFT section. This peak-splitting points to a spinodal
decomposition of our W0.81Al0.19B2 film towards a less defected Al-
enrichedW0.81-xAl0.19þxB2 (x indicates an increased Al content and a
decreased W content) phase and a vacancy containing W-enriched
WB2-z phase. All other films show no signs of decomposition, but
also a shift of the major XRD peaks (001) and (002) towards higher
2q angles indicating recovery events (where structural defects
rearrange towards lower energy sites, leading to a relief of
microstrains).

The amorphous filmdbased on previous studies showing that
sputtering of AlB2 targets leads to amorphous films, we correlate
this to the high Al contentdshows a hardness of 24 GPa and an
indentation modulus of 341 GPa. Both values are considerably
lower than those of our crystalline materials. For the whole
composition range, the hardness values of the crystalline a-(W1-

xAlx)1-yB2(1-z) thin films lie above 35 GPa, with the maximum of
42± 2 GPa for the binary a-WB2 thin film (see Table 1). A note-
worthy trend is the decreasing hardness with increasing Al content.
This decrease in hardness of our (W1-xAlx)1-yB2(1-z) thin films can be
attributed to reduced bond strengths, mirrored also by decreasing
indentationmoduli. The residual stresses of our thin films are given
in Table 1, we observe a decrease with increasing Al-content. The
hardness of our thin films on Si substrates is ~1 GPa lower than on
sapphire substrates, which can be attributed to lower residual
compressive stresses on Si (~0.9 GPa, resulting from differences in
the thermal expansion coefficients of the substrate materials). Also,
the Young's modulus yields slightly lower values on Si than on
sapphire substrates (however, well within the experimental error),
which can again be attributed to the influence of residual stresses.
The elastic recovery of our coatings varied between 61 and 63%,
with a trend to higher recovery at lower Al contents, an exception
was found for the initially amorphous film, where the recovery was
only 53%. The mechanical properties of the annealed samples
(1000 �C for 30min) are listed in Table 1. Due to delamination of the
binary a-WB2-z thin film during annealing, no H and E* could be
obtained from this sample in the annealed state. Also (W1-xAlx)1-
yB2(1-z) thin films with Al metal fractions of 9.7 and 19.2 at%
showed a significant crack pattern after annealing. However, the
initially amorphous W0.50Al0.50B2 thin film showed no crack for-
mation during annealing, allowing to measure their mechanical
properties to be H¼ 28 GPa and E*¼ 407 GPa, hence, higher than in
the as deposited state.

Ab initio calculations for (W1-xAlx)1-yB2(1-z) predict the a-phase
to become energetically more stable when the Al population on the
metal sublattice exceeds ~50%, considering any types of vacancies

Table 1
Hardness H, indentation moduli E*, elastic recovery εR, and residual stress sR of (W1-xAlx)1-yB2(1-z) thin films depicted with respect to the sputtering power ratio, film thickness,
and the chemical composition before and after annealing at 1000 �C in He atmosphere. All errors are standard deviations.

Sputtering-power
ratio AlB2/W2B5-z (�)

Film thickness h (mm) Chemical composition (at%) Mechanical properties (Sapphire substrate)

Al W B Al
Al þW

As deposited Annealed 1000 �C

H (GPa) E* (GPa) εR (%) sR (GPa) H (GPa) E* (GPa)

0.0(0/150) 1.8 0.0 35.0± 0.2 65.0± 0.2 0 42± 2 593± 12 63± 2 �1.5± 0.1 *

0.5 (75/150) 1.5 0.9± 0.1 38.9± 0.2 60.2± 0.1 2.3 39± 1 550± 35 63± 2 �1.1± 0.1 37 ± 2 559± 15
1.0 (150/150) 1.7 3.6± 0.2 34.0± 0.2 62.4± 0.1 9.7 38± 2 494± 31 63± 2 �0.7± 0.1 (35± 2) y

2.0 (150/75) 1.1 6.9± 0.1 29.1± 0.1 64.0± 0.1 19.2 36± 1 459± 29 62± 2 �0.6± 0.1 z

4.0 (150/38) 1.8 17.3± 1.0 17.3± 0.3 65.4± 1.3 50.1 24± 1 341± 7 53± 2 �1.2± 0.1 28 ± 2 407± 24

* delamination due to compressive stresses.
y little crack formation during annealing.
z crack formation during annealing.
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[12]. However, experimentally the a-phase is unambiguously
observed for all our crystalline thin films. This is in good agreement
with other recent PVD studies [13,24,25], which report that even
the binary WB2 crystallizes in the a modification. As PVD methods
are known to promote the incorporation of point defectsdsuch as
vacanciesdduring crystal growth, detailed ab initio studies on the
impact of point defects on crystal structure and energy of formation
have been performed, suggesting that these are the major reasons
for the stabilization of WB2 (and also other diborides) in its meta-
stable a-structure [13,42].

To study the consequences of an increased vacancy concentra-
tion on the phase stability of ternary (W1-xAlx)1-yB2(1-z) we have

analyzed the energy of formation, Ef, of both, the a-type and the u-
type modification, for changing chemical compositions and con-
centrations of vacancies, following eqn. (1):

Ef ¼
1P
ini

 
Etot �

X
i

niEi

!
(1)

here, Etot and Ei gives the total energy of the alloy and its elemental
constituents, as obtained from DFT, whereas ni denotes the number
of atoms of a given species i. In case of (W1-xAlx)1-yB2(1-z) the energy
of formation is a measure for the energy gain when an (W1-xAlx)1-
yB2(1-z) alloy is formed from fcc-Al, bcc-W and a-B.

In perfect agreement with earlier results [13], we findWB2 to be
more stable in the u-phase, whereas AlB2 prefers the a structure
type. However, by including vacancies, the a-phase of WB2 can
indeed be shown to become energetically more favorable [43]. To
further interpret our diffraction patterns, we have investigated the
evolution of the lattice parameter for the a-phase of AlB2 and WB2
with different vacancy concentrations (see Table 2.)

The calculations clearly show that for defect-free crystals, the c-
axis lattice parameter of a-WB2 is actually larger than that one of a-
AlB2. Thus, the c-axis lattice parameter would decrease with
decreasing W content for defect-free a-(W1-xAlx)1-yB2(1-z) solid
solutions, causing a shift of the (001) reflection to higher diffraction
angles. However, the opposite effect is observed in our XRD pat-
terns. Again, the incorporation of vacancies in our crystalline
structures (due to the PVD process) can account for this behavior.
Table 2 clearly shows that the difference in c-axis lattice parameters
between a-WB2 and a-AlB2 decreases with increasing vacancy
content. Finally, in case of M0.875B1.75 (i.e., 12.5% Schottky defects)
the c-axis lattice parameter of the defected a-WB2 becomes smaller
than that of the defected a-AlB2 thus being significantly smaller
than that of defect-free a-AlB2which is in perfect agreement to our
previous study [42]. Consequently, the combination of experi-
mental and computational studies strongly points towards an
increased vacancy concentration in our PVD films. Moreover, the
overall residual stresses can be ruled out as origin of a peak shift in
our XRDmeasurements, as the trend in sRwould cause a shift in the
opposite direction.

The impact of vacancies on the phase stability of (W1-xAlx)1-
yB2(1-z) is indeed striking, as detailed in Fig. 4a. In this figure we
show the energy of formation with respect to the chemical
composition for defect-free a- and u-(W1-xAlx)1-yB2(1-z), and
compare it to structures with incorporated metal and boron va-
cancies. The results clearly point out that the formation of B va-
cancies, Me vacancies, as well as B and Me vacancies, lead to more
positive Ef values for u-structured (W1-xAlx)1-yB2(1-z) solid solutions
across the entire x range (generally, the Ef-vs-x curve for u-(W1-

xAlx)1-yB2(1-z) moves upwards when defects are included, Fig. 4a,
slightly more on the W-rich side). Consequently, the formation of
vacancies is energetically penalized in the u-phase.

The impact on the a-phase is different. The formation of B, Me,
as well as B and Me vacancies leads to more negative Ef values for
W-rich solid solutions. The Al-rich part, especially for x¼ 1, only
shows slightly more negative Ef values if a small amount of Me
vacancies is considered (Ef is slightly more negative for a-Al0.9375B2
than a-AlB2, Table 2). The formation of boron vacancies is strongly
penalized, leading to Ef values close to zero for AlB1.9375 or even
positive for higher B-vacancy concentrations (Table 2). Conse-
quently, the formation of B and Me vacancies (especially in form of
Schottky defects, the two most right columns of Table 2) turns a-
AlB2 unstable. But with increasing W content this impact is
reversed, leading to more negative Ef values for defected a-(W1-

xAlx)1-yB2(1-z) (than defect-free a-(W1-xAlx)1-yB2(1-z)) if x is under

Fig. 2. XRD patterns of as deposited (blue) and annealed (green) W1 xAlxB2 thin films.
The symbols with vertical lines represent diffraction peak positions of a-AlB2. a-WB2
and u-W2B5-z. Substrate reflections are also indicated. The XRD patterns of the films
containing an Al metal fraction of 19.2 and 50.1 are presented with 5 times respectively
10 times their intensity. (For interpretation of the references to color in this figure
legend, the reader is referred to the Web version of this article.)
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~0.6 (Fig. 4a). For a-WB2 the impact of B andMe vacancies is similar,
both lead to more negative Ef values. Hence, the formation of B
vacancies, Me vacancies, as well as B and Me vacancies, is not
penalized but even rewarded.

The combination of these effects (promotion of vacancies in the
a-structure but penalization thereof in the u-structure, especially
on the W-rich side) leads to the result that the preference of the a-
structure over the u-structure shifts towards higher W-contents, if
vacancies are considered. Indeed, while the u-to a-transition of the
defect-free phases is observed at about 40 at% W on the metal
sublattice (indicated by the right dashed vertical line in Fig. 4a)din
agreement with recent calculations for increased supercell sizes
[13]dall three vacancy types (metal vacancy, boron vacancy and
metal plus boron vacancy), shift the transition clearly to theW-rich
side, to ~60 at% W for the Me and B vacancy containing structures
considered here (indicated by the left dashed vertical line in
Fig. 4a). The shift of theu to a transition to higherW concentrations
with increasing vacancy content is nicely represented by the dis-
tance of the two dashed vertical lines (Fig. 4a), which emphasizes
the importance of point defects such as vacancies on the phase
stability.

The fact that all of our crystalline films crystallize in the a
structure suggests the presence of even higher defect concentra-
tions as considered within Fig. 4a. For example, when considering
12.5% Schottky defects, the energy of formation of a-WB2 is
with �0.165 eV/at (Table 2) already more negative than that of u-
W2B5-z (Ef

a - Ef
u is þ0.26 eV/at for defect-free WB2 and

only þ0.063 eV/at for 6.25% Schottky defect containing WB2).
For W-metal-fractions below 40 at% not just the energy of for-

mation is always more positive for the u-phase than for the a-
phase, but it is also rather close to zero (if not even positive) for B
vacancy containing as well as B and Me vacancy containing Al-rich
structures. This agrees with our experiments showing that Al-rich
(W1-xAlx)1-yB2(1-z) thin films always became X-ray amorphous,
and no crystalline AlB2 film could be realized so far (in its as
deposited state).

In principle, the ab initio calculations predict the formation of
the u-phase for a broad compositional range for defect-free and

low vacancy containing (W1-xAlx)1-yB2(1-z), thus holding as expla-
nation for the formation of u-Al0.50W0.50B2 under annealing of the
amorphous thin film: here the film (i.e. the crystalline parts inside
the film) forms rather under equilibrium like conditions, such that
potentially less defects are created during crystal formation, being a
prerequisite for the formation of the u-phase.

In Fig. 4b we depict the energy of formation for a-(W1-xAlx)1-
yB2(1-z) without (y¼ 0, z¼ 0) and with Schottky defects (6.25%, i.e.
y¼ 0.0625, z¼ 0.625), indicated by the diamond and asterisk
symbols, respectively. Consequently, both cases correspond to
stoichiometric compounds. We immediately observe that espe-
cially the W-rich side even promotes the formation of Schottky
defects. On the Al-rich side (W-metal-fractions below 0.5), clearly
the defect-free structure is most stable. This indicates that vacancy
containing single-phase ternary (W1-xAlx)1-yB2(1-z) PVD thin films
(as observed in our experiments) decompose upon annealing to-
wards vacancy-containing W-rich phases and nearly vacancy-free
Al-rich phases. Such a scenario is also indicated in Fig. 4b. More-
over, several compositions were calculated twice with different
positions of the considered vacancies in the crystal lattice (Al-near
and W-near) which again highlights the preference of vacancies
towards the W-rich regions.

Thus, the experimentally observed decomposition of our as
deposited single-phase a-W0.81Al0.19B2 thin film upon annealing at
1000 �C for 30min, points towards a spinodal decomposition to
form vacancy-free Al-rich domains and defected W-rich domains.

Besides an isostructural spinodal decomposition, a second
decomposition pathway is conceivable, as especially the W-rich
domains (which would prefer the u-type for lower vacancy con-
centrations) could also form an intermediate phase (between the a-
type and u-type). Such an intermediate phase (i.e. a transition from
a to u via a continuous transformation of flat to puckered B-planes)
could be seen as a mixture of a- and u-type or an intermediate
structure with e.g. two puckered and four flat boron layers (here
simply denoted as m-type). The formation of such an intermediate
phase during decomposition would yield a higher energy gain as
puckered layers are energetically favorable for the W-rich part (see
the red hexagon in Fig. 4a), with Ef of �0.23 eV.

Fig. 3. SEM cross section micrographs of our thin films. The Al content increases from left to right, (a) was deposited with 7.4W∙cm�2 on the W2B5-z target and 0.0W∙cm�2 on the
AlB2 target, (b) with 7.4 and 3.7, (c) 7.4 and 7.4, (d) 3.7 and 7.4, and (e) with 1.9 and 7.4W∙cm�2 on the W2B5-z and AlB2 target respectively. The dashed horizontal line, indicating the
interface between film and Si substrate, has the same length as the 500-nm-scale bar.

Table 2
c-axis lattice parameter and Ef for binary a-AlB2 and a -WB2 with different vacancy concentrations. Note that a positive Ef means that the structure is unstable with respect to
the elemental constituents.

M MB2 MB1.9375 M0.9375B2 M0.9375B1.9375 M0.9375B1.875 M0.875B1.75

Al 3.30 Å 3.25 Å 3.26 Å 3.24 Å 3.24 Å 3.17 Å
�0.044 eV/at �0.0125 eV/at �0.056 eV/at �0.013 eV/at þ0.041 eV/at þ0.153 eV/at

W 3.40 Å 3.32 Å 3.32 Å 3.24 Å 3.25 Å 3.11 Å
�0.055 eV/at �0.088 eV/at �0.096 eV/at �0.133 eV/at �0.141 eV/at �0.165 eV/at
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The above discussion has its focus on the energy of formation
and completely neglects entropic contributions to the phase sta-
bility. Due to the configurational entropy being a function of the
chemical composition, meaning equivalent entropic contributions
for both structural modifications of (W1-xAlx)1-yB2(1-z), it will not
affect the composition at which the transition takes place. The
vibrational entropy on the other hand, may in principle be different
for both modifications, however due to their structural similarity,
these differences are expected to become significant only at
strongly elevated temperatures. Yet, vacancy containing structures
on the other hand may indeed be stabilized by entropy at elevated
temperatures.

To investigate the finding that vacancies have especially in the
a-structure a different impact on Al-rich or W-rich phases, we have
analyzed the electronic density of states (DOS) for different vacancy
contents of a-structured AlB2 and WB2. Indeed, both phases a-AlB2
and a-WB2, show a pseudogap in their DOS, which, for the stoi-
chiometric compound, lies below the Fermi level (see Fig. 5). For
AlB2 the pseudogap is only slightly below the Fermi level (EF), such
that introducing vacancies on the metal sublattice indeed moves EF

into the pseudogap, while the DOS otherwise remains rather un-
changed. This corresponds to what we would expect from a rigid
band model by removing electrons from the system. These findings
moreover indicate that for a stoichiometry close to Al0.9375B2 an
electronic stabilization of the structure can be expected with the
Fermi energy lying in the pseudogap. This is in good agreement
with experimental and theoretical work on bulk AlB2 where stoi-
chiometries of about Al0.9B2 have been proposed [44,45]. For va-
cancies on the boron sublattice on the other hand, the Fermi level
also comes close to the pseudogap, however, the number of states
around the Fermi energy is clearly increased, indicating a change in
the band structure, going along with a destabilization due to
additional anti-bonding states (Fig. 5). Note that the value at EF is
almost the same, but in case of the defect-free structure, the
number of states below EF (antibonding states) decreases, whereas
it increases for the boron substoichiometry. Interestingly, further
vacancies indeed render the AlB2 system unstable with respect to
decomposition in fcc-Al and a-boron (see Ef in Table 2). This is also
clearly visible from the DOS for the case of onemetal and two boron
vacancies (a Schottky defect, for our supercells used, this is equiv-
alent to 6.25% Schottky defects), which is also depicted in Fig. 5.
Here, a significant increase in states in the antibonding region close
to EF is observed. Similarly, we also have studied the effect of va-
cancies on the electronic structure of a-WB2. Now, we find the
structure to be highly tolerant with respect to metal and boron
vacancies. In fact, with increasing vacancy content the DOS at the
Fermi level is gradually decreasing, such that we indeed see an
electronic stabilization of the structure. Interestingly, we find that
structures with stoichiometric vacancy distribution over the two
sublattices (Schottky defects, i.e. (W1-xAlx)1-yB2(1-z) with
z¼ 0.03125 and 0.0625) are more stable than defect-free a-WB2 in
agreement to our previous study [16]. This means that while a-AlB2
tolerates only a small vacancy content on the metal sublattice, a-
WB2 is electronically stabilized by higher vacancy concentrations

Fig. 4. (a) Energy of formation for different vacancy concentrations of a-(W1-xAlx)1-
yB2(1-z) (solid lines) and u-(W1-xAlx)1-yB2(1-z) (dashed lines), as function of the Al
metal fraction x ¼ Al/(Al þ W). The dashed vertical lines indicate the position of the a

to u transition for crystals without vacancies (right dashed line) and with Me and B
vacancy (left dashed line). The transparent lines shown in the second, third, and fourth
panel are the normalized (with regard to chemical composition) data of the first panel
(for defect-free cells), providing an overview on the trends. The red hexagon denotes
an intermediate phase between a-WB2 and u-W2B5-z, consisting of two puckered and
four flat boron layers. (b) shows a possible scenario for the decomposition of the
experimentally observed (W0.81Al0.19)1-yB2-z coating into defect-free Al rich (Al,W)B2
and defected W-rich (W,Al)B2. The consequential minimum energy gain is marked as
grey area. The red asterisks denote variations in the vacancy distribution (near the W-
atom or the Al-atom). (For interpretation of the references to color in this figure
legend, the reader is referred to the Web version of this article.)
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on both sublattices. Finally, we need to mention that the samples
showed a significant difference in their oxidation stability if con-
taining Al or not. The Al-free WB2 coatings showed already after 1
week of ambient air exposure a change of their color towards
greenish appearance, indicating ongoing oxidation processes.
Contrary, the Al-containing samples (even if only 2.3 at% at the
metal sublattice) did not show such a change.

4. Summary and conclusion

Making use of the interplay between two different polymorphs
has been shown to result in materials with improved mechanical
properties. Especially in the well-known Ti1-xAlxN system meta-
stable cubic solid solutions have shown significantly improved
hardness and better ductility. Similarly, we show here that WB2 can
be alloyed with up to 20 at% Al metal-fraction without significant
performance loss, pointing to an increased oxidation stability due
to Al, as one would expect the formation of an Al-oxide passivation

layer. This, however, has to be further investigated. Hence, the main
advantage of Al addition to WB2 thin films is a self-passivation at
ambient conditions, as well as an increased oxidation resistance in
possible future applications. Unfortunately, a further increase of the
Al-content to the Al-rich side could be shown to be difficult, which
is especially due to the destabilizing nature of boron vacancies. This
leaves us with an interesting situation: While vacancies electroni-
cally stabilize the a-over the u-phase for high W contents, they at
the same time destabilize the a-phase at high Al contents, making it
difficult to grow crystalline a-AlB2 by PVD (with their typically high
fraction of point defects). This once more points to the importance
of point defects for stability and mechanical properties of PVD
deposited coatings, a fact that is now also understood to be crucial
for boride-based coatings.
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Machining and forming tools are exposed to challenging environments, requiring protective coatings
for enhanced lifetime and reliability. The properties needed to withstand mechanical and chemical
attacks are primarily fulfilled by transition metal nitrides. However, they lack in ductility and are thus
prone to premature failure due to peak stresses. Herein we present a computational and experimental
study revealing structural and mechanical properties of the MoN-TaN superlattice system. We
found a metastable tetragonal distorted phase of TaN (ζ-structure) up to layer thicknesses of 2.5 nm
together with an increased fracture toughness and hardness. Density functional theory calculations
and experimental results further reveal an ensuing metal-vacancy stabilized Ta0.75N phase with an
increased Young’s modulus but significant lower fracture toughness. Apart from this context we
discuss the influence of coherency strains on the fracture properties of superlattice thin films. Our
results demonstrate the impact of phase formation and -stabilization on the mechanical properties
of MoN-TaN superlattices. Most notably we were able to predict those properties by ab initio
calculations.

Keywords: Thin films; sputtering; superlattices; micromechanical testing; density functional theory

I. INTRODUCTION

Thin ceramic films deposited using physical vapour de-
position (PVD), i.e. transition metal borides, carbides,
nitrides, and oxides, are used as protective coatings in
the cutting and forming tool industry [1, 2]. They pro-
long the lifetime of their underlying tool, e.g. WC-Co
or hot working steel, by up to some 100%. Their benefi-
cial properties like high hardness, high Young’s modulus,
chemical stability, thermal stability, and oxidation re-
sistance provide an ideal basis for application in harsh
environments [3–5]. However, the constant endeavour in
industrial processes for increased throughput in cutting
and forming processes without suffering restrictions in
reliability leads to a demand for even better coatings.
A weak point of such coatings is their low fracture tough-
ness KIC , a material property difficult to quantify for
hard coatings and thus has yet to be comprehensively
researched. However, recent advances in micromechanical
testing methods – applying in-situ secondary electron
microscope testing (SEM) using focused ion beam (FIB)
shaped geometries – established the possibility to do so [6–
8]. Since low KIC values can lead to premature failure of
the coating and thus to lack of performance in industrial
processes, especially when mechanical loads dominate the
wear behaviour, the fracture toughness is technologically
relevant [2]. Not only the fracture toughness – a property
describing the resistance of a material against crack prop-
agation – but also the damage tolerance, a term including
strength and fracture toughness, is important to prevent
early failure.

∗ rainer.hahn@tuwien.ac.at, Tel.: +43 (0)1 58801 308 104

Known mechanisms to increase the fracture toughness
of ceramic materials can be divided in two characteristics:
intrinsic and extrinsic mechanisms [9]. While extrinsic
mechanisms often base on a reduction of the stress inten-
sity at the crack tip, intrinsic effects draw upon increasing
necessary maximum stress intensities for crack propaga-
tion as well as crack initiation. Examples for extrinsic
strategies commercially used in hard coatings are for
instance ductile phase toughening, toughening through
nanostructural design, and toughening through multi-
(nano-) layered structures [10–16]. Intrinsic mechanisms
are in contrast not easily accessible; however, Sangio-
vanni et al. calculated increased Poisson’s ratio, Cauchy
pressure (C12-C44), and decreased G/B ratio (all of the
latter are indicating a more ductile behaviour) for Mo, W,
Nb, and Ta alloyed nitrides [17]. They conclude a tough-
ness increase primarily originating from increased valence
electron concentration (VEC) and a following change in
bonding states.

Our study [18] was a first probe of the cubic-based
nanolayered MoN/TaN system analysing the impact of
vacancies on the thermodynamics, elasticity, vibrational
and electronic properties employing first principles cal-
culations. The most stable (defect) configurations at
bilayer period of 2 nm were predicted for various experi-
mental conditions (i.e., by varying chemical potentials).
Chemical analysis using EDX suggested that our exper-
imental coatings contained N vacancies in MoN layers.
Together with the XRD analysis and indentation data
vs. the DFT Young’s moduli, the proposed chemistry
was MoN0.5/TaN. Such result was somewhat surprising,
considering the well-known driving force of TaN for point
defects (mainly vacancies). In our case, the TaN lay-
ers of the superlattice were formed by a stoichiometric
tetragonally distorted ζ-TaN [18].
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The purpose of this study is to investigate the fracture
properties of nanolayered MoN/TaN coatings, referred to
as superlattices (SL), with different bilayer periods. This
system was chosen because of the high VECs of both of its
constituents. Furthermore, they possess a similar shear
modulus G (124GPa for the stable MoN0.5 and 127GPa
for cubic, defect free TaN, and 159GPa for ζ-TaN) [19],
while having different lattice parameter a, which enables
us to provide new insight on the relevant mechanism be-
hind the fracture toughness enhancement observed for
superlattice films apart from the well-known hardness
increase [20]. We demonstrate the structure property
relation of this coating system by applying in situ mi-
cromechanical experiments, x-ray diffraction, scanning
electron microscopy, transmission electron microscopy in-
vestigations, and synchrotron nanodiffraction experiments.
The results are corroborated and supplemented using ab
initio calculations.

II. EXPERIMENTAL

Our coatings were deposited using a lab scale AJA
Orion 5 sputtering system. Two confocal 2-inch cath-
odes, equipped with an unbalanced magnetron system
were powered in current controlled mode at a maximum
current density of 19.7mA/cm2. Our targets had a pu-
rity of 99.6% (Plansee Composite Materials GmbH). The
nanolayer architectures were realized using a computer-
controlled shutter system. The base pressure of our coat-
ing system was lower than 10−4 Pa. Prior to deposition
the substrates were ultrasonically cleaned in acetone and
ethanol for five minutes each, heated to deposition tem-
perature (380 ◦C), thermally cleaned for 20 minutes and
plasma etched in Ar plasma (6Pa). We used a gas mix-
ture of Ar and N2, 7 and 3 sccm respectively, at a total
pressure of 0.4 Pa to deposit our thin films on the rotating
substrates (Si (100), MgO (100), Al2O3 (11̄02)). The
nominal bilayer periods were set to 1.5, 3.0, 6.0, 9.0, 15.0,
and 45.0 nm. Additionally – to achieve a dense coating
morphology – we applied a negative bias voltage of -40V.
Mo and N are thereby stabilized – depending on the

total nitrogen content during deposition – by nitrogen
vacancies in the cubic NaCl (space group #225, Fm3̄m)
structure, and thus present as MoN0.5. TaN on the other
hand crystallizes in a hexagonal crystal system (space
group #189, P-62m, TaN prototype); however, we expect
it to be stabilized in its less stable tetragonal structure
(ζ-TaN) due to the template effect from MoN0.5, a sim-
ilar mechanism reported in CrN/AlN hard coatings for
c-AlN [21]. Other possible phases occurring are the metal
vacancy stabilized cubic Ta0.75N, and Schottky-defect sta-
bilized rock-salt (rs)-Ta1−xN1−x (sd-TaN), see Ref. [19].

To carry out the DFT calculations, we used the Vienna
Ab-initio Simulation Package (VASP) [22, 23] together
with the projector augmented plane wave (PAW) pseu-
dopotentials. The exchange-correlation effects were incor-
porated employing the generalized gradient approxima-

tion (GGA) [24] using a Perdew-Burke-Ernzerhof (PBE)
exchange and correlation functional [25]. The plane-wave
cut-off energy was always set to 600 eV, while the k-vector
sampling of the Brillouin zone provided a total energy
accuracy of about 10−3 eV/at or better.

The models for MoN/TaN superlattices were based on
the cubic rock salt (Fm3̄m) structure. Various bilayer
periods were constructed by stacking a desired number of
cubic cells in the (100) direction. The desired number of
point defects (vacancies or Schottky defects) was gener-
ated in an ordered or disordered manner employing the
SQS method [26]. In the latter case, a sufficiently large su-
percell (containing 64 and 128 atoms for the bulk and the
SL systems, respectively) was produced. Lattice parame-
ters of the defect-free structures were optimized by fitting
the energy vs. volume data with the Birch-Murnaghan
equation of state [27], while all structure optimizations
in the vacancy-containing supercells were performed by
relaxing the volume, shape, and atomic positions.
To provide an insight into the elastic behaviour of

selected systems, a tensor of elastic constants was de-
rived from the Hooke‘s law by applying the stress-strain
method [28–30]. Subsequently, we used the Voigt‘s no-
tation to transform this fourth-order elastic tensor to a
6 x 6 matrix which was further projected onto a desirable
(cubic or tetragonal) symmetry [31]. The polycrystalline
bulk, B, and shear, G, moduli were determined by aver-
aging the Hill’s and Voigt’s estimates [32, 33], while the
polycrystalline Young‘s modulus, E, was evaluated as

E =
9 ·BG

3 ·B +G
(1)

Following formulas in Ref. [34], we computed Young‘s
modulus values in the prominent crystallographic direc-
tions. Tendency for brittle/ductile behavior was estimated
by plotting the G/B ratio vs. Poisson’s ratio, ν=(3B-
2G)/(6B+2G), or alternatively, Cauchy pressure/E, c12-
c44/E. Considering the defected SLs – which do not exhibit
overall cubic but tetragonal symmetry – as well as the
hexagonal boride systems, effective Cauchy pressure value
was estimated as 1/3(c12-c66+c13-c55+c23-c44). Since bi-
layer period dependent trends in mechanical properties
are very costly to obtain from first-principles (especially
when it comes to defected systems).

The increasing demands on CPU time and/or memory
motivated us to estimate elastic properties of SLs with
higher bilayer periods using a computationally cheaper
approach by Grimsditch and Nizzoli [35]. In the origi-
nal formulation, this linear elasticity continuum model
allows to calculate effective elastic constants of a system
composed of two layers having arbitrary symmetry requir-
ing elastic constants of the two-layer materials together
with their molar ratio. The model, however, disregards
any heterogeneity introduced by interfaces. In particular,
the input elastic constants correspond to the equilibrium
lattice parameters of each individual phase which not
properly represent the stress state of the material in the
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SL. To provide a more realistic picture of the interface, the
original formalism was extended to a generally n layers
forming the SL in question [36]. The interface effects were
modelled by setting the elastic constants of one of the n
layer materials to those of a chosen superlattice with a
small bilayer period. By varying the volume ratio of the
interface layer (of a certain thickness) and the remaining
bulk-like layers, we managed to predict elastic data de-
pending on the desired bilayer period, which would not
have been possible using the original Grimsditch-Nizzoli
formalism. Furthermore, to corroborate our fracture ex-
periments, tensile strength in terms of cleavage energy
and stress for brittle cleavage were estimated using the
rigid-block displacement method [37, 38].

Transmission electron microscopy (TEM) investigations
were performed on a FEI Tecnai F20 equipped with a field
emission gun. All our TEM samples were produced using
the dual beam Focused Ion Beam (FIB) and applying the
lift-out method [39]. To reduce the Ga+ ion damage, we
reduced the milling current down to 0.1 nA and sputter-
cleaned our sample using a Technoorg Linda Gentlemill.
X-ray diffraction patterns were recorded using a Panalyti-
cal XPert Pro MPD θ-θ diffractometer in Bragg Brentano
configuration. The x-ray source was a Cu-Kα source (λ =
1.5418 Å). Nanodiffraction experiments were conducted at
the nanofocus endstation of Beamline P03 at PETRAIII
located at synchrotron facility DESY (Hamburg), the
used monochromatic X-ray radiation had a wavelength
of λ = 0.80533 Å(15.0 keV beam energy). The sample
was placed in transmission geometry, to collect Debye
Scherrer patterns using a cross sectional approach [40].
Hardness measurements were performed in compliance
with guidelines given by [41], and evaluated using the
method after Oliver and Pharr with a Fischer Cripps Lab-
oratories ultra-micro indentation system (UMIS) equipped
with a Berkovich diamond tip [42]. To eliminate possible
substrate effects, we calculated the Young’s modulus of
our coatings by extrapolating E vs. h to zero indentation
depth for different substrates following [43].

We conducted micromechanical experiments to calcu-
late the fracture toughness of our thin films. Hereby we
first dissolved the substrate (Si (100)) in aqueous KOH
(with a concentration of 40wt.% KOH and a tempera-
ture of 70 ◦C) to obtain free standing thin film material.
We FIB machined microcantilevers (FEI Quanta 200 3D
DBFIB) according to regulations given by [44]. The ini-
tial current used for milling with our Ga+ ion source
was 1.0 nA, subsequently reduced to 0.5 nA to prevent
unwanted damage. The initial notch was machined with a
current of 50 pA. These cantilevers were then loaded with
a Hysitron PI-85 Scanning electron microscope (SEM)
PicoIndenter equipped with a spherical diamond tip (di-
ameter of 1µm) inside a FEI Quanta 200 FEGSEM. We
performed these tests in displacement-controlled mode
(5 nm·s−1) to obtain the maximum force before failure.
This also enabled us to monitor possible mode I viola-
tions and assure linear elastic behaviour of our beams.
The fracture toughness was then calculated according to

Matoy et al. [45]:

KIC =
Pmax · l
b · w 3

2

· f( a
w
) (2)

with

f(
a

w
) = 1.46+24.36·( a

w
)−47.21·( a

w
)2+75.18·( a

w
)3 (3)

where Pmax is the maximum force before fracture, a the
depth of the initial notch, b the cantilever width, and w
the cantilever thickness (film thickness in this case). We
performed 7 fracture tests for each system with a total
success rate of 87%.

III. RESULTS

In order to estimate relative tendency for brittle/ductile
behavior of the monolithic as well as SL coatings, first-
principles calculations on elastic constants were carried
out. The structures in question were rs-MoN0.5, rs-TaN,
MoN0.5/TaN SL with (001) interface and Λ=1.7 and
3.5 nm, as well as rs-AlN, rs-TiN, and AlN/TiN SL with
(001) interface and Λ=1.7 nm for comparison. The poly-
crystalline bulk, B, shear, G, and Young‘s moduli, E, to-
gether with the Poisson‘s ratio, ν, and Cauchy pressure, cp,
were evaluated using the calculated elastic constants. Sub-
sequently, the brittleness/ductility map was constructed
by plotting ν and cp/E, respectively, against the G/B
ratio. Fig. 1 clearly shows that all our data points fall
onto the decreasing hyperbolic line connecting cp/E over
B/G values of cubic and hexagonal structures. Unlike the
rs-AlN, rs-TiN, and AlN/TiN SL, the rs-MoN0.5, rs-TaN,
MoN0.5/TaN SL are found within the ductile region. The
rs-TaN is predicted to slightly outperform its monolithic
rs-MoN0.5 counterpart in terms of ductility, whereas the
behavior of MoN0.5/TaN SL seems to be largely influ-
enced by the bilayer period. Specifically, the SL with
Λ=1.7 nm is less ductile than its single-phase components,
unlike the Λ=3.5 nm variant, which leads to the highest
ductility out of all the here considered structures.

The literature data presented in Fig. 1 (gray fitted lines
are cubic oxides, nitrides, and carbides, as well as hexag-
onal borides) show a hyperbolic relationship between
the G/B and the cp/E ratio. The relation is described
by [48] as a universal criterion for cubic materials regard-
ing their strength and ductility. Deviations from this
relation mostly belong to metastable structures, i.e. c-
AlN or c-TaN. Also, the data for hexagonal diborides
(light gray stars in Fig. 1) fall on a hyperbola, located
∼0.3 cp/E under that of cubic materials. This in turn
would tell us that diborides in general tend to be stronger
but less ductile in comparison with their cubic counter-
parts. Also, in this case, deviations from the hyperbola
mostly belong to metastable structures.
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Fig. 1. The G/B ratio (according
to the Pugh criterion, G/B¿0.571
for ductile materials [46]) as a func-
tion of the Poisson’s ratio (accord-
ing to the Frantsevich criterion:
ν>0.26 for ductile materials [47])
is indicated by orange pentagons.
The G/B dependence on the Cauchy
pressure over the polycrystalline
Young’s modulus (cp/E>0 for tough
materials [48]) is indicated with blue
stars. The gray fitted curves with
a 95% confidence band and a 95%
prediction banc correspond to data
for cubic carbides, nitrides, and
oxides, and to hexagonal borides.
Our calculations are labelled using
dot dashed lines. The ductile re-
gion is located at the left top cor-
ner (orange background), the brit-
tle region at the bottom right cor-
ner (blue background). The dashed
lines mark the various toughness cri-
teria (the scale was chosen in a way
that the Frantsevich criterion and
the criterion by [48] are on the same
height).The literature data can be
found in Tab. A-I (see Appendix).

Motivated by the ab initio predicted promising tough-
ness and ductility of the MoN/TaN system, we proceeded
with experimental investigations. As a first step, we em-
ployed electron microscopy and diffraction methods to
study morphology of the deposited MoN0.5/TaN multi-
layered coatings.

Our coatings have a dense morphology, visible in the
SEM cross section pictures (Fig. 2(a)-(c)). We can further
state that there was no interrupted growth as the columns
are not re-nucleating between the single layers (insert in
Fig. 2(c)), indicating coherent growth. This is also shown
in Fig. 2(d) depicting a TEM cross section of the coating
with Λ=3.0 nm. Additionally, we observe the desired
layered structure; the bilayer period of this sample was
measured to be ∼2.9 nm (by averaging 10 bilayers, not
shown here). The white square in Fig. 2(d) shows the
region chosen for Fast Fourier Transformation (FFT) in
Fig. 2(g). We do not observe any sign of other phases
than cubic structures in the [110] orientation.

A typical plan view TEM image is shown in Fig. 2(e)
(Λ=1.5 nm). The in-plane grain size, i.e. the column
width, of our coatings is D || ∼46 nm as obtained by ap-
plying the linear intercept method [49]. A Selected Area
Electron Diffraction (SAED) pattern of this region is
shown in Fig. 2(f). In order to enhance the visibility of
the structures present, we integrated this pattern using
the PASAD plugin [50] in Gatan Digital Micrograph and
subtracted the underground (inserted). The obtained

pattern shows no signs of other phases than cubic, the
main peaks are labelled.

X-ray diffraction experiments show cubic structures in
the measured out-of-plane direction (Bragg-Brentano).
We do not observe any signs of the hexagonal TaN phase;
also, Mo-N is present in its cubic MoN0.5 structure follow-
ing the accordance of measured, calculated, and literature-
based lattice constants (Fig. 3(a)) [19, 51]. The coatings
with Λ=1.5 and 3.0 nm show an average Bragg-reflection
in between the calculated peak positions for TaN and
MoN0.5. With increasing bilayer period, this peak splits
into two peaks, staying at a similar position for larger Λ
(Fig. 3(a)). Additionally, one can deduct from the XRD
measurements a pronounced layered structure due to pos-
itive and negative satellite peaks (indicated with m±1
and arrows). The intensity of these satellites relative to
the main peaks increases with increasing bilayer period
(1.5 to 9.0 nm), suggesting an improving layer quality
(definiteness) when assuming a constant inter-diffused
zone (due to similar deposition conditions). The peaks in
between both Bragg reflections for the sample with 9 nm
bilayer period as well as those in between the peaks of
Λ=15nm are assumed to be superlattice reflections. In
order to confirm our adjusted nominal bilayer period, we
evaluated the bilayer period using following equation:

sin(θ)± = sin(θ)B ± m · λ
2 · Λ (4)
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Fig. 2. The SEM-micrographs in (a)-(c) show cross sections of our MoN-TaN coatings with nominal bilayer periods of 1.5, 5.2,
and 43.3 nm respectively. The scale bars in (b) and (c) are of equal length to the one in (a). The dashed lines sign the interface
between coating and Si (100) substrate. The inset in (c) shows an enlarged view visualizing the layered structure of this coating.
The HR-TEM micrograph (d) shows a cross section of the coating with a nominal bilayer period of 3.0 nm. The white marked
area was used to generate the FFT pattern in (g) using Gatan Digital Micrograph. The TEM top view in (e) was taken from
the sample with Λ=1.5 nm, the column width was calculated using the linear intercept method. (f) shows a SAED pattern of
the region in (e) including an integration of the pattern.

where θ± donates the angle of the satellite peak (positive
or negative), θB the angle of the Bragg peak for the
solid solution, m the order of the satellite peak, λ the
wavelength of the used x-ray source, and Λ the bilayer
period. The results of these calculations given in Table I
correlate well with the nominal bilayer periods (also with
those calculated by dividing the film thickness by the
number of bilayers).

Figure 3(b) shows a quarter of the Debye Scherrer
pattern of a MoN0.5-TaN superlattice coating with a
bilayer period of 5.2 nm grown on austenitic steel. The
growth direction of this sample is towards φ=0◦. One can
therefore identify the textured (200) nature of this sample,
also indicated in the Bragg Brentano High Definition
(BBHD) laboratory XRD measurements in Fig. 3(a). In
order to calculate the corresponding lattice constants in
out-of-plane and in in-plane direction we integrated in φ
direction and fitted this data (using Lorentz-peak-shapes).
The corresponding lattice parameters vs. sin2(φ) are

linearly fitted and extrapolated to φ=0◦ and 90◦. The
coefficient of determination was R2=0.976. We found a
tetragonal distorted unit cell with a c/a ratio of 1.013.
This distortion mostly originates from residual stresses,
which are calculated to be -3.8±0.2GPa using the sin2(φ)
method; however, we also calculated a slight unit cell
distortion in our ab initio simulations stemming from the

Tab. I. Nominal and measured bilayer periods.

Λnom (nm) ΛSEM (nm) ΛXRD (nm) ΛTEM (nm)

1.5 1.49±0.01 1.40±0.10 -

3.0 2.67±0.01 2.69±0.12 2.9

6.0 5.17±0.04 5.28±0.24 -

9.0 8.32±0.04 8.71±0.62 -

15.0 13.1±0.20 14.0±1.68 -

45.0 43.3±0.06 - -
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Fig. 3. X-ray diffraction patterns
in (a) of our superlattice thin films.
The labeling (m+1) and (m-1) and
the arrows mark the satellite peaks
stemming from the layered struc-
ture of our coatings. The solid
lines and dashed lines are diffraction
patterns of thin films deposited on
MgO (100) and Si (100) substrates
respectively. The bilayer periods
quoted on the right side of (a) are
the nominal ones. The intensity plot
in (b) shows a quarter of a Debye
Scherrer pattern recorded in trans-
mission geometry (sample thick-
ness in beam direction was ∼50µm)
at the nanofocus endstation at
the beamline P03 of PETRAIII at
Deutsches Elektronen-Synchrotron
(DESY). The gray marked area was
integrated in φ direction and plotted
in (c). The plot in (d) shows derived
lattice parameters over sin2(φ) and
the corresponding linear fit.

superlattice structure and its intrinsic residual stresses
on the atomic scale.

These values, as well as the constants derived from nan-
odiffraction experiments and our BBHD measurements
are illustrated in Fig. 4(a). Figure 4(b) shows the unit
cell of MoN0.5/ζ-TaN with Λ=1.72 nm. In Fig. 4(a), it
is clearly visible that the lattice constants move towards
the calculated constituent values with increasing bilayer
period (5.2 nm). For larger bilayer periods we observe
decreasing lattice constants, well coinciding with our cal-
culations as this decrease indicates a bilayer period de-
pending phase evolution: with increasing bilayer period
an epitaxial stabilization of ζ-TaN on MoN0.5 becomes
energetically less favourable. We propose that a different
structural variant of TaN starts to form in TaN layers
at the expense of ζ-TaN when the bilayer period exceeds
some critical level. The possible candidates are Ta0.75N or
Ta0.875N0.875, containing vacancies and Schottky defects
(i.e., the same amount of vacancies on both Ta and N
sublattice), respectively, and being clearly energetically
preferred over the stoichiometric TaN. Importantly, both
Ta0.75N and Ta0.875N0.875 exhibit a lattice parameter that
results in a d200 value closely overlapping with the ex-
perimental one. Also, the parameters derived from the
nanodiffraction experiments are consistent with the ab
initio calculations.

The hardness and the Young’s modulus of our coat-
ings are plotted in Fig. 5(a) and (b). The hardness H
shows no significant increase due to the similar shear
moduli of MoN0.5, ζ-TaN, and c-TaN, as the hardness
enhancement in superlattices is usually obtained by the
hindrance of dislocation movement over the interface due
to those differences [52]. Our ab initio calculations in-
dicate shear moduli for MoN0.5, ζ-TaN, and c-TaN of
124GPa, 159GPa and 127GPa, respectively. The shear
moduli of the Schottky defect containing TaN is depend-
ing on the vacancy concentration and calculated to be 191
and 121GPa for Ta0.75N and Ta0.875N0.875 respectively.
Nonetheless the indentation hardness is at a reasonable
high level, comparable with that of typical physical vapour
deposited Ti1−xAlxN.

A relatively large scatter of indentation moduli, from
about 375 up to 430GPa, is measured depending on the
bilayer period. While the experimental records above
∼6 nm–slowly saturate from 380 to about 400GPa (the
coating with Λ∼45 nm), they show an increase up to
∼430GPa when approaching Λ=1.7 nm. To take a closer
look on this peculiar dependence of our indentation data
on the bilayer period, we applied the linear elasticity
continuum model by Grimsditch and Nizzoli (cf. Method-
ology section). Our generalised version of this model
allows to calculate the overall elasticity of a SL contain-
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Fig. 4. Diamonds symbols in (a)
show the obtained lattice plane
distances from the XRD patterns
of our superlattices on Si (100)
(Fig. 3(a)). An exception is the
coating with Λ=13.1 nm as the poly-
crystalline and layered nature of the
sample did not allow a determina-
tion of d200. For comparison we
plotted the lattice plane distance
obtained from films on the MgO
(100) substrate. Data points in stars
are obtained by calculating the aver-
age. The right side of (a) shows in-
plane and out-of-plane lattice plane
distances obtained from our syn-
chrotron experiments. In (b) the
unit cell of the superlattice with
Λ=1.72 nm is shown.

ing material A and B based on the elastic contributions
from the A/B interface layer and the bulk-like A and B
layers. Furthermore, both A and B bulk-like layers can
possibly contain n sub-layers with different concentration
of the respective material to consider, e.g., compositional
fluctuations within one material. The bilayer period de-
pendence enters via varying the volume ratio between the
interface (of a certain thickness) and the bulk-like lay-
ers. Applied to our SL system, the MoN0.5/TaN SL with
Λ=1.7 nm was supposed to form the interface layer, while
the two bulk-like layers were approximated by rs-MoN0.5

and tetragonally distorted ζ-TaN. Figure 5(b) reveals
that under such assumptions, the 1.7-5 nm range of the
indentation data can be very closely reproduced. On
the other hand, the model deviates from the experimen-
tal records noticeably when bilayer period exceeds 5 nm,
hence suggesting on possible structural transformations
in one of the layers (or both). Based on the dependence
of the d200 spacings on the bilayer period, we proposed
a hypothesis that the defect-containing rs-Ta0.75N or rs-
Ta0.875N0.875 could form when the TaN layers become
too thick to retain the defect-free ζ-TaN. Consequently,
the material suspicious from structural transformations
was the TaN, well-known for its strong driving force for
vacancies/Schottky defects. Specifically, the rs-Ta0.75N
with 25% of ordered metal vacancies (illustrated as comic
in Fig. 5(c)) is the energetically most favourable variant of
the cubic TaN [19]. The TaN bulk-like layer of the SL in
our Grimsditch-Nizzoli model was therefore divided into
two sublayers containing ζ-TaN and a) Schottky-defected
TaN or b) rs-Ta0.75N. When the rs-Ta0.75N was imple-
mented in the simulation, we obtained a close overlap
between the indentation data and the calculated Young’s
moduli. Considerations of elastic response thus helped
to differentiate between (energetically and structurally
close) rs-Ta0.75N and rs-Ta0.875N0.875: we concluded that
the presence of the former one in the SL is more likely.
Therefore, the decrease of the indentation modulus was
ascribed to the decreasing interface density as well as to

the increasing volume fraction of ζ-TaN in the TaN layers.
As elasticity of the bulk-like region predominantly con-
tributes to the overall elasticity of the SL at higher bilayer
periods (i.e., the interface effects are largely diminished),
this leads to the saturation of the indentation modulus
towards the average polycrystalline Young’s modulus of
rs-MoN0.5 and rs-Ta0.75N.
The micromechanical testing setup with necessary di-

mensions used to calculate the fracture toughness is ex-
emplarily shown in Fig. 5(d). We gave special attention
to the positioning of the spherical indenter tip in order
to avoid deviations from mode I load conditions. Figures
5(e) and 5(f) show fracture cross sections of cantilevers
after testing. The thin material bridges are visible, as well
as the initial notch depth a. The spherical indenter tip
accompanies with a reduction of the lever arm l during
the micromechanical test. The resulting overall error due
to this uncertainty is calculated to be less than 2% (cal-
culated in the framework of Euler-Bernoulli beam theory,
also accounting for uncertainties coming with a blunted
tip) and is already included in the experimental error.
This is justified since a sharp indenter (i.e. Berkovich
or cube corner) could possibly lead to unwanted plastic
deformation in the contact area, falsifying the outcome
by incorrect displacement data, as well as by violations
in mode I conditions due to forces in lateral direction
(inducing yield stresses in the cross section).

The derived fracture toughness KIC of our MoN/TaN
superlattice coatings (Fig. 5(g)) reaches a maximum value

of 2.97±0.21MPa·m 1
2 at a bilayer period of Λ=5.2 nm.

Compared to TiN/CrN superlattices, we observe higher
fracture toughness values (there the maximum was

2.01±0.18MPa·m 1
2 at a bilayer period of ∼6.2 nm) [16].

With increasing bilayer period, we observe a decrease
in fracture toughness to 2.32±0.23MPa·m 1

2 for 8.3 nm,
when Λ is further increased, KIC stays constant at
∼2.5MPa·m 1

2 . For decreasing bilayer periods (Λ=1.5 nm)

we see a decrease to 2.30±0.13MPa·m 1
2 .This progression

has been observed in a previous work on superlattices,
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Fig. 5. The hardness as a function of the (log) bilayer period is shown in (a). The vertical dashed line indicates the bilayer
period where we assume the formation of a second phase in the TaN layer. The Young’s modulus over Λ is shown in (b). Here
besides the computational Young’s modulus (Grimsditch and Nizzoli) including a second phase in TaN, we also plotted the
one without it. The comic in (c) shows the imagined coating architecture. The SEM micrograph (d) shows a cantilever before
micromechanical testing in a 10◦ inclined view including the dimensions of the lever arm l, cantilever width b, cantilever height
w, the initial notch, and the point of application of force. The fracture cross sections in (e) and (f) show the depth of the initial
notch a; exemplary marked are the thin bridges necessary for our micromechanical tests. The plots (g) and (h) show the derived
fracture toughness KIC and the empirical H/E toughness criteria, respectively.

importantly in this study without significant differences
in the shear moduli of its constituents and hence with no
substantial hardness increase.

The H/E ratio (Fig. 5(h)), an empirical indication used
to describe the toughness of hard coatings also shows an

increase for bilayer periods between 3 and 6 nm. However,
it has to be noted that the error bars are overlapping,
thus these differences are not significant [53].

To provide an insight into the KIC dependence on the
bilayer period, we performed ab initio calculations quanti-
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Tab. II. Elastic properties and cleavage properties of the constituents of our superlattices as well as of the superlattice with a
bilayer period of 1.72 nm and a Mo-Ta-N disordered (SQS) solid solution. We note that the cleavage properties of the non-cubic
(e.g., ζ-TaN) and the defected systems can generally fluctuate depending on the chosen cleavage plane. In accordance to the SL
systems, which were cleaved perpendicularly to the interface, the ζ-TaN, was cleaved along the tetragonal c axis. Cleavage data
for the cubic but defected systems were averaged based on the results for the distinct cleavage planes in our simulation cell.

Structure

Elastic properties (GPa) Cleavage properties

B G Epoly E100 E111
Ec σc KIC

(J/m2) (GPa) MPa·m 1
2

rs-MoN0.5 300 124 326 399 284 4.0 34.6 2.59

rs-TaN 340 127 338 674 190 - - -

ζ-TaN 283 156 396 674 319 5.4 44.4 3.72

rs-Ta0.75N 317 191 479 671 374 3.9 34.6 3.25

rs-Ta0.875N0.875 299 121 319 387 279 - - -

SL 1.7 nm 316 160 411 618 330 3.6 32.6 3.00

Mo0.5Ta0.5N 310 110 296 403 238 - - -

fying cleavage properties of MoN0.5/TaN SL as well as of
the monolithic rs-MoN0.5, ζ-TaN, and rs-Ta0.75N, which
were predicted to form in the bulk-like layers of the SL.
Specifically, we determined cleavage energy, Ec, which
represents the energy to separate a solid material into
two blocks, and critical stress, σc, which corresponds to
the maximum tensile stress perpendicular to the cleavage
plane before cleavage happens [54]. In accordance with
the experimental procedure, our SLs were cleaved perpen-
dicular to the interfaces. Subsequently, the KIC values
were estimated using a simple formula

KIC =
�
cEhklEc (5)

where Ehkl and Ec are the directional Young’s modulus
and the cleavage energy, respectively, and c is a scaling
factor, conventionally set to 4 [55]. Tab. II shows that the
E100 value of the SL, i.e., the Young’s modulus perpendic-
ular to the interface, is 618GPa, which is close to the 645
and 671GPa of ζ-TaN, and rs-TaN0.75, but a way above
the rs-MoN0.5, which yields E100 ∼389GPa. All the cleav-
age stresses are found within a close range, 33-35GPa.
The cleavage energies, however, vary quite significantly
between 3.6 J/m2 (SL) and 5.4 J/m2 (ζ-TaN). According
to the predicted KIC values, crack propagation is the eas-
iest in the case of MoN0.5 yielding KIC ∼2.59MPa·m 1

2 .
The 2.99MPa·m 1

2 obtained for the 1.72 nm SL suggests,
that the interface is slightly stronger, but does not exceed
the KIC values of both the ζ-TaN, and rs-Ta0.75N.

IV. DISCUSSION

Using ab initio calculations to predict material prop-
erties has been proven to serve as a powerful tool in
materials science. Our calculated elastic constants and

their comparison with literature values clearly indicate
a trend towards increased ductility for MoN0.5/TaN su-
perlattice coatings, not only compared to its constituents,
also compared to a solid solution of MoN0.5 and TaN.
Furthermore, we could identify TaN based layers (both, ζ-
TaN and Ta0.75N) as the stronger constituents in terms of
cleavage energy in the MoN-TaN superlattice system. The
calculated cleavage stresses are within the same range be-
tween 33 and 35GPa. Based on this calculated behaviour,
we deposited MoN0.5/TaN superlattice coatings with var-
ious bilayer periods. Thereby, different coatings including
various phases could be identified. Importantly, our intro-
duced architecture (Fig. 5(c)) – including an epitaxially
stabilized tetragonal distorted ζ-TaN up to ∼2.5 nm layer
thickness, and a thereon growing Ta0.75N – could be con-
firmed so far by comparing calculated lattice constants
and elastic properties with x-ray diffraction experiments
and the Young’s moduli derived from nanoindentation
respectively.

Our thin films possess sharp interfaces, recognisable in
the XRD pattern showing multiple satellite reflections,
even for a nominal bilayer period of 1.5 nm. Besides that,
we were able to confirm calculated lattice parameter also
for MoN0.5. For 1.5 and 3.0 nm bilayer we observed just
one peak in out-of-plane direction which can be explained
by the increasing interface-influenced regions (strained
unit cells due to lattice mismatch) with decreasing bilayer
period.

Usually superlattice coatings with such good interface
qualities achieve hardness values outperforming their con-
stituents by up to 100%. As discussed and explained
before we do not observe such a significant increase. Im-
portantly though, we observe a clear peak in fracture
toughness, what gives rise to an interesting question:
what is the origin of this increase?

The fact that the experimental KIC increases with bi-
layer period, peaks at about 5 nm and then decreases again
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can be partially interpreted via compositional and struc-
tural changes within TaN layers of the SL. As the KIC

∼3.72MPa·m 1
2 of ζ-TaN exceeds both the MoN0.5/TaN in-

terface and the rs-MoN0.5 layers, the overallKIC increases
with bilayer period, since larger volume fractions of ζ-
TaN are stabilised as compared to the diminishing volume
fraction of the interfaces. The drop of KIC above ∼5 nm
might origin from the vacancy formation in TaN layers,
leading to the rs-TaN0.75 with KIC ∼3.25MPa·m 1

2 . The
real picture, of course, is much more complex, meaning
that the ζ-phase formation is only one possible contribut-
ing factor to the observed KIC evolution: in Ref. [16],
we studied the fracture toughness of TiN/CrN SL films
and found a pronounced dependence of KIC as a function
of the bilayer period. We proposed several mechanisms
that could explain this behaviour. These were: coherency
strains; misfit dislocation arrays at the interface; spatially
oscillating elastic moduli influencing crack growth; aver-
age grain size influenced by Λ. The MoN/TaN SL system
of the present study is an interesting model system as it
essentially allows to study the effect of large coherency
stresses on KIC while having a less significant effect of
pronounced ΔG of the layer materials (the difference at
the peak position was calculated to be 32GPa). For com-
parison, differences in other well-studied SL systems are
in the order of ∼50 to 90GPa [16, 36, 56, 57]. The average
grain size is also neglectable as our coatings possess a
similar column diameter of ∼50 nm.

The resulting strains from the lattice mismatch of ∼5%
and their residual stresses can reach amounts comparably
high with growth related or thermal expansion related
stresses. Assuming a difference in lattice constants of
Δa=0.225 Å(MoN0.5 and ζ-TaN), and an interface width
of one unit cell (4 planes of each, nitrogen and metal,
and thus 5 transitions with a change in lattice parameter)
a total difference of 0.045 Åresults in a coherency strain
	c of ∼1% which gives us residual stresses of ∼3.3GPa
both tensile and compressive surrounding every interface
of MoN0.5 and ζ-TaN. These stresses have to be over-
come during cleavage, thus they effectively enhance the
measured fracture toughness.

V. CONCLUSIONS

The concept of enhanced mechanical properties due
to superlattices architectures has been shown in multi-
ple studies. Together with an increased hardness, the
fracture toughness of protective coatings is of particular
importance. We deposited MoN-TaN superlattice coat-
ings, characterized them by means of density functional
theory calculations, x-ray diffraction, and mechanical test-
ing, coming to following conclusion: the constituents of
the MoN-TaN superlattice system are – when deposited
by physical vapour deposition – present in the MoN0.5

and ζ-TaN, Ta0.75N, phases. The latter depends on in-
dividual layer thickness: we observe a change at a layer
thickness of ∼2.5 nm TaN. This was observed by two dif-

ferent methods: first our XRD measurements confirm
this trend as the peak position of the TaN layer shifts to
higher 2θ angles with increasing bilayer periods as a result
of increasing Ta0.75N proportion. Second, the progression
of the Young’s modulus follows a calculation including
the Ta0.75N phases after an initial grow of ∼2.5 nm ζ-TaN
instead of the calculation without it. We calculated an
intrinsic higher fracture toughness for ζ-TaN compared to
Ta0.75N as a part of an increase in KIC . Another mech-
anism active in this superlattice coatings is coherency
stresses which have to be overcome. This increase in KIC

was also observed in micromechanical experiments.
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M. Černý, Z. Zhang, M. Friák, M. Šob, P. H. Mayrhofer,
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APPENDIX

Tab. A-I. Theoretical and experimental determined elastic constants of several transition metal nitrides, carbides, oxides, and
borides found in literature. Here the nitrides, the carbides, and the oxides have a cubic structure (space group 225) if differently
the space group is written in brackets next to the composition. Diboride structures are written before the composition, α and ω
for space group 191 and 194 respectively.

Composition Ref. c11 c12 c13 c33 c44 c66

Nitrides

NbN [1] 739 161 - - 76 -

NbN [1] 608 134 - - 117 -

NbN [2] 649 136 - - 80 -

NbN [3] 692 141 - - 143 -

NbN [4] 685 121 - - 79 -

NbN [5] 722 108 - - 88 -

TiMoN [6] 573 191 - - 145 -

CeN [7] 329 70 - - 61 -

CeN [7] 310 83 - - 73 -

TiWN [6] 574 155 - - 132 -

Zr3N4 [8] 454 165 - - 146 -

Zr3N4 [8] 374 141 - - 139 -

ZrN [3] 462 141 - - 143 -

ZrN [2] 523 111 - - 116 -

ZrN [5] 563 101 - - 122 -

ZrN [4] 521 114 - - 110 -

AlN [9] 328 139 - - 133 -

AlN [9] 346 146 - - 167 -

AlN [2] 418 169 - - 308 -

Hf3N4 [8] 493 167 - - 152 -

Hf3N4 [8] 399 143 - - 145 -

HfN [2] 588 113 - - 120 -

HfN [4] 580 116 - - 114 -

HfN [10] 705 112 - - 131 -

TiN [11] 625 165 - - 163 -

TiN [6] 713 133 - - 166 -

TiN [11] 680 130 - - 171 -

TiN [12] 596 125 - - 155 -

TiN [11] 688 124 - - 171 -

TiN [6] 671 106 - - 166 -

TiN [2] 575 130 - - 163 -

TiN [13] 561 122 - - 160 -

TiN [4] 585 122 - - 163 -

HfN [11] 679 119 - - 150 -

TiCrN [6] 649 124 - - 160 -

TiVN [6] 575 124 - - 159 -

TiAlN [6] 504 143 - - 174 -

TiNbN [6] 592 103 - - 147 -

ScN [14] 397 131 - - 170 -

ScN [2] 388 106 - - 166 -

TiZrN [6] 594 85 - - 147 -

YN [15] 310 81 - - 124 -

YN [2] 318 81 - - 124 -

YN [5] 319 84 - - 122 -

Si3N4 [11] 504 177 - - 317 -

Si3N4 [11] 529 169 - - 334 -
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Composition Ref. c11 c12 c13 c33 c44 c66

c-BN [11] 825 193 - - 475 -

c-BN [11] 820 190 - - 480 -

c-BN [11] 783 172 - - 444 -

VN [2] 660 144 - - 120 -

VN [4] 581 183 - - 123 -

CrN [16] 524 113 - - 118 -

CrN [4] 572 209 - - 6 -

CrN [17] 580 210 - - 8 -

GaN (186) [18] 344 134 - - 90 -

RhN [3] 462 198 - - 56 -

PdN [3] 345 178 - - 50 -

AgN [3] 231 120 - - 30 -

LaN [2] 198 86 - - 71 -

TaN [2] 715 138 - - 60 -

TaN [4] 750 122 - - 62 -

TaN [13] 901 109 - - 60 -

TaN [10] 827 156 - - 73 -

WN2 (123) [19] 853 122 - - 203 -

PtN [3] 285 223 - - 45 -

Carbides

NbC [20] 620 200 - - 150 -

NbC [20] 640 180 - - 140 -

NbC [21] 604 146 - - 179 -

NbC0.9 [22] 413 111 - - 206 -

NbC0.865 [22] 566 117 - - 153 -

TaC [23] 505 73 - - 79 -

TaC [24] 641 146 - - 156 -

TaC [24] 621 155 - - 167 -

VC [25] 578 147 - - 176 -

VC [26] 783 131 - - 196 -

VC0.83 [22] 366 110 - - 192 -

TiC [27] 610 124 - - 173 -

TiC [27] 527 112 - - 159 -

TiC [23] 500 113 - - 175 -

TiC [27] 513 106 - - 178 -

TiC [27] 470 97 - - 167 -

TiC [28] 472 99 - - 159 -

TiC [22] 418 89 - - 217 -

TiC [29] 507 121 - - 172 -

TiMoC [27] 596 113 - - 176 -

TiTaC [27] 574 119 - - 180 -

TiNbC [27] 560 116 - - 176 -

TiZrC [27] 508 103 - - 157 -

TiVC [27] 549 115 - - 177 -

TiHfC [27] 517 103 - - 165 -

ZrC [30] 470 100 - - 160 -

ZrC [30] 472 99 - - 159 -

ZrC [23] 472 99 - - 159 -

ZrC [30] 499 93 - - 170 -

ZrC [30] 504 90 - - 173 -

ZrC [31] 441 60 - - 151 -

ZrC [29] 452 107 - - 155 -

ZrC [32] 462 102 - - 154 -

TiCrC [27] 443 98 - - 161 -

SiC [31] 352 140 - - 233 -

MoC [33] 625 181 - - 118 -

HfC [29] 527 107 - - 160 -
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Composition Ref. c11 c12 c13 c33 c44 c66

Oxides

Y2O3 [11] 214 113 - - 72.6 -

Y2O3 [11] 241.9 128 - - 85 -

Y2O3 [11] 224 112 - - 75 -

Y2O3 [31] 227 138 - - 69 -

Y2O3 (206) [34] 243 126 - - 85 -

Sc2O3 [31] 290 151 - - 89 -

ScO [35] 249 138 - - 138 -

ZrO2 [36] 499 111 - - 63 -

ZrO2 [36] 417 82 - - 47 -

ZrO2 [36] 455 64 - - 63 -

ZrO2 [37] 520 93 - - 61 -

ZrO2 (215) [38] 515 101 - - 65 -

MgO [31] 294 93 - - 155 -

MgO [23] 297 95 - - 156 -

MgO [11] 291 92 - - 156 -

MgO [11] 276 86 - - 149 -

TiO2 (62) [39] 619 218 - - 52 -

VO [35] 273 210 - - 210 -

CrO [35] 269 188 - - 188 -

MnO [35] 227 116 - - 78 -

CoO [35] 260 145 - - 82 -

NiO [35] 225 95 - - 110 -

Cu2O [22] 121 105 - - 12 -

ReO3 (62) [22] 479 -7 - - 61 -

Borides

α-CoB2 [40] 515 210 131 286 61 153

α-CrB2 [40] 563 135 57 366 163 214

ω-CrB2 [40] 572 115 84 591 230 229

α-FeB2 [40] 441 201 158 136 101 120

ω-FeB2 [40] 486 139 129 306 173 174

α-HfB2 [40] 591 50 88 412 261 271

ω-HfB2 [40] 405 102 81 449 120 152

α-MnB2 [40] 457 233 211 182 155 112

ω-MnB2 [40] 475 154 155 470 209 160

α-MoB2 [40] 599 123 167 410 138 238

ω-MoB2 [40] 567 117 127 620 221 225

α-NbB2 [40] 570 97 158 370 217 236

ω-NbB2 [40] 544 117 97 581 239 213

ω-NiB2 [40] 396 152 111 260 68 122

α-ScB2 [40] 492 35 41 342 185 228

ω-ScB2 [40] 344 43 82 0 38 150

α-TaB2 [40] 578 125 169 385 209 226

ω-TaB2 [40] 558 115 95 586 247 221

α-TcB2 [40] 570 179 118 460 52 195

ω-TcB2 [40] 526 136 139 548 135 195

α-TiB2 [40] 638 59 75 392 256 289

ω-TiB2 [40] 491 138 87 527 156 176

α-VB2 [40] 662 109 94 426 223 277

ω-VB2 [40] 538 89 92 514 236 225

α-WB2 [40] 596 143 194 365 121 226

ω-WB2 [40] 651 170 190 680 252 240

α-YB2 [40] 353 49 52 312 157 152

α-ZnB2 [40] 358 157 40 229 1 100

α-ZrB2 [40] 548 43 89 384 246 252

ω-ZrB2 [40] 359 100 81 414 84 129
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Fracture toughness and structural 
evolution in the TiAlN system upon 
annealing
M. Bartosik1, C. Rumeau1, R. Hahn   1, Z. L. Zhang2 & P. H. Mayrhofer1

Hard coatings used to protect engineering components from external loads and harsh environments 
should ideally be strong and tough. Here we study the fracture toughness, KIC, of Ti1−xAlxN upon 
annealing by employing micro-fracture experiments on freestanding films. We found that KIC increases 
by about 11% when annealing the samples at 900 °C, because the decomposition of the supersaturated 
matrix leads to the formation of nanometer-sized domains, precipitation of hexagonal-structured 
B4 AlN (with their significantly larger specific volume), formation of stacking faults, and nano-twins. 
In contrast, for TiN, where no decomposition processes and formation of nanometer-sized domains 
can be initiated by an annealing treatment, the fracture toughness KIC remains roughly constant 
when annealed above the film deposition temperature. As the increase in KIC found for Ti1−xAlxN upon 
annealing is within statistical errors, we carried out complementary cube corner nanoindentation 
experiments, which clearly show reduced (or even impeded) crack formation for annealed Ti1−xAlxN as 
compared with their as-deposited counterpart. The ability of Ti1−xAlxN to maintain and even increase 
the fracture toughness up to high temperatures in combination with the concomitant age hardening 
effects and excellent oxidation resistance contributes to the success of this type of coatings.

Hard coatings are applied to protect tool and component surfaces as well as entire devices in harsh environments 
and/or demanding application conditions. The coatings are usually ceramic materials, which are known for their 
beneficial properties such as high hardness and wear resistance, high melting temperatures, high-temperature 
strength, chemical inertness and oxidation resistance. However, these materials often possess a relatively low 
(fracture) toughness. A certain degree of toughness, however, is crucial for the reliability and safe operation of 
critical components. Various strategies have been applied to enhance the fracture toughness of bulk materials1 
and hard coatings2,3.

Since the pioneer works in the nineteen eighties4,5, Ti1−xAlxN has evolved to one of the most widely used 
and industrial relevant hard coating systems6. Age hardening effects are (besides enhanced oxidation resistance7 
and resistance against wear4,5 compared to TiN) considered to be the major basis for its industrial success. At 
temperatures typical for cutting tools operation, supersaturated face-centered cubic Ti1−xAlxN isostructurally 
decomposes into nanometer-sized AlN-rich and TiN-rich domains. This is due to spinodal decomposition caus-
ing self-hardening effects8–11. Nonetheless, the influence of its characteristic thermally activated decomposition 
and the resulting self-organized nanostructure on the fracture toughness is yet to be studied.

The present work revolves around the hypothesis that (besides the well-known self-hardening effects9) also 
the fracture toughness of Ti1−xAlxN coatings increases at elevated temperatures. Potential fracture toughness 
enhancing mechanisms in the self-organized nanostructure of B1 AlN-rich and TiN-rich domains8–11 are based 
on: coherency strains, spatially fluctuating elastic properties, and stress-induced phase transformation tough-
ening from cubic to hexagonal AlN phases under volume expansion at the tip of a propagating crack similar 
to Yttrium-stabilized zirconia bulk ceramics12 or Zr-Al-N based nanoscale multilayers13. We will also see that 
the B4 AlN phase formation can play a key role for the fracture toughness evolution of Ti1−xAlxN. By using 
high-resolution transmission electron microscopy (HRTEM), we observed severely distorted B4 AlN with mul-
tiple stacking faults and indications of nano-twins. Twinning represents a mechanism capable of simultaneously 
enhancing strength and ductility in materials14.
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be addressed to M.B. (email: matthias.bartosik@tuwien.ac.at)

Received: 7 July 2017
Accepted: 16 November 2017
Published: xx xx xxxx

OPEN

Publication VI

P
u
b
lic
a
ti
o
n
V
I

91



www.nature.com/scientificreports/

2ScIEntIfIc REPOrTS | 7: 16476  | DOI:10.1038/s41598-017-16751-1

We carried out cantilever deflection (and cube corner nanoindentation experiments) to study the evolution 
of the fracture toughness of up to 1000 °C ex-situ vacuum annealed Ti1−xAlxN free-standing films and correlated 
them with the film structural evolution and the mechanical properties, hardness (H) and Young’s modulus (E), 
obtained from independent experiments. The mechanical properties were corroborated with HRTEM investiga-
tions to give atomic scale insights into the thermally decomposed Ti1−xAlxN structure. TiN coatings are used as a 
benchmark, as no decomposition processes are active that would lead to the formation of new nm-sized domains.

Results
Structural evolution.  Energy dispersive X-ray spectroscopy (EDXS) analysis rendered a chemical compo-
sition of Ti0.40Al0.60N. Due to the specific sputter condition of the Ti0.5Al0.5 compound target, the coatings pre-
pared are slightly richer in Al than the target for the deposition parameters used15. The oxygen content within the 
coatings is below 1 at.%, as obtained by elastic recoil detection analysis of coatings prepared under comparable 
conditions15. Figure 1a shows the X-ray diffraction patterns of our Ti0.40Al0.60N films grown onto Al2O3 (1102) 
substrates after vacuum annealing at different annealing temperatures, Ta, for 10 min. Up to 750 °C, Ti0.40Al0.60N 
maintains its single phase face-centered cubic (rock-salt-type, B1) structure. The slight peak shift to higher 2θ 
angles and decrease in peak broadening indicate recovery of built-in structural point and line defects, which 
results in a lattice parameter decrease in the films. The peak shift to higher 2θ angles also suggests B1 AlN forma-
tion (its lattice parameter is smaller as compared to Ti0.40Al0.60N16, hence the diffraction peaks occur at higher 2θ 
angles). Between 850 and 1000 °C, an asymmetric peak broadening is observed, which indicates isostructural 
formation of cubic AlN- and TiN-rich domains. Especially, the right shoulder in vicinity of the cubic (200) peak 
– indicative for cubic AlN formation – is clearly visible and becomes more pronounced with increasing tempera-
ture. Hexagonal (wurtzite-type, B4 structured) AlN first emerges at 850 °C and its phase fraction increases with 
increasing temperature. The shift of the XRD reflections from the major cubic structured Ti1−xAlxN matrix phase
to lower 2θ angles is a result of decreasing Al content (hence, the XRD peaks shift towards the lower 2θ position of 
TiN). On the other hand, compressive stresses, e.g., induced by the B1 to B4 phase transformation of AlN17 under
volume expansion of ~26%16 or by thermal stresses, contribute to the peak shift to lower 2θ angles (for the thermal
expansion coefficients, α, holds as αB1-(Ti,Al)N > αAl2O3 > αB4-AlN, see refs18–20).

The structural evolution of single phase cubic structured TiN, Fig. 1b, is dominated by recovery of built-in 
structural point and line defects and results in smaller lattice parameters. Accordingly, the peaks are shifted to 
larger 2θ angles and become sharper with increasing temperature. Both, Ti0.40Al0.60N and TiN crystallized in a 

Figure 1.  XRD patterns of as-deposited and vacuum annealed (a) Ti0.40Al0.60N and (b) TiN films on Al2O3 
(1102) substrates. (JCPDF files: 38–1420 TiN, 25–1495 fcc AlN, 25–1133 hex. AlN). The graphs show the 
thermally activated decomposition sequence of cubic TiAlN into iso-structural TiN-rich and cubic AlN-rich 
domains followed by the formation of wurtzite AlN. Annealing of TiN is characterized by recovery of built-in 
growth defects.
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polycrystalline structure. (For a thorough analysis of the crystallographic texture further investigations would be 
necessary, e.g., pole figure measurements based on X-ray diffraction).

TEM/HRTEM study.  TEM studies were performed on the sample annealed at 900 °C using cross-section 
samples. A low-magnified image presents an overview of the coating morphology (Fig. 2a), where columnar 
grains are clearly visible. At this annealing temperature, AlN based hexagonal phases emerge. An atomic resolu-
tion TEM image of one portion of grain interfaces are shown in Fig. 2b, the corresponding fast Fourier transforms 
(FFTs) are seen on the right-hand side. Analysis indicates that a cubic structured Ti1−xAlxN grain is oriented along 
the [001] direction while the adjacent hexagonal AlN grain is close to [2110] direction, with an orientation rela-
tionship of Ti1−xAlxN (220)//AlN (0001). This implies that hexagonal AlN (0001) grows on Ti1−xAlxN (220) planes 

Figure 2.  (a) Low magnification TEM image showing the columnar morphology of Ti1−xAlxN; (b) HRTEM 
image covering one cubic Ti1−xAlxN grain along the [001] zone axis and hexagonal AlN grains along the [2110] 
direction, the corresponding FFTs are attached; (c) HRTEM image showing one hexagonal AlN grain that grows 
in between two cubic Ti1−xAlxN grains, viewing direction of AlN is close to hexagonal [1120]. Multiple stacking 
faults and nano-twins in the hexagonal AlN phase are visible. One stacking fault is exemplarily marked with 
white arrows (pointing to the locations of partial dislocations). Note that all FFTs are obtained from the square 
regions.

Publication VI

P
u
b
lic
a
ti
o
n
V
I

93



www.nature.com/scientificreports/

4ScIEntIfIc REPOrTS | 7: 16476  | DOI:10.1038/s41598-017-16751-1

with a small misfit of δ =  ≈ .− 5 7 %d d
d

TiAlN AlN

TiAlN
220 1210

220
along this direction. The corresponding FFTs clearly signify the 

plane relationship between these two phases. This has also been proved by tilting the grains to another orienta-
tion. Figure 2c shows one hexagonal AlN grain, grown in between two cubic Ti1−xAlxN grains, viewed along the 
[1120] direction while Ti1−xAlxN is off [001] zone axis, as illustrated in the corresponding FFTs (inserted). Here, 
only a series of planes appear. The orientation relation is Ti1−xAlxN (220)//AlN (1100) for this case. It is further 
noted that the planes in hexagonal AlN are severely distorted or inclined which means that internal stress is 
strongly involved during the phase transformation. There are numerous defects present in the hexagonal AlN 
regions, for instance stacking faults and nano-twins marked exemplarily with white arrows in Fig. 2c. In some 
cases, the AlN phase seems to form in the Ti1−xAlxN matrix, i.e. Fig. 2b, since the FFT from AlN contains Ti1−

xAlxN spots. However, hexagonal AlN frequently forms at the grain boundary as demonstrated in Fig. 2c, in which 
the hexagonal AlN and Ti1−xAlxN phases are separated and formed in between two Ti1−xAlxN grains. 
Consequently, the AlN phase transformation (from cubic to hexagonal) can take place in the matrix and also at 
the grain boundaries, in agreement with earlier studies21.

Nanoindentation.  The mechanical properties as a function of annealing temperature are presented in Fig. 3 
and are in line with previous studies reported in literature9. The indentation hardness (H), Fig. 3a, increases 
for Ti0.40Al0.60N (red curves) by ~9% from 34 ± 1 GPa in the as-deposited state to 37 ± 2 GPa at 900 °C, before 
it decreases again down to 28 ± 2 GPa at 1000 °C. The Young’s modulus (E), Fig. 3b, shows a similar trend. 
Contrarily, the hardness of TiN (blue curves) steadily decreases with increasing Ta, from 32 ± 1 GPa at room 
temperature to 27 ± 1 GPa at 850 °C, (Fig. 3a), while the Young’s modulus marginally decreases (Fig. 3b). The 
chosen deposition conditions used in the present study resulted in coatings with excellent mechanical properties 

Figure 3.  Hardness (H), indentation modulus (E), (H/E), and (H3/E2) ratios of Ti0.40Al0.60N as a function of 
annealing temperature (annealing time = 10 min). Age-hardening effects and implications on the toughness 
criteria are clearly visible.

Publication VI

P
u
b
lic
a
ti
o
n
V
I

94



www.nature.com/scientificreports/

5ScIEntIfIc REPOrTS | 7: 16476  | DOI:10.1038/s41598-017-16751-1

in the as-deposited state. In general, age hardening effects are more pronounced for softer coatings, e.g., a relative 
increase of ~25% was observed for Ti1−xAlxN with an as-deposited hardness of ‘only’ ~26 GPa21.

The elastic strain to failure22–26, (H/E), which is often used to qualitatively rate materials for their failure 
resistance, suggests superior properties of Ti0.40Al0.60N in comparison with TiN, Fig. 3c. While (H/E) values for 
Ti0.40Al0.60N are maintained up to high temperatures and even increase, the (H/E) ratio of TiN is below that of 
Ti0.40Al0.60N in the as-deposited state and shows a steady decrease upon annealing above the deposition tempera-
ture. A similar trend can be observed for the plastic deformation resistance factor22,25,26, (H3/E2), shown in Fig. 3d, 
indicating superior wear resistance of Ti0.40Al0.60N in comparison with TiN.

Micromechanical Testing.  Representative recorded force–deflection curves, given in Fig. 4a, show that 
Ti0.40Al0.60N and TiN deform in a linear manner, elastically during loading by a PicoIndenter until failure. No 
indications of plastic deformation are seen. (Please note that the actual cantilever dimensions, lever arms, and 
pre-notch depths differ from sample to sample. Hence, Fig. 4a, does not allow direct ranking of the samples 
with respect to their stiffness and fracture toughness). Figure 4b shows a typical free-standing cantilever. The 
substrate material had been removed by focused ion beam milling to avoid the influence of residual stresses and 
substrate interference. Scanning electron micrographs of the post-mortem fracture cross-sections, Fig. 4c,d, do 
not show discernible changes of the film morphology upon annealing. However, the structure of TiN (Fig. 4d) 
appears more columnar-grained in comparison with Ti0.40Al0.60N (Fig. 4c). The KIC values, as calculated from the 
maximum load at failure, the actual pre-notch depth, and cantilever dimensions using a linear elastic fracture 
mechanics approach27, are presented in Fig. 5. The data suggest an increase in KIC from 2.7 ± 0.3 MPa∙√m in the 
as-deposited state to 3.0 ± 0.01 MPa∙√m at 900 °C followed by a decreases to 2.8 ± 0.4 MPa∙√m at 1000 °C (red 
curve). The relative increase of ~11% in fracture toughness of Ti0.40Al0.60N is similar to the relative increase in 
hardness of ~9%. Please note, however, that strictly speaking the increase in fracture toughness is within statis-
tical error. Interestingly, the pronounced decrease in hardness at 1000 °C due to wurtzite AlN formation is not 
observed for KIC, which —in agreement with the H/E criterion— only slightly decreases. Lower KIC values of 
~1.9 MPa∙√m are found for as-deposited and annealed TiN (blue curve).

To qualitatively proof that KIC increases upon annealing, we carried out independent cube corner nanoinde-
nation experiments on coated Al2O3 (1102) substrates. Scanning electron microscopy images of the indents show 
aggravated (or even impeded) crack formation for annealed Ti1−xAlxN samples as compared to the as-deposited 
counterpart, see Fig. 6. Please note that in the cube corner experiment, residual stresses (e.g., massive compressive 
residual stresses forming due to the cubic to wurtzite AlN phase transformation under volumes expansion) and 
the underlying substrate can influence the formation of cracks.

Discussion
The structural evolution of supersaturated cubic Ti1−xAlxN upon annealing has been experimentally proven in the 
literature by atom probe tomography11,28, small angle X-ray scattering29, transmission electron microscopy30, and 
described by phase field simulations30: During the early stage, very few nanometer-sized B1 AlN- and TiN-rich 
domains form in a coherent manner (that is, the crystallographic orientation of the domains correspond to that 

Figure 4.  (a) Representative force–deflection curve of free-standing (ex-situ) annealed TiAlN cantilevers 
recorded during testing inside the scanning electron microscope. (b) The small dimension of the coating 
requires dedicated miniaturized micromechanical testing techniques. The image shows a scanning electron 
microscope image of the PicoIndenter tip approaching the pre-notched free-standing film cantilever. The 
cantilever is loaded until fracture. From simultaneous recorded load-deflection curves, the actual cantilever and 
pre-notch dimensions, and by applying fracture mechanics theory, the fracture toughness can be determined. 
(c) and (d) show the post-mortem fracture cross-sections (45° inclined view) of as-deposited and annealed 
TiAlN and TiN samples, respectively.
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of the Ti1−xAlxN parent grain). With progressive annealing time, the domains gain in size and the compositional 
variations become more pronounced, so that the modulation amplitudes (Ti- and Al-rich) become larger. If the 
annealing is continued for too long or performed at higher temperatures, coherency strains are relieved by misfit 
dislocations. Eventually, cubic structured AlN-rich domains transform into the softer but thermodynamically 
stable (first (semi) coherent then incoherent) hexagonal AlN. The cubic to hexagonal AlN phase transformation 
is associated with a large volume expansion of ~26%16.

Thermally-induced hardening effects in the TiAlN system have been attributed to coherency strains9. 
Coherency strains hinder the movement of dislocations31, as it is more difficult for dislocations to passage through 
a strained than a homogenous lattice. In addition, the coherent domains differ in their elastic properties due to 
the strong compositional dependent elastic anisotropy of Ti1−xAlxN32, which also hinders the dislocation motion 
and contributes to the hardness enhancement32.

The structural evolution observed in the present study is in line with the literature reports mentioned above. 
Additionally, we have evidenced severely distorted or inclined lattice planes and numerous defects (including 
stacking faults) in the hexagonal AlN phase by HRTEM investigations (Fig. 2). This could explain why the meas-
ured hardness at 900 °C is relatively high despite the presence of the “soft” hexagonal AlN phase, which is usually 
reported to deteriorate the hardness.

We have been able to show that besides age hardening effects, the fracture toughness increases upon anneal-
ing. Both properties show a similar relative increase of around 10% as compared to the as-deposited state and 
peak at the same temperature of 900 °C. This suggests that similar microstructural characteristics are responsible 
for the enhancement of the mechanical properties. We could demonstrate in an earlier study3 that a coherent 
nanostructure composed of alternating materials has the potential to enhance the fracture toughness for a certain 

Figure 5.  An increase in fracture toughness, KIC, is observed after 10 min vacuum annealing of the coatings 
at 850 and 900 °C (red curve). Such temperatures are typically reached in the application due to the friction 
between the coated cutting tool and the workpiece. In the case of TiN, where (spinodal) decomposition is 
absent, KIC remains roughly constant when heated above the film deposition temperature.

Figure 6.  Cube corner nanoindentation experiments reveal aggravated (or even impeded) crack formation for 
annealed (b) as compared with as-deposited (a) Ti1−xAlxN coatings on sapphire substrates.
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bilayer period of a few nanometers. In the superlattice films, also coherency strains33,34 and variations in the elastic 
properties are present. It should be mentioned, however, that in contrast to the hardness, the fracture toughness 
is not primarily governed by the hindrance of dislocation motion: the load-displacement data collected during 
the cantilever deflection experiments (Fig. 4a) suggest a linear elastic behavior until failure with no indications 
of plastic deformation.

In agreement with literature reports21, we found that cubic AlN forms preferentially at high diffusivity paths 
such as grain boundaries. If grain boundaries represent the weakest link where cracks preferentially propagate35, 
grain boundary reinforcement36 has the potential to effectively hinder the crack propagation.

Another important mechanism for increased fracture toughness is phase transformation toughening, which is 
omnipresent in partially stabilized zirconia bulk ceramics12, for example. For Ti1−xAlxN coatings, the spinodally 
formed cubic structured AlN-rich domains represent the phase with the ability of a martensitic-like phase trans-
formation from the metastable cubic structure to the stable wurtzite-type (w) variant. The associated volume 
expansion of ~26%16 slows down or closes advancing cracks, leading to a significant KIC increase. Therefore, the 
evolution of KIC with Ta of our Ti0.40Al0.60N coatings is not proportional to that of H with Ta, especially at tem-
peratures above 850 °C. The hardness significantly decreases for an increase of Ta from 950 to 1000 °C, as also the 
w-AlN formation significantly increases (please compare Figs. 1 and 3a), but at the same time, the fracture tough-
ness KIC only slightly decreases. The KIC value of 2.8 ± 0.4 MPa∙√m after annealing at 1000 °C, is still above that of
the as deposited state (with KIC = 2.7 ± 0.3 MPa∙√m), whereas the hardness with H = 28 ± 2 GPa after annealing
at 1000 °C is significantly below the as deposited value of 34 ± 1 GPa. Hence, effective other mechanisms are pres-
ent in this type of material, especially when decomposition of the supersaturated matrix phase occurs and w-AlN 
based phases are able to form.

Note that in the chosen free-standing cantilever setup macro-stresses are relieved and thus do not contribute 
to the observed toughness enhancement. However, due to the extensive difference in the molar volume between 
cubic and wurtzite AlN, the thermally-induced formation of hexagonal AlN results in pronounced compres-
sive stresses17,37 in the application where the coatings are firmly attached to a substrate/engineering component. 
Compressive stresses result in apparent toughening of Ti1−xAlxN, as the coating can withstand higher tensile 
stresses before cracks are initiated (the compressive stresses have to be overcome first before crack formation). 
The effect of compressive stresses on the fracture toughness is supposed to be much more pronounced than its 
influence on the hardness. This is why, in real application, the KIC increase upon annealing is expected to be 
significantly larger than the KIC enhancement found from free-standing micro-cantilever bending tests. This is 
reflected in the aggravated crack formation observed in the cube corner experiments, see Fig. 6.

As the ‘inherent’ fracture toughness enhancing effects are strongly connected with the spinodal decompo-
sition, we anticipate that alloying38–41 and other concepts to modify the spinodal decomposition characteristics 
(formation of coherent cubic AlN domains at lower temperatures but delayed formation of the thermodynam-
ically stable phase wurtzite AlN, different shape and size of cubic AlN domains) are applicable to optimize the 
self-toughening behavior. In general, alloying has the potential to enhance the inherent toughness by modifying 
the electronic structure and bonding characteristics42,43.

The peak in hardness and fracture toughness at 900 °C corresponds to spinodally decomposed TiAlN with 
fractions of hexagonal AlN as indicated by XRD (Fig. 1) and TEM (Fig. 2). The severely distorted hexagonal AlN 
with multiple stacking faults suggests that also nano-twinning might become a relevant mechanism. The presence 
of twins impedes dislocation motion and induces strengthening, but multiple twinning systems can also enhance 
ductility by acting as a carrier of plasticity14.

Based on our results we propose that the additional functionality of Ti1−xAlxN, i.e. the self-toughening ability 
at temperatures typical for many various applications, contributes to the outstanding performance of Ti1−xAlxN 
coatings in e.g., dry or high speed cutting.

Methods
Sample preparation.  Ti0.40Al0.60N films were deposited in a lab-scale magnetron sputter system (a modified 
Leybold Heraeus Z400) equipped with a 3 inch powder-metallurgical processed Ti0.50Al0.50 compound target. 
Polished single crystalline Al2O3 (1102) platelets (10 × 10 × 0.53 mm3) were chosen as substrate materials due to 
their high thermal stability, inertness and to avoid interdiffusion between film and substrate materials upon 
annealing up to 1000 °C. Before the deposition, the substrates (ultrasonically pre-cleaned in aceton and ethanol) 
were heated within the deposition chamber to 500 °C, thermally cleaned for 20 min and sputter cleaned with Ar 
ions for 10 min. The deposition was performed at the same temperature in a mixed N2/Ar atmosphere with a gas 
flow ratio of 4 sccm/6 sccm and a constant total pressure of 0.35 Pa by setting the target current to 1 A (DC) while 
applying a DC bias voltage of −50 V to the substrates. The films were grown to a thickness of about 1.8 µm with 
an average deposition rate of about 75 nm/min. The base pressure was below 5·10–6 mbar. TiN coatings of about 
1.2 µm were synthesized by powering a 3 inch Ti cathode with 500 W within an N2/Ar gas mixture (flow ratio of 
3 sccm/7 sccm, constant total pressure of 0.4 Pa) and applying a bias voltage of −60 V to the substrates. The dep-
osition rate was about 13 nm/min.

Energy dispersive X-ray spectroscopy (EDXS) measurements of the films were performed with an EDAX 
Sapphire EDS detector inside a Philips XL-30 scanning electron microscope. Thin film standards characterized 
by elastic recoil detection analyses were used to calibrate the EDX measurements.

The films on Al2O3 were annealed in a vacuum furnace (Centorr LF22-2000, base pressure <3·10−3 Pa) at 
different maximum temperatures (Ta) between 750 and 1000 °C using a heating rate of 20 °C min−1 and passive 
cooling. At Ta, the temperature was kept constant for 10 min.

Structural investigations of coated Al2O3 substrates were performed by X-ray diffraction in symmetric 
Bragg-Brentano geometry using a PANalytical X’Pert Pro MPD diffractometer (Cu-Kα radiation).
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Cross-sectional TEM specimens were prepared using a standard TEM sample preparation approach includ-
ing cutting, gluing, grinding and dimpling. Finally, Ar ion milling was carried out. A JEOL 2100 F field emission 
microscope (200 kV) equipped with an image-side CS-corrector with a resolution of 1.2 Å at 200 kV was used. The 
aberration coefficients were set to be sufficiently small, i.e. CS ~ 10.0 μm. The HRTEM images were taken under a 
slight over-focus. The HRTEM images were carefully analysed using Digital Micrograph software.

Micromechanical testing.  The mechanical properties, hardness and indentation modulus, were measured 
using a UMIS nanoindenter equipped with a Berkovich tip. At least 30 indents per sample, with increasing loads 
from 3 to 45 mN were performed. The recorded data were evaluated using the Oliver and Pharr method44. To 
minimize substrate interference, only indents with indentation depths below 10% of the coating thickness were 
taken into account. The cube corner experiments were carried with the UMIS nanoindenter using a peak inden-
tation load of 150 mN. The high load needed to create cracks resulted in indentation depths of about 1.3 µm in the 
cube corner experiment.

The fracture toughness was determined from micromechanical cantilever bending tests of free-standing film 
material. As-deposited and annealed coated Al2O3 samples were broken and their cross-sections carefully pol-
ished. The substrate material was removed by Focused Ion Beam (FIB) milling perpendicular to the film growth 
direction using a FEI Quanta 200 3D DBFIB work station. Then the sample holder was tilted 90° and cantilevers 
were milled perpendicular to the film surface. The cantilever dimensions of ∼t × t × 6t μm3, with t denoting the 
film thickness, were chosen based on guidelines reported in Brinckmann et al.45 For the final milling step, the ion 
beam current was reduced to 500 pA, the initial notch was milled with 50 pA. To circumvent the problem of a 
finite root radii on the fracture toughness measurements, bridged notches according to Matoy et al.27 were used 
(the notch length was chosen to be ∼0.75t).

The micromechanical experiments were performed inside a scanning electron microscope (FEI Quanta 200 
FEGSEM) using a PicoIndenter (Hysitron PI85) equipped with a spherical diamond tip with a nominal tip radius 
of 1 μm. The micro-cantilever beams were loaded displacement-controlled with 5 nm/s with the loading axis per-
pendicular to the film surface. Per annealing temperature at least 3 tests were conducted. The fracture toughness, 
KIC, was determined using linear elastic fracture mechanics according to the formula given in ref.27:

=
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. In the equation, Fmax  denotes the maxi-

mum load applied, L the lever arm (distance between the notch and the position of loading), B the width of the 
cantilever, W the thickness of the cantilever, and a the initial crack length (measured from the post mortem frac-
ture cross-sections).
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113



Chapter 6

Concluding remarks

The assessment of inherent fracture toughness values is – despite a permanent development

of new methods and growing interest by academia and industry – still a relatively unexplored

field of materials science. Here the small length scale, the experimental accessibility to quantify

the fracture toughness, and the time factor during FIB-preparation of microcantilever are

the main challenges impeding a faster development in this area. The fracture properties of

a material system are however of great interest in innovative industrial applications such

as protective coatings for turbine blades in jet engines, gas turbine compressors, and steam

turbine blades. The consequences of failure in these components may endanger human life or

– in case of cutting tools – lead to economic disadvantages, therefore prior to application a

sufficient damage tolerance has to be ensured.

To advance the field of hard coatings and widen their scope of applications, the main objective

of this thesis was to reflect available hardness-enhancing mechanisms as well as assumed

toughening mechanisms and to experimentally confirm their effectiveness. Within the main

research conducted in this thesis this was realized as:

– Toughening by nanolayered structures, i.e. superlattices (publications I and II)

– Enhancing the elastic strain to failure by alloying high entropy nitride coatings with

silicon (publication III)

– Toughening by increasing the ductility of transition metal nitrides (publication V)

Furthermore, a new material system was described by combing ab initio calculations and

experimental research (publication IV).

In addition, a minor toughening effect was found for the Ti-Al-N system, however – when

applied on a substrate – a significant enhancement of the apparent fracture toughness was

qualitatively determined as a consequence of residual stresses (publication VI). In publication
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6. Concluding remarks

VII an improvement in KIC of more than 50% is reported by depositing nanostructured

coatings. Finally, in publication VIII the influence of ductility on KIC was validated and

publication IX demonstrates a crack-deflecting characteristic of superlattice coatings.

Based on these results, we can conclude that a clear promotion of the field was achieved

within the main published research as well as further conducted research.
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